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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS— 34th ANNUAL 
CONVENTION, PHILADELPHIA, OCTOBER 18 to 24, 1952 


OR purposes of record and for the benefit of members who were 
not in attendance at the Thirty-fourth Annual Convention of the 
Society, held in Philadelphia, October 18 to 24, 1952, the Programs 
of the Technical Papers and Educational Lectures together with the 
Reports of Officers for 1952 are herewith published in full. 


Seminar on Modern Research Techniques in Physical Metallurgy 


Saturday, October 18 
Benjamin Franklin Hotel, 9:30 A.M. 


Metallographic Methods 
Chairman: David Turnbull, General Electric Co. 
Optical Microscopy, by George L. Kehl, Columbia University. 


Electron Microscopy and Diffraction, by Robert D. Heidenreich, Bell Telephone 
Laboratories. 


Intermission 


Crystal Growth and Crystal Boundary Techniques, by Bruce Chalmers, Uni- 
versity of Toronto. 


Ballroom, Benjamin Franklin Hotel, 2:00 P.M. 


Diffraction Methods 


Chairman: Roman Smoluchowski, Carnegie Institute of Technology 


X-Ray Diffraction Techniques, by Charles S. Barrett. University of Chicago. 
Diffuse Scattering of X-Rays, by B. E. Warren and B. L. Averbach, Massa- 
chusetts Institute of Technology. 


Intermission 


Pole Figure Determinations, by A. H. Geisier, General Electric Co. 


Techniques and Applications of Neutron Diffraction, by C. G. Shull, Oak Ridge 
National Laboratory. 


Ballroom, Benjamin Franklin Hotel, 8:00 P.M. 


Demonstration Lecture 
Chairman: Morris Cohen, Massachusetts Institute of Technology 


Electron Emission Studies of Metallurgical Problems, by Erwin W. Muller, 
Pennsylvania State College. 
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Sunday, October 19 
Ballroom, Benjamin Franklin Hotel, 9:30 A.M. 


Mechanical Methods 
Chairman: O. T. Marzke, Naval Research Laboratory 


Deformation of Single Crystals, by Earl R. Parker and Jack Washburn, Uni- 
versity of California. 


High Speed Strain Measurements, by George R. Irwin, Naval Research Labo- 


ratory. 
Intermission 
Internal Friction, by Professor Charles A. Wert, University of Illinois. ) 
Ballroom, Benjamin Franklin Hotel, 2:00 P.M. 


Ferromagnetic and Radioactive Methods 
Chairman: Frederick Seitz, University of Illinois 


Ferromagnetic Domains, by H. J. Williams, Bell Telephone Laboratories. 
Radioactive Tracers, by M. B. Bever, Massachusetts Institute of Technology. 


Intermission 


Radioaction Damage as a Research Technique, by Sidney Siegel, North Ameri- 
can Aviation, Inc. 


Monday, October 20 
Ballroom, Benjamin Franklin Hotel, 9:30 A.M. 


Creep-Rupture and Recrystallization 
Co-Chairmen: A. M. Bounds, Superior Tube Co. 
C. L. Clark, Timken Roller Bearing Co. 

Influence of Grain Size on High Temperature Properties of Monel, by Paul 
Shahinian and J. R. Lane, members of the Metallurgical Division, Naval 
Research Laboratory, Washington, D. C. j 

Creep and Rupture of Chromium-Nickel Austenitic Stainless Steels, by E. J. ; 
Dulis, G. V. Smith and E. G. Houston, Research Laboratory, United States 
Steel Co., Kearny, N. J. 

Recrystallization and Grain Growth in Alpha Brass, by S. L. Channon, Kaiser 
Aluminum and Chemical Corp., Spokane, Wash., and H. L. Walker, Head, 
Department of Mining and Metallurgical Engineering, University of Illinois, 
Urbana, Ill. 

Creep-Rupture and Recrystallisation of Monel From 700 to 1700°F, by N. J. : 
Grant, associate professor, and A. G. Bucklin, staff member, Department 
of Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 


Ballroom, Convention Hall, 2:00 P.M. 


High Temperature Phases 
Co-Chairmen: M. A. Scheil, A. O. Smith Corp. 


Otto Zmeskal, I!inois Institute of Technology ‘ 
Microconstituents in High Temperature Alloys, by H. J. Beattie, Jr., physicist, ‘ 


and F. L. VerSnyder, metallurgist, General Electric Co., Thomson Labora- 
tory, West Lynn, Mass. 

Sigma Formation and Its Effect on the Impact Properties of Iron-Nickel-Chro- 
mium Alloys, by A. M. Talbot and D. E. Furman, Research Laboratory, 
International Nickel Co., Inc., Bayonne, N. J. 

Mechanism of the Carburization of Some Stainless Steels, by J. B. Giacobbe, 
metallurgist, Superior Tube Co., Norristown, Pa. 

The Electrolytic Separation and Some Properties of Austenite and Sigma in 
18-8-3-1 Chromium-Nickel-Molybdenum-Titanium Steel, by T. P. Hoar, 
Dept. of Met., University of Cambridge, England, and K. W. J. Bowen, 
Research Dept., Imperial Chemical Industries, Birmingham, England. 
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Tuesday, October 21 
Ballroom, Benjamin Franklin Hotel, 9:30 A.M. 


Phase Transformation 


Co-Chairmen: H. J. Elmendorf, American Steel & Wire Co. 
R. I. Jaffee, Battelle Memorial Institute 


The Effect of Composition on the Temperature of Spontaneous Transformation 
of Austenite to Martensite in 18-8 Type Stainless Steel, by G. H. Eichelman, 
metallurgist, American Brass Co., Waterbury, Conn., and F. C. Hull, man- 
ager, Metallurgical Section, Westinghouse Electric Corp., E. Pittsburgh. 

The Effect of Silicon on the Tempering of Martensite, by A. G. Allten and P. 
Payson, assistant director of research, Crucible Steel Company of America, 
Harrison, N. J. 

The Mechanism and Kinetics of the First Stage of Tempering, by C. S. Roberts, 
Metallurgical Laboratories, Dow Chemical Co., Midland, Mich., B. L. 
Averbach, assistant professor, and M. Cohen, professor of physical metal- 
lurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

The Order-Disorder Transformation Viewed as a Classical Phase Change, by 
F. N. Rhines, professor of metallurgy, and J. B. Newkirk, Carnegie Insti- 
tute of Technology, Pittsburgh. 


Ballroom, Convention Hall, 2:00 P.M. 


Hardenability 


Co-Chairmen: M. J. Day, Armour Research Foundation 
Malcolm F. Hawkes, Carnegie Institute of Technology 


An End-Quench Test for Determining the Hardenability of Carburized Steels, 
by F. X. Kayser, research metallurgist, R. F. Thomson, head, Metallurgy 
Department, and A. L. Boegehold, assistant to general manager, Research 
Laboratories Div., General Motors Corp., Detroit. 

The Influence of Boron on Case Hardenability in Alloy Carburizing Steels, by 
C. F. Jatezak, research metallurgist, and E. S. Rowland, chief metallurgical 
engineer, Timken Roller Bearing Co., Canton, Ohio. 

Effect of Carbon Content on 18-4-1 High Speed Steel, by A. H. Grobe, research 
metallurgist, and G. A. Roberts, chief metallurgist, Vanadium-Alloys Steel 
Co., Latrobe, Pa. 


Correlation of Machinability With Inclusion Characteristics in Resulphurised — 


Bessemer Steels, by L. H. VanVlack, process metallurgist, United States 
Steel Co., Pittsburgh. 


Wednesday, October 22 
Ballroom, Benjamin Franklin Hotel, 9:00 A.M. 


A.S.M. Annual Meeting 
Edward DeMille Campbell Memorial Lecture, by Dr. Cyril Stanley Smith, 
Director, Institute for the Study of Metals, Chicago, entitled Microstructure. 
Chairman: Dr. John Chipman 


Ballroom, Convention Hall, 2:00 P.M. 


Research 


Co-Chairmen: H. E. Flanders, University of Utah 
J. F. Libsch, Lehigh University 

The Effect of Temperature on the Rolling Texture of Plastically Deformed Low 
Carbon Steel Strip, by Norman P. Goss, Cold Metal Products Co., Youngs- 
town, Ohio. 

Determination of Oxygen in Metals and Metal Oxides by the Isotopic Method, 
by A. D. Kirshenbaum and A. V. Grosse, Research Institute of Temple 
University, Philadelphia. 

The Indium-Arsenic System, by T. S. Liu, Horizons, Inc., Cleveland, and E. A. 
Peretti, acting head, Department of Metallurgy, ‘University of Notre Dame, 
Notre Dame, Ind. 
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Thursday, October 23 
Ballroom, Convention Hall, 9:30 A.M. 


Mechanica! Properties 
Co-Chairmen: Alfred Bornemann, Stevens Institute of Technology 
Peter Payson, Crucible Steel Co. of America 

The Effect of Quenching and Tempering on Residual Stresses in Manganese 
O#!-Hardenng Tool Steel, by H. J. Snyder, research associate, Mellon 
Institute of Industrial Research, Pittsburgh. 

X-Ray Measurement of Residual Stress in Hardened High Carbon Steel, by 
A. L. Christenson, research metallurgist, and E. S. Rowland, chief metal- 
lurgical engineer, Timken Roller Bearing Co., Canton, Ohio. 

The Endurance Limit of Temper-Brittle Steel, by R. D. Chapman, research 
metallurgist, and W. E. Jominy, chief metallurgist, Research, Chrysler 
Corp., Detroit. 

Plastic Stress-Strain Relations of Alcoa 14S-T6 for Variable Biaxial Stress 
Ratios, by Joseph Marin, professor of engineering mechanics, L. W. Hu 


and J. F. Hamburg, Dept. of Engineering Mechanics, Pennsylvania State 
College, State College, Pa. 


Ballroom, Convention Hall, 2:00 P.M. 


Temper Brittleness 


Co-Chairmen: J. W. Spretnak, Ohio State University 
R. F. Thomson, General Motors Corp. 

The Effect of Various Heat Treating Cycles Upon Temper Brittleness, by J. D. 
Jaffe and D. C. Buffum, Watertown Arsenal Laboratory, Watertown, Mass., 
and F. L. Carr, National Research Corp., Cambridge, Mass. 

Effect of Hardness on the Level of the Impact Energy Curve for Temper-Brittle 
and Unembrittled Steel, by F.L. Carr, National Research Corp., Cambridge, 
Mass., M. Goldman, Battelle Memorial Institute, Columbus, L. D. Jaffe 
and D. C. Buffum, Watertown Arsenal Laboratory, Watertown, Mass. 

Transverse Mechanical Properties in an SAE 1045 Forging Steel, by A. H. 
Grobe, research metallurgist, Vanadium-Alloys Steel Co., Latrobe, Pa.., 
Cyril Wells, member of staff, and R. F. Mehl, director, Metals Research 
Laboratory, Carnegie Institute of Technology, Pittsburgh. 

The Determination of the Plastic Constants of Metals by the Ultrasonic Pulse 
Technique, by M. B. Reynolds, Knolls Atomic Power Laboratory, General 
Electric Co., Schenectady, N. Y. 


Friday, October 24 
Ballroom, Convention Hall, 9:30 A.M. 


Elevated Temperature Properties 


Co-Chairmen: J. G. Jackson, William Steel Jackson & Son 
V. H. Patterson, Climax Molybdenum Co. 

Temperature Dependence of the Hardness of Pure Metals, by J. W. Westbrook, 
The Knolls, Research Lab., General Electric Co., Schenectady, N. Y. 

Hardness of Various Steels at Elevated Temperatures, by F. Garofalo, P. R. 
Malenock and G. V. Smith, Research Laboratory, United States Steel Co., 
Kearny, N. J. 

Some Properties of a Nodular Iron at Elevated Temperatures, by M. S. Saun- 
ders, graduate student, and M. J. Sinnott, associate professor of chemical 
and metallurgical engineering, University of Michigan, Ann Arbor, Mich. 

Accelerated Strain Aging of Commercial Sheet Steels, by L. R. Shoenberger, 
research engineer, and E. J. Paliwoda, research engineer, Jones and Laugh- 
lin Steel Corp., Pittsburgh. 
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ASM EDUCATIONAL LECTURES 
All Sessions in Ballroom, Convention Hall 


Monday, October 20 
4:30 and 8:00 P.M. 
Behavior of Metals at Low Temperatures 
Chairman: C. W. MacGregor, University of Pennsylvania 
Behavior of Single Crystals and Pure Metals, by R. M. Brick, Department of 
Metallurgy, University of Pennsylvania. 
Influence of Mechanical Variables, by J. R. Low, Jr., Knolls Atomic Power 
Laboratory, General Electric Co., Schenectady, N. Y. 
Influence of Metallurgical Factors, by C. H. Lorig, assistant director, Battelle 
Memorial Institute, Columbus, Ohio. 
Tuesday and Wednesday, October 21 and 22 
4:30 P.M. 
Gases in Metals 
Chairman: I. R. Kramer, Horizon Titanium, Inc., Washington, D. C. 


Fundamental Metallurgical and Thermodynamic Principles of Gas-Metal Be- 
ns 5 by D. P. Smith, professor emeritus, Princeton University, Prince- 
ton. Z 

Gases in Nonferrous Metals and Alloys, by L. W. Eastwood, assistant director 
of research, Kaiser Aluminum Co., Spokane, Wash. 

The Behavior of Gases in Liquid Iron and Steel, by D. J. Carney, chief devel- 
opment metallurgist, United States Steel Co., Chicago. 

The Behavior of Gases in Solid Iron and Steel, by C. E. Sims, assistant direc- 
tor, Battelle Memorial Institute, Columbus, Ohio. 


Tuesday and Wednesday, October 21 and 22 


8:00 P.M. 
Metallurgical Tools for Alloy Conservation and Increased Production 
Chairman: M. J. Day, Armour Research Foundation 


All Lectures by J. Alfred Berger, acting department head 
Department of Metallurgical Engineering, The University of Pittsburgh 


Significance of Chemical Analyses in Alloy Classification and Mechanical Prop- 
erties. 


Progress in Spectrography and X-Ray Diffraction Analyses and Techniques. 
The Effects of Alloy Substitution on the Fundamentals of Hardening Metals. 
Boron and Rare Earths in Alloy Conservation and Production. 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Philadelphia, W ednesday, October 22, 1952—9:00 A.M. 


The annual meeting was called to order by President John Chip- 
man. The order of business was: 
President’s address 
Report of the Treasurer 
Report of the Secretary 
Presentation of ASM Teaching Awards 
ASM Foundation for Education and Research 
Election of officers 
The report of the election of officers appears on page 26. 
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ANNUAL ADDRESS OF THE PRESIDENT 
JoHN CHIPMAN, President 


Thirty-fourth Annual Meeting, Philadelphia, October 22, 1952 


HE past year has been one of solid accomplishment on the part 

of your Society. Your officers and trustees have endeavored 
throughout the year to emphasize and to build up the Society’s ed- 
ucational programs. We have always been an educational society 
devoted to the advancement and dissemination of knowledge concern- 
ing metals. Never in the history of the Society have these objectives 
been overlooked. But during this past year our activities aimed at 
these objectives have been strengthened and broadened, with the re- 
sult that our contribution to the strength of the nation is becoming 
daily more important. 

Your education committee has been active and successful in 
planning educational programs for the national convention, in devel- 
oping teaching aids such as motion pictures on metallurgical subjects, 
and in fostering educational activities of the chapters. Practically 
every chapter is engaged in some sort of educational program, and 
these programs are of more value to the practical technical man of 
industry than those of any other technical society. The communities 
in which chapters are located have come to regard the ASM chapter 
as the fountainhead of all knowledge on metallic subjects. 

Your advisory committee on metallurgical education has initiated 
several new programs during the year. One has been the establish- 
ment of teaching awards for proficiency and excellence in the teaching 
of metallurgy in the colleges. Three awards of $2000 each are to be 
made this morning to young teachers of metallurgy. You should 
realize that the recipients of these awards are outstanding young 
metallurgists who would command in industry several times the salary 
that their colleges can pay them. 

I hope that these awards will encourage them and their colleagues 
to feel that the importance of their work to the national well-being is 
recognized and appreciated by their fellow scientists and engineers. 

Another recent innovation at the collegiate level is the appropria- 
tion of funds for visiting professorships in metallurgy. It is hoped 
that this will make it possible for students of metallurgy to have the 
advantages of lectures by specialists in various phases of metallurgy 
and thus to broaden the teaching programs in metallurgy in many 
colleges in the United States and Canada. 

For some years your Society has been concerned by the insuffi- 
cient numbers of students of metallurgy enrolled in the colleges. We 
have prepared bulletins and pamphlets and have distributed these in 
considerable numbers in the high schools of the country with the 
purpose of attraeting more sttdents into metal engineering fields. It 
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now appears that metallurgy is not alone in its need for more recruits. 
In June 1951 the number of students graduating from the colleges in 
science and engineering was less than the demand by at least 40,000. 
The number of students enrolled in the engineering colleges has 
undergone a steady decline. In 1949 and 1950 there were about 
50,000 graduates each year in the United States and Canada in 
engineering and scientific fields. In 1951 there were 38,000, in 1952 
about 25,000. This year the number will be well under 20,000 and 
next year still smaller. In a world in which a nation’s strength 
depends upon its technology, this is an alarming situation, especially 
when it is compared with the reported 100,000 per year in Russia. 

In his visits to some 25 chapters, your President has drawn 
attention to the nation’s need for more engineering students. Many 
chapters have taken an active interest in recruiting science students 
for the colleges and have sent representatives to the local high schools 
with this purpose in view. These efforts are beginning to bear fruit. 

Another new activity of your Society is being carried out with 
the cooperation of the National Science Teachers Association. This 
is a contest in the high schools and junior high schools of the United 
States and Canada in which the student prepares a “project” related 
to science or engineering. A number of prizes and awards were given 
to students and to the schools they represent. The total amount of 
the awards, which together with administrative costs amounted to 
$10,000, was supplied by your Society. There has been much talk 
about the need for more scientists, but as yet the only technical 
society which has given financial backing to the “Future Scientists of 
America Foundation” in their direct approach to junior and senior 
high school students is the American Society for Metals. 

The growing scarcity of engineers is reflected in an increased 
demand for graduates of technical and vocational institutes. These 
schools are noncollegiate in character; many, in fact, are at the high 
school level. In many cases the training includes work in metals — 
for example, welding, heat treating, metallography and testing. Sev- 
eral of our chapters have maintained contacts with local schools, but 
by and large the Society has given them very little attention. Your 
trustees are convinced that there is an important job the Society can 
do in this field, and a new committee has been formed, with Horace 
Knerr as chairman, to view the problem on a nation-wide scale and 
recommend whatever action seems appropriate. Important results 
have been achieved by this committee during the year. 

Thus you can see that your Society is active along the educational 
front from the practical man of industry or the boy in junior high 
school through high school or technical institute and into the colleges. 

Another recent activity of your Society is the establishment of 
a new international journal of the science of metals. The need for 
such a journal has developed rapidly in recent years with the in- 
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creased application of physics and chemistry in the study of metals. 
A year ago, during the World Metallurgical Congress, a few people 
from each participating country were brought together to discuss the 
preliminary plans. As a result, a proposal was sent to metallurgical, 
chemical and physical societies throughout the free world. At the 
present moment there are 14 such societies in 11 countries cooperating 
with ASM, and the first issue of the new “Acta Metallurgica” under 
editorship of Bruce Chalmers is due to appear in January 1953. It is 
not expected that all members of our Society will be interested. To 
many it will appear too theoretical or perhaps highbrow. Never- 
theless, it will be a valuable aid to high education and it will enhance 
the position of metallurgy among the sciences and will bring physics 
and chemistry to the metallurgist. For those members of ASM who 
want the new journal, it will be available at half price. 

The officers and trustees, as usual, have been busy. There were 
five meetings of the board of trustees — on October 31, 1951, and on 
January 30, June 2, July 31 and October 21, 1952. Your President 
visited 25 chapters, and members of the board visited 14. 

A new series of regional group meetings has been undertaken 
for the purpose of bringing the national organization into closer con- 
tact with individual chapters. In these meetings the chairman and 
vice-chairman-elect from some five to eight chapters in a district have 
sat down with the Secretary and usually with some member of the 
board of trustees in an all-day session on chapter problems. During 
the year the following groups participated : 


PaciFic NORTHWEST 

Seattle, Portland, Vancouver, Spokane, Richland 
New ENGLAND 

Boston, Worcester, Springfield, Hartford, Providence, New Haven 
ATLANTIC CENTRAL 

New York, Philadelphia, Washington, Baltimore, Lehigh Valley, York 
Ounto - MICHIGAN 

Toledo, Detroit, Saginaw Valley, West Michigan 
NORTHEASTERN OHIO - WESTERN PENNSYLVANIA 

Northwest Pennsylvania, Pittsburgh, Youngstown, Warren, Canton- 

Massillon, Akron, Cleveland 

In the month of May this year the entire membership of the 
Society was saddened by news ofthe deaths of two of our beloved 
past-presidents: Dr. Marcus Grossmann passed away in Pittsburgh 
and Dr. George B. Waterhouse in Boston. It is with the deepest 
regret that we record this great loss to the metallurgical profession. 
For the first time the Society held a midwinter meeting. This 

was strictly a technical meeting for the purpose of presentation and 
discussion of technical papers. It was held in Pittsburgh on January 
31 and February 1. The sessions were well attended and contained 
some valuable technical papéts which have subsequently appeared in 
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TRANSACTIONS. The next such meeting will be in Los Angeles the 
week of March 23, 1953, as a part of the Western Metal Congress. 
Your Society has been sweeping off the cobwebs of isolationism 
and has worked for the establishment of more cordial relations among 
the metallurgical societies of the world. Full justification of this 
policy is seen in the tremendous success of the World Metallurgical 
Congress which was held last year. You will be interested in the very 
attractive volume of some 835 pages published by the Society giving 
the full story of that meeting and containing the papers presented. 
The reports of European conferees will appear in another book which 
is scheduled to be published in the near future by the OEEC in Paris. 
I have just returned from a visit to Europe in which I had the 
pleasure of representing ASM at a meeting of the Italian Metallur- 
gical Association. In Italy, and in other countries that I visited, I 
found people enthusiastic about the World Metallurgical Congress 
and keenly appreciative of the part which ASM played in sponsoring 
and organizing it. From my conversations with many of the leading 
metallurgists in Europe, I can say that the prospects are bright for 
a second World Metallurgical Congress to be held in Europe perhaps 
in 1955 or 1956. I have assured them that ASM is ready to cooperate 
in every way to assure another conspicuously successful Congress. 

And now I come to what I hope will prove to be the outstanding 
event of the year, the proposed establishment of the American Society 
for Metals Foundation for Education and Research. Your trustees 
have given much careful thought to the problem of how we might 
best insure the continued growth of our educational activities. The 
healthy state of our treasury during recent years has given us confi- 
dence that we have achieved that goal of early planning, a figure for 
total assets which is twice the annual budget. The excess above this 
goal we now propose to set aside in a special fund whose income can 
be used for purposes of education and research. 

There is an additional motive, and a very practical one, for estab- 
lishment of the Foundation. Recent revisions of the revenue laws 
have changed the status of the income of tax-exempt institutions. At 
the present time the net income of all tax-exempt organizations is 
subject to review each year by federal tax authorities. The establish- 
ment of the Foundation will provide a place where any excess income 
can be invested to provide future income for educational purposes. 
The board has studied this proposal with great care and has had the 
advice of competent attorneys and tax consultants. We believe it 
will accomplish two important objectives: (a) It will provide a 
mechanism for the Society’s continued support of education and 
research in the field of metals. (b) It will safeguard a substantial 
portion of the Soeiety’s funds for future growth of these activities. 

The proposal for establishment of the American Society for 
Metals Foundation for Education and Research will be presented to 
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you this morning. I urge you to join with the trustees in unani- 
mously approving the proposal. 

It is customary in the President’s report to record the high spots 
of the previous meeting. You are all fully aware that the most 
distinctive feature of the 33rd annual convention was the First World 
Metallurgical Congress which accompanied it. It is an understate- 
ment to point out that this congress was sponsored solely by ASM. 
It was conceived in the fertile mind of your Secretary and it was 
brought to successful fruition by his inspired and untiring efforts. 

It is appropriate to record that at the concluding banquet of the 
Congress three silver medals bearing the insignia of the World Metal- 
lurgical Congress were presented by ASM trustees: the first to Mr. 
Charles E. Wilson, director of Defense Mobilization, who delivered 
the principal address ; the second to Dr. Zay Jeffries, Director-General 
of the Congress ; the third to Mr. Walter Jominy, President of ASM, 
sponsor of the Congress. It is also appropriate to mention that the 
trustees presented one solid gold medal of the same design — this one 
to Mr. William H. Eisenman. 

Other events of the 33rd annual convention included the follow- 
ing: the President’s Medal was awarded to Arthur Focke, past- 
president; the Henry Marion Howe Medal was issued to Dr. B. J. 
Lazan of the University of Minnesota; the Sauveur Achievement 
Award was presented to Robert F. Mehl, director of the Metals 
Research Laboratory, Carnegie Institute of Technology; the ASM 
Medal for the Advancement of Research was presented to Gwilym 
Price, president of Westinghouse Electric Corporation ; and the ASM 
Gold Medal was presented to Paul Merica, president of the Interna- 
tional Nickel Co. The Campbell Memorial Lecture was given by 
Dr. C. H. Lorig of Battelle Memorial Institute. 

In conclusion I wish to thank the societies that are cooperating 
with the American Society for Metals to make the present meeting 
another outstanding success. These societies are: American Welding 
Society; American Institute of Mining & Metallurgical Engineers, 
Institute of Metals Division; Society for Non-Destructive Testing. 
It is through this kind of cooperation that the National Metal Con- 
gressehas grown into an event of major importance to the nation. We 
look forward to its continuance in future years. 


TREASURER’S REPORT 


Ratpu L. DowDeE Lt, 7reasurer 


This report on your Society covers the fiscal year ending August 
31, 1952. This was again a year of efficient operation. 

The carrying value of all securities, including accrued interest, 
was $1,976,351.24 on July 14, 1952. On closing the year August 31, 
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1952, the carrying value of all securities including accrued interest 
was $1,424,210.96. 

The approximate market value of securities, including accrued 
interest on bonds, was $1,636,763.65 on August 31, 1952, which repre- 
sents an appreciation in dollar value of about $212,552.69. 

During the year the Board of Trustees authorized a grant to the 
American Society for Metals Foundation for Education and Research 
in the amount of $575,000.00 out of prior years’ earnings and 
$75,000.00 out of the current year’s earnings. 

The cash account was decreased $98,187.56 from last year, so 
that more funds could be invested. 

There has been no fundamental change in investment policy for 
the portfolio over the past year. 

Dividends and interest earned amounted to $78,768.31 or about 
3.98%, based on the carrying value, as compared to about 4.16% for 
the preceding year. With a lower proportion of stocks, the yield has 
been slightly lowered. 

Corporate stocks constitute about 30% of the total investments, 
while last year they constituted about 38% of the total holdings. 

Total income and expense for the year ending August 31, 1952, 
are as follows: 

INCOME AND EXPENSE 
Fiscal Year ended August 31, 1952 


ee... cia s Bee an kts kluaeeicn ies $1,424,814.98 
NS Bool eax ule, OCs Ue waRebe a hw alees Les 1,266,643.90 
POE ALLE ETE SABRE nF $ 158,171.08 
Appropriated for Educational Purposes ..... 140,524.47 
Unappropriated Net Income ........... $ 17,646.61 


The approximate income and its disposition for the fiscal year 
ending August 31, 1952, are shown in the following tabuation: 


ASM INCOME AND ITS DISPOSITION 
Fiscal Year Ended August 31, 1952 


Disposition 
Income of Income 
Per Cent Per Cent 
A NG i, kg kk pcan be eecenes 40 33 
NUE ican os Ck aoa Ee oe aa. ° 19 
Membership—Gross dues .............. 16 
Returned to Chapters ... 7 
SNS 0. 6 Shs ws cta ee aie 3 
Ss fig cis vedere ove swdacs 6 6 
Interest and Dividends ................ 5 
ee I aed cc be cud 4 2 
METALS REVIEW ..... yess week wae 1 3 
A a 1 3 
General Administration ............... 12 
Beecmonal Projects ......4......086%. 10 
ee as Ue dk wk ade 1 1 
ST PET os o.oo n core ckdbvescs 1 


S 
S 
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AUDITED BALANCE SHEET 
AMERICAN SOCIETY FOR METALS—August 31, 1952 


National Metal Exposition—Phil- 
adelphia—October, 1952 .... 28,653.50 


ASSETS 

CARRE sh 5 5 6 ncn 6 prmgieekn cs ween eas vcs cae $ 157,438.43 
SECURITIES (approximate market or redemp- ) 
tion prices aggregate $1,627,647.97) 
Bonds, stocks and land trust certificates— ' 

OE ON accu cash ade adm Vokbipeaee wuss $1,415,095.28 

Mires Wao. sick scone wud sos ikke 9,115.68  1,424,210.96 ' 
slieieclincecei tittle ti te q 
CASH SURRENDER VALUE OF LIFE INSURANCE 76,713.85 : 
NOTE AND ACCOUNTS RECEIVABLE 
DN REE Se ak co ces cb er wha OF. cise. $ 15,000.00 
Accounts receivable: ) 
Advertising accounts ......... $12,637.42 i 











en een pa aMaMGMe > aytetck ie aria 14,695.07 55 2985. 99 $ 70,985.99 : 
S apeeennens : 
Less allowance for doubtful accounts ........ 2,000.00 68,985.99 ; 
—— — } 
INVENTORIES—at cost or lower 
Bound or unbound publications, books, paper 
NN OURS aca sc ae «ss task 0 eee Sib ce $ 162,622.02 : 
Less allowance for obsolescence ............. 6,000. 00 156,622.02 
OTHER ASSETS ise ae ‘ 
Cash advance from United States Government ; 
for expenses in connection with World Met- ; 
mee CeO} .6.04i's Hiawiwdi ns can snes $ 13,459.61 } 
Officers, employees, and sundry accounts and 
GOI 665 os cea Se tread eed na sek saws 21,717.26 35,176.87 
REAL ESTATE (at cost less allowances ; 
SON OROROUNEIIN) kos nikin inh 2 tie nd ko cnn oes 50,930.47 
OFFICE FURNITURE, FIXTURES, AND EQUIPMENT me 
* (at, cost less allowances for depreciation) Soe 53,040.81 


DEFERRED CHARGES 
Prepaid exposition expenses: 
National Metal Exposition—Philadelphia— 


cy AR epee 


Gt SEO ia poh 26 ce dbc > be aes eawae $ 64,814.31 
Western Metal Show—Los Angeles— 
BN SEs sk + 6a eb ee obec hb oes eee 2,305.79 $ 67,120.10 
Prepaid sundry expenses .........eeeeeeeees 10,074.57 
SEE SURE <6. i:nlda-s'o bo. 0'3 an bee 0 6 04 Gam 4,322.08 81,516.75 


ee -_ — 


$2,104,636.15 





The large disposition item called “Educational Projects” contains 
the following items of which most are for educational purposes : 


ASM Foundation for Education and Research ... .$64,024. = (carrying value) 


. Teaching Awards and Expenses ............ 6,5 3 
f Chapter Educational Activities ................. $000.00 7 
Second World Metallurgical Congress ,.......... 15,000.00 4 
Program with National Science Teachers’ 4 

POO. > 5 ye awes oe i ce ay Ea eas een 0 15,000.00 

ASM Vietinw Lecturesiam oc. fo dec esc escccncse 10,000.00 

ND WU. o's « ettiin Hs aw are co wh ke eee 25,000.00 

$140,524.47 


The gross income from dues was $239,686.71 of which $99,029.82 
was returned to local chapters. The combined assets of the 82 local 
chapters have risen to about $248,000 which is an increase of about 
$29,0C0 over the previous Year. 
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LIABILITIES, RESERVES, AND SURPLUS 


LIABILITIES 
Accounts payable: 
For purchases, expenses, etc. ............. $ 33,731.69 
Payroll taxes and taxes withheld from 
NES Sonn ss oe eee ee ed oedwese sea 3,592.44 
For apportionment of dues to local chapters 3,061.16 $ 40,385.29 


Advance from United States Government for 
expenses in connection with World Metal- 
i CA sib decease ago bee 6 b<0.0 13,459.61 $ 53,844.90 


INCOME APPROPRIATED FOR 


EDUCATIONAL PURPOSES ............ 122,887.44 


RESERVES 
Wor DAStats FEANDBOOR «.... 2... c sce cccasvcce $ 86,630.74 
ie hy s diacd' 5 cia wee > bao 60,000.00 
or dite POte 1 BAVAMCE. 2... 5k ec cece. 50,000.00 
Campbell Memorial lecture fund ............ 15,000.00 
Re errr ec rere 5,000.00 
Sauveur achievement award ...............-. 5,000.00 221,630.74 


DEFERRED INCOME 
National Metal Exposition—Philadelphia— 


UGG NUE 5 vis Rise bbe 666005 ws oe + we $ 401,319.50 
Western Metal Show—Los Angeles— 
PG, RT as 6 aces Ce CeO oR Has Rewe vee 2,345.00 403,664.50 
SURPLUS 
Balance at September 1, 1951 ..............- $1,778,537.62 
Add unappropriated net income for the year.. 17,646.61 $1,796,184.23 


Less grant to American Society for Metals 
Foundation for Education and Research— 


PN ah R00 eh Ok ote Lic 0.4 obey emcee sehen 493,575.66  1,302,608.57 


Note A—During the year, the Board of Trustees authorized a grant to Amer- 
ican Society for Metals Foundation for Education and Research in the amount 
of $575,000.00 out of erie years’ earnings and $75,000.00 out of earnings of 
the current year, payable in cash or securities of equivalent value. Effective 
as of July 15, 1952, securities having a carrying value of $557,550.68, and 
cash in the amount of $49.45, were transferred to the Foundation, of which 
$493,575.66 was charged to surplus and $64,024.47 was charged to current 
earnings. However, this transaction is subject to the approval of the members 
voting at the annual meeting of the Society to be held October 22, 1952. 





The income from interest earned on investments was $78,768.31. 

Both TRANSAcTIONS and METALS REVIEW were distributed to the 
membership at a net cost to the Society of about $44,541.97 and 
$21,403.76 respectively. 


The net assets of the American Society for Metals are approxi- 
mately $2,104,636.15. 

This year the success of the Society is again reflected in the good 
management by Secretary William H. Eisenman. Your Treasurer 
also acknowledges the kind assistance of Secretary Eisenman, Assist- 
ant Treasurer A. A. Hess, Trust Officers A. W. Marten and W. W. 
Horner of the Cleveland Trust Company, members of the Finance 


Committee and members of the Board of Trustees of the American 
Society for Metals. 


SPI 


aa 


pina 


< ss ee 
ee 


- ea 
erie pene ee 


<a eeama 


ee 
i as ems Sate otek 
years aaa yea la . 
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AUDITED INCOME AND EXPENSE STATEMENT 


AMERICAN SOCIETY FOR METALS—Year ended August 31, 1952 


INCOME 
MetaL ProGress—monthly publication 
Metal Exposition 


eeee tee eee eee eeeeeeeeen 


$ 606,140.52 


ba cals > 050G F RSs «hee we GNA RAR ES cee te 396,161.29 
I a es ote Sad, 26 ube ule Bails McBl « oo coke 141,077.49 
Divememds and imferest eurmed oii... cc cic cic ccc ccccccce 78,768.31 
ED ali kk kb Bare 4.3 SOO Ven ch baD Bie ote thie eckes 74,845.48 
ASM Merats TIamenook GRlee... .. ccc bekldc cebcclécacccece 36,644.50 
Metats Revigw—monthly publication .................0000- 35,388.24 
Conferees to World Metallurgical Congress .................. 18,500.00 
SOON NS virho'o ak BE CW ew 6 oo OE 6 oR RRA bb Soi eae 9,657.35 
SE vss a ka. dc RD WEES s eb EA és SD AO 69 pe Cone 7,350.61 
I cd ee a os kuin wales s 7,050.34 
a eet ee 3,924.17 
UNEP I Tg te ee er ka ww 8 3,709.97 
ee Ge ren I Se, oe bana e eS SK baa» es 5% 3,379.57 
Increment in cash value and dividends on life insurance...... 1,891.09 
Sou een ih ee Oe NIN Cee, co so oa Kuabish sas Viaiaeaue es 326.0 
eee REE 3. od aso 6 be Sia bah Rud cue OCR ewe ci peee $1,424,814 


EXPENSES 
Metat Procress—monthly publication 


eee eee ee eee eee 


$ 494,741.92 


National Metal Exposition—Detroit—October, 1951 ........... 294,795.54 
PE ia is, ss wees beens Sher ed bawdw est dikahw ees 88,384.85 
Fe i PA Ca aa ee 67,354.68 
Grant to American Society for Metals Foundation for Education 

i PE ails » 9 b.04 ROMMMME Aa 6 OCU tive b's Gare teres ome « 64,024.47 
MetTats Review—monthly publication ..................2000- 56,792.00 
ie ar a ee et aa ss eR Sie Som wpe oer Foe E 53,081.27 
Expenditures from appropriations .........cccccccccsivecsecs 44,383.07 
ea a eis oe bab hd AEE Le cde PL be dk 44,199.32 
SET gti ee, cee Rear et oe eke nin. a 35,463.24 
FUE ee. SUMMON, ° Fo oes o's von bbb boos heh stn wb eas 31,419.76 
TN aed te UR ee ke i ae od Bio ae 21,739.73 
I Ng og alin ona via bas eee at hk ce anen 19,620.32 
WORT Tmereeel CORT ORD ooo ic once twtcc ce cevctcdcvecece 13,165.10 
en, ne ee es eae hicnbeses 11,299.57 
Te a a ee iss ww Liccewad esc 5,966.39 
Wretaeeneh - CN Wh nia sos fy Ss bs pw SA oS etic oa ce hho 6 5,966.25 
Conferees to World Metallurgical Congress ................+. 5,206.83 
enn a die wae od lc ep eens 4,755.79 
A. Go cli es ir ates en bk KA DERE A to oho a ceéa 3,181.70 
Pees CEE a. so oS dcr Fae So & ee CHE eee ORT Feb KR 2,475.69 
Me a. oy ee eal a> DAES BERS Seo nea d o> bes wie 2,432.92 
ID oS. ob 6 6 3 ae AES 6 be EN Wee Hh Oe EE ones 1,752.53 
TE 59 6 Sng c's bbe ek cn 6c ek cokes hen ke uo 1,676.75 
A eek Chie hee) ius CPs ns bred Oke awed. eek bows 671.75 
Research and educational contribution ..................--05- 500.00 


TOTAL EXPENSES 


Income appropriated for educational purposes—as authorized by 


the Board of Trustees ($76,500.00) less expenditures for the 


year ($44,383.07) included in above expenses ............ 


UNAPPROPRIATED NET INCOME ...........0escevees 17,646.61 


Board of Trustees, 
American Society for Metals, Cleveland, Ohio. 


ee eee eee eee ee ee eee 


$1,375,051.44 
FREER SING AAIEED. bond cob p eho p peda bac ps coeedcsergte cmos Han 


49,763.54 


32,116.93 


September 29, 1952 


We have examined the balance sheet of American Society for Metals as 0! 
August 31, 1952, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with gen- 
erally accepted auditing standards, and accordingly included such tests of the 
accounting records and such other auditing procedures as we considered nec- 
essary in the circumstances. ; 

In our opinion, the accompanying balance sheet and statement of income 
and expenses present fairly the financial position of American Society for Met- 
als at August 31, 1952, and the results of its operations for the year then ended, 
in conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 


ERNST & ERNST 
os Certified Public Accountants 
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ANNUAL REPORT OF THE SECRETARY 
W. H. EIsenMAN, Secretary 


The American Society for Metals on October 1, 1952, had a 
total membership of 21,599—a gain of 6.6% since last October. 

Of this number 18,421 or 85.3% were regular members, 1982 
or 9.2% were sustaining members, 1092 or 5% were junior members. 
There were 54 honorary and life members, 50 on the armed serv- 
ices list. 


PUBLICATIONS COMMITTEE 


Sixteen persons constitute the membership of the Publications 
Committee for 1952, under the chairmanship of W. M. Baldwin, Jr., 
research professor, Case Institute of Technology, Cleveland. The 
members of the committee and their chapter affiliation are: 

W. W. Austin, Jr., Birmingham; W. E. Bancroft, Hartford; 
J. A. Bennett, Washington; C. L. Clark, Canton-Massillon; A. H. 
Geisler, Eastern New York; M. F. Hawkes, Pittsburgh; E. I. Larsen, 
Indianapolis; E. M. Mahla, Philadelphia; F. T. McGuire, Tri-City ; 
Peter Payson, New York; G. C. Riegel, Peoria; C. H. Samans, 
(alumet; J. W. Spretnak, Columbus; L. P. Tarasov, Worcester, and 

‘ay T. Bayless, Secretary, Cleveland. 
During the year the Committee reviewed 66 papers. Of this 
umber 41 were approved and prepared in preprint form. 30 of these 
are scheduled for presentation at this Convention and publication in 
TRANSACTIONS and the remaining 11 are scheduled on the program for 
the Western Metal Congress to be held in Los Angeles the week of 
March 23, 1953, and also scheduled for publication in TRANSACTIONS. 

The Publications Committee held a meeting May 27 and 28, at 
which time final arrangements for the technical program for this 
Convention were made. 


EpUCATIONAL COMMITTEE 


The Educational Committee for the year 1952 was composed of 
the following personnel: N. J. Grant, Boston, Chairman; M. J. Day, 
Pittsburgh ; H. Y. Hunsicker, Cleveland ; I. R. Kramer, Washington ; 
F. G. Tatnall, Philadelphia; G. M. Enos, Purdue; N. C. Jessen, 
Akron; Ray McBrian, Rocky Mountain; R. F. Thomson, Detroit, 
and Ray T. Bayless, Secretary, Cleveland. 

This Committee held one formal meeting on November 29, 1951, 
at which time the, educational lectures for this Convention were 
arranged as well as those for the 1953 Convention. These lectures are: 
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1952 


1. “Behavior of Metals at Low Temperatures’—3-lecture series by : 
R. M. Brick, University of Pennsylvania 
J. R. Low, Jr., General Electric Co. 
C. H. Lorig, Battelle Memorial Institute 

2. “Gases in Metals”—4-lecture series by: 


D. P. Smith, Princeton University 
L. W. Eastwood, Kaiser Aluminum Co. 
D. J. Carney, United States Steel Co. 
C. E. Sims, Battelle Memorial Institute 
3. “Metallurgical Tools for Alloy Conservation and Increased 
Production”—4-lecture series by: 


J. Alfred Berger, University of Pittsburgh 


1953 


1. “Fatigue.” 
2. “Surface Protection Against Wear.” 
3. “Surface Protection Against Corrosion.” 


The motion picture film entitled “Heat Treatment of Steels’ is still 
in the process of preparation by Ohio State Research Foundation, 
under the guidance of Prof. J. O. Lord. 


ApvisoRY COMMITTEE ON METALLURGICAL EDUCATION 


Members are: Alfred Bornemann, Stevens Institute of Tech- 
nology, Chairman; D. S. Eppelsheimer, Missouri School of Mines; 
F. M. Kiayer, Louisville; V. N. Krivobok, New York; J. L. Libsch, 
Lehigh Valley; C. K. Lockwood, Montreal; W. E. Mahin, Chicago ; 
J. P. Nielsen, New York; W. O. Philbrook, Pittsburgh; E. C. 
Wright, Birmingham; J. B. Austin, Rep. of ASM Board of Trustees. 
The President covered the activities of this committee in his | 
report. | | 


ASM TeEcHNICAL COMMITTEES ADVISORY TO THE NAVY 


The program has continued through which the Society assists 
the U. S. Navy in technicai. problems relating to conservation of 
scarce metals. In cooperation with the Minerals and Metals Advisory 
Board in Washington, ASM has now established a total of five 
technical advisory committees, each dealing with metal conservation 
in a different unit of naval equipment. In each instance, the ASM 
committee has been able to recommend ways and means for conserv- 
ing scarce metals, either through substitution of one alloy for another 
or by a change in processing procedure or design. 

Conservation of searce metal has been widely discussed in indus- 
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try, Government and the press during the past year. ASM members, 
better than other groups, understand the importance of conservation. 
But most important, ASM members have the high technical compe- 
tence to deal with conservation at the engineering level and to make 
final decisions which result directly in conservation of scarce metal 
without sacrifice of the functional performance of operating equip- 
ment. Thus these ASM members represent the highest authority on 
the actual feasibility of conservation in any instance. The Society 
is proud of the example which these members are setting through the 
work of the ASM advisory committees. 


Metats HAnpBooK COMMITTEE 


Demand for the current edition of the Merats HANpDBooK has 
continued at a high level, and an additional 10,000 copies were printed 
in June of 1952. The Hanpsoox Committee held no meetings during 
the year. 


SPECIAL LIBRARIES ASSOCIATION 


For the third consecutive year the Metals Section of the Special 
Libraries Association is holding its fall regional meeting in conjunc- 
tion with the National Metal Congress. The purpose of the meeting 
is to discuss matters of literature handling and documentation that are 
of mutual interest to both librarians and metallurgists. 

The Section is also sponsoring a booth at the National Metal 
Exposition, designed as a miniature working library and reference 
service. é 

Three sessions have been held on Monday afternoon, October 
20, and on Tuesday morning and afternoon, October 21. The first 
meeting on “New Horizons in Literature Searching’ was planned 
primarily to discuss the work of a Special Libraries Association 
Committee on international standardization in literature classification, 
and to assess the possibilities of machine techniques for literature 
searching. 

The committee’s work is based on the well-established ASM- 
SLA classification system designed by a joint committee of the two 
societies four years ago. 

The papers on Tuesday covered such subjects as availability of 
research reports, how to obtain unclassified material from the Govern- 
ment, foreign-language literature and translations, and the relation- 
ship between technical research, management and library services. 


TRANSACTIONS 


Since the last National Metal Congress, Vol. 44 and Vol. 44A 
of TRANSACTIONS were published and distributed to the membership 
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in April 1952. Vol. 44 totals 1232 pages and constitutes 61 articles 
with their discussions. It contains all of the papers presented at the 
October 1951 Convention held in Detroit, together with the papers 
presented at the Midwinter Meeting held in Pittsburgh on January 
31 and February 1, 1952, and also interim papers received during the 
year that were not presented at a convention. The president, secretary 
and treasurer’s reports for 1951 and other current items of record 
were included in Vol. 44 together with a report of the Convention. 

Vol. 44A contains the 12 papers (335-pages) presented at the 
seminar on “Metal Interfaces” held on Saturday and Sunday, October 
13 and 14, 1951, during the National Metal Congress and Exposition, 
Detroit. This seminar was sponsored by the American Society for 
Metals, the subject being selected by a committee appointed by the 
Board of Trustees. The personnel of this committee was: J. H. 
Hollomon, Chairman; J. B. Austin, R. M. Brick, Morris Cohen, 
M. Gensamer, L. R. Jackson, L. K. Jetter, O. Marzke, D. McCutcheon, 
E. R. Parker and Clarence Zener. 

Preparation and coordination of the series of subjects and 
solicitation of speakers were carried on by R. M. Brick. 


PREPRINTS 


Forty-one papers were prepared in preprint form and distributed 
to those members of the Society who requested them. 

This includes thirty papers presented at this Metal Congress, 
and eleven papers which will be among those presented at the Western 
Metal Congress. 

The total number of pages for the 1952 preprints is 738. A total 
of 45,000 preprint copies was distributed free to the membership 


METAL PROGRESS 


The number of editorial pages, 680, is fairly constant. over the 
years. Revenue advertising has shown a gratifying improvement, due 
to intensive work by the expanded number of representatives in the 
field noted in last year’s report. 

While a considerable amount of editorial space has been given 
to the production, properties and.uses of the “new” metals like 
titanium, zirconium, and thorium (including a notable summary of 
the metallurgical problems involved in the construction of atomic 
power plants), this is warranted by today’s trends in metal progress 
and only points up the continued attention given to such timely 
topics as boron-treated and other alloy steels, heat treatment, and 
heat and corrosion resistant metals and alloys. 

Two issues were almost pre-empted by the World Metallurgical 
Congress—one containing the papers contributed by overseas con- 
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ferees. Another issue contained four important papers on the manu- 
facture, rolling and heat treatment of deep drawing sheet. Consider- 
able attention has been given during the year to the metallurgical 
problems of the foundry. 

Early in the calendar year 1952 some additions were made to 
the editorial staff. Marjorie R. Hyslop (editor of MeTaLts REVIEW 
since 1934) was made managing editor of MretTaLt ProGrEss, with 
responsibility for getting out the magazine. Floyd E. Craig was 
employed as director of art and typography. E. C. Wright, long with 
National Tube Co. and now head of the department of metallurgical 
engineering at the University of Alabama, accepted appointment as 
consulting editor for MetaL Procress in the field of steel refining 
and manufacture. 


METALS REVIEW 


Metats Review, during the 12 months from October 1951 
through September 1952; published a total of 700 pages—an increase 
of 68 pages over the preceding 12 months. This increase reflects the 
general progress and expansion of the Society. Space devoted to 
news of chapter activities, doings of members, and headquarters 
actions remains about the same as in the past. 


Specific figures are as follows: 


BE ak 3s eee eles kara aimed een + bo) 197 pages or 28% 
ASM Review of Metal Literature..... 375 pages or 55% 
EUS a i oie c s-~s eas ee aa 128 pages or 13% 


The pages devoted to miscellaneous matters include the employ- 
ment service, meeting calendars, and advertising. 

The Society again published in the February issue the biogra- 
phies and photographs of the junior members to assist them in 
obtaining employment during the coming year. 

The Metal Show section was published in September. 

In February 1952 the staff was expanded by the appointment 
of Betty Bryan as associate editor. Miss Bryan was formerly an 
editorial assistant for both Metats Review and Mera Procress. 

It should be borne in mind that the splendid work of Battelle 
Memorial Institute, which produces for the ASM (for publication in 
METALS REvIEW) the annotations of technical articles in the field of 
metals in some 800 world publications, is collected and indexed 
annually in a bound volume. 

Some libraries with indexing services available to industry offer 
some of the various subject headings covered by Metats Review, 
but the subscription’price for this coverage duplicating MeEtTALs 
REVIEW subjects would be $410.00 per year. 
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The 8th volume of the Review oF MetaAL LITERATURE was 
published this year, containing over 10,000 annotations, and made 
available to members. - 

These eight volumes constitute the most thorough, up-to-date 
and complete literature service for the last eight years that is avail- 
able any place in the world. 


Booxs 


During the past year, a total of 25,827 books published by the 
Society was sold to members and others. This figure includes 1837 
copies of the 1948 Metrats HANDBOOK. 

During this period 7 titles were added to the publication list. 
These are: 


TRANSACTIONS of the ASM, Vol. 44 

How to Organize for Success—By W. H. Eisenman 
Metal Interfaces—Seminar by 12 authors 

Residual Stress Measurement—By 4 authors 

Elements of Hardenability—By M. A. Grossmann 
Review of Metal Literature—Vol. 8 

Proceedings of the 1951 World Metallurgical Congress 
Following titles are now in preparation: 


Cast Bronze—By Harold J. Roast 

Revision of “Principles of Heat Treatment”—By M. A. Grossmann 

Revision of “Engineering Alloys’—By N. E. Woldman 

The three educational lectures presented at this convention will 
also be available in book form. They are: 


Behavior of Metals at Low Temperatures 
Gases in Metals 


Metallurgical Tools for Alloy Conservation and Increased Production 


A number of the books published by the Society were made 
available to junior members of the Society at a greatly reduced cost, 
the purpose being to bring the price of the books within the range 
of the students’ ability to purchase. 


SEMINAR ON MOopERN RESEARCH TECHNIQUES IN 
PuysicaL METALLURGY 


The Seminar on Modern Research Techniques in Physical 
Metallurgy this year was an outstanding success. It was divided into 
five important and interesting sessions with the meeting room filled 
to capacity. This interest is a great compliment to the Committee 
and the seminar speakers and assures a continuance of this important 
annual event. 

The Committee on arrangements consisted of the following 
personnel : 

R. M. Brick, Philadelphia, Chairman; Harvey Brooks, Boston ; 
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Bruce Chalmers, Ontario; Morris Cohen, Boston, Coordinator ; L. K. 
Jetter, Oak Ridge; O. T. Marzke, Washington; E. R. Parker, 
Golden Gate; A. D. Schwope, Columbus; Frederick Seitz, Peoria; 
Roman Smoluchowski, Pittsburgh, and David Turnbull, Eastern 
New York. 

The papers presented during this seminar will be available in 
book form at a later date. 


Junior MEMBERSHIP 


The junior members of the ASM, and other students whose 
course requirements provided for work in metallurgy, have been 
given an eight-page booklet which contains data sheets reproduced 
from METAL ProcGreEss and other items of information of interest 
to the young engineer. 

These were distributed through the heads of the metallurgical 
departments and through the deans of engineering. 


Junior EMPLOYMENT 


In the February issue of Metats Review, all ASM junior 
members completing their metallurgical work in June were intro- 
luced to the members of the Society and to many others by having 
published their pictures, biography and other items of information 
relative to their availability for future employment. 

An additional service was organized this year for the summer 
employment of metallurgical and other engineering students in the 
United States and Canada. 

The summer employment service was designed to assist engi- 
neering students who are members of the ASM. However, all engi- 
neering students were urged to make use of the jobs listed if they 
wished to do so. 

There was no charge to either the student or the employer for 
this ASM summer service which offered 1858 job opportunities. 


LosANA GOLD MEDAL 


It is a pleasure to report that the president of the Society, Dr. 
John Chipman, was the recipient of the Losana Gold Medal presented 
by the Italian Metallurgical Society on September 20 this year. 

We have been informed the medal was given in recognition not 
only of Dr. Chipman’s achievements in the field of metallurgy but 
also in appreciation of the cordial reception the Italian conferees 
received when they attended the first World Metallurgical Congress. 





22 TRANSACTIONS OF THE A.S.M. 


NATIONAL METAL CONGRESS 





The National Metal Congress now in session speaks for itself. 
It is again the united effort of four national technical societies whose 
combined programs have for years constituted an epoch in the number 
and quality of the papers on the researches and investigations in the 
metals industry. These are— 

The American Society for Metals 

American Institute of Mining & Metallurgical Engineers 

Institute of Metals Division 
American Welding Society 
Society for Non-Destructive Testing. 


YouNG ENGINEERS’ Day 


As related in the President’s report, the Society and all the 
chapters have been energetically active in endeavoring to increase 
enrollment in engineering schools. The American Society for Metals, 
as the engineering society of the metals industry, accepts its full share 
of responsibility in endeavoring to supply adequate engineering talent 
for the industry. The ASM realizes that the metals industry is the 
largest employer of all types of engineers and produces 40% of the 
income of the nation’s economy. 

Furthermore, the Society recognizes that approximately 50% of 
all students now enrolled in engineering schools will find employment 
and their life’s work in the metals industry. Consequently, it was 
determined that a great advantage would be gained if the engineering 
students within 150 miles of the convention city could be brought in 
contact with the exhibitors and the exhibits in the National Metal 
Exposition. 

Invitations were extended, through the president and the dean 
of engineering, with follow-up contact work carried on by a repre- 
sentative of the Society, to the following schools for the students in 


all branches of engineering to be the guests of the Society on Friday, 
October 24: 


CE i (RSNA 


Brooklyn Polytechnic Institute Pratt Institute 

Catholic University of America F Swarthmore 

City College of New York St. Joseph College 
Columbia University Stevens Institute of Technology 
Drexel Temple University 

George Washington University University of Delaware 
Lafayette University University of Maryland 
Lehigh University University of Pennsylvania 
Johns Hopkins University of Virginia 
Manhattan College Villanova 

New York University Princeton 

Newark College of Engineering Rutgers 

Penn State Annapolis 
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The invitation received a most cordial reception, and approxi- 
mately 2500 engineering students—1700 from outside Philadelphia— 
will visit and study the exposition on October 24, Friday. 

The Society will absorb the expense of bus transportation, and 
the Young Engineers will be the guests of the Society at a buffet 
luncheon served at the Exposition. 


NATIONAL METAL EXPOosITION 


The National Metal Exposition continues to grow and grow, not 
only in size but quality. One needs but to travel the miles of aisles 
and observe the displays, to recognize that more and more a visit to 
the Metal Show is a must for every metal producing and fabricating 
metals engineer. 

The Metal Show is recognized as an institution not only by 
manufacturers who display their products but by executives and the 
engineering staffs that use their products. 

This year there are two new features to the Metal Show in 
addition to Young Engineers’ Day. 

The first is an endeavor to dress up the Show. Decorating four 
large halls for a Metal Show has always been a terrific problem. 
Cloth, the old standby for some 33 years, is giving way this year 
to the beginning of a new decor scheme in which metals and pictorial 
presentation of metal progress constitute the decorative media. This 
year is “only the beginning’—and while some cloth has been used, 
you may expect that each year from now on will show more and 
more the decorative and artistic possibilities of “dear old Metal.” 

The second innovation is the red carpet. It’s being used on the 
basis that nothing is too good for the comfort of the customer (the 
members and the visitors to the Metal Show) and also to ease your 
way along the two miles of aisles in the Show. So the ASM is 
delighted to roll out the royal carpet for its royal guests. 

And so pass the years of the ASM in an ever-changing degree 
of accomplishment but always in a forward and advancing direction. 
The past year has been no exception since it recorded unbelievable 
and significant achievements in every field of endeavor to which the 
ASM has turned its attention. If I should try to enumerate them I 
would again be repeating the statements of the record of achieve- 
ment already presented. 

I trust you have been aware that this record is your record. 
You and you alone by your faithful and conscientious devotion to 
your Society have made it possible. Your continued support and 


cooperation will guarantee even greater accomplishments in the years 
to come. 
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Presentation of ASM Teaching Awards 


Established in 1952 by action of the Board of Trustees of the 
ASM, the purpose of the $2000 award for teachers of metallurgy 
is to recognize the young teacher of metallurgy by encouraging his 
ability and accomplishments, and, additionally, as a result of the 
teacher’s wider acceptance and prestige, to extract more graduates 
to the teaching of metallurgy, and a greater enrollment of students 
in departments of metallurgy. 

By following through with these purposes, it is hoped that the 
need for engineering skill in American industries will be more nearly 
satisfied. 

Winners of the first of these annual awards were Joseph W. 
Spretnak, associate professor of metallurgy at Ohio State University ; 
Arthur A. Burr, associate professor of metallurgical engineering at 
Rensselaer Polytechnic Institute; and Robert D. Stout, professor 
in the department of metallurgy at Lehigh University. Each of 
these three awardees received a check in the amount of $2000 and 
a scroll. 


PRESIDENT’S REMARKS 
ON THE ESTABLISHMENT OF THE AMERICAN SOCIETY FOR METALS 
FOUNDATION FOR EDUCATION AND RESEARCH 


The Board of Trustees received on January 31 from Secretary 
Eisenman a written report suggesting the creation of a separate 
foundation dedicated to the advancement of the technology of metals 
through educational activities and research; that the matter received 
consideration at the meetings of the Board of Trustees on January 30 
and June 2 of this year (1952). At the meeting on June 2, the 
members of the Board expressed themselves as favoring such a 
foundation, to which the Society would make a substantial contribu- 
tion during the current year and might make further contributions 
as conditions may justify in the future. The Society’s legal and tax 
counsel were thereupon authorized to formulate a detailed plan for 
the creation of such a foundation. 

Articles of Incorporation and a Code of Regulations for the 
proposed foundation were presentéd to a special meeting of the Board 
of Trustees held on July 31, 1952. After extended consideration of 
the matter, the Board of Trustees at that time approved the creation 
of the foundation and authorized the transfer to it of securities valued 
at $650,000. Of this amount $75,000 was charged to income for the 
year ended August 31, 1952. 

The foundation, which has been named “American Society for 
Metals Foundation for Education and Research’, was incorporated 
in the State of Ohio under date of August 1, 1952. The corporate 
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purpose of the foundation, as stated in its Articles of Incorporation, is 

* * * “to provide for the advancement and dissemination of 
scientific knowledge, particularly with respect to the technology of 
metals, for the use and benefit of the public at large, either through 
educational activities and research carried on by the Foundation or 
through the support of educational and research activities in estab- 
lished organizations and institutions.” 

The Articles of Incorporation provide that the property of the 
Foundation shall be held as an endowment fund in perpetual trust 
for the purpose stated above, and that the income from the property 
of the Foundation shall be used exclusively for such purpose. 

The management of the Foundation is vested in a board of five 
trustees consisting of the President and four most recent Past Presi- 
dents of the American Society for Metals, who are to serve for five- 
year terms on a rotating basis, one being added each year. The 
Board of Trustees is authorized from time to time to determine the 
specific use to which the income of the Foundation shall be devoted, 
within its corporate purpose as stated above. In the event of the dis- 
solution of the Foundation, the Board of Trustees is required to dis- 
pose of its assets, in trust, to further its stated purpose, without pref- 
erence in favor of any member, officer or trustee, upon such terms 


and conditions, consistent with its purpose, as the Board shall deter- 
mine, 


It was the sense of the Board of Trustees, at the meeting on July 
31, that the contribution of $650,000 to the foundation should receive 
the approval of the membership of the Society, by affirmative action 
of a majority of the members present and voting at this annual meet- 
ing October 22, 1952. The contribution was made, therefore, upon 
the condition that such approval should be forthcoming. 

The Board hopes to receive the unanimous approval of the mem- 
bership. I now request the Secretary to present the resolution con- 
arming action by the Board at its meeting on July 31, 1952. 

The Secretary read the following resolution and moved its 
adoption : 

RESOLVED, that the action taken by the Board of Trustees 
of American Society for Metals at its meeting on July 31, 1952, 
authorizing the creation of an educational and research foundation 
to be known as “American Society for Metals Foundation for 


Education and Research’, be and the same hereby is ratified and 
approved. 


The motion being duly seconded was unanimously adopted by 
the meeting. ; | 
Past President Walter E. Jominy in accepting the funds for the 
establishment of this Foundation from Secretary Eisenman said: 
“I am honored to receive these funds in the name of the 
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AMERICAN SOCIETY FOR METALS FOUNDATION FOR EDUCATION AND 
RESEARCH. 

“This is the beginning of a most worthy enterprise, one that I 
am sure we will be proud of. So far as I know this is the first time 
that a technical society has been able from its own funds, to endow a 
research foundation. 

“Since we will use only the income from these securities, there 
will not be much to spend until the end of the year. We are having 
a meeting of the Trustees of the Foundation tomorrow morning to 
formulate policies and consider any suggestions. If any of you have 
ideas of worth-while projects please communicate them to one of the 
trustees. Their names have been published in Metats Review and 
I will read them here—jJohn Chipman, Ralph Wilson, Arthur Focke, 
Harold Work and myself. 

“We will do our utmost to see to it that the income from these 
securities will be spent for the worthy purposes set forth in our 
Charter.”’ 

In presenting to Past-President Walter E. Jominy an order for 
the funds establishing the ASM Foundation for Education and Re- 
search, Secretary Eisenman said: 

“On behalf of American Society for Metals, I hand you here- 
with an order on the Cleveland Trust Company, of Cleveland, Ohio, 
directing it to deliver to you the securities set forth on the list of 
securities designated Schedule A hereto attached and made a part 
hereof. 

“These securities are being delivered to you in satisfaction of 
the grants aggregating $650,000 authorized by the Board of Trustees 
of American Society for Metals on July 31, 1952, and are being 
delivered to you in accordance with the terms and subject to the 
limitations contained in the resolution of the Board of Trustees of 
the Society authorizing the grants, which were that the delivery of 
these securities is made upon the condition that said grants be ap- 
proved by the members of American Society for Metals by vote of a 
majority of the members present and voting at this annual meeting 
of its members. 

“This condition has now been fulfilled, and I have the authority 
to present these funds to the Foundation.” 


ELECTION OF OFFICERS 


PRESIDENT CHIPMAN: We will now proceed with the election 
of officers. Complying with the Constitution, I appointed in March 
1952 the following nominating committees, selected from the list of 
candidates suggested by the eligible chapters prior to March 1, 1952. 


~ 
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Chairman—Gilbert E. Doan—Lehigh Valley Chapter 
W. B. Cheney—Fort Wayne Chapter R. T. Waddington—Western Ontario 


J. W. Queen—New Jersey Chapter Chapter 

Howard E. Boyer—Springfield Chapter Gilbert S. Schaller—Puget Sound 

A. B. Wilder—Pittsburgh Chapter Chapter 

H. H. Heinisch—Toledo Chapter J. Y. McClure—North Texas Chapter 


The Nominating Committee met in Chicago on May 20, 1952, 
and made the following nominations for the various offices : 


For PRESIDENT 
Ralph L. Wilson, Director of Metallurgy, 
Timken Roller Bearing Co., Steel & Tube Div., Canton, Ohio, for 1 year. 


For VIceE-PRESIDENT 
James B. Austin, Director, Research Laboratories, 
U. S. Steel Co., Kearny, N. J., for 1 year. 


For TRUSTEE 
Harry B. Knowlton, Chief Engineer, Materials Engineering, 
International Harvester Co., Chicago, for 2 years. 
A. O. Schaefer, Vice-President in Charge of Engineering 
and Manufacturing, Midvale Co., Philadelphia, for 2 years. 


For SECRETARY 
A committee of past-presidents of the ASM nominated 
William H. Eisenman, Cleveland, for 2 years. 


I have been informed by the Secretary that no additional nomi- 
nations have been received prior to July 15, 1952, for any of the 
vacancies appearing on the Board of Trustees ; consequently the nom- 
inations were closed. I now call upon the Secretary to carry out the 
provisions of the Constitution in respect to the election of officers. 

SECRETARY EISENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
| hereby cast the unanimous vote of the members for the election of 
the aforenamed candidates who were nominated May 20, 1952. 

The President then introduced the newly elected officers. The 
President-elect then said a few words of acceptance. 

PRESIDENT CHIPMAN: Has anyone present anything to bring 
before the meeting for the good of the Society? If not, then a motion 
to adjourn is in order. Motion made and carried. 

At 10:30 a.m. President Chipman called the Campbell Memorial 
Lecture Meeting to order and proceeded with his introduction of the 
twenty-seventh Campbell Memorial Lecturer, Dr. Cyril Stanley 
Smith, who presented his lecture entitled “Microstructure”. This is 
published in full in this volume of the TRANSACTIONS (page 533). 


ASM ANNUAL DINNER 
PHILADELPHIA—OCcTOBER 23, 1952 


On Thursday “evening, October 23, members and guests assem- 
bled in the Ballroom of the Benjamin Franklin for the Annual Dinner 
of the Society. The attendance was in excess of 500. 
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Those persons seated at the speakers’ table were: A. M. Bounds, 
Superior Tube Co., Norristown, Pa.—Chairman, Philadelphia Chap- 
ter, ASM; J. W. Spretnak, Ohio State University, Columbus—Re- 
cipient of ASM Teaching Award; A. A. Burr, Rensselaer Polytechnic 
Institute, Troy N. Y.—Recipient of ASM Teaching Award; Harry 
B. Knowlton, International Harvester Co., Chicago—Trustee-Elect, 
ASM; Noah A. Kahn, New York Naval Shipyard, New York— 
President, Society for Non-Destructive Testing; A. O. Schaefer, 
Midvale Co., Philadelphia—Trustee-Elect, ASM ; Ralph L. Dowdell, 
University of Minnesota, Minneapolis—Treasurer, ASM; James B. 
Austin, United States Steel Co., Kearny, N. J.—Trustee, ASM; 
H. J. French, International Nickel Co., New York—Past-President, 
ASM; Cleo F. Craig, American Telephone and Telegraph Co., New 
York—Recipient of 1952 ASM Medal for the Advancement of Re- 
search; John C. Warner, Carnegie Institute of Technology, Pitts- 
burgh—Principal Speaker; John Chipman, Massachusetts Institute 
of Technology, Cambridge—President of ASM and Recipient of 1952 
Sauveur Achievement Award; Albert E. White, University of Michi- 
gan, Ann Arbor—Past-President of ASM ; Robert F. Mehl, Carnegie 
Institute of Technology, Pittsburgh—Recipient of 1952 ASM Gold 
Medal; Ralph L. Wilson, Timken Roller Bearing Co., Canton, Ohio 
Vice-President and President-Elect, ASM; Walter E. Jominy, 
Chrysler Corp., Detroit—Recipient of 1952 ASM Past-President’s 
Medal; Cyril Stanley Smith, Institute for the Study of Metals, 
University of Chicago, Chicago——_1952 Campbell Memorial Lecturer ; 
N. A. Nielsen and E. M. Mahla, E. I. duPont deNemours and Co., 
Wilmington, Del.—Recipients of 1952 Howe Medal; James T. Mac- 
Kenzie, American Cast Iron Pipe Co., Birmingham, Ala.—Trustee, 
ASM; J. B. Johnson, Wright-Patterson Air Force Base, Dayton— 
Trustee, ASM; George A. Roberts, Vanadium-Alloys Steel Co., 
Latrobe, Pa——Trustee, ASM; Harry W. Ghenn, American Viscose 
Corp., Marcus Hook, Pa.—Secretary, Philadelphia Chapter, ASM ; 
W. H. Eisenman—Founder Member and Secretary, ASM. 





Presentation of President's Medal 


The annual presentation of the President’s Medal was made by 
John Chipman to Walter E. Jominy, the thirty-first president, who 
served the Society so ably in 1951. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scientist, 
often called the dean of American metallurgists, the Board of Trustees 
in 1922 established the first of its medals. The rules governing the 
award of this medal make the provision that it be awarded to the 
author or authors of the paper judged of highest merit, presented 
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before the ASM and published during any one year in the TRANs- 
AcTIons of the Society. 

The 1952 award was made to the authors of the paper entitled 
“Carbide Precipitation in Type 304 Stainless Steel—An Electron 
Microscope Study” which was published in Vol. 43 of TRANSACTIONS, 
1951, page 290. The authors who were honored are E. M. Mahla 
and N. A. Nielsen. They were each presented with a certificate, a 
gold medal and a bronze replica. 


Edward deMille Campbell Memorial Lecture 


In 1926 the Society established the Edward deMille Campbell 
Memorial Lecture and each year since that time has invited a dis- 
tinguished scientist to present this lecture. The 1952 lecturer was 
Dr. Cyril Stanley Smith, Director, Institute for the Study of Metals, 
University of Chicago, and to commemorate this lecture a scroll cer- 
tifying to that event was presented to Dr. Smith. 


Honorary Membership 


It was announced that an Honorary Membership in the ASM 
was conferred on Dr. Cecil Henry Desch of England. 


Albert Sauveur Achievement Award 


In 1934 the Board of Trustees established an award consisting of 
a metal plaque and certificate in honor of Dr. Albert Sauveur, dis- 
tinguished metallurgist and for many years an honorary member of 
the ASM. The purpose of this award is to recognize a metallurgical 
achievement which has stood the test of time and stimulated others 
along similar lines to the extent that a marked basic advance has been 
made in the metal arts and sciences. The 1952 candidate was John 
Chipman, Head, Department of Metallurgy, Massachusetts Institute 
of Technology, who was presented by Dr. A. E. White, following the 
reading of the citation of Dr. Chipman’s accomplishments. Past- 
president Jominy then conferred the award. 


Conferring of. the ASM Medal for the Advancement of Research 


The 1952 ASM Medal for the Advancement of Research was 
awarded to Cleo F. Craig, President of the American Telephone and 
Telegraph Co., in recognition of his consistent sponsorship, foresight, 
and influence in financing and prosecuting metallurgical research, 
which have helped substantially to advance the arts and sciences 
relating to metals. 

In presenting Mr. Craig, H. J. French read the citation en- 
grossed on the scroll which accompanies the medal. President Chip- 
man then conferred the award. The citation is: 








30 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


Metallurgical research forms an important part of the basic 
scientific studies carried on by the Bell System for the advance- 
ment of electrical communications. Cleo F. Craig, during his 
long service in the System as an engineer and as an executive 
in the management of operating and engineering activities, has 
taken keen interest in the improvement and extension of com- 
munication through research. As a member of the Board of 
Directors of Bell Telephone Laboratories for over eight years 
and subsequently as President of the American Telephone and 
Telegraph Company, he has supported and promoted metallur- 
gical research by giving his active encouragement and approval 
to the Laboratories’ programs. 

Metallurgical advances have been made in magnetic alloys 
having permeabilities manyfold greater than were previously 
available. Economies in storage battery operation and improve- 
ments in cable sheath manufacture and performance have come 
from studies in lead alloys. Alloys have been developed which 
give long service in the billion electrical relay contacts in the 
telephone system and alloys which give great stability and other 
unique merit to vacuum tubes and electrical filtering devices. 
In the field of semiconductors, the application of metallurgical 
research methods to the preparation of germanium and silicon 
of extreme purity and of very precisely controlled impurity have 
formed an essential base for the invention and development of 
the transistor. 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, established in 1943, recognizes the 
recipient for outstanding metallurgical knowledge and great versatility 
in the application of science to the metal industry, as well as excep- 
tional ability in the diagnosis and solution of diversified metallurgical 
problems. President Chipman presented Robert F. Mehl, Head, De- 
partment of Metallurgy, Carnegie Institute of Technology, as the can- 
didate for the 1952 award. In presenting him, Dr. Chipman read the 
citation engrossed on the scroll which accompanies the medal. Presi- 
dent Chipman then conferred the medal award upon Dr. Mehl. The 
citation is as follows: : 

For twenty years Robert F. Mehl has exerted a powerful 
influence on the development of metallurgical education and 
fundamental research in the United States. His long tenure 
at the Carnegie Institute of Technology has been marked by a 
steady flow of well-educated undergraduates into the mills and 
laboratories of the metal industry, and an amount of research 
performed under his direction by graduate students, research 
assistants and facult¥ associates which has set standards and 








1953 





ANNUAL DINNER 31 


defined trends in physical metallurgy that are well recognized 
in the profession. 

In 1944 this influence was extended to South America, 
where, in Brazil, Dr. Mehl lectured for some time, both at the 
University of Sao Paulo and before the Brazilian Institute of 
Metals. 

His own major researches began in 1931 with the initiation 
of comprehensive studies of Widmanstatten structures to deter- 
mine the mechanisms by which solid-to-solid transformations 
occur in metals, and these have played an important part in the 
theoretical study of age-hardening phenomena (matters also 
intently studied by his laboratory ). 

Somewhat allied to these studies is his detailed investigation 
of the structure and mode of formation of pearlite, reported as 
a Campbell Memorial Lecture before the American Society for 
Metals in 1941. This had been preceded by fundamental studies 
on diffusion, crystal nucleation and grain growth, and all of 
these studies have had an important bearing on our present 
understanding of the microconstituents and the hardenability of 
steel. 

It is difficult to imagine what the metallurgy of today would 
be like if it had not had the influence of Mehl and Mehl-trained 
men. The indirect influence which he has exerted on industrial 
metallurgy through the medium of his former students is even 
greater than his direct contributions. As an example of his 
direct and personal contributions to practical metallurgy may be 
cited the investigations he made for the Metallurgical Advisory 
Board during the late war. This work has been competently 
appraised as “probably the most important war-time contribution 
to gun tube manufacture from the standpoint of cost and time- 
saving, smooth production and clear understanding of the physi- 
cal test results.” 

In 1950 the National Research Council of the National 
Academy of Sciences, in response to requests from the Armed 
Services, decided to set up a new Metallurgical Advisory Board. 
To lead this Board, especially in its formative years, they needed 
the services of the very best man that the metallurgical profes- 
sion in this country could supply. Their choice of Robert F. 
Mehl for chairman of this important board has been fully justi- 
fied by the Board’s subsequent accomplishments. Those who 
have had the pleasure of serving on this Board under Mehl’s 
leadership, during his leave of absence from Carnegie Institute 
of Technology, to handle this governmental assignment, can 
attest to the fact that he is not only an outstanding metallurgist 
but a competent organizer and a capable leader. 
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Address of the Evening 


President Chipman then presented Dr. John C. Warner, Presi- 
dent of Carnegie Institute of Technology, who was the main speaker 
of the evening. The title of his talk was “Freedom, Scholarship, and 
Centers of Learning”, printed in full herewith: 


FREEDOM, SCHOLARSHIP AND CENTERS OF LEARNING 


Among the great intellectual and creative achievements of man- 
kind we must count as one of the greatest the development of that 
tremendous body of knowledge known as natural science, including 
the methodology of science. Everyone agrees on the substantial con- 
tribution which the applications of natural science have made to the 
health and material welfare of mankind, but I believe natural science 
and its methods have played an equally important role through the 
contribution they have made toward liberating the mind of man from 
bondage to superstition, mysticism, and the dogmas of theology and 
politics. Indeed it seems impossible that philosophy, religion, the fine 
arts, the humanities, and the social sciences could have led us to a 
generally satisfying set of moral, ethical, spiritual and aesthetic values 
without the liberalizing influence of science which has given us natu- 
ral, in place of supernatural, explanations of phenomena. Through- 
out recorded history, improvements in our understanding of natural 
phenomena have seemed to come hand in hand with improvements in 
our understanding and appreciation of things of the spirit, of man’s 
relation to man, his relation to his universe, and his relation to society 
through political, social and economic organizations. 

For many centuries great minds have held that the goal of civili- 
zation should be the betterment of mankind through the elevation of 
the individual. As you know, progress toward this goal has not been 
rapid and continuous—it has been slow and irregular. We have rec- 
ords of periods of brilliant intellectual and creative achievement 
among certain peoples. In these periods substantial progress was made 
toward our goal. On the other hand, we have knowledge from history 
of long periods, such as the Dark Ages, in which superstition, mys- 
ticism, and authority again ruled the mind of man, and the few who 
dared to continue the search for truth were persecuted outcasts— 
truly voices crying in the wildérneSs. These golden ages in the history 
of civilization resulted from brilliant intellectual and creative achieve- 
ments in great centers of learning—in Athens, Alexandria, and Rome, 
then—after almost 1000 years—in Northern Italy, France, the Brit- 
ish Isles and finally in almost all of Western Europe—more recently 
in the United States and in various members of the British Common- 
wealth of Nations. 

What conditions are necessary for the establishment and growth 
of great centers of learning and the consequent great bursts of intel- 
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lectual and creative achievement? First of all, scholars and creative 
artists must have intellectual freedom—and I believe the prerequisite 
freedoms are best and most concisely stated in the: Bill of Rights of 
our Constitution. Secondly, they must be respected by society—their 
fellow citizens must place value on their achievements. A corollary 
would say that our scholars and artists must have such support as 
will eliminate undue worry about providing the necessities of life 
for them and their families. 

But the prime prerequisite is intellectual freedom. We in our 
time have seen the consequences of Fascist and Communist regimes 
on the physical and biological sciences, and we are conscious of a per- 
version of all scholarship in the humanities and social sciences. There 
has been a comparable deterioration in the creative arts—this story is 
told dramatically in a recent book “The Taming of the Arts” by 
Jelagin, a Russian violinist who is now fortunately a member of the 
Houston Symphony Orchestra. These regimes violate every principle 
in the Bill of Rights and no center of learning can exist in a society 
under the control of the Fascist or Communist Apparatus. 

Centers of learning can develop and flower only in free societies 
—which protect our basic freedoms in the manner they have been pro- 
tected in the constitutional monarchies and republics of the West. 
Thus, to progress toward our goal of improving the lot of mankind 
we must join with our colleagues in the other free countries to encour- 
age learning by insuring intellectual freedom and providing adequate 
support for real scholars and creative artists. Our country by reason 
of its great resources, its youth, and its traditions has a special obli- 
gation and a special opportunity in this regard. Indeed, my confidence 
in the view that eventually all people on this earth will enjoy freedom 
will be determined to a great extent by how well we meet our obliga- 
tions and seize our opportunity. 

Let us then examine our situation concerning scholarly and crea- 
tive werk in centers of learning in this country—the past, the present, 
and the near future. 

The Past: From the beginning, we have enjoyed the essential 
freedoms, not only in theory but in practice. No people under the 
sun have enjoyed greater individual liberty and opportunity. There 
was no lack of intellectual freedom but we did not until the present 
century give proper encouragement and support to scholars. We 
were too preoccupied with the economic and political development 
of a continent and we heaped honors and rewards upon our industrial 
and political leaders. To a great extent we still relied on Europe for 
new knowledge in the sciences and the humanities, and for new ideas 
and movements in the fine arts. Many of you are familiar with the 
foundation and growth of important centers of learning in this coun- 
try following World War I. At least you are familiar with the rapid 
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growth of basic research and graduate education in the physical sci- 
ences during this period. With increasing frequency, important dis- 
coveries in science were made by Americans. I believe we can claim 
a similar flowering in the social sciences, the humanities, and the fine 
arts. Fortunately, we were well along on our way when World War 
II intervened and our scholars served us magnificently in that struggle. 

So much for the past—How about the present and the near future? 

The Present and the Near Future: 1 believe we have reasons for 
concern in two general areas: The first of these arises from what seem 
to me to be threats to our basic freedoms, and hence a threat to that 
prime prerequisite for scholarly and creative work, intellectual free- 
dom. The second arises out of questions concerning our attitudes 
toward scholarly work and the nature of the support we have for it in 
America. In the second case I shall confine my remarks primarily to 
the physical sciences. 

The Threats to Our Freedoms: Without discussing the serious 
external threat to our free way of life from aggressive world commu- 
nism in the hands of the men in Moscow, what internal threats to our 
freedom can we discern? They are numerous, but I would like to 
mention four or five of them which to me seem especially important. 


(1) The first of these arises from our reaction to the greatest 
of the external threats—communist aggression. Our desire to stop 
this aggression and our desire to protect our free institutions against 
attack through infiltration and subversion has set off a wave of red- 
hunting, loyalty-oath swearing, and guilt-by-association which, in this 
country, has never been equaled in scope and has rarely been equaled 
in intensity. Many of our freedoms are threatened, and for some per- 
sons essential freedoms undoubtedly have already been violated. The 
situation presents the difficult but basic problem—how can we protect 
our free institutions without violating the basic rights of the individ- 
ual? I believe part of the problem arises from failure to recognize the 
difference between heresy and conspiracy. The communist ideology 
is a heresy that we need not fear when it is openly, and not seeretly, 
professed, advocated, and debated. Our deep-seated: faiths in the dig- 
nity of man and in our free institutions constitute the most powerful 
ideas in the world. They are more than a match in the open idea 
market for the communist ideology. On the other hand, the com- 
munist movement from Lenin to Stalin is much more than a heresy ; 
it is a conspiracy. It is a secret, underground movement which seeks 
to attain its ends, not by the normal political and educational proc- 
esses, but by undermining the very conditions required if opposing 
views are to be free to compete for acceptance. Although we must 
defend the honest heretic, conspiracy cannot be tolerated in a free 
society. But I don’t know of a single subversive engaged in the com- 
munist conspiracy who has been weeded out by the application of the 
noncommunist oath. We must weed them out by intelligent action 
in our own organizations and institutions. I am confident that our 
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colleges and universities can keep their own houses in order—so can 
business enterprises —so can the labor organizations — so can the 
branches, subdivisions and departments of local, state, and national 
government and they can do this better if not hampered by ineffective 
legislation, which often undermines rather than protects our freedom. 

(2) Another threat to our freedoms stems from the steadily in- 
creasing centralization of political as well as economic power in the 
Federal Government. Such concentration of power is not per se a 
threat to our freedoms. It might not threaten our freedoms if we 
could safely assume that we will maintain that delicate balance and 
separation of powers provided in the framework of our Government 
by the Constitution, and that our elected and appointed officials will 
unfailingly make intelligent decisions for the common good. However, 
we have already seen some freedoms sold for promises of security, we 
have seen certain segments of our people given advantages at the 
expense of other segments in exchange for political support, and we 
have steadily seen more and more of the control of private institutions 
and enterprises transferred to Government. Frankly, I don’t know 
how much planning and control we can have without a significant 
abridgment of individual liberty—and certainly we must expect and 
applaud social and political changes in our institutions which keep 
them in harmony with the realities of each age. I do know, however, 
that any system of planning and control which requires the Congress 
to enact such vague legislation that a bureaucracy must be established 
to finish the legislative job, administer the law, and sit in judgment 
on alleged infractions, will inevitably infringe upon our most precious 
individual rights and freedoms. In performing these functions a 
bureaucrat must pass judgment on the ends to which our society shall 
be directed, and a bureaucrat, who determines the ends of government 
and decides who conforms to them, is far along the path to being a 
dictator. 

(3) The third threat to our freedoms which I wish merely to 
mention is an indirect one but, nevertheless, a real one. As the most 
powerful free nation in the world our declared purpose is to develop 
enough military and economic strength to defend western civiliza- 
tion, in the hope that a society which respects the dignity of the indi- 
vidual will survive. Yet we have operated during the past 15 to 20 
years under fiscal policies which generate such powerful inflationary 
pressures that they could lead to economic chaos and the consequent 
loss of the very values we propose to defend. And chaos breeds 
dictators. 

(4) I see a fourth threat to our freedoms in the existing low 
state of public morality and lack of integrity in public office. There 
is an alarming tendency to take bribes, overlook misdemeanors in 
office, and to spread the big lie and then so support it by propaganda 
that the public believes it to represent the truth. 


(5) Finally, | must speak of a threat to our freedoms stemming 
from a method of teaching which is prevalent in too many of our col- 
leges and secondary schools. This method requires students to mem- 
orize, repeat, and submit to the authority of a text book or a lecturer. 
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Submission to indoctrination by authority is not proper education for 
those who are to assume responsibility for citizenship in a democracy. 
Some great educational leaders have recognized this threat to our 
freedoms and have insisted that proper teaching must develop stu- 
dents to be self-reliant in learning and in the application of knowledge 
to the solution of the real problems which they encounter in their 
professions and as citizens. Some real progress has been made and 
the idea is getting strong support in at least a few centers of learning. 
This type of teaching is difficult and expensive, and I fear the finan- 
cial difficulties of our colleges, brought about by the inflationary pres- 
sures, will encourage educators to seek economies by having teachers 
simply pour factual information into students in large classes. Society 
must find a way to give our good colleges and universities the support 
they need to prepare their students for independent responsible citi- 
zenship. 

These threats to our freedoms have their roots in the confusion 
of the times which result, I believe, from the growing complexity of 
the problems before society. These problems are so complex that they 
are no longer amenable to solution by precedent, opinion, hunch, or 
surmise. These problems with increasing frequency have technical 
aspects which make it necessary for us to rely more and more on our 
scholars and professional people for aid in their solution. Consider 
for example the problems about atomic energy which faced us follow- 
ing Hiroshima: international control—government vs. private control 
—potential civilian uses and applications—what information should 
be held secret for purposes of security—security clearance of per- 
sonnel—and a host of other problems. I doubt that any member of 
the Congress or of the executive branch of the Government or of the 
judiciary possessed the basic knowledge needed to propose solutions, 
and the scientists and engineers of necessity were called upon to help 
solve these public problems. 


To preserve our freedoms we must pay whatever price is required 
to work our way out of the confusion resulting from past mistakes and 
to find sound solutions to our problems. One price of freedom may 
involve some sacrifice of national sovereignty as we have known it in 
the past. Perhaps we must set our sights on a world culture, a world- 
wide expanding economy and a world at peace under world law. 

Attitudes Toward and Support for Scholarly Work: Why should 
we be concerned about our attitudes toward scholarly work and the 
support we have for it? (I have previously indicated that I would 
confine my remarks on this subject primarily to the physical sciences. ) 
I shall proceed by posing some definite questions and discussing them. 

(1) Is the present and prospective substantial support for uni- 
versity research really of the right kind to develop great centers of 
learning? Most of this support is through contracts with Government 
agencies—to a great extent the Armed Services and the Atomic 
Energy Commission; some #s through contracts with industries and 
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trade associations; and a relatively small percentage of it is “free 
money’ —gifts, grants and regular university income—which can be 
used at the discretion of the university and its scholars to support 
such fundamental research as at the time is considered most impor- 
tant. The last kind of support is really the right kind. With “free 
money”, the scholar can be supported in following up any interesting 
and potentially fruitful observation or idea, even though it may very 
drastically change the specific nature of his research. University con- 
tract research covers the range from the purely applied to the purely 
basic, but all of it in a sense is project research—proposals must be 
submitted and progress reports must be written at regular intervals. 
Contracts for the purely applied are of no aid to a university in meet- 
ing its obligations as a center of learning. Those supporting basic 
research have been of great help and we should be thankful for them 
in a period when “free money” has been so scarce in university budg- 
ets. It is surprising and greatly to the credit of some of the Govern- 
ment agencies, especially the Office of Naval Research, that we have 
had substantial support through contracts for basic research. How- 
ever, this form of support for basic research is not the best kind for 
various reasons: in the first place a proposal outlining a definite field 
of research must be submitted ; support if granted is for too limited a 
period and there is always the question of whether the contract will 
be renewed ; the support when granted cannot be used to follow up 
important observations and ideas if they lead very far afield from the 
original proposal; and no board, committee, agency administrator, or 
the scholar himself can predict ahead of time the most fruitful direc- 
tion a scholarly investigation will take. 

Although we must give great credit to the Government agencies 
that have had the wisdom to fill the post-war vacuum in support of 
fundamental research, it does seem strange that the major support has 
come from the Armed Services. If fundamental research is to be 
supported by tax money, why not through the National Science Foun- 
dation with grants of essentially free money to institutions and indi- 
vidual scholars? I am sure that all privately endowed, independent 4 
universities and institutes of technology would prefer to get “free 4 
money” from their alumni, from private individuals and from private 
industry rather than from any Government agency, including the Na- 
tional Science Foundation. 

(2) Do our scholars and potential scholars in the physical sci- 
ences and engineering, and our university administrations have the 
proper aims, ambitions, ideals, and attitudes in the search for new 
knowledge and new ideas? In a few institutions the answer is pretty 
close to “Yes”, and these are the greatest centers of learning in Amer- 
ica. Too often the university administration has the wrong aims, 
ambitions, and attitudes—it may use “free money” potentially avail- 
able for the support of scholarly work for frills, for messianic projects 
in higher education, or for fine buildings which are intellectually ster- 
ile inside. Then, too, I believe many university administrations have 
not made a proper effort to get free money through gifts and grants 
to support scholarly work—oftentimes rationalizing the lack of effort 
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by pointing to the ease of getting support for research from Govern- 
ment agencies or on projects sponsored by industry. I must make an 
exception as far as the construction and operation of great tools for 
nuclear research are concerned. I do not believe any university, cer- 
tainly not the privately endowed universities, could under present cir- 
cumstances find enough free money to finance these operations. In 
addition, I might express the opinion that a university administration 
which sets up and promotes an applied research institute or experi- 
ment station, and stops at that, is not fulfilling the institution’s obliga- 
tion as a center of learning. 

Some of our good scholars in the physical sciences do have the 
proper aims, attitudes and ideals. These scholars, oftentimes with 
only modest support of the right kind, have been responsible for great 
intellectual achievements. But many of our scholars and potential 
scholars have been weaned away from pure science to the applied, and 
some have yielded to the temptation of building research empires 
through Government and industrial contracts—they become adminis- 
trators and promoters of team research directed toward some fairly 
definite practical end, or the group is engaged in filling in the gaps 
in some area of knowledge which is needed in application. Useful as 
such work may be, it is no substitute for new generalizations, new 
ideas and new comprehensive theories, which to me constitute the 
essence of new science. It seems to me that new science comes pri- 
marily as a result of individual intellectual effort, not usually from 
project research or team research. If much new science, in the sense 
that I have used the term, has resulted from the very substantial sup- 
port presumably given to basic research since World War II, I am 
not aware of it. 

Then, too, I have the impression that too many of our potentially 
great scientists are yielding to the strong pressures on them to take 
leave from their university posts to engage in applied research; some 
are under great pressure to live a life of intellectual chaos by running 
from committee meeting to committee meeting from coast to coast, 
even including missions and meetings abroad. The situation poses the 
difficult problem of just where the able scientist's duty lies in view 
of the present world situation. Each must, of course, make up his own 
mind, taking into account how the best long-range result can be accom- 
plished. But I feel sure that the present situations and practices do 
not represent our best effort at meeting our obligation and seizing 
our opportunity to establish great centers of learning in America. 


In the long run, emergency orf no emergency, war or no war, we 
can serve humanity best by preserving intellectual freedom and by 
supporting and honoring real scholarly and creative achievement. 
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CONFIDENTIAL TECHNICAL MEETING ON 
REFRACTORY TYPE MATERIALS FOR 
HIGH TEMPERATURE APPLICATIONS 


N ovember 24 and 25, 1952—Hotel Carter—Rainbow Room, Cleveland, Ohio 


This two-day confidential meeting, sponsored by the American 
Society for Metals with the cooperation of the National Advisory 
Committee for Aeronautics, was attended by more than 400 persons, 
who had obtained military clearance to participate. Assisting in the 
arrangements for this meeting were the members of the committee 
appointed by President John Chipman. These persons are as follows: 
Roger A. Long, committee chairman; Ray T. Bayless, committee 
secretary ;G. M. Ault, W. L. Badger, K. M. Bartlett, Howard Cross, 
A. W. F. Green, J. J. Harwood, Willson Hunter, J. B. Johnson, E. G. 
Pekarek, B. Pinkel, J. C. Redmond, Howard Scott, L. F. Yntema 
and W. H. Eisenman. 


Morning Session—November 24 (9:30 A.M.-12:00 Noon) 
Main Subject: Molybdenum and Its Alloys 


Chairman: Dr. W. M. Baldwin, Jr., Case Institute of Technology 

Arc Cast Molybdenum and Molybdenum-Base Alloys—Their Manufacture, Fab- 
rication and Properties, by R. M. Parke, General Electric Co. (10 min.) 

Sintered Molybdenum and Molybdenum-Base Alloys—Their Manufacture, Fab- 
rication and Properties, by Howard Scott, Westinghouse Electric Co. (10 
min. ) 

Related Discussion (5 min. each) 

(a) Fabrication Procedures for Molybdenum, by L. F. Yntema, Fansteel Met- 
allurgical Corp. 

(b). Fabrication of Arc Cast Molybdenum Sheet, by J. S. Sohn and H. Hanick, 
Wright Aeronautical Co. 

(c) Effect of Controlled Swaging on Properties of High Purity Commercial 
Molybdenum Metal, by K. Dike, NACA. 


Panel Session on Above Subjects* (30 Minutes) 


The Elevated Temperature Properties of Molybdenum and Molybdenum-Base 
Alloys, by Howard Cross, Battelle Memorial Institute. (10 min.) 

Protective Coatings for Molybdenum or Molybdenum-Base Alloys, by Ralph 
Wehrmann, Fansteel Metallurgical Corp. (15 min.) 


Related Discussion (5 min. each) 


(a) Protective Coatings on Molybdenum Intended for Use as Turbine Engine 
Components, by P. Turner and K. M. Bartlett, Thompson Products, Inc. 

(b) NBS Ceramic Type Coatings for Molybdenum, by D. G. Moore, National 
Bureau of Standards. 


(c) Cladding of Molybdenum, by R. I. Jaffee, Battelle Memorial Institute. 
Panel Session on Above Subjects* (30 Minutes) 


— Recess 12:15 o’clock for Luncheon — 


Afternoon Session—November 24 (1:30-5:00 P.M.) 
Main Subject: Ceramics and Intermetallics 


Chairman: Winston Duckworth, Battelle Memorial Institute 


*Panel sessions were made up of chairman as moderator and all speakers. 
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Ceramic Bodies for Use at Elevated Temperatures and Their Evaluations, by 
R. F. Geller, Bureau of Standards. (15 min.) 
Related Discussion (5 min. each) 

(a) Negative Coefficients of Thermal Expansion in Ceramic Materials, by F. 
K. Davey, Rutgers University. 

(b) Refractory Materials for High Temperatures, by G. M. Butler, Carborun- 
dum Co., or staff member. 

(c) Ceramic Bodies for Use at Elevated Temperatures and Their Evaluation 
—Discussion on Stress Rupture Testing, by Tom Shevlin, Ohio State Uni- 
versity. 

(d) Lithium Aluminosilicate Refractories, by Bartram Dilks, Jr., Stupakoff 
Ceramic and Mfg. Co. 

(e) Thermal Expansion Effects in Refractory Bodies, by N. P. Thielke, Penn- 
sylvania State College. 

(f{) Comments as to the Use of Ceramic Type Materials in High Temperature 
Applications, by H. Z. Schofield, Battelle Memorial Institute. 


Panel Session on Above Subjects* (30 Minutes) 
Intermetallics—New Type Refractory Alloys, by Louis Marchi or staff member, 
Armour Research Foundation. (15 min.) 


Molybdenum Disilicide, Properties at Elevated Temperatures, by W. Maxwell, 
NACA. (10 min.) 


Titanium Disilicide, Properties at Elevated Temperatures, by R. Long, NACA. 
(10 min.) 

Combinations of Carbides and Borides—Powder Ceramics, by Gordon Findley, 
Norton Co. (10 min.) 

Related Discussion (5 min. each) 

(a) Intermetallics by Powder Metallurgy—Structural Consideration, by George 
Stern, American Electro Metals. 

(b) Application of the Electrical Sintering Method to the Preparation of Ce- 
ramics and Intermetallics, by F. V. Lenel, Rensselaer Polytechnic Institute. 


Panel Session on Above Subjects* (30 Minutes) 


Evening Session—November 24 (8:00-10:00 P.M.) 
Main Subject: Uses and Application of Refractory Type Materials 


Chairman: Colonel Paul F. Nay, U. S. Army Air Force, Chief 
Propulsion Branch, Office of Deputy Chief of Staff, Development 
Problems Relating to the Usage of Refractory Materials in High Temperature 
Applications, by R. Paris, WADC. (15 min.) 

Turbine Operation With Refractory Type Materials, by G. C. Deutsch and A. J. 
Meyer, NACA. (15 min.) 

Related Discussion (5 min. each) 

(a) Rocket Nozsle Materials, by W. R. Sheridan, Bell Aircraft. 

(b) Jet Engine Materials—Future Trends and Requirements, by R. Thiele- 
mann, Pratt & Whitney Aircraft. 

(c) Problems Involved in the Operation of Coated Molybdenum Turbine Buck- 
ets, by E. G. Pekarek, Thompson Products. 

(d) Thermal Shock, by S. Manson, NACA. 


Panel Session on Above Subjects* (60 Minutes) 


Morning Session—November 25 (9:00 A.M.-12:00 Noon) 
Main Subject: Ceramics and Intermetallics With Metal Additions 


Chairman: Dr. John T. Norton, Massachusetts Institute of Technology 


Theoretical Structure of Refractory Materials for Elevated Temperature Appli- 
cations, by John T. Norton. (15 min.) 

Additions of Metals or Alloys to Base Ceramic Type Materials, by Tom Shevlin, 
Ohio State University. (10 min.) 

Infiltration of Intermetallic Type Bodies, by Claus G. Goetzel, Sintercast Corp. 
(10 min.) 
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Related Discussion (5 min. each) 
(a) Fabrication of Titanium Carbide Ceramals by Infiltration Techniques, by 
R. Gurnick, NACA. 
(b) The Oxidation of Titanium Carbide With Metal Additions and the Form- 


ing of Dense Silicon Carbide, by J. R. Tinkelpaugh, N. Y. State College 
of Ceramics. 


(c) Modified Chromium—Alumina Metal Ceramics, by H. R. Spendelow, Jr., 
Union Carbide and Carbon. 


(d) Metal and Silicide Bonded Titanium Diboride, by D. Bennett, University 
of Illinois. 


Panel Session on Above Subjects* (30 Minutes) 


Recent Developments in Titanium Carbide Alloys and Properties, by J. C. Red- 
mond, Kennametal, Inc. (15 min.) 

Elevated Temperature Properties of Zirconium Boride Alloy, by Frank W. 
Glaser, American Electro Metals. (10 min.) 

Some Effects of Metal Additions to Molybdenum Disilicides, by J. Jenkins, 
NACA. (10 min.) 

Related Discussion (5 min. each) 

(a) Comments on Molybdenum Silicides, by R. Wehrmann, Fansteel Metal- 
lurgical Corp. 

(b) Cast Titanium Carbide and Nickel Alloys, by R. B. Fisher, Battelle Me- 
morial Institute. 

(c) Titanium Carbide Base Alloys Containing Chromium, by W. L. Havekotte, 
Firth-Sterling Steel Co. 


(d) Research, Directed by Office of Naval Research, by J. J. Harwood, Office 
of Naval Research. 


(e) Some Recent Oxidation Problems of Ceramic-Metal Materials, by F. C. 
Robertshaw, Jr., General Electric. 
Panel Session on Above Subjects* (25 Minutes) 
Session Closes at 12:00 Noon for Luncheon 
1:25 P.M.—Board Buses for NACA 
Tour and Inspection of NACA, Lewis Flight Propulsion Laboratory, 

at 2:15-4:30 P.M. including the following: 
(a) Materials Research Building and Laboratories 
(b) Metallurgical Development Laboratories 


(c) Full Scale Jet Engine Research Facilities 
(d} 8x6” Supersonic Wind Tunnel 








CREEP AND RUPTURE OF CHROMIUM-NICKEL 
AUSTENITIC STAINLESS STEELS 


By E. J. Dutts, G. V. Smitu anp E. G. Houston 


Abstract 


Supplementing results previously reported (1),' creep 
and rupture test data are presented for AISI Grades 304L, 
304L (high N), 316L, 316 Cb, and 303; test results of ad- 
ditional heats of 304, 321 and 347 are also given. The ob- 
served changes in microstructure and in certain room tem- 
perature mechanical properties brought about by creep test 
exposure are described. 


S A RESULT of restrictions on the use of some elements ordi- 
narily added to the conventional austenitic stainless steels of the 
18 Cr—8 Ni type and of new applications of these steels for elevated 
temperature service, considerable interest has arisen in the properties 
of the recent modifications of these steels. The investigation reported 
herein is a continuation of a study of creep and rupture of austenitic 
18 Cr—8 Ni steels, with and without various other alloying elements, 
the initial part of which covered the four conventional types, 304, 321, 
316, and 347, and was reported in an earlier publication (1). Also 
included in the present paper are data on additional heats of the con- 
ventional types. 


MATERIALS AND PROCEDURE 


The steels used in this investigation were received in the form 
of hot-rolled bars. Pertinent data on the composition, heat treatments 
and resulting hardness, and grain size of the various steels are given 
in Table I. The chemical analyses were made on samples from the 
tested bars of each steel. Steels A, C and D were tested in both creep 
and creep-rupture, whereas Steels B, E and H were “spot”’-tested in 
creep only, and Steels F, G and I were tested in creep-rupture only. 

Heat treatments prior to machining consisted either of annealing, 
i.e., rapid cooling from the range 1900 to 2000 °F (1040 to 1095 °C), 
or annealing followed by stabilizing for some of the titanium and 
columbium steels, i.e., heating to 1550 or 1600 °F (845 or 870 °C) 
for 2 hours. Only Steels D (316Cb) and H (321) were tested 
after both heat treatments. After the initial heat treatments, Steels 

1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fourth Annual Convention of the Soci- 
ety, held in Philadelphia, October 18 to 24, 1952. The authors, E. J. Dulis, G. V. 
Smith and E. G. Houston, are associated with the Research Laboratory, United 
States Steel Company, Kearny, N. J. Manuscript received April 10, 1952. 
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A, B, C and H consisted of austenite and delta ferrite (H also con- 
tained titanium carbide) ; Steel D contained austenite and carbide 
after annealing, and austenite, carbide and sigma after stabilizing ; 
and Steel E was austenitic with stringers of a nonmetallic selenium 
compound. Steels F, G and I initially consisted of austenite, austenite 
and titanium carbide, and austenite and columbium carbide, respec- 
tively. 

The test methods for measuring creep (0.5-inch diameter speci- 
mens) and creep-rupture (0.25-inch diameter specimens) have been 
described in detail in an earlier publication (2). Other mechanical 
tests such as hardness, tensile and notch impact were made in accord- 
ance with accepted practices. Notch-impact specimens, machined 
from creep specimens after test, were, of necessity, two-thirds standard 
size ; consequently, this size was used also for all test specimens. Du- 
plicate notch-impact tests were made for specimens which had been 
tested in creep, and at least three specimens were tested for the initial 
condition. 

Magnetic permeability measurements, at room temperature, of 
specimens before and after creep test were made with an apparatus 
described by Sosman and Austin (3). 

Creep and creep-rupture specimens were examined before and 
after test to study the microstructural changes which occur with time 
at elevated temperatures ; the mode of fracture of the creep-rupture 
specimens was also investigated by this method. Differentiation of 
the various phases (austenite, carbide, sigma and ferrite) by micro- 
scopic means was accomplished by techniques described in an earlier 
publication (4). 

X-ray diffraction patterns were used in some instances to identify 
constituents or to corroborate microscopic identifications. Chromium 
Ka radiation was used throughout. 


MECHANICAL TESTS 


The occurrence of creep during service at elevated temperatures 
makes it necessary to choose the working stress within two limita- 
tions: (a) that the total deformation not exceed a specific value, de- 
pending on the application ; and (b) that fracture (rupture) does not 
occur. (Limiting the total creep does not necessarily insure that 
fracture will not occur, for fracture under prolonged loading may oc- 
cur with considerably reduced deformation. ) 

Thus an evaluation of the creep characteristics of metals involves, 
on one hand, determination of the relation between total creep, stress 
and temperature, and on the other, between rupture-time, stress and 
temperature. Whereas the latter information is directly available 
from the familiar plots of stress versus time to rupture at different 
temperatures, total creep is not so easily obtained, due to the com- 
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ee een ence eens cnn Rate cep agiecaanmtinaneic serena aD 
Table Il 
Summary of Creep and Creep-Rupture Test Results 

Stress for Creep Rate of 0.0001% Per Hour Stress for Rupture in 1000 Hours 
Treatment 7>————_(1000 psi) —° F——————_,___ -———————-(1000 psi) —° F——————_{ 
Steel Type * 900 1100 1200 1300 1500 900 1050 1100 1200 1300 1500 
A 304L 1900 9.7% 6.8> 3.48 1.5 18.8 11.34 6.8 3.0 
B 304L 1900 17.8 10.0 5.9 1.2 per eee ee ie os 
(High N) 
Cc 316L 2000 14.1% 8.2> 4.88 1.56 26.9 17.34 11.7 4.6 
D 316 Cb 2000 203° aes OSA 42.0 27.84 18.7 5.4 
D 316 Cb 2000 t 30.0 16.0% 8.1 2.8 40.0 24.54 15.0 5.4 
1600 A.C. 
E 303 1900 Sela ae eG Sates 2 eas sR Be a Bagg es eg 
F 304 1900 ON eae Ee ae a eee 48.5 27.0 21.04 14.0 
G 321 itis + 39.0% 26.0% 19.0% 12,78 48.5 32.0 25.84 18.0 
H 321 1950 21.3 12.0 7.1 1.4 
H 321 1950 t 18.0 10.0 5.4 1,1 
1600 A.C. 
I 347 na 37 36.5 31.0 22.0 50.0 40.0 34.04 26.0 
1 
J 347¢ 1950 27.0 8.0 1.8 36.0 13.2 4.5 
Ke 321¢ 1900 A.C. 16.0 4.6 0.85 26.0 10.0 3.8 
L‘ 321¢ 1950 21.0 7.8 y Coie ae e a hake 
M 304¢ 1900 13.0 52. 2 22.0 9.2 4.2 
Ne 316° 2000 26.0 or we 33.0 17 7.2 
O 347¢ 1950 27.0 8.0 1.8 Sara Bets wile 
Time for Beginning of Tertiary Creep 
at Stress Causing Creep Rate of Extrapolated Per Cent Elongation 
Treatment --0.0001% Per Hour (1000 Hours)—°F-—, —at Rupture in 10,000 Hours—°F—, 
Stec Type . 900 1050 1100 1200 1300 1500 900 1050 1100 1200 1300 1500 
A 304L SPOR kus 60.0 20.0 10.0 .... 7.0 95 6.0 
J 304L IEE Cans | gikik cee Cae eae sci ees sbae ota ees 
(High N) 
( 16L 2000 heconis > 100.0 2000 320. .... 44.0 28.0 14.0 
l 16Ch 200D s.... we 30.0 eeae PA bee's 1.0 3.0 30.0 
I 316Cb 200004 .. 5.0 50.0 20.0 26.0 54.0 2.5 
1600 A.C, 
E 303 1900 eed. Teams 5 i aii er adel 
F 4 1900 9.0 38.0 Se. pee e's 20.0 16.0 12.0 
G 21 1900 O+ 118.0 5.0 3.2 40.0 28.0 20.0 
1550 
e 21 — edie Via e So ea eeRe ot eee 
21 1950 Galea TS aeite deeae: ouhae. weak 
1600 A. é 
347 1900 0 + 1.8 4.5 <1.0 29.0 
1550 
47¢ Fe seine 20.0 39 59D 24.0 28.0 9.5 
21¢ 1900 A.C 7.0 7.0 40.0. 4.0 7.0 6.0 
21¢ 1950 diane SOS Sais ioniate 
M 04e 1900 100.0 45.0 30.0. 10.0 23.0 16.0 
r 16¢ MSE e's e 10.0 25.0 70.0. 2.5 30.0 20.0 
( 347¢ 1950 ae pita ehirs aso edt: gabe 


xtrapolated from Stress Versus Minimum Creep Rate Curve. 
Rate of 0.0001% Per Hour. 


Stress 
olated 





for Minimum Cr 
from Temperature 


ersus Stress for Rupture in 1000 Hours. 


bInterpolated from ‘Temperature 
¢Data for these steels taken from Ref. 1. 


plicated course of the creep versus time curve. As described in an 
earlier publication (1), however, total creep (C,) can be expressed 
for times prior to beginning of tertiary or accelerating creep, as the 
sum of the intercept (C,) on the creep ordinate, of the minimum 
creep rate slope, and the product of minimum creep rate (C,,) and 


time (t), or: 


‘ C=C, + Cut Equation 1 


Thus total creep can be computed if the relations between stress 
and (a) intercept C,, (b) minimum creep rate Cy, and (c) time for 
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beginning of tertiary creep are known. Such plots are given herein 
whenever sufficient data were obtained. . 

Specific comparisons of the steels are also afforded by tabulating 
or plotting values of stress to cause rupture in 1000 hours and the 
stress to cause a minimum creep rate of 0.0001% per hour (i.e., the 
commonly reported 1% per 10,000 hours “creep strength’’). 

Creep and creep-rupture test results are given in graphical form 
in Figs. 1 to 15 and are summarized in Table II; for comparison with 
the properties of the conventional grades, data previously reported 
are included in Table II. Because, in our experience, the data plotted 
on double logarithmic scales have given a more nearly linear relation 
than when plotted on semilogarithmic coordinates, the former type of 
graph was used for Figs. 1 through 7 ;.on the other hand, semilogarith- 
mic coordinates proved best for showing the variation of creep rate 
and creep-rupture strengths with temperature, Figs. 8, 9 and 10. 
Variations of the minimum creep rate intercept with stress were 
plotted on linear coordinates, Figs. 11 to 15. 


Creep-Rupture and Creep Strength 


The variations with stress? of the time to rupture and of minimum 
creep rate are given in A and B of Figs. 1 to 7. Since Steels B, E and 
H were spot-tested only, the minimum creep rate data, Fig. 7, are in 


some cases meager; in several instances lines were drawn through 
single points either parallel to the lines of similar steels or by con- 
servatively judging the slopes from known trends. The relations be- 
tween stress and rupture-time or minimum creep rate are essentially 
linear on log-log coordinates, as previously observed for similar steels 
(1), and thus suited to extrapolation within limits; in the case of the 
rupture-time data, it is, of course, necessary that the second slope be 
attained. 

Stresses to produce rupture in 1000 hours or to cause minimum 
creep rates of 0.0001% per hour at each test temperature, from Figs. 
1 to 7, are given in Table II and plotted in Figs. 8, 9 and 10; also, 
data for nontest temperatures were obtained by interpolation in Figs. 
8, 9 and 10 in some cases and are included, in Table II, for compari- 
son. 

In terms of the stress to cause rupture in 1000 hours, Steel D 
(316 Cb) in both the annealed and stabilized conditions was the 
strongest at 1100°F (595°C) of the steels studied in this or the 
previously reported investigation (1). At 1300°F (705°C) an- 
nealed 316Cb was again strongest, with regular Type 316 only 
slightly weaker ; stabilized 316 Cb was third strongest. At 1500 °F 
(815 °C) regular 316 had attained first position, with annealed or 

2 All tests were made with constant load; thus the stress varied with deformation dur- 


ing test. This change in stress is relatively insignificant, however, for stresses and deforma- 
tions of the magnitude encountefed in most service. 
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Fig. 1—Properties of Steel A (304L). 


stabilized 316 Cb slightly weaker. Of the remaining steels tested in 
creep-rupture, Steel*I (347) was the next strongest at 1100 and 
1200 °F (595 and 650 °C) (the highest temperature of test for Steels 
F, G and I in this study), followed by Steels C (316L), G (321), 
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Fig. 2—Properties of Steel C (316L). 


F (304), and, lastly, A (304L). It is interesting to note that the 
addition of molybdenum to low carbon 18-8 raises the creep-rupture 
strength so that it compares quite favorably with the conventional 
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grades, other than 316, particularly at 1300 and 1500°F (705 and 
815 °C). . 
In terms of the stress to cause a minimum creep rate of 0.0001% 
per hour (frequently termed 1% per 10,000 hours) at 1100 °F 


aes 
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Fig. 4—Properties of Steel F (Type 304). 


(595 °C), the molybdenum (excluding the low carbon grade) and 
columbium-containing steels were strongest. These were followed in 
decreasing strengths by Steel E (303) (22,500 psi) ; Steels H (321) 
(21,300 psi) and L (321) (21,000 psi); Steel B (304L, high N) 





1953 AUSTENITIC STAINLESS STEELS 51 


Legend for Chart A Only 
© 4 © Rupture (A) Stress Vs. Time for Beginning of 


© & @ Beginning of Tertiary Creep or Time to Rupture 
Tertiary Creep 


Stress-!OOOpsi 





io7! ! 10 102 1io3 1o* 1io§ 
Time for Beginning of Tertiary Creep or Time for Rupture - Hours 


Stress -lOOOpsi 





10-5 10-4 1o-5 10-2 io7! 10 
Minimum Creep Rate-% per Hour 


ii eg el 
! ne 








Elong.at 
Rupture 
% 


Red. of Area 
re_ 

Oo 

oO 





at Ruptu 


io7! ! 10 Tek 105 104 105 
Rupture Time- Hours 


(E) Stress Vs. Ratio of Elongation at 
Rupture to Timeat Rupture 


Stress -lOOOpsi 





lo-4 1o-3 lo-2 107! | 10 ioe 
Ratio of Elongation at Rupture to Time at Rupture- % per Hour 
Fig. 5—Properties of Steel G (Type 321). 


(17,800 psi) ; Steel C (316L) (14,100 psi) ; Steels F (304) (12,200 
psi) and M (304) (13,000 psi) ; and finally Steel A (304L) which 
had a creep-rate strength of 9700 psi. With increasing temperature 
beyond 1200°F (650°C), the Type 347 grades weakened rapidly 
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and the molybdenum-containing grades 316 and 316Cb became 
strongest. Type 304L was least strong at 1100 and 1300°F (595 
and 705 °C) but two heats of 321, H and K, were weakest at 1500 °F 
(815 °C). = 


Be SARE. 
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Fig. 7—Relation Between Stress and Minimum Creep Rate for Steels B (304L, 
gh N), E (303), and H (321). 


The data obtained in the present investigation, when compared 
th those previously reported, are of interest in regard to the 
riation in strength of nominally identical grades. As shown in Fig. 
the two Type 304 heats showed excellent agreement in both creep 
| rupture strengths within the range of overlapping test tempera- 

‘res. On the other hand, as shown in Fig. 10, there appears to be 
isiderable variation in creep strength from one heat of Type 321 
another; in rupture (two heats only, one annealed, the other 
ibilized), good agreement is indicated within the limited range of 
erlap. Similar good agreement in creep-rupture may be noted for 

Type 347, but again one heat was annealed, the other stabilized; in 
creep rate two heats of annealed Type 347 steel showed quite similar 
results, while a third stabilized heat was slightly stronger within the 
range of overlapping tests. 

It is of interest to note that the heat of Type 321 steel which 
showed the greatest creep strength at 1500 °F (815 °C) of any of the 
stabilized grades was that having the least ratio of titanium to carbon, 
but the converse is not true. 

Whereas the previdus study (1) had suggested that stabilization 
heat treatment produced only negligible differences in strength from 
the annealed condition, the tests on Type 321 Steel H of the present 
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Steel Type 
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Stress for Minimum Creep Rate of 0.0001% /Hr.-|OOOpsi 
Stress for Rupture in 1000 Hr. -!OOO psi 
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Fig. 8—Variation of Creep and Rupture Strengths of re 
A, B, E, F and M With Temperature. See also Figs. 9 and 10. 


investigation show a slightly deleterious effect of stabilization on creep- 
rate strength. Stabilization heat treatment of 316 Cb Steel D also 
resulted in slightly inferior creep-rate strength at 1300 and 1500 °F 
(705 and 815 °C), and creep-rupture strength at 1300 °F (705 °C), 
but not otherwise. As discussed later, sigma developed during stabi- 
lization of this steel. 

Carbon is very effective in improving creep strength at all tem- 
peratures, Fig. 8. Thus the substitution of 0.03% carbon Type 304L 
for the stabilized grades (321 or 347) in elevated temperature service 
must be done with caution. Nitrogen is similarly effective at 1100 
and 1300 °F (595 and 705°C) and, in fact, develops greater strength 
in the 0.03% carbon-type alloy than is possessed by standard Type 
304, but it is deleterious at 1500 °F (815°C). The free-machining 
grade, Type 303, which is probably not widely used at elevated tem- 
peratures, proves to be superior to standard Type 304 at 1100°F 
(595 °C), but little different at 1300 or 1500°F (705 or 815 °C). 

Carbon content is impertant in Type 316 as well as in Type 304; 
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of Steels C, D and N With Temperature. See also 
Figs. 8 and 10. 


he 0.03% carbon Type 316 steel, i.e., 316L, is significantly weaker 
n both creep rate and creep-rupture strength, Fig. 9. The addition 
f columbium may either weaken or strengthen Type 316 steel, de- 
ending on the test temperature and the strength criterion of interest. 

It is difficult to draw any general conclusions regarding the rela- 
ive strengths of Types 321 and 347, Fig. 10, due partly to the varia- 
‘ion among the different heats of 321. Type 347 does appear, how- 
ver, to be consistently superior in the intermediate temperature 
ange about 1100 °F (595 °C). 

An important factor to be considered in comparing strength 
properties of these steels is grain size; in general, the stabilized grades 
(321 and 347) are fine-grained, whereas the remainder are fairly 
coarse-grained. As elevated temperature strength is affected by grain 


size, the alloying effects will, in part at least, be influenced by grain 
size differences. 


Minimum Creep Rate Intercept Deformation, C, 


Variations with stress of the intercept, C,, of the minimum creep 
rate on the extension ordinate are given in Figs. 11 to 15 for all steels 
except those spot-tested in creep rate only, in which case the data 
were too meager. The form of the curves is quite similar to that pre- 
viously reported for several austenitic steels (1). Although some 








56 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


Steel Type Condition 
32! Stabilized 
32! Annealed 
321 Stabilized 
347 Stabilized 
347 Annealed 
32! Annealed 
32! Annealed 
347 Annealed wae 
| Note Different Stress 
347 (Stabil.) Scales 


321 (Stabil.) D | 


Legend 


Beesnvecnce 


100 


100 


321(Stabil.) Soy, 
Q Xb 


Creep Rupture 


Stress for Rupture in |OOOHr. -lOOO psi 


‘x 
321 (Anneal. 


Stress for Minimum Creep Rate of 0.0001%/Hr.-lOO0Opsi 





900 100 1300 {500 
Temperature °F 


Fig. 10—Variation of Creep and Rupture Strengths of 
Steels G, H, I, J, K, L and O With Temperature. ee also 
Figs. 8 and 9. 





scatter exists in the data, a reasonably good approximation of C, can 
be obtained for calculating the total deformation by Equation 1, as 
previously described. 


Beginning of Tertiary Creep 


Stress versus time for beginning of accelerated or tertiary creep 
for the steels tested in creep-rupture is shown graphically in ‘A of Figs. 
1 to 6; the relationship is similaf to that between stress and rupture 
time, the two curves being substantially parallel. Times for beginning 
of tertiary creep at stresses which give a creep rate of 0.0001% per 
hour (a rate widely used for reporting creep strength) are given in 
Table II. 

It is important to remember that the relationship given in Equa- 
tion 1 for calculating total creep is valid only when the time involved 
is less than that for beginning of accelerating rate of creep. 


» 
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Figs. 11, 12, 13—Variation of Creep Intercept, Co, With Stress at 900, 1050 and 
1200 °F (480, 565 and 650 °C). 
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i. 14, 15, 15a—Variation of Creep Intercept, Co, With Stress at 1100, 1300 and 
1500 °F (595, 705 and 815 °C). 


Elongation and Reduction of Area at Fracture 


_As shown in C and D of Figs. 1 to 6, the variation of elongation 
or reduction of area with time for rupture is generally irregular and 
not suitable for extrapolation to longer rupture times. However, a 
method of determining elongation or reduction of area by extrapola- 
tion to long times for rupture was developed at this Laboratory and 
previously reported (1). Briefly, this technique is based on the exist- 
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ence of a straight line for the log-log plot of stress versus average creep 
rate (deformation at rupture divided by time at rupture). These data 
(for elongation) are shown in E of Figs. 1 to 6, and it is evident that 
extrapolation can be performed with reasonable confidence. 

To determine the total elongation or reduction of area at rupture 
for any rupture time, the stress for rupture at the designated time to 
rupture is obtained from the plot of stress versus rupture time, A of 
Figs. 1 to 6. The average creep rate corresponding to this stress is 
found from E of Figs. 1 to 6, and this quantity is multiplied by time to 
give elongation at rupture. Elongations for 10,000-hour rupture times 
by this technique are given in Table II. The very low values to be ex- 
pected in some cases, for example annealed 316 Cb at 1100 and 
1300 °F (595 and 705°C) (but not stabilized 316-Cb), are note- 
worthy. By employing similar plots, i.e., log stress versus log average 
rate of’ reduction of area, reduction of area at rupture can be com- 
puted for any rupture time. 


Mechanical Properties After Test 


Tensile, notch-impact and hardness tests, all at room temperature, 
were made on the specimens after 3000-hour (except where indicated 
otherwise) creep tests to determine the effects of creep test exposure 
on the steels. Microstructural studies of the same specimens were made 
to observe the microstructural changes and to correlate them, where 
possible, with mechanical properties. In some instances there were 
not enough specimens for both tensile and notch-impact tests, in which 
case the latter tests were made. Results of the mechanical tests before 
and after creep are given in Table III. 

The most pronounced effects of the creep exposure on subsequent 
room temperature mechanical properties were a decrease in notch- 
impact strength, elongation, and reduction of area. Steel D (316 Cb), 
which developed the greatest amount of sigma during creep test, as 
described in the following section, exhibited the greatest loss of im- 
pact strength, especially after exposure at 1300 and 1500°F (705 
and 815 °C) ; impact strength decreased from 45 ft-lbs after anneal- 
ing to 9 and 7 ft-lbs after creep at 1300 and 1500 °F (705 and 815 °C) 
(2/3 size specimens). A similar decrease in impact strength occurred 
during creep tests in this steel when given an initial stabilizing heat 
treatment. In the initial quenched (i.e., annealed) condition, no sigma 
was present, whereas in the stabilized condition some sigma was ob- 
served; impact strengths were accordingly 45 ft-lbs in the quenched 
and 34 ft-lbs in the stabilized condition. Elongations and reductions 
of area also showed appreciable decreases on exposure at 1300 or 
1500 °F (705 or 815 °C). The same general behavior was previously 
found for Steel N (316) (1). 

Steel C (316L) showed a marked decrease in impact strength 








oetiaees 


1953 AUSTENITIC STAINLESS STEELS 59 








Table Ill 


Hardness, Tensile Properties and Notch Impact Strength at Room Temperature 
Before and After Creep Test* 


Size 
0.2% Offset Elon- arpy 
Initial DPH Yield Tensile gation Red. Notch 
Heat Creep Test Hard- Strength Strength %in of Area Impact» 
Steel Type Treatment Temp., °F ness 7~(1000 psi)— 2 In. % (ft-lb) 
A 304L Orig. Material 135 29.2 78.3 64.5 75.7 47.0 
A 304L 1100 139 33.7 80.2 60.0 72.1 39.0 
A 304L 1300 147 26.2 79.44 62.0 72.1 26.0¢ 
A 304L 1500 135 jaa a> owns Bias 32.5 
B 304L Q Orig. Material 181 46.1 99.0 63.5 77.2 50.0 
ai h N) 
B oat. Q 1100 178 pA eat oe awe 41.5 
(Hi h N) 
B 3041. Q 1300 177 42.0 95.8 63.0 70.0 42.0 
(High N) 
B 304L Q 1500 173 43.4 94.8¢ 57.0 59.6 42.0 
(High N) 
Cc 316L Orig. Material 132 31.3 77.2 63.5 77.0 49.5 
¢ 316L 1100 146 wire adie 38.0 
C 316L 1300 151 26. 95 77. 7 60.5 66.9 37.5t 
{ 316L 1500 140 ‘és Ge eae 15.0 
D 316 Cb Orig. Material 156 48. 2 87, 6 46.0 71.2 45.5 
D 316 Cb 1100 165 57,9 93.8 39.0 64.5 30.5 
D 316 Cb 1300 205 54.2 101.3 ee 38.1 9.0 
) 316 Cb 1500 180 38.1 92.58 19.0 21.6 7.0 
316 Cb +S Orig. Material 192 42.8 87.4 46.6 70.4 34.0 
316 Cb +S 1100 196 ara oe ae nat sk} 25.5 
316 Cb +S 1300 206 42.8 102.9 29.5 43.0 8.5 
316 Cb +S 1500 207 36.1 92.6 31.5 39.6 7.0 
303 OQ Orig. Material 164 40.1 93.0 58.5 68.3 34.5 
303 0 1100 204 49.55 103.9 45.0 63.4 19.0 
303 5 1300 171 ase aii Juke ate 21.0 
303 1500 163 36.15 93.4 55.0 64.1 24.0 
321 Orig. Material 131 33.5 81.5 53.0 75.9 53.0 
321 1100 162 50.1 86.38 46.0 69.7 47.0 
321 1300 152 33.5 81.1 47.5 71.2 25.0 
321 Q 1500 140 aere ‘sets cane ape 41.0 
321 +S Orig. Material 132 33.5 82.7 51.0 74.5 44.0 
321 +S 1100 138 46.6 82.5! 40.0 48.7 20.53 
321 +S 1300 139 «eae js we een a a 4.0* 
321 +5 1500 130 25.4 72.4 27.0 30.5 19.0 
Creep test for 3000 hours duration except where noted. Averages of 3 specs. before creep 


’ after creep. All values were in good agreement except H (Q+S) 1500 where the values 
33 and 5 ft-lbs. ¢2088-hour test. 42688-hour test. ¢2088-hour rd £460-hour test. 82304- 
test. ®2016-hour test. '408-hour test. 11848-hour test. *1704-hour test. 


ifter the 1500 °F (815 °C) creep test. After test at 1500 °F (815 °C), 
this steel was found to contain considerable sigma. The decrease in 
impact strength of Steel E (303) during creep test at each tempera- 
iure is attributable to formation of both carbides and sigma. It is of 
interest to note that Steels A (304L) and B (304L, high N) showed 
comparatively little change in properties. 

Steel H (321) after test showed a decrease in impact strength 
which was generally proportional to the amount of sigma which formed. 
The pronounced decrease in impact strength of this steel after creep 
exposure at all temperatures for initially stabilized specimens was not 
explainable from examination of the microstructure. 

Hardness and strength were also affected by creep-test exposure 
and, as with the impact strength, changes were greatest with 316 Cb 
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(annealed) ; hardness increased from 156 DPH as-annealed to 205 
DPH after exposure at 1300 °F (705 °C), with corresponding changes 
in yield and tensile strengths. 


MICROSTRUCTURAL STUDIES 


Microstructures before and after 3000-hour creep tests at 1100, 
1300 and 1500 °F (595, 705 and 815 °C) for all of the steels except 
F (304), G (321), and I (347) are shown in Figs. 16 to 19; these 
latter steels were tested in creep-rupture only at 900, 1050 and 
1200 °F (480, 565 and 650 °C), and microstructures after the longest 
test times are given in Fig. 20. The observed changes are summarized 
in Table IV. 

Steel A (304L) (Fig. 16 a-d) when quenched from 1900 °F 
(1040 °C) consists of austenite and a very slight amount of delta 
ferrite, the latter confined to a region near the bar center. During 
creep test at 1100 °F (595 °C) an almost continuous grain boundary 
precipitate of carbide formed and the delta ferrite partially trans- 
formed to sigma, austenite, and carbide.* After the tests at 1300 and 
1500 °F (705 and 815 °C), the carbides appeared to coalesce, trans- 
formation of delta ferrite to sigma proceeded further with increased 
test temperature, and some large, clear sigma particles were found. 
It is not possible to state with certainty whether sigma forms only 
from delta ferrite or also from austenite. As reported earlier (1), 
nitrogen absorption from the atmosphere was observed, especially at 
higher test temperatures. The Type 304L high-nitrogen Steel B 
(Fig. 16 c-h) quenched from 1900°F (1040°C) showed an aus- 
tenitic matrix and a very few delta ferrite particles. During test at 
1100°F (595°C), grain boundary carbides and possibly nitrides 
precipitated and the delta ferrite appeared to be partially transformed. 
The pronounced increase in magnetic permeabil‘ty of this specimen 
(see following section) was not accompanied by observable change in 
the microstructure. Following tests at 1300 and 1500°F (705 and 
815 °C), the grain boundary precipitate coalesced and the delta ferrite 
appeared to have transformed to a greater extent. 

Steel C (316L) (Fig. 17 a-d) contained a slight quantity of 
delta ferrite in most, but not all, sections, after quenching from 
2000 °F (1095 °C). After exposure at 1100 °F (595°C) for 3000 
hours there was observed a grain boundary precipitate of carbide 
(though possibly containing some sigma), and partial transforma- 
tion of the delta ferrite. As with Type 304L, carbide (Cro3Cg), but 
not sigma, was detected by X-ray diffraction examination of this alloy 


® Microstructures of other heats of these steels tested at a 1300 and 1500 °F (595, 
705 and 815 °C) for 3000 hours are shown and described in Ref. 


* X-ray diffraction tests (Ref. 5) confirmed the Presence of the carbide CrayC, in this 
steel when sheated for for ——_ _— at 1050 and 1200 °F (565 and 650 °C). Sigma was not 


detected; that amount of delta ferrite was not sufficient to cause 
detectable diffraction.” 
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heated for 10,000 hours at 1050 or 1200°F (565 or 650°C) (5). 
The 1300 °F (705 °C) specimen exhibited larger carbides and sigma 
particles in the grain boundaries and partially transformed delta fer- 
rite. Complete delta-to-sigma transformation and grain boundary 
sigma and carbide growth were found in the 1500°F (815 °C) 
specimen. X-ray diffraction patterns of specimens after 3000 hours 
at 1500 °F (815°C) showed sigma to be present in the 316L and 
316 Cb steels, while the chi (7) or X (8) phase (having the struc- 
ture of alpha manganese) was found in the regular Type 316. The 
similarity between the X-ray diffraction patterns of sigma and chi, and 
unfamiliarity with chi at the time, caused us to mistake chi for sigma 
in previous studies (1, 4); however, closer examination of the dif- 
ferentiation has now led us to conclude that chi rather than sigma had 
been formed in the 316 steel, N, tested in creep at 1500 °F (815 °C). 
It is interesting to note that only the 316 steel that contained a normal 
carbon content formed the chi phase. Our studies to date have re- 
vealed only sigma in 316L and 316Cb; of course, the carbon 
in 316 Cb is no doubt combined with Cb to form the stable CbC. 
Chemical analysis of the chi phase reported by Forgeng (8) indicates 
it contains 24.6% chromium, 19.3% molybdenum, 4.3% nickel, 0.57% 
carbon, with the remainder believed to be iron. 

Microstructures of Steel D, 316 Cb, before and after creep tests 
are shown in Fig. 18 for both the initial 2000 °F (1095 °C) quench 
and 2000 °F (1095 °C) quench plus 1600 °F. (870 °C) air-cool heat 
treatments. As quenched, the microstructure consists of austenite con- 
taining fine undissolved carbides within the grains and at the grain 
boundaries, and typical large CbC-CbN particles (9). The quenched 
and stabilized steel showed, in addition to the general fine carbide pre- 
cipitate, fairly large sigma particles predominantly at grain junctions 
and boundaries; a few stringers of sigma containing small pools of 
austenite were also exhibited in banded regions which contained abund- 
ant large CbC-CDbN particles and presumably higher columbium and/or 
molybdenum to give regions of a composition which transforms to 
sigma plus austenite during the 2 hours at 1600 °F (870°C). The 
microstructural changes during creep tests at 1100, 1300 and 1500 °F 
(595, 705 and 815 °C) were substantially the same for the steels after 
the two different initial heat treatments. After tests at 1100°F 
(595 °C) an almost continuous grain boundary precipitate of fine car- 
bides and possibly sigma formed, which was too fine to enable differen- 
tiation. The 1300 and 1500 °F (705 and 815 °C) specimens contained 
abundant sigma particles as well as carbides ; the latter specimens ex- 
hibited coarser particles. 

Free machining 18-8 Steel E (Fig. 17 e-h) when quenched from 
1900 °F (1040°C) showed austenite and nonmetallic stringers of 
presumably a selenium cempound. After 3000 hours at 1100°F 
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Fig. 16—Microstructure of Steels A and B Before and After Creep Test at Indi- 
cated Temperatures for 3000 Hours Except C Which Was Tested for 2088 Hours. 
Picric—~ HCl etch. X 1000. Specimens (a), (b), (c) and (d)—Steel A, Type 304L; 
Specimens (e), (f), (g) and (h)—Steel B, Type 304L (High in N); Specimens (a) and 
(e)—quenched; (b) and (f)—1100 °F. 


(595 °C) a grain boundary and general precipitate of carbide and 
possibly sigma was exhibited. The creep-test exposure of 1300 and 
1500 °F (705 and 815 °C) caused the precipitate to coalesce to some- 
what coarser carbides and fairly large sigma particles. Sigma appears 
to be associated with the inclusions as well as occurring separately. 
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Fig. 16—Microstructure of Steels A B Before and After Creep Test at Indi- 
cated Tem tures a a —_ C Which ae Tested for 2088 Hours. 


fninaal HCI etch Specimens, (9), (b),, (6) end, (@)Sted Ap Type 304L 
, and (h 304L (High in N); S 4 
Cry 1300 * pecimens fos »@) ad Oe °F, —_ (High in N); Specimens (c) an 


Whereas the as-quenched steel was paramagnetic, a slight increase in 
permeability was noted after 3000 hours at 1100°F (595 °C); 
microscopic evidence of the ferrite phase was not found. 

Steel H, Type 321 (Fig. 19), initially contained undissolved car- 
hides and delta ferrite after both the 1950 °F (1065 °C) quench and 
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Fig. 17—Microstructure of Steels C and E Before and After renee See at Indi- 
cated Temperatures for 3000 Hours Except C, the Test Time of Which Was 480 Hours. 
Picric—- HCl etch. 1000. Specimens (a), (b), (c) and (d)—Steel C, Type 316L; 
Specimens (e), Ct). of) and (h)—Steel E, Type 303; Specimens (a) and (e)—quenched; 


(b) and (f)—110 


1950 °F (1065°C) quench plus 1600°F (870°C) air-cool heat 
treatments. As this steel contained more titanium and had a higher 

1 : C ratio than steels of the same type previously reported (1), the 
delta ferrite was not unexpected, in contrast to its absence in the two 
steels previously studied. The difference in initial heat treatments for 
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17—-Microstructure of Steels C and E Before and After ich Was, 48 at Indi- 


cated t Wasco for og Hours Except’C, the Test Time of Which Was 480 Hours. 

Picric—- HCl etch. > 1000. . Specimens (a), (b), f°) and (d)—Steel C, Type 316L; 

of Ane 1500 (gz) and ‘(h)—-Steel E, Type 30 303; Specimens (c) and (g)--1300 "=: 
a —— 


Steel H did not appear to influence the subsequent microstructure 
after creep exposure. Undissolved carbides did not coalesce substan- 
tially, and sigma formed both from the austenite and delta ferrite after 
creep exposures of 1100, 1300 and 1500 °F (595, 705 and 815 °C); 
the amount of sigma was~Preatest after the 1300°F (705°C) ex- 
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Fig. 18—Microstructure of Steel D (18-8-Mo-Cb) Before and After Creep Tests at 
Indicated Temperatures for 3000 Hours. Figs. a-d were initially quenched from 2000 °F 
(1095 °C) and Figs. e-h were quenched from 2000 °F and air-cooled after 2 hours at 
1600 °F (870°C). Sigma particles are shown in e before creep test. Picric— HCl etch. 
x 1000. Specimens (a), (b), (c) and (d)—Steel D, Type 316 Ch, initially quenched; 
Specimens (e), (f), (gz) and (h)—Steel D, Type 316 Cb, initially quenched and stabilized; 
Specimens (a) and (e)—before test; (b) and (f)—1100 re 


posure and least after the 1100°F (595°C) exposure; the size of 
particles increased with temperature. Some delta ferrite particles ap- 
parently remained untransformed after exposure at each test tempera- 
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_Fig._ 18—Microstructure of Steel D (18-8-Mo-Cb) Before and After Creep Tests at 
Indicated Temperatures for 3000 Hours. Figs. a-d were initially quenched from 2000 °F 
(1095 °C) and Figs. e-h were quenched from 2000 °F and air-cooled after 2 hours at 
1600 °F (870°C). Si rticles are shown in e before creep test. Picric - HCI etch. 

imens (a), (b), (c) and (d)—-Steel D, Type 316 Cb, initially quenched; 
d (h)—Steel D, TH 3 16 Ch, initially quenched and stabilized; 


x 1000. §S 
Specimens fc), (f), (g) an 
Specimens (c) and (g)—1300 °F; (d) and 


ture. This surprising observation was confirmed by magnetic perme- 


ability measurements. 
The creep-rupture specimens tested, generally for less than 3000 
hours, showed the progressive development of the microstructures ob- 


es 
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Fig. 19—Microstructure of Steel H (18-8 Ti) Before and After Creep Tests at Indi- 
cated Temperatures for 3000 Hours Except in f and g, the Test Times Being 1848 and 
1704 Hours Respectively. Picric— HCl etch. X 1000. Specimens (a), ), § fc) and 


{ete H, T oe 321, initially quenched; en (e), (£), (zg) and (h)—Steel H, 
aol ties initially y quenched and stabilized; imens (a) and (e)—before oer (b) 
a acsin 


served after the 3000-hour creep tests. In addition, the formation 
of chromium nitrides, as a Widmanstatten or pearlitic-like phase, was 
found in specimens*of Steels A (304L) and C (316L) after long- 
time creep-rupture tests at 1500 °F (815 °C), and in Steel F (304) 
after tests at 1050 and 1200 °F (565 and 650 °C). 
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Mode of fracture was generally similar to that described in detail 
previously for austenitic steels (1), i.e., intergranular fracture tends 
to occur with high test temperature and slow strain rate, while trans- 
granular fracture is more apt to occur at lower test temperature and 
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Fig. 20—Steels F (304), G (321) and I (347) Before and After Long Creep-Rupture 
Tests at 900, 1050 and 1200 °F (480, 565 and 650 °C); F Tested for 1079 Hours at 900 
°F, 1972 Hours at 1050 and 2987 Hours at 1200°F; G, 2052 Hours at 900 °F, 2145 
Hours at 1050 °F and 2124 Hours at 1200 °F; I, 8300 Hours at 900 °F, 1150 Hours at 
1050 °F and 4522 Hours xt 1200 °F. Picric— HCl etch. 1000. Specimens (a), (e) 


and (i)—annealed; (b), and (j)—900 °F. 
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Fig. 20—Steels F (304), G (321) and I (347) Before and After Lon Creep Rupture 

Tests at 900, 1050 and 1200 °F ( 56 

°F, 1972 Hours at 1050 on and 2987 Houre st 2052 Hours at 900 °F, aids 

Hours at 1050 °F and 2124 Hours at 1200 °F; I, 8300 Hours at 900 °F, 1150 Hours at 

1050 °F and 4522 Hours at 1200 °F. Picric- HCi etch. 1000 . Specimens (c), (g) 
and (k)—-1050 °F; (d), (h) and (1)—1200 °F. 
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faster strain rate; both types of fracture may be found at each test 
temperature, depending on the strain rate (rupture time). 

The association of change in fracture type with the break in the 
curve of log stress versus log time for rupture, the greater slope portion 
corresponding to intergranular fracture, was indicated to be sub- 
stantially valid, but the transition from transgranular to intergranular 
fracture was found to be gradual rather than abrupt as the curves 
suggest, thus confirming previous observations (1). 

Microstructures of Steels F (304), G (321) and I (347) tested 
in creep-rupture at 900, 1050 and 1200 °F (480, 565 and 650 °C) are 
shown in Fig. 20. Strain markings were noted in Steel F tested at 
900 °F (480 °C),® the markings being more pronounced at shorter 
rupture times (higher strain rates) than those shown in Fig. 20. 
Precipitation and coalescence of carbide in this steel with increas- 
ing test temperature are shown in Fig. 20 b, c, d; a pearlitic-like 
structure, presumably nitrides, was also found associated with the 
general intergranular cracking of impending rupture in 1050 and 
1200 °F (565 and 650°C) specimens. Figs. 20 e to h show for 
Steel G the increase in quantity and size of sigma particles as the 
exposure temperature increased. Figs. 20 i to 1 show the micro- 
structural changes in Steel I during test; after 900 °F (480°C) for 
8300 hours some of the grains appear darkened by a precipitation of 
submicroscopic particles, and after 4522 hours at 1200°F (650 °C) 


large sigma particles were found at grain boundaries and grain junc- 
tions. 


MAGNETIC PERMEABILITY STUDIES 


As austenite, sigma, and chromium carbide are paramagnetic, 
magnetic permeability tests provide a sensitive measure of relative 
amounts of ferrite which may be present initially as delta ferrite or 
which may be induced by the long-time heat treatment of the creep- 
test exposure. Induced ferrite found by this method was difficult, if 
not impossible, to detect by metallographic means; in addition, metal- 
lographic identification of delta ferrite was substantiated by the mag- 
netic tests. The results for creep-test specimens before and after creep 
are given in Table V. Completely austenitic alloys have a permeability 
of approximately 1.003, and the presence of sigma or chromium car- 
bide does not increase this permeability. 

Permeabilities of Steels A (304L), B (304L, high N), C (316L) 
and H (321), before and after creep test, indicate that a slight amount 
of delta ferrite was originally present and partially transformed to 
a nonmagnetic phase during the long-time exposure at the test tem- 





The appearance of strain markings suggests the possibility of a different mode of 


—— deformation at this lower test temperature than that for the tests at higher tem- 
ratures. 
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Table V 
Magnetic Permeabilities Before ari After Creep Tests* 
Original Test oe re Magnetic 
Steel Type Heat Treatment . Permeability 

A 304L Orig. Material 1.0104 
A 304L 1100 1.0062 
A 304L 1300» 1.0082 
A 304L 1500 1.0068 
B 304L Q Orig. Material 1.0095 

(High N) 
B 04 Q 1100 1.163 

(High N) : 
B 304L Q + (tos) £ 1.238 

(High N) 
B 304 Q 1300 1.0091 

(High N) 
B 304 QO 1500 1.0030 

(High N) 
Cc 316L . Orig. Material 1.0619 
c 316L 1100 1.0334 
Cc 316L 1300¢ 1.0264 
Cc 316L 1500 1.0040 
D 316 Cb Orig. Material 1.0040 
D 316 Cb 1100 1.0037 
D 316 Cb 1300 1.0039 
D 316 Cb 1500 1.0040 
D 316 Cb N Orig. Material 1.0033 
D 316 Cb N 1100 1.0034 
D 316 Cb N 1300 1.0038 
D 316 Cb N 1500 1.0039 
E 303 Orig. Material 1.0032 
E 303 1100 1.0225 
E 303 1300 1.0063 
E 303 1500 1.0052 
H 321 Orig. Material 1.0166 
H 321 1100 1.0092 
H 321 1300 1.0068 
H 321 1500 1.0083 
H 321 N Orig. Material 1.0222 
H 321 N 11004 1.0076 
H 321 N 1300¢ 1.0112 
H 321 N 1500 1.0077 


*3000 hours except as indicated. >Creep test of 2088-hour duration. °480 hours. 41848 
hours. ©1704 hours. tQuenched in dry ice at —105 °F for 15 minutes. 


peratures ; Steels B and C were substantially paramagnetic after the 
1500 °F (815 °C) test. 

Steel B (304L, high N) showed a pronounced increase in per- 
ineability after test at 1100 °F (595°C). The extent of the increase 
suggests a transformation of the martensitic type on cooling from the 
test temperature, a phenomenon described in detail for an 18 Cr—8 
Ni steel in Ref. 6. Presumably, the chemical composition of the 
austenite became unbalanced, due to the formation of chromium 
nitride and carbide, the resultant lowering of the chromium content of 
the matrix being such as to permit the martensite reaction to occur. 
Tests on the 1100 °F (595 °C) specimen showed a permeability of 
1.163 before and 1.238 after an immersion into dry ice at —105 °F, 
indicating further transformation of a martensitic type on cooling to 
subatmospheric temperature. The permeability of the 1300°F 
(705 °C) specimen indicated some ferrite to be present which was 
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not observed in the microstructure; the 1500 °F (815 °C) specimen 
was paramagnetic. 

Steel E (303) was initially paramagnetic and showed its highest 
permeability after test at 1100 °F (595 °C) ; the steel was also slightly 
magnetic after creep tests at 1300 and 1500 °F (705 and 815 °C). 

The permeability of Steel D (316 Cb) remained constant at the 


paramagnetic level, indicating no initial delta or induced ferrite during 
creep test. 


SUMMARY AND CONCLUSIONS 


The principal findings of the investigation are: 

1. With regard to reproducibility of properties in the same nomi- 
nal grade, excellent agreement was obtained with Type 304, slight 
scatter was observed with Type 347, whereas Type 321 showed rela- 
tively wide scatter in respect to creep rate, but only slight scatter in 
respect to creep-rupture strength. Relatively few heats of each grade 
were tested, however, and it is possible that tests of additional heats 
may indicate variations not encountered in this investigation. 

2. Whereas previous study had indicated little difference in 
strength between annealed or stabilized Type 321, or between annealed 
or stabilized Type 347, Type 321 Steel H of the present study was 
slightly inferior in the stabilized condition. Stabilization heat treatment 
of 316 Cb slightly decreased creep-rate strength at 1300 and 1500 °F 
(705 and 815 °C) and creep-rupture strength at 1300 °F (705 °C). 

3. The extra low carbon (0.03 max.) grades of Types 304 and 
316, i.e., 304L and 316L, are significantly weaker in creep than the 
corresponding standard carbon grades. Nitrogen addition to 304L 
raises the strength at 1100 and 1300°F (595 and 705 °C) so that 
it exceeds that of 304; however, at 1500°F (815°C) nitrogen is 
ineffective. 

4. No general statement regarding the relative strengths of 321 
and 347 can be made other than that Type 347 does appear to be 
superior in the intermediate range at about 1100 °F (595 °C). 

5. Free-machining 18-8, Type 303, and Type 304 have substan- 
tially the same creep strengths at 1100, 1300 and 1500 °F (595, 705 
and 815 °C). 

6. Study of the effect of creep-test exposure on notch-impact 
strength, hardness and tensile properties showed that notch-impact 
strength was most affected. Greatest decrease in impact strength was 
observed in 316 Cb. Relatively slight changes were observed in 304L 
with or without high nitrogen. 

7. Sigma formation and carbide precipitation were the principal 
microstructural changes observed. Sigma formed most rapidly (even 
during stabilizing heat treatment) and most plentifully (up to 15%) 
in Type 316 Cb. In contrast, Type 321 Steel H showed no sigma 
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after stabilization heat treatment, even though containing delta ferrite, 
and some delta ferrite apparently persisted untransformed throughout 
the 3000-hour creep test. Sigma was observed in all of the low carbon 
(0.03) grades but probably formed from delta ferrite. 

8. Nitrogen absorption from the atmosphere, as previously ob- 
served, was encountered. 
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THE EFFECT OF COMPOSITION ON THE TEMPERATURE 
OF SPONTANEOUS TRANSFORMATION OF AUSTENITE 
TO MARTENSITE IN 18-8-TYPE STAINLESS STEEL 


By G. H. E1rcHeLtMan, Jr., AND F. C. Hutt 


Abstract 


The effect of composition on the temperature at 
which the martensitic transformation begins in 18-8-type 
stainless steels during cooling was determined by dilato- 
metric measurements and can be expressed by a simple 
linear equation. The relative effectiveness of the additions, 
in their normal composition ranges, in lowering the M, 
temperature increases in the following order: _ silicon, 
manganese, chromium, nickel, carbon and nitrogen. M, 
changes caused by carbide precipitation can be used as a 
sensitive means for determining the solubility of carbon 
in stainless steel. 
























INTRODUCTION 


ONSIDERABLE attention has been given in the past to the 

€ microstructure of austenitic stainless steels, the stability of the 
hases present in these steels and the effects of amount and distri- 
ution of the phases on properties and behavior of the material in 
ervice. For example, when stainless steel is used as a welding elec- 
rode, a composition producing a certain percentage of ferrite in the 
‘eld deposit has been considered as beneficial in reducing weld 
racking and in increasing the creep resistance of the weld at ele- 
ited temperatures. However, for stainless steel applications in- 
niving highly corrosive solutions, a fully austenitic structure may 
e preferred to one containing ferrite. The presence of ferrite is 
iso undesirable in steels to be used at elevated temperatures for 
xtended periods of time because of the accelerating effect of ferrite 
n sigma phase formation and the resulting impairment of room 
emperature ductility and toughness. 

Completely stable austenitic steels possess many desirable char- 
acteristics. Their single-phase, face-centered-cubic crystal structure 
permits difficult hot forming operations, and the absence of trans- 
formation during deformation gives them good cold fabrication prop- 
erties. They have high resistance to corrosion, excellent ductility at 
subzero temperatures and useful nonmagnetic characteristics. 

A paper presented before the Thifty-fourth Annual Convention of the Soci- 
ety, held in Philadelphia, October 18 to 24, 1952. Of the authors, G. H. Ejichel- 
man, Jr., is connected with the American Brass Co., Waterbury, Conn., formerly 
research engineer, Westinghouse Research Laboratories, and F. C. Hull is 


manager, Metallurgical Section, Westinghouse Research Laboratories, East 
Pittsburgh, Pa. Manuscript received May 16, 1952. 
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Austenite instability can have beneficial effects, however, as 
illustrated by the process recently developed by Ziegler and Brace 
(1).2 Stainless steel alloys in which austenite transforms to mar- 
tensite during rolling or wire drawing at subzero temperatures can 
be produced with unusually high tensile strengths, particularly if the 
material is aged at 750 °F (400 °C) after deformation. 

Studies of austenite stability reported in the literature have been 
confined mainly to the effect of composition on ferrite formation, the 
effect of composition on corrosion behavior and indirectly on the 
phases present, and the effect of composition on transformation in- 
duced by deformation. In spite of its commercial and theoretical 
significance, however, there are no data in the literature directly re- 
lating the composition of austenitic stainless steels to their M, tem- 
peratures. In order to permit a better understanding of the behavior 
of stainless steels during fabrication and in service, and to assist in 
designing alloy compositions to suit specific applications, the follow- 
ing study of the effects of composition on the austenite-to-martensite 
transformation-was undertaken. A specific practical objective of the 
research was to provide a means of calculating the M, temperature 
of an alloy from its composition. 


LITERATURE REVIEW 


“Stability of austenite” is a general concept that has been used 
to express different things by different people. In a strict sense, a 
stable austenite is one which, at a given temperature, is thermo- 
dynamically stable. It is the equilibrium phase, regardless of the 
extreme measures and long holding times that may be required to 
establish such a state. This term has been applied more loosely to 
refer to wrought or cast alloys in which (a) no delta ferrite is present 
or forms during holding at elevated temperatures, that is, ferrite that 
does not transform to austenite on cooling; (b) no martensitic ferrite 
forms from austenite on cooling; or (c) no martensitic ferrite for- 
mation is induced by plastic deformation at a given temperature. 
The effect of alloying additions on austenite stability is generally 
expressed in chromium or nickel equivalents, depending on whether 
they are ferrite or austenite stabilizers. This classification is based 
on the tendency for a single element when added to iron to close or 
open the gamma loop. In respect to (delta) ferrite formation at high 
temperatures, nickel, manganese, carbon and nitrogen are austenite 
stabilizers, and chromium and silicon are ferrite formers. Confusion 
may arise from the fact that all of the above elements increase the 
stability of austenite with respect to M,, the temperature of spon- 
taneous martensite formation on cooling, or Mg, the highest temper- 
ature at which martensite will form if the austenite is plastically 
‘The figures appearing in parentheses pertain to the references appended to this paper. 
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deformed. When applying alloy element equivalents reported in the 
literature, it is therefore important to know how they were obtained 
and what they mean. 

An initially austenitic structure is metastable down to the M, 
or Mg temperatures, even though these temperatures are considerably 
below the solubility limit of ferrite in austenite. Owen and Liu (2) 
in their work on the ferrite plus austenite field of the iron-nickel 
system at equilibrium found it necessary to produce martensite first 
in order to have low nickel ferrite and high nickel austenite form by 
diffusion at temperatures within the ferrite plus austenite field. De- 





Table | 


Chromium and Nickel Equivalents Determined by Various Investigators 
for Wrought Stainless Steels 





Basis of Corrosion 
Evaluation -—————Tendency to Form Delta Ferrite————_, Resistance 
Binder, Brown Binder, Brown 
Reference Thielemann (3) Fleischman (4) and Franks (5) and Franks (5) 
Element 
Carbon —40 —30 —23 ii 
Nitrogen ive mele —20 aa 
Nickel —3 a | —0.8 —0.7 
Manganese —2 —0.5 «sen eek 
Titanium. +7.2 
Silicon +5.2 Siete 
Columbium +4.5 ares an  acatcl 
Molybdenum +4.2 +2 Cr +1.4 +2.25 
Chromium + +Cr* +1 +1 
(+) Increases the amount of delta ferrite. (+) Increases 
(—) Decreases the amount of delta ferrite. corrosion 
resistance. 
(—) Decreases 
corrosion 
resistance. 
Basis of Martensite Transformation Temperature of Spontaneous 
Evaluation Induced by Deformation 7—Martensite Formation——, 
Reference Post and Eberly (6) Scott (7) This Work 
Element 
Carbon +35 +30 +27 
Nitrogen Sa. rian +27 
Nickel +1 +1 +1 
Manganese +0.5 +2.5 +0.55 
Titanium He =e od ee xis 
Silicon iat +0.45 
Columbium ae se 
Molybdenum +1.5 Cr oo 
Chromium +Cr* +0.68 
(+-) Lowers the Ma (+) Lowers 
temperature. the Ms 
temper- 
ature. 





*The relationships between the effects of chromium and nickel were not given. 


formed austenite would not decompose to ferrite and austenite of 
different compositions, regardless of temperature or time. From a 
practical viewpoint, considering the difficulties involved in attaining 
true equilibrium in stainless steels, other criteria of austenite stability 
are useful. t8 


s 
¥ 





80 TRANSACTIONS OF THE 4.S.M. Vol. 45 


Various methods have been described in the literature for deter- 
mining the chromium and nickel equivalents for the elements found 
in stainless steels. The reported results of several investigations have 
been listed in Table I. Thielemann (3) calculated the equivalents 
by the weight per cent of the element combined with iron to com- 
pletely close the gamma loop. These values for binary alloys are in 
reasonable agreement with those determined experimentally for stain- 
less steels. The factors obtained by Newell and Fleischman (4) 
for stainless steels are based on the elimination of delta ferrite. 
Binder, Brown and Franks (5) measured the per cent ferrite by a 
modified magne gage in specimens annealed 10 minutes at 1970 °F 
(1075 °C) and air-cooled to room temperature. Incidentally, in the 
absence of additional information, this method would not distinguish 
between delta ferrite formed during annealing and martensite pro- 
duced on cooling. However, the latter authors confirmed metallo- 
graphically that delta ferrite was present. 

Post and Eberly (6) used the “breaking point” in the plot of 
permeability versus tensile strength for specimens previously cold- 
rolled varying degrees. These data depend upon the temperature 
of the Mg, point relative to room temperature and might therefore 
be expected to also predict the approximate relative effects of the 
alloying elements on M, temperatures.- The nickel equivalents of 
manganese and carbon were determined by Scott (7) for nickel- 
manganese-iron alloys using M, temperattire measurements. The 
absence of chromium in his alloys may account for the high equivalent 
assigned to manganese. 

There is need for information concerning the effect of carbide 
and nitride precipitation on the transformation of austenite to mar- 
tensite. In the literature it is implied that carbide precipitation at 
an elevated temperature induces ferrite formation at that temperature. 
Although this is a possibility in certain composition ranges, in some 
of the standard 18-8 grades it is more likely that carbide precipitation 
raises the M, temperature above room temperature, and martensite 
forms on cooling after aging, as described by Dulis and Smith (8). 
Their work, however, did not evaluate the quantitative effect of aging 
on the M, temperature. 





EXPERIMENTAL PROCEDURE 


Low carbon ferrochromium, Armco iron, and electrolytic nickel 
were used in the induction melting furnace charge. The heats were 
deoxidized with 0.3% calcium-silicon and then additions of electro- 
lytic manganese, commercially pure silicon and lump graphite were 
made. For Heats 6600 to 6865 of Table II, two ingots 1% by 1% 
by 11 inches were chillseast from each heat. After the installation 
of a larger rolling mill, only one ingot 234 by 234 by 10 inches was 
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chill-cast from each heat. The small ingots were rolled from 2100 °F 
(1150 °C) to %-inch diameter bar stock by alternate reductions of 
area of 15 to 20% and anneals for 5 minutes. The large ingots were 
rolled from 1900 °F (1040 °C) by alternate reductions and anneals 
to 54-inch diameter bar stock. 

The samples for chemical analyses of the small ingots were taken 
from near the ends of the bars that were originally the bottoms of 


Table Il 
Chemical Analyses and M; Temperatures of Chromium-Nickel Stainless Steels 





Homogenized 1 Hour at 2300 °F (1250°C), ASTM Grain Size No. 1-2 


Heat —————Content in Weight Per Cent ————_—__., M.; Temperatures, °F 
No. Cr Ni Mn Si C N Measured* Calculated 
12% Cr, Variable Ni 
6696 11.9 9.7 1.39 0.42 0.025 0.034** +174 +140 
6940T 12.33 10.04 1.28 0.45 0.034 0.062 +32 —35 
6908 12.24 10.25 1.33 0.42 0.030 0.039** +4 +28 
6909 12.26 10.30 1.46 0.40 0.032 0.045** —55 —10 
6903 12.18 12.04 1.36 0.47 0.031 0.032 —170 —150 
6600 11.7 14.8 1.25 0.33 0.052 0.035 <—452]] —479 
14% Cr, Variable Ni 
6865f 14.38 9.06 1.21 0.36 0.008 0.034 +10 +90 
68606F 14.63 10.60 1.21 0.37 0.004 0.030 —60 —75 
17% Cr, Variable Ni 
6697 16.8 6.1 1.33 0.49 0.027 0.048 +156 +121 
6902 17.30 7.56 1.33 0.49 0.031 0.050 —60 —95 
6625 16.7 10.2 1.42 0.46 0.023 0.042 < —320§ —297 
6625VT 16.6 10.2 0.63 0.46 0.011 0.017 —50 —138 
6626 16.8 10.2 1.38 0.37 0.023 0.084** < —3208 —423 
6627 17.0 10.1 1,29 0.42 0.110 0.038 < —320 —598 
Variable C 
6694 12.0 10.0 1.31 0.42 0.023 0.036 +114 +104 
6695 12.0 10.0 1.28 0.39 0.105 0.038 —82 —144 
6699 16.8 6.1 1.32 0.48 0.026 0.047** +132 +128 
6700 16.8 6.1 1.31 0.44 0.107 0.053 —78 —42 
Variable Mn 
6939 12.13 10.13 1.32 0.43 0.030 0.059 —18 —11 
6904 12.35 10.15 3.20 0.44 0.026 0.033 —68 —51 
6905 12.21 10.11 5.03 0.50 0.031 0.035 —142 —171 
Variable Si 
6941 10.28 12.15 1.36 1.01 0.048 0.027 —110 —82 
6906 10.46 12.00 1.42 1.42 0.036 0.027 —143 —38 
6942 10.24 12.05 1.39 1.96 0.038 0.028 —97 —90 
6907 10.46 12.11 1.37 2.58 0.028 0.020 —110 —80 





*Determined during cooling from 2000 °F (1095 °C). 
**Nitrogen bubbled through the melt. 

tHalf the iron charged after the ferrochromium and nickel additions. 

tElectrolytic chromium charged. 

{Previous heat remelted under vacuum. 

$Above —320 °F according to magne gage measurements. 

|| Below —452 °F according to magne gage measurements after 20 minutes in liquid helium. 








the ingots. The large ingots were sampled at the middles of the bars 
produced by rolling. The surface of the samples was machined off 
to a depth of 7g inch to remove oxides and decarburized metal, and 
the remaining stock was milled into chips. The chemical analyses 
of the heats are recorded in Table IT. 
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Chemical 
Analysis 


Expansion in 2 


Heat Treatment 

Prior to Cooling 
O-2370 °F 
0-2000°F 

-1460 °F -1 Hr. 
@-2000 °F-I5 Min. 


®- 2000 °F 
-1200 “F-2 Hrs. 
100 150 , 200 250 
Temperature °F 


_ Fig. 1—The Effect of Carbide Precipitation on the Be- 
ginning of Transformation in Stainless Steel, Heat No. 





The beginning of transformation upon cooling was determined 
by dilatometer measurements. The formation of martensite from 
austenite is accompanied by an increase in volume so that the begin- 
ning of transformation on cooling is detected as a change in slope 
when the change in length during cooling is plotted against temper- 
ature. The dilatometer used in this investigation consisted of a 
quartz tube closed at one end with a flat ground quartz plug to sup- 
port the test specimen. A quartz push-rod with a rounded end placed 
inside the tube rested on one of the flat ground ends of the metal 
specimen. The difference in length between the tube and the push- 
rod was determined by the deflection of a dial gage graduated in 
0.0001 inch and read to one-fourth of a division. The tube contain- 
ing the specimen and push-rod was placed in a vertical tube furnace 
for solution treating and aging, and then removed from the furnace 
and air-cooled to approximately 400 °F (205 °C) to prevent carbide 
precipitation at temperatures in the range of 1500 to 1000 °F (815 
to 540 °C). 

A controlled cooling rate was maintained between temperatures 
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Cr 


Mn 
Si 


Expansion in 2 


Heat Treatment 
Prior to Cooling 
0-2000 *F—15 Min. 

®-2000 °F 
1200 °F —2 Hrs. 





50 100 150 200 250 300 350 
Temperature °F 


Fig. 2—The Effect of Carbide Precipitation on the Beginning 
of Sransieeeiation in Stainless Steel, Heat No. 6696. 


f +200 °F (+95 °C) and —320°F (—195 °C) by slowly adding 
iquid nitrogen to the bottom of a thermos bottle in which the dila- 
ometer tube was suspended, the cooling medium surrounding the 
ube being gaseous nitrogen formed by boiling of the liquid nitrogen. 
Several trial runs were made with thermocouples attached to the top 
and bottom of the specimen to determine the effect of cooling rate 
on the thermal gradient of the specimen. With cooling rates of 4 °F 
per minute or less, the thermal gradient was reduced to a negligible 
value. Accurate temperature measurements were attained by spot 
welding the ends of the 7.5-mil diameter thermocouple wires to the 
surface of the specimen midway between the ends. The specimen, 
therefore, was part of the junction, thus eliminating any thermal 
gradient between the junction of the thermocouple and the surface 
of the specimen. 

Dilatometer specimens 34 inch in diameter and 2 inches long 
were machined from bar stock that had been annealed for 1 hour 
at 2300 °F (1260°C) to homogenize the material and produce a 
uniform ASTM grain size of No. 1-2. For the M, determinations, 
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Chemical 
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Heat Treatment 
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@-—2000 °F-15 Min. 
@-—2000 °F 

-I200 F-2 Hrs. 





100 150 200 250 300 350 
Temperature °F 


Fig. 3—The Effect of Carbide Precipitation on the Be- 
ginning of Transformation in Stainless Steel, Heat No. 


the specimens were reheated, usually to 2000°F (1095 °C), prior 
to cooling. All contraction curves for a given heat were obtained 
by successive runs on the same specimen. To assure that a solution 
treatment at 2000°F (1095°C) for 15 minutes was sufficient to 
redissolve the carbides precipitated by the aging treatments, the M, 
temperature was redetermined for the solution-treated condition be- 
fore subsequent aging treatments. The close agreement of the M, 
temperatures after these two solution treatments showed that the 
carbides were redissolved by solution treating at 2000 °F (1095 °C) 
for 15 minutes and that the loss of carbon during the elevated tem- 
perature treatments was below the limits that could be detected by 
the dilatometric results. The 2000°F (1095°C) treatment also 
eliminated any effects due to partial transformation to martensite 
on the previous cooling. Sample analyses were made on Heats 6696 
and 6700 to determine the effect of the various heat treatments during 


dilatometer measurements on the carbon contents. The results were 
as follows: 





Weight Per Cent Carbon——__ 


Heat Heat Specimen Analyses Difference in 
No. Analyses After Dilatometer Tests Composition 
6696 6.025 0.020 —0.005 


6700 0.107 0.115 +0.008 
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Expansion in 2 











50 100 150 200 250 300 350 
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Fig. 4—The Effect of Carbide Precipitation on the Beginning 
of Transformation in Stainless Steel, Heat No. 6699. 


[he chemical analyses show no significant change in the carbon con- 
tents during the tests, since the differences are less than the probable 
error in the chemical analysis. 


DISCUSSION OF RESULTS 


Of the various alloy compositions investigated, the majority of 
the alloys transformed spontaneously above liquid nitrogen tempera- 
ture, —320°F (—195 °C). The M, temperatures observed are re- 
corded in Table II, and the contraction curves for several of these 
alloys are given in Figs. 1 to 7. The accuracy of the M, values ob- 
tained depends upon the uniformity of temperature distribution along 
the length of the specimen, the cooling rate from the solution treating 
temperature, the cooling rate at the time transformation begins, and 
the sensitivity of the change in length measurements. From the 
various figures it can be seen that the M, temperatures could be 
reproduced to within 10 to 20°F. Martensite formation was verified 
by metallographic examination, X-ray diffraction studies, electrical 
resistance, magnetic and density measurements, as well as by the dis- 
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Fig. 5—The Effect of Carbide Precipitation on the Beginning of Transformation in 
Stainless Steel, Heat No. 6695. 


200 250 





placement of the expansion curve from the contraction curve to show 
a net increase in length. 

The problem of determining the effect of composition on the M, 
temperature would be simplified if it were possible to melt a series 
of alloys in which everything except manganese, for example, was 
kept constant. Actually, unavoidable differences in melting practice 
and recoveries led to variations in the base composition while a major 
change in a given element was being studied. By -electing heat 
compositions carefully, however, it was possible to get approximate 
correction factors for each of the elements. When the approximate 
correction factors were applied to the M, versus composition curves 
for each element, closer factors were obtained. By a series of suc- 
cessive approximations, the final factors were derived. 

Carbon and nitrogen are strong austenite stabilizers, making it 
necessary to correct for even the small compositional variations that 
exist within the present series of alloys. The effect of these elements 
on the M, temperature was determined in two series of alloys with the 
same chromium, nickel, nranganese and silicon contents and variable 
carbon plus nitrogen. Actually carbon was the principal variable, 








1953 MARTENSITE IN 18-8 


Expansion in 2 


Heat Treatment 
Prior to Cooling 


O-1818 °F -—15 Min. 

@-1900 °F 
1200°F — 2 Hrs. 

0-2050 °F — 
1460°F — I Hr. 





-150 -100 -50 0 50 ioe 150 200 250 
Temperature “F 


Fig. 6—The Effect of Carbide Precipitation on the Beginning of Transformation in 
Stainless Steel, Heat No. 6700. 


Chemical 
Analysis ~ “t.% 
Cr -166 
Ni -—102 
Mn — 063 
Si - 0.46 
Cc - ool! 
N - OOI7 


Expansion in 2 


Heat Treatment 
Prior to Cooling 


O—2000 °F-15 Min. 
®—2000 °F 
1200 °F —2 Hrs. 





-150 100 -50 0 50 
Temperature °F 


_ Fig. 7—Effect of Carbide Precipitation on the Begin- 
ning of Transformation in Stainless Steel, Heat No. 6625V. 
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since the method tried for intentionally varying nitrogen was un- 
successful. Carbon and nitrogen were weighted equally at this point 
in the investigation, with no further evidence at the completion of 
this work that this relationship should be changed. In Fig. 8 the 
M, temperatures are plotted against the sum of the carbon and 
nitrogen contents for alloys corrected to nominal contents of 12.0% 
Cr, 10.2% Ni and 17.0% Cr, 7.0% Ni. The nominal contents of 
manganese and silicon were 1.33% and 0.47%, respectively, for both 





Corrected to a Nominal Composition of: 
O 12.0%Gr, 10.2% Ni, 133% Mn, 0.47 Si, 
Balance Fe 


@ i70%Cr, 70% Ni, 1.33% Mn, 0.47% Si, 
Balonce Fe 
Fig. 8—Effect of Carbon Plus Ni- 


trogen on the Ms Temperature of Stain- 
less Steel. 


series. The average slope of the curve is 3000°F/% (C + N). 

The effects of chromium and nickel were determined in a series 
of alloys with essentially the same manganese, silicon, and carbon 
plus nitrogen contents. Corrections for carbon plus nitrogen to a 
nominal content of 0.068%, which was the average content for the 
series, were made using the factor derived above. Minor corrections 
for manganese and silicon to nominal contents of 1.33% and 0.47%. 
respectively, were calculated with the factors obtained later in this 
paper. The data were then plotted on a portion of an iron-nickel- 
chromium ternary diagram, as shown in Fig. 9, and contours of equal 
M, temperatures were constructed. In order to illustrate the effect 
of nickel, lines were drawn at constant chromium levels of 11, 13, 15 
and 17%, intersecting the M, contours. The variations of M, with 
nickel are plotted in Fig. 10. The effect of nickel depends upon the 
chromium level and vice versa, but on the average, nickel lowers the 


M, temperature about 110 °F/% Ni. A similar procedure was fol- 
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6 8 10 \2 14 16 
Nickel % 
Corrected to a Nominal Composition of 133% Mn, 0.47% Si, 0.068% C+N and Balance Fe. 


Fig. 9—Ms Temperatures of Chromium-Nickel Stainless Steels. 


lowed to get the effect of chromium at several nickel levels as shown 
in Fig. 11. Chromium lowers the M, temperature approximately 
75 °F/% Cr. 

In order to determine the effect of manganese, a base composition 
was selected of 12% chromium and 10% nickel. Heats were then 
compared in which chromium, nickel, silicon, carbon and nitrogen 
were similar, while manganese was increased from 1.3 to 3.20 and 
5.03%. Minor variations in the other elements have been corrected 
to a single base composition in Fig. 12 in which M, temperatures are 
plotted as a function of manganese content. A straight line has been 
drawn through the points with a slope of 60°F/% Mn. Some of 
the scatter in the points at 1.3% Mn may be due to variations in 
melting procedure that are not reflected in the chemical analyses. 

The same procedure was followed in determining the effect of 
silicon on the M, temperature. In an alloy with a nominal compo- 
sition of 10.4% Cr, 12.1% Ni, 1.38% Mn, 0.063% C-+N, balance 
iron, five different Silicon contents were prepared: 0.47, 1.01, 1.42, 
1.96 and 2.58% silicon. In Fig. 13 measured M, temperatures, 
corrected for minor variations from the nominal composition, are 
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Corrected to a Nominal Composition of 1.33% Mn, 0.47% Si, 
0.068% C+N, Balance Fe. 
Fig. 10—Effect of Nickel on the Ms Temperature of Stainless Steel. 
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Corrected to a Ndminal Composition of 1.33% Mn, 0.47% Si, 
0.068 %, Balance Fe. 
Fig. 11—Effect of Chromium on the Ms Temperature of Stainless Steel. 
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plotted versus silicon content. Silicon lowers M, less than any of 
the other alloying elements. An average value of 50 °F/% Si was 
obtained from these data. 

The previous results are most conveniently summarized in the 
form of an equation enabling one to calculate the M, temperatures 
of 18-8-type stainless steels if the compositions are known. To 
establish a reference point from which to make corrections, an alloy 


Mg Temperature °F. 





Manganese % 
Corrected toa Nominal Composition of 122% Cr, 
10.1% Ni, 0.43 % Si, 0.072% C +N, Balance Fe. 


Fig. 12—Effect of Manganese on the Ms 
Temperature of Stainless Steel. 


was selected that had an M, temperature of 0°F and a nominal 
composition in about the middle of the composition range investigated. 


Element Wt. % 
Ce: swage bs agbbuus bbe cbe 14.6 
DONE Gls s stewa Kb v0 EMAAR 8.9 
IS, ws cue pean s Weel iam 1.33 
Re ere ats vues sewn 0.47 
Carbon + Nitrogen ............. 0.068 
SE iin Scans sia wad tek acme Balance 
Within the compositional limits in weight per cent of 
10to18 chromium 0.004 to 0.12 carbon 
6to12_ « nickel 0.01 to 0.06 nitrogen 
0.6 to 5.0 manganese Balance iron, 


0.3 to 2.6 silicon 
it has been assumed for simplicity that the M, temperature is a 
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linear function of each alloying element and that the effect of each 
element is additive and independent of the level of the other elements. 
The M, temperatures in degrees Fahrenheit for alloys in the compo- 
sition range studied are then given approximately by the following 
equation in which compositions are expressed in weight per cent: 


M, = 75 (14.6-Cr) + 110 (8.9-Ni) + 60 (1.33-Mn) + 
50 (0.47-Si) + 3000 (0.068-[C + N] ) 


-100 


M, Temperature °F 





-300 


Corrected to a Nominal Composition of 10.4% Cr, 
12.1% Ni, 1.38% Mn, 0.063% C+N, Balance Fe 


Fig. 13—Effect of Silicon on the Ms 
Temperature of Stainless Steel. 


The M, temperatures were calculated for twenty-five of the heats 
using the above equation containing the five correction factors for 
chromium, nickel, manganese, silicon, and carbon plus nitrogen. 
These data were then plotted in Fig. 14 against the measured M, 
temperatures and show an average deviation of only 37 °F in the 
calculated from the measured values. It was previously pointed out 
that the reproducibility of the M, temperatures in a given specimen 
was +10 to 20°F as determined by the procedure followed in this 
investigation. The accuracy of the chemical analysis also has a con- 
siderable effect on the M, temperature, as may be seen by applying 
the above factors to the limits of error of the analyses estimated by 
the analytical laboratory. 


Typical Limit of Possible Variation 
Composition Error in M, Due to Error 
Element Per Cent Per Cent in Analysis, °F 

Chromium 13 +0.1 7 
Nickel 9 +0.04 +4 
Manganese 1.3 *+0.05 +2 
Silicon 0.5 +0.01 4 
Carbon 0.04 +0.01 +30 
Nitrogen 0.04 +0.005 +15 


In Table I, for example, although Heats 6697 and 6699 are prac- 
tically identical in composition, there is a difference of 24 °F in the 
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Calculated Mg Temperature °F 





-500 -400 -300 -200 -i00 0 100 200 
Measured Ms Temperature °F 


Fig. 14—Measured Ms Temperature Versus Ms Calculated by 
the Equation: Ms = 75 (14.6—Cr) + 110 (8.9-Ni) + 60 (1.33—-Mn) 
+ 50 (0.47-Si) + 3000 (0.068-[C + N] ). 


M, temperatures. The M, temperature could be determined more 
accurately by electrical resistance measurements, but the data did not 
warrant greater accuracy in view of the effect chemical analysis alone 
has on the results. 

Data pertaining to the effect of composition on the M, tempera- 
ture would not be complete without including the effect of carbide 
precipitation. Alloys of high and low carbon were selected for study. 
The nitrogen contents of all the heats studied have been assumed to 
be within the solubility limit of nitrogen in stainless steels. The 
aging treatments employed were 1 hour at 1460°F (795°C) and 
2 hours at 1200 °F (650°C). Thermal contraction curves obtained 
for specimens aged at 1200 °F and specimens aged at 1460 °F are 
shown in Figs. 1 to 7. M, temperatures observed after aging are 
recorded in Table ITI. 

The removal of carbon and chromium from solid solution and 
the precipitation of these elements at the grain boundaries as chro- 
mium carbide during aging at these temperatures produced an in- 
crease in the M, temperature that varied with the amount of carbide 
precipitated. Aging an alloy such as Heat 6625V with carbon content 
below the solubility limit at 1200°F (650°C) does not affect the 
M, temperature. Careful examination of the contraction curves of 
the alloys containing 0.023 to 0.027% carbon will show that these 
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Table Il! 


Effect of Carbide Precipitation a Aging Treatments on the M; Temperatures 
of Chromium-Nickel Stainless Steels 





———Meeasured Ms Temperatures, °F ———————_, 
Weight 2000 °F, 2000 °F,* 
Per Cent 2000 °F 1460 °F— 2000 °F 1200 °F— 
Heat No. Carbon 15 Min. 1 Hr. 15 Min. 2 Hrs. 
6625V 0.011 —50 a cael —54 
6694 0.023 +114 +104 +112 +156 
6695 0.105 —82 +144, +156* —97 +120 
6696 0.025 +174 te a's +224 
6697 0.027 +156 +226 ? +162 +210 
6699 0.026 +132 +236 +112 +154 
6700 0.107 —78 +160 wis +92 
6909 0.032 —55 —40 —60 +40 
6939 0.030 —18 ies ais +36 
6940 0.034 +32 eeu +36 +100 





*6 Hours at 1460°F. tfCooled to aging temperature from 2000 °F without holding. 


contents are approximately the solubility limit for carbon in stainless 
steels at 1460 °F (795°C). Hence, in Heat 6695 (Fig. 5), it should 
be theoretically possible to precipitate 0.080% carbon as chromium 
carbide from solid solution by long holding at 1460°F. When the 
correction factors for chromium and carbon are both considered, it 
is estimated that precipitation of Cres3Cg, as occurs in stainless steels 
(9), should raise the M, temperature 4250 °F/% C precipitated. 
For the above example, this amounts to 340°F. Experimentally, 
the increase in M, was found to be 253 °F, which is in satisfactory 
agreement with the calculated value, considering the fact that 6 hours 
at 1460 °F is obviously insufficient to permit much chromium diffu- 
sion from the centers of the grains toward the boundaries which were 
depleted of chromium by carbide precipitation, and is probably even 
too short to reduce the carbon content throughout the grain to its 
equilibrium solubility. The sensitivity of this method of detecting 
small changes in the carbon content in solid solution should be a 
useful tool for measuring carbon solubility. 


CONCLUSIONS 


M, temperatures of twenty-five heats of stainless steel of selected 
composition have been determined in order to evaluate the effect 
of each alloying element in suppressing the austenite-to-martensite 
transformation. The conclusions. based on these data are limited to 
alloys that fall within the following composition limits in weight 


per cent: 
10to18 chromium 0.3 to 2.6. silicon 
6tol2 nickel 0.004 to 0.12 carbon 
0.6 to 5.0 manganese 0.01 to 0.06 nitrogen 


Balance iron 


1. The relative effectiveness of the elements in lowering the M, 
temperature increases in the following order: silicon, manganese, 
chromium, nickel and carbon or nitrogen. 
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2. The effect of the alloying elements in weight per cent on the 
M, temperature in degrees Fahrenheit can be calculated approxi- 
mately with the equation: M, = 75 (14.6—-Cr) + 110 (8.9-Ni) + 
60 (1.33—Mn) + 50 (0.47 — Si) + 3000 (0.068-[C-+-N]). 

3. The nickel equivalents of silicon, manganese, chromium, 
carbon and nitrogen are 0.45, 0.55, 0.68, 27, and 27, respectively. 

4. The precipitation of carbides results in an increase in the M, 
temperature which varies with the amount of carbon and chromium 
removed from solid solution. 

5. M, changes caused by carbide precipitation can be used as a 
sensitive means for determining the solubility of carbon in stainless 
steel. 
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DISCUSSION 


Written Discussion: By W. S. Eberly, Metallurgical Department, 
Carpenter Steel Co., Réading, Pa. 

The authors are to be commended for devising and applying a rapid 
and easy experimental procedure for studying the transformation of an 
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iron-chromium-nickel austenite (face-centered cubic lattice) to a ferritic 
(body-centered cubic lattice) type of iron-chromium-nickel structure. The 
empirical formula derived in their discussion of results applies well to the 
analysis limits considered in this work. Their element equivalents agree 
well with those already published. 

In reviewing the data presented in this paper, the thought was kept 
in mind as to how well the results would agree with published literature 
associated with the stability of iron-chromium-nickel austenite at room 
temperature when subjected to cold work. 

Data published in the authors’ paper indicate that the elements car- 
bon, nitrogen, nickel, manganese, silicon and chromium lower the M, tem- 


A-Factor Vs Ms-Temperature 
Post and Eberly Analyses 


A- Factor 





200 =«=100 0 -100 -200 -300 -400 -500 
Ms-Temperature °F 


Fig. 15—-Delta Factor Versus Ms Temperature. Post and Eberly analyses. 


perature for all analyses within the ranges studied in this work. Even 
though the elements chromium and silicon are generally assumed to be 
ferrite-forming elements, they will lower the M, point as long as the 
chromium plus silicon percentage, expressed as chromium alone, does not 
exceed 20%. That is to say, these analyses fall on the lower side of the 
knee in the phase diagram. 

These data were compared with the work of Post and Eberly.? For 
comparing the data, analyses studied in each undertaking were expressed 
in the M, value and A value. 

When plotting the M, values versus the A values, for en chemical 

" 

analyses shown in the paper by Post and Eberly, the comparison is a fairly 
good linear relationship, as shown in Fig. 15. The comparison of Eichel- 
man and Hull M, values versus A values does not produce a good linear 
relationship. When the analyses are broken into their respective groups 
for the variables studied, such as 12% Cr-—variable Ni, 14% Cr - variable 
Ni, variable carbon and variable manganese, one finds that a degree of 
linearity is established with lines at different levels. Is there an explana- 
tion for this behavior? See Fig. 16. 


°C. B. Post and W. Ebefly, “Stability of Austenite in Stainless Steels’, Transac- 
trons, American Society = Metals, Vol. 39, 1947, p. 868. 
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A-Factor 
Vs 
Ms-Temperature 
Eichelman Jr. and Hull 
Analyses 


A- Factor 
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Fig. 16—-Delta Factor Versus Ms Temperature. Eichelman, Jr., and Hull analyses. 


Even though a slow cooling rate, of the order of 4°F, or less, per 
minute, was employed in this study, it would be very interesting to have 
i knowledge of whether rates of the order of 1°F per hour, or lower, 
‘ould produce the same results. 

Another point of interest would be a knowledge of the magnetic sus- 
eptibility of the various specimens after the test. Actually, it is assumed 
hat the higher the M, point, the higher the magnetic susceptibility, pro- 
iding all specimens were cooled to the same temperature when studying 
ie expansion properties. 

Written Discussion: By A. J. Lena and J. A. Ferree, Research Labo- 
tory, Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

The data which the authors have presented should find considerable 
e in the evaluation of the stability of the common stainless steels and 
| the development of new alloys. We were particularly glad to see that 
he influence of nitrogen was taken into consideration, for it has been an 
| too common practice in the past to neglect this element and its effect 
1 the structural stability and properties of stainless steels. We would 

like to ask the authors if they have investigated the influence of grain 
-ize on the M, peint. This was not a factor in this paper because the ini- 
tial homogenization temperature produced a coarse grain size (ASTM No. 
\-2) which should have remained constant throughout subsequent heat 
treatments. In general, we are more interested in the properties of fine- 
grain steels, and it has been shown by other investigators that decreasing 
the grain size depresses the M, point. Conceivably, this could introduce 
an error in the M, calculation for a fine-grain steel from the equation 
which Eichelman and Hull have derived. The effect, however, may be 
quite small and perhaps the error would be less than that introduced by 
errors in chemical analysis. 

The rise in the M, temperature accompanying the precipitation of 
carbides may account for some of the changes in properties which have 
been attributed to age hardening in some of the so-called age hardening 
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stainless steels. The alloys, for the most part, are borderline compositions 
which are essentially austenitic after a “solution heat treatment”. Subse- 
quent aging is carried out in the temperature range where carbide precipi- 
tation can occur. After aging, these materials show a considerable increase 
in hardness and become strongly magnetic. 

An example of such an alloy is a modified Type 431 alloy containing 
0.093% carbon, 16.92% chromium, 4.02% nickel, 2.29% molybdenum and 
0.05% nitrogen. Fig. 17 shows the relationship between hardness and 
hardening temperature for this alloy when heated for % hour at tempera- 


420 


Hardness Vs. Hardening Temperature 
for 431 + Mo Alloy 
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Fig. 17—Hardness Versus Hardening Temperature for 431+ Mo Alloy 


ture and air-cooled to room temperature. The rapid decrease in hardness 
at 1800 °F is due to solution of carbides with a resultant lowering of the 
M, temperature to below room temperature. The alloy in this condition is 
essentially nonmagnetic as measured with a hand magnet, whereas it is 
strongly magnetic when cooled from temperatures below 1800°F. The 
effect of aging time at 1300 °F on the room temperature hardness of speci- 
mens previously annealed at 1800°F is shown in Fig. 18. The hardness 
begins to increase after aging for as short a time as 2 minutes and reaches 
a maximum in 10 minutes or less. “The structure of this alloy which prior 
to aging was almost completely austenitic is now essentially martensitic 
(with some free ferrite), as can be seen in Fig. 19. The carbide precipita- 
tion which occurs during this short-time aging appears to be primarily at 
grain boundaries, as was observed by Eichelman and Hull, and this fact 
raises an interesting academic question. In the short aging time of 10 min- 
utes at 1300 °F, it is not conceivable that carbon and chromium would dif- 
fuse sufficiently fast to achieve homogeneity, and therefore the centers 
of the grain should have a lower M, temperature than the grain bound- 
aries. However, the martensite forms throughout the grains as shown in 
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Fig. 18—Hardness Versus Aging Time at 1300 °F for 431+ Mo Alloy 
Initially Annealed at 1800 °F. 





Fig. 19—431 + Mo Alloy Annealed at 1800 °F, % Hour, Air-Cooled, and Aged for 
10 Minutes at 1300 °F. 


Fig. 19. Does this mean that martensite is being nucleated at the grain 
boundaries where the M, point is above room temperature, in which case 
the martensite shear must carry it through the grain where the composi- 
tion is such that the M, point is normally below room temperature, or does 
it mean that the M, point is raised by the precipitation of submicroscopic 
carbides within the grain? 
We have also found that the cooling rate from the annealing temper- 
ature has some effect on the M, temperature. When the 431 + Mo alloy is 
air-cooled from 1800°F, the hardness is 200 BHN and the alloy is non- 
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magnetic; but when water-quenched to room temperature, the hardness 
is 250 BHN and the alloy is moderate’'y magnetic. This perhaps could be 
explained on the basis of stabilization of the austenite by air cooling 
with a subsequent decrease in M, or that the stresses produced by water 
quenching produce a partial trans‘ormation of the austenite. 

Written Discussion: By A. E. Nehrenberg, supervisor, Research Lab- 
oratory, Crucible Steel Company of America, Harrison, N. J. 

It is now well known that the M, temperatures of low alloy construc- 
tional steels can be calculated from composition, provided there are no 
residual carbides at the austenitizing temperature. The present paper rep- 
resents what I believe to be the first attempt to extend such calculations 
to stainless steels of the 18-8 type, and I should like to congratulate the 
authors for their pioneering work. 

The factors proposed by the authors for the various elements except 
manganese are about twice as large as those which apply to low alloy 
steels.* I recognize the fact that the effect of an element on the M, tem- 
perature is not necessarily linear over a very wide range of composition, 
but I would expect the factors to be smaller, rather than larger as the 
authors’ data would seem to suggest, when the concentration of an element 
is increased to relatively high levels. 

In the case of carbon, for example, Grange and Stewart‘ in the closure 
of their paper have shown that above about 0.9% the effect of carbon on 
the M, temperature departs from linearity. The factor for carbon de- 
creases with increasing carbon above 0.9%. Also, at the 12% chromium 
level the factor for chromium amounts to 25 °F/1% Cr*® compared with a 
factor of 40 for lower levels of chromium.’ 

Rickett and his associates® recently published data on the effect of 
variations in carbon in the range 0.02 to 0.16% on the M, temperature of 
12% chromium steels, and concluded that for this range of carbon the fac- 
tor amounts to 1355°F/1% C. In similar work carried out in our own 
laboratory we have confirmed that the carbon factor for 12% chromium 
steels of low carbon content is of this order of magnitude. The authors’ 
factor for variations in carbon in this range on the M, temperature of 
18-8-type stainless steels is about twice this value. 


It may be that the authors’ factors are high because they reflect not 
only an effect on the true M, temperature, but, in addition, an effect on 
the amount of stabilization occurring during cooling at the constant rate 
employed in their experiments. Stabilization during cooling above the M. 
temperature can proceed very rapidly as Klier and Troiano have reported.’ 
In their work, in which a metallographic technique was employed, special 
precautions were necessary to assure that stabilization was avoided in their 
determination of M, temperatures for chromium steels of varying carbon 


8P. Payson and R. A. Grange, ““The Temperature Range of Martensite Formation in 
Steel’, ASM Metats Hanpsook, 1948 Edition, p. 611-612. 
*R. A. Grange and H. M. Stewart, ‘““The Temperature Range of Martensite Formation’’, 


riehaen American Institute of Mining and Metallurgical Engineers, Vol. 167, 1946, 
46 1 


~~. 5R. L. Rickett, W. F. White, C. S. Walton and J. C. Butler, “Isothermal Transforma- 
tion, 


Hardening, and Tempering of 12% Chromium Steel”, Transactions, American Society 
for Metals, Vol. 44, 1952, p. 138-175. 


®A. E. Nehrenberg discussion,of. Reference 2. 


TE. P. Klier and A. R. Troiano, “‘Ar’ in Chromium Steels’, Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 162, p. 175-185. 
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content. In fact, in the case of one of their alloys, Klier and Troiano re- 
ported that stabilization occurred so rapidly that they were not able to 
obtain what they considered to be a reliable M, temperature for one of 
their alloys. 

The possibility that stabilization might have occurred during the 
authors’ experiments could be checked by ascertaining the effect of cool- 
ing rate on the M, temperature. If the M, temperature is independent 
of cooling rate, it can be concluded that stabilization is absent. Do the 
authors have any data on the effect of cooling rate on the M, temperature 
of the steels studied? 

Finally, since martensite can be formed in 18-8-type stainless steels 
by plastic deformation at temperatures above the M., and since cold work- 
ing is commonly employed in the fabrication of steels of this type, will 
the authors elaborate on their comments concerning the practical value of 
a knowledge of the M, temperatures obtained for some definite cooling 
rate? Would not a knowledge of the Ma temperatures, that is, the tem- 
peratures above which martensite cannot be formed by plastic deformation, 
be more useful? 


Written Discussion: By J. J. Heger, research associate, United States 
Steel Co., Pittsburgh. 

The equation determined by Messrs. Eiche!man, Jr., and Hull for the 
M, temperature in 18-8 type of stainless steels will be quite useful to those 
who are engaged in developing age-hardenable stainless steels. Many of 
these steels must undergo an austenite-to-martensite transformation be- 
jore an aging reaction occurs, and quantitative data on the effect of com- 
position on the temperature at which this transformation takes place have 
een needed. We hope that the authors plan to continue their studies and 
obtain quantitative information on the effect of other elements such as 
‘\itanium, molybdenum, aluminum and columbium and also extend their 
studies so as to include the determination of the Mr temperature. 

We are, indeed, pleased to note the good correlation illustrated in 
Hig. 14 between the calculated M, temperature and the measured M, tem- 
perature. However, we believe that this correlation may be somewhat mis- 
‘leading because the heats represented in Fig. 14 are the heats from which 
data were obtained to establish the M, equation. We suggest that the au- 
thors determine the correlation between the calculated and measured M, 
temperatures on a number of additional heats. Until this is done we must 
consider the authors’ equation as being only approximate. 


Authors’ Reply 


The authors appreciate the interest of the persons who contributed to 
the value of the paper through their constructive discussions. Some of the 
questions raised can be answered; others will require further investigation 
by workers in this field. 

The authors have no explanation for the good agreement between the 
A-Factor and M, for Post and Eberly’s steels (Fig. 15) and the relatively 
poor agreement between the A-Factor and measured M, for the steels of, 
this paper (Fig. 16). * 

Magnetic susceptibility was not determined in the course of our inves- 
tigation. The specimens were not all cooled to the same temperature dur- 
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ing the dilatometer runs, so that measurements on the samples now would 
not be significant. 

Mr. Eberly asked about the effect of rates of cooling less than 1°F 
per hour on My. Kulin and Speich*® published results on isothermal trans- 
formation studies of one of our steels, Heat 6865. With a cooling rate of 
1 to 2°C per minute, the M, temperature was —7°C. A specimen was 
cooled at this rate to —5°C without transformation, reheated to room 
temperature, cooled to —1.5°C and held. Fig. 8 of their paper shows the 
isothermal transformation of martensite that occurred above M,. Thus, 
in this Cr-Ni stainless steel, it appears that an extremely slow cooling rate 
would result in a slightly higher observed M, temperature and not a much 
lower M, as might be expected from stabilization effects that occur in 
chromium steels, as described in Mr. Nehrenberg’s discussion. 

The M, temperature of Heat 6694 was determined dilatometrically for 
several cooling rates with the following results: 


Cooling Rate Between 


200 and 100 °F, Ms puggrore 
°F /min. ° 
2 107 
4 114 
& 118 
20 95 


At least in the range of cooling rates from 2 to 20°F per minute, there is 
no evidence of stabilization of austenite at the slower rates. 

There is another aspect of cooling rate that is related to internal 
stresses, and their effect on martensite formation, rather than to stabili- 
zation. An example of this is cited by Dr. Lena and Mr. Ferree. Mr. G. 
H. Eichelman and Dr. K. Goldman, at our laboratory, have determined the 
effect of quenching velocity from the annealing temperature on the M, 
temperature in 0.10-inch diameter wires of Heat 6865. Cooling from room 
temperature to the M, transformation was at a rate of 3°F per minute. 
As illustrated in Fig. 20, higher residual stresses resulting from a drastic 
quench can raise the M, by as much as 30°F, as has also been observed 
by Kulin, Cohen and Averbach.’ 

Dr. Lena and Mr. Ferree properly point out that grain size has an 
influence on the M, temperature. This effect has been investigated on 
wires of Heat 6865 using an electrical resistance method for determining 
M,. As shown in Fig. 20, decreasing grain size lowers M, about 8 °F for 
every ASTM Grain Size Number. 

The rapid increase of room temperature hardness of the 431+ Mo 
alloy when aged at 1300°F would indeed lead to nonuniform composition 
throughout the grains. We favor the view that martensite forms first at 
the carbon and chromium depleted grain boundaries and that stresses pro- 
duced by this transformation induce further martensite formation through- 
out the grains. 

Mr. Nehrenberg has asked for an elaboration of the practical value of 
M, temperatures, since in cold fabricated steels a knowledge of the Ma 
temperatures would be more useful. On the basis of some information in 


8S. A. Kulin and G, A. Speich, “Isothermal Martensite Formation in an Iron-Chromium- 
re — Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 
p. e 


%S. A. Ea Morris Cohen” and B. L. Averbach, “Affect of Applied Stress on the 
Martensite Transformation”, Journal of Metals, June 1952, p. 661. 
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the literature, we now believe that there is a correlation between M, and 
Ma. Bloom, Goller and Mabus” determined a “cold work hardening fac- 
tor” (related to the area under a stress-strain curve) of a variety of stain- 
less steels in compression. When this factor is plotted versus M, temper- 
ature calculated by our formula, there is a break in the curve at 500 to 
600 °F below room temperature. If the calculated M, is more than about 
600 °F below room temperature, the only effect of plastic deformation is 
work hardening of the austenite. If the M; is less than 600 °F below room 
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Fig. 20—The Effect of Annealing Temperature and 


Quenching Rate on the Ms Temperature of Stainless 
Steel. Heat 6865. 


temperature, plastic deformation results in both work hardening of austen- 
ite and transformation to martensite and an apparent increased rate of 
work hardening of the steel. This behavior indicates that M, is 500 to 
600 °F lower than Ma. 

Magnetic permeability data of Post and Eberly” for annealed stain- 
less steels show a sudden increase when M, calculated by our equation is 
higher than room temperature. For cold-worked steels the break is 650 °F 
below room temperature, confirming the above relationship between M, 
and Ma. 

Post and Eberly’s tensile data on steels cold-reduced 62.5% in thick- 
ness have been plotted versus calculated M, temperatures. For steels with 
0.04-0.07% C, the break is again 650 °F below room temperature. 

Ziegler and Brace” determined hardnesses of eleven compositions of 
stainless strip rolled to 75% reduction in thickness at room temperature 


~F. K, Bloom, G. N. Goller, P. G. Mabus, “The Cold Work Hardening Properties of 


rr any — in Compression” , TRANSACTIONS, American Society for etals, Vol. 39 
1947, 


+ ee 6 in paper. 
12Reference 1 in paper. 
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and at liquid nitrogen temperature. Breaks in hardness versus calculated 
M, curves occurred 600°F below the working temperature employed for 
rolling. 

M, temperatures of several stainless steeis have been given by Tisinai 
and Shortsleeve.” For compositions in which the carbon was completely 
soluble, the measured values agree reasonably well with those calculated 
by our equation. 

The fact that M, calculations on so many sets of data correlate well 
with experimentally determined M, and Ma temperatures gives us added 
confidence in the utility of the equation, although more exhaustive tests 
may require revision of some of the coefficients. To a first approximation 
it appears that the effect of elements on Mag is similar to their effect on M, 
and that Ma is about 600 °F higher than M.g. 


18Discussion of Reference 8 in paper. 














AUSTENITE STABILITY AND CREEP-RUPTURE 
PROPERTIES OF 18-8 STAINLESS STEELS 


By Jack K. Y. Hum anp Nicuotas J. GRANT 


Abstract 


Two series of simple unstabilized 18-8 chromium- 
nickel steels were tested, one a carbon series from 0.001 
to 0.18% and the second a nitrogen series from 0.005 to 
0.176%. The effect of these composition changes on the 
structure and the effect of structure on the creep-rupture 
properties were then studied. Creep-rupture tests were 
run from 1000 to 1300°F (540 to 705°C) for rupture 
times of 3 seconds to about 1000 hours. Over these 
carbon and nitrogen ranges large differences in rupture 
strength and creep resistance are noted, the rupture 
strength going through a minimum and the creep rate 
through a maximum. The effects of carbon and nitrogen 
are compared and assist in explaining the strength theory 
proposed. In these unstabilized steels, the amount of car- 
bide or nitride is shown to be the most important strength- 
ening effect in the usual carbon and nitrogen ranges. 


HE need to understand better the constitution of 18—8-type stain- 

less steels and the stability of the various structures as a function 
of time, temperature, and strain is great. The expansion of the jet 
engine, gas turbine and allied fields calls for utilization of the lower 
alloyed steels of practical high temperature significance. There is 
little doubt that the quantities of cobalt, nickel, molybdenum, colum- 
bium, tungsten and other elements for large-scale turbine production 
cannot be obtained. Accordingly, more judicious application of lower 
alloyed steels must be the answer; but this can be accomplished only 
if the effects of composition on structure and the effects of structure 
on the high temperature mechanical properties are much more com- 
pletely known. 

It was with this thought in mind that the present research as 
part of a more extensive program was undertaken. It was planned, 
first, to study the effect of composition on the constitution and sta- 
bility of the simple 18-8 steels and, secondly, to study the effect of 
the structure on the creep and stress-rupture properties. 





Based on a thesis submitted in partial fulfillment of the requirements for an Sc.D. degree. 
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EXPERIMENTAL PROCEDURE 


Because of the almost complete lack of data on the role of 
structure in the 18—8-type steels on the creep and stress-rupture be- 
havior in the temperature range 1000 to 1300 °F (540 to 705 °C) 
it appeared desirable to start with the most simple compositions. 
Accordingly, two series of 18-8 steels were made, namely: (a) a low 
nitrogen series of increasing carbon content from 0.001 to 0.18% 
carbon; (b) a low carbon series of increasing nitrogen content from 
0.005 to 0.176% nitrogen. 

Thirteen 6-pound ingots (numbers 6 to 21) and three 15-pound 
ingots (numbers 28 to 30) were induction-melted under helium to 
control nitrogen pick-up and to decrease oxidation losses. Two 
10-pound high purity vacuum-melted ingots (numbers 31 and 33) 
were supplied by the National Research Corporation. 

Because of the current interest in the extra low carbon stainless 
steels, one heat of Ele 304 (Heat 32) was included, and was ob- 
tained from the U. S. Steel Co. as %-inch forged bars. 

Table I lists the heat analyses. The nitrogen values were ob- 
tained by wet methods. Manganese and silicon were each less than 
0.10% and are not carried in the table. 

All ingots were forged to %-inch rounds at a maximum temper- 
ature of 2200°F (1205°C). Creep-rupture bars with a 0.25-inch 
diameter by 1.25-inch gage length were machined from these bars. 


Table I 
Compositions of 18-8 Carbon and Nitrogen Series 


Carbon Series Nitrogen Series 





Heat — Per Cent, —— Per Cent ——~——__,, 
Jo. C Ne Cr Ni Heat No. Ne : Cer Ni 
18 0.18 0.040 19.25 7.86 6,7,14* 0.176 0.036 18.85 7.87 
30 0.14 0.049 19.47 7.83 8 0.132 0.032 18.97 7.88 
16 0.12 0.050 19.26 8.03 9 0.097 0.036 18.78 7.88 
29 0.067 0.029 18.74 7.68 10 0.067 0.030 18.42 7.92 
15 0.050 0.035 18.69 7.82 3, 33° 0.050 0.035 18.96 7.93 
33 0.038 0.004 19.40 8.00 33 0.004 0.038 19.40 8.00 
31 0.001 0.005 16.54 9.07 31 0.005 0.001 16.54 9.07 


Ele Type 304 (Heat 32): 18.57% Cr, 10.20% Ni, 0.036% C, 0.034% Ne. 


*These heats were so close in composition for all elements that they could be grouped. 


Prior to creep-rupture testing, all bars were solution-treated for 
1 hour at 2050 °F (1120 °C) followed by a water quench. 

Creep-rupture tests were run in equipment previously described, 
which more than adequately meets ASTM specifications. The creep- 
rupture tests were conducted at temperatures of 1000, 1200 and 1300 
°F (540, 650 and 705°C). This is the temperature range of maxi- 
mum interest for load-carrying applications for the 18-8 steels and 








ee 
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also the range in which the ferrite is the least stable. Creep-rupture 
tests were run at stresses which yielded rupture times from about i 
0.001 to 1000 hours. 

The complete program of testing was as follows: 

1. After solution treatment, samples from each heat were 
checked at room temperature for ferrite and austenite contents by 
means of magnetic measurements, X-rays, and metallography. 

2. Solution-treated samples from each alloy were heated in 
sealed Vycor tubes for 1560 hours at 1000°F (540°C), for 1000 
hours at 1200 °F (650°C), and for 700 hours at 1400 °F (760°C). 
They were then checked for ferrite and austenite contents by the same 
three methods listed above, at room temperature. 

3. Solution-treated samples from each heat were cold-worked 
30%. They were then heated in the same way for the same times 
and temperatures and checked for ferrite and austenite as in items 
1 and 2. : 

4. Specimens were tested in creep-rupture as discussed above 
and were then checked for ferrite and austenite at room temperature 
by the usual X-ray, magnetic and metallographic means. 

After each creep-rupture test, one piece of the specimen was 
heavily electropolished to remove the oxide skin and also to remove 
he outer worked surface which may have resulted from handling. 
Che polished specimen was then mounted in a Norelco X-ray spec- 

rometer, in a holder similar to one described by Norton (1).1 The 
nly modification was to increase the rotational speed of the specimen 
0120rpm. This high speed made it possible to obtain a fair average 
alue of ferrite, since it was discovered from the initial tests that 
here was a difference in ferrite content in different areas around the 
eriphery of the specimen. Chromium radiation was used in all 
neasurements. The specimen was so placed in the apparatus that 
he X-ray beam would strike the uniformly elongated section instead 
if the fracture zone, since excessive necking at the point of fracture 
vould influence the readings unduly. The (110) line was used to 
measure the ferrite, whereas the (111) line was used to measure the 
retained austenite (1-4). 

The X-ray determinations were used as the primary measure of 
the quantities of ferrite and austenite present. To determine if simple 
magnetic measurements were of any value, a Magnegage, which 
registers the pull required to remove a calibrated magnet from the 
surface of the specimen, was utilized. To calibrate the Magnegage, 
compacts of mixed iron and copper powders were prepared and 
checked by X-ray measurements. Values of ferrite versus dial read- 
ing of the Magnegage were then obtained for three magnets which 
permitted virtually ‘complete coverage from O to 100% ferrite. 





'The figures appearing in parentheses pertain to the references appended to this paper. 
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Measurements were made both near the fracture as well as on the 
uniformly elongated section. Except in the case of the very short- 
time creep-rupture tests, the X-ray and Magnegage values for ferrite 
were uniformly different by a value of about 10 to 15%, the Magne- 
gage giving in all instances the higher values of ferrite. Lineal 
analysis for ferrite was also tried but was completely unsuccessful. 


EXPERIMENTAL RESULTS 


Creep-Rupture Tests—Carbon Series—Fig. 1 shows the solution- 
treated structures of the carbon series of alloys which are representa- 
tive of the starting structures for the creep-rupture tests. Where 
100% austenite was obtained from X-ray measurements, the Magne- 
gage showed on!y about 97%. This is probably due to a small amount 
of surface ferrite due to polishing of the samples. From these photo- 


he 
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Fig. 1—Structures of Solution-Treated Alloys in Carbon Series. Water-quenched 
from 2050 °F. 15% oxalic acid, electrolytic etch. 100. (a)—Alloy 18, 0.18% carbon, 
0.04% nitrogen, 100% austenite. (b)—Alloy 16, 0.12% carbon, 0.05% nitrogen, 100% 
austenite. (c)—-Alloy 15, 0.05% carbon, 0.035% nitrogen, 97% austenite. 
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Fig. 2—Log-Log Plot of Stress Versus Rupture Life for Alloy No. 31, 
1000, 1200 and 1300 °F. 


Stress, |OOOpsi 
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Fig. 3—Log-Log Plot of Stress Versus Rupture Life for Alloy No. 
30, 1000, 1200 and 1300 °F. 


micrographs and those of Fig. 7, it is evident that the grain size from 
alloy to alloy was quite uniform. 

Figs. 2 and 3 show typical log stress —log rupture-life plots for 
two of the carbon series alloys. Such plots were obtained for all of 
the alloys in the carbon series but, for the sake of brevity, are not 
included here. All of the stress-rupture tests are summarized in 

| Fig. 4, showing the relationship among the various carbon alloys at 
| all three test temperatures. 





110 TRANSACTIONS OF THE A.S.M. Vol. 45 


5 sere 


ee ae 


Stress, |OOOpsi 





io" ~=6107*)~—s 107! | 10 102 105 10% 
Rupture Time-Hours 


Fig. 4—Summary Plot of Log Stress Versus Log Rupture Life 
for All "Casben Alloys at 1000, 1200 and 1300 °F. 


The best curve based on rupture-life values as well as on the 
nature of the deformation and fracture was drawn. In one or two 
instances, due to too few points, the curves were not capable of being 
drawn very accurately. This is especially true of those curves in 
Fig. 4 (also in Figs. 6, 8, and 9) which cover only a short range of 
rupture times. In all instances where the break in the curves is 
shown, it was definitely determined that intercrystalline cracking was 
present in the creep-rupture bar, and became more severe at higher 
temperatures and longer rupture life. 

Fig. 5 is a typical log-log plot of stress versus minimum creep 
rate, for Alloy 30. Again similar plots were obtained for all the 
alloys, and these are summarized in one master plot, Fig. 6, for the 


three test temperatures. __ 
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Creep-Rupture Tests—Nitrogen Series—In a similar way indi- 
vidual log-log data plots were obtained of rupture life and minimum 
creep rate against stress for the nitrogen series of alloys. The test 
temperatures again were 1000, 1200 and 1300 °F (540, 650 and 705 
°C). Typical solution-treated structures of nitrogen alloys are 
shown in Fig. 7. Two of these nitrogen alloys, 7 and 9, were 100% 
austenitic, whereas Alloy 11 showed 97% austenite. 


tress, \OOOpsi 


Heat 30 
0.1949 %C 
0.049%N, 






10 
0.0001 Q.00I 0.01 0.1 0.5 1 5 10 50100 1000 10,000 


‘Minimum Creep Rate - % per Hour 


Fig. 5—Log-Log Plot of Stress Versus Minimum Creep Rate for Alloy No. 30. 


Fig. 8 is the master plot summarizing the log stress — log rupture- 
' data at all three temperatures, and Fig. 9 is the master plot 
nmarizing the log stress—log minimum creep rate data for the 
1 trogen series of alloys. Fractures were of the high temperature 
1itererystalline type beyond the break in these curves. 
Effect of Carbon and Nitrogen on the Creep-Rupture Properties 
[f one selects various stress levels at each temperature from Fig. 4. 
1 such a way that the selected stresses intersect all curves beyond 
‘le equicohesive transition (the breaks in the curves shown in Fig. 4), 
one obtains the curves shown in Fig. 10. Fig. 10 shows the high 
temperature rupture life as a function of carbon plus nitrogen content 
ior the carbon series of alloys for selected values of stress and tem- 
perature. The small and fairly constant nitrogen content of the car- 
bon series of alloys gave smoother curves when added to the carbon 
content. It will be shown later that there is valid reason to add the 
carbon and nitrogen at low values of either element in each series. 
It is extremely interesting to note the minima in the curves of 
Fig. 10. The actual minimum shifts to a higher carbon (plus nitro- 
gen) value with decreasing stress (longer rupture life). From this 
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Fig. 4—Summary Plot of Log Stress Versus Log Rupture Life 
for All Carbon Alloys at 1000, 1200 and 1300 °F. 


The best curve based on rupture-life values as well as on the 
nature of the deformation and fracture was drawn. In one or two 
instances, due to too few points, the curves were not capable of being 
drawn very accurately. This is especially true of those curves in 
Fig. 4 (also in Figs. 6, 8, and 9) which cover only a short range of 
rupture times. In all instances where the break in the curves is 
shown, it was definitely determined that intercrystalline cracking was 
present in the creep-rupture bar, and became more severe at higher 
temperatures and longer rupture life. 

Fig. 5 is a typical log-log plot of stress versus minimum creep 
rate, for Alloy 30. Again similar plots were obtained for all the 
alloys, and these are summarized in one master plot, Fig. 6, for the 
three test temperatures. 
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Creep-Rupture Tests—Nitrogen Series—In a similar way indi- 
vidual log-log data plots were obtained of rupture life and minimum 
creep rate against stress for the nitrogen series of alloys. The test 
temperatures again were 1000, 1200 and 1300 °F (540, 650 and 705 
°C). Typical solution-treated structures of nitrogen alloys are 
shown in Fig. 7. Two of these nitrogen alloys, 7 and 9, were 100% 
austenitic, whereas Alloy 11 showed 97% austenite. 
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Fig. 5—Log-Log Plot of Stress Versus Minimum Creep Rate for Alloy No. 30. 


Fig. 8 is the master plot summarizing the log stress — log rupture- 
‘e data at all three temperatures, and Fig. 9 is the master plot 
immarizing the log stress—log minimum creep rate data for the 
i trogen series of alloys. Fractures were of the high temperature 
itercrystalline type beyond the break in these curves. 
Effect of Carbon and Nitrogen on the Creep-Rupture Properties 
-If one selects various stress levels at each temperature from Fig. 4. 
1 such a way that the selected stresses intersect all curves beyond 
the equicohesive transition (the breaks in the curves shown in Fig. 4), 
ne obtains the curves shown in Fig. 10. Fig. 10 shows the high 
temperature rupture life as a function of carbon plus nitrogen content 
ior the carbon series of alloys for selected values of stress and tem- 
perature. The small and fairly constant nitrogen content of the car- 
bon series of alloys gave smoother curves when added to the carbon 
content. It will be shown later that there is valid reason to add the 
carbon and nitrogen at low values of either element in each series. 
It is extremely interesting to note the minima in the curves of 
Fig. 10. The actual minimum shifts to a higher carbon (plus nitro- 
gen) value with decreasing stress (longer rupture life). From this 
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Fig. 6—Summary Plot of Log Stress Versus Log Minimum 
Creep Rate for All Carbon Alloys at 1000, 1200 and 1300 °F. 


plot, it is evident that the very lowest carbon plus nitrogen alloy is 
the strongest, this superiority becoming more obvious as the stress 
decreases or a$ the temperature increases up to 1300°F (705 °C). 
In the range of 0.006 to about 0.097% carbon plus nitrogen, depend- 
ing on stress and temperature, the strength is the lowest. As the 
carbon (plus nitrogen) increases to values greater than about 0.09, 
the rupture life at all temperatures increases, then tends to level off 
at the higher carbon values. 

Fig. 11 is a similar plot for the nitrogen series of alloys, based 
on selected temperatures and stresses from Fig. 8. Again, as in the 
carbon series (Fig. 10), there is a minimum in rupture life at inter- 
mediate values of nitrogen {plus carbon), with the very low nitrogen 
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Fig. 7—Structures of Solution-Treated Alloys in the Nitrogen Series. Water- 
quenched from 2050°F. 15% oxalic acid, electrolytic etch. 100. (a)—Alloy 7, 
0.174% nitrogen, 0.032% carbon, 100% austenite. (b)—Alloy 9, 0.097% nitrogen, 


0.036% carbon, 100% austenite. (c)—Alloy 11, 0.05% nitrogen, 0.029% carbon, 97% 
austenite. 


plus carbon alloy being very strong. The higher nitrogen alloys, as 
is true of the carbon alloys, increase in strength with increasing 
nitrogen (plus carbon) beyond the minimum values. Table II lists 
the rupture-life values (taken from the individual log stress versus 
log rupture-life curves for each alloy) used in obtaining Figs. 10 and 
11. These individual point values were not shown, to avoid con- 
fusion among the many curves and points. 

It will be noted from Table II that the minimum in the rupture- 
life curves shown in Figs. 10 and 11 does not occur for any one alloy. 
Depending on the selected stress and temperature, the minimum rup- 
ture life is shown for alloys with up to 0.097% carbon plus nitrogen 
or nitrogen plus carbon. Furthermore, the minimum is determined 
by more than one point in most instances. This lends support to the 4 
evidence that the noted minima are not based on the erratic behavior ; 
of any one particular alloy in these two series of alloys. | 
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Table ll 
Rupture-Life Values at Selected Temperatures and Stresses Represented in Figs. 4 and 8. 
These Values Used to Determine Curves of Figs. 10 and 11 
-—At 1000 °F—, r~At 1200 °F—, -—At 1300 °F—, 
Alloy C+ Ne 50,000 40,000 30,000 20,000 25,000 15,000 
No. % psi psi psi psi psi psi 

31 0.006 4.0* 60.0* 7.0 750.0 4.5 750.0 
33 0.042 8.0 75.0 2.0* 130.0 0.6* 50.0 

15 0.085 16.0 250.0 3.5 50.0* 1.0 20.0* 
29 0.096 13.0 180.0 4.0 55.0 1.4 30.0 
16 Give. inane 2 oe pare >: geen 1.7 45.0 
30 0.189 210.0 2800.0 11.0 320.0 3.7 130.0 
18 0.220 270.0 3000.0 14.0 500.0 4.0 150.0 

NITROGEN SERIES 

31 0.006 4.0* 60.0 7.0 750.0 4.5 750.0 
33 0.042 8.0 75.0 2.0* 130.0 0.6* 50.0 

11,13 0.085 tT 55.0 3.5 70.0 1.0 25.0* 
1 0.097 5.0 50.0* “ 50.0* 1.1 35.0 
9 0.136 35.0 250.0 2.5 55.0 

8 0.164 55.0 500.0 ene. tel 3.5 80.0 
6,7, 14 0.212 50.0 450.0 9.5 400.0 6.0 95.0 





*Italic figure represents the alloy with the lowest rupture life in the particular carbon 
or nitrogen series. 


tFractured on loading. Rupture life less than 0.001 hour. 


Figs. 12 and 13 show the effect of carbon (plus nitrogen) and 
of nitrogen (plus carbon) on the minimum creep rates at selected 
values of stress and temperature (which result in high temperature 
intercrystalline fracture). Maxima in the creep rates occur at the 
intermediate carbon and nitrogen levels. These maxima in the creep 
rate correspond to the minima in the rupture-life curves of Figs. 10 
and 11. Whereas the strength of the very low carbon plus nitrogen 
Alloy 31 was equal to or greater than the strength of the high carbon 
and nitrogen alloys, the creep resistance of the high carbon alloys 
appears to be the best. 

The effect of variations in the carbon or nitrogen content is 
appreciably greater on the minimum creep rate of these 18-8 alloys 
than on the rupture life, the creep rate changing by a factor of 100 
or more over fairly small carbon or nitrogen composition ranges. 

This effect on the creep rate and on the nature of the creep curve 
is possibly best illustrated in Figs. 14 and 15 which show actual creep- 
rupture curves at 20,000 psi and 1200 °F (650°C) for each of the 
carbon and each of the nitrogen alloys, respectively. These creep- 
rupture curves are shown only up to the first 70 hours. It is obvious 
that both carbon and nitrogen beyond about 0.12% increase the rup- 
ture life and creep resistance of 18-8 alloys considerably, the effect 
of the carbon on the improved creep resistance being much greater 
than the effect of the nitrogen (compare alloys of similar carbon and 
nitrogen content in Figs. 14 and 15). Alloy 31 (0.006% carbon plus 
nitrogen) shows creep resistance comparable to that of the better high 
carbon and high nitrogen alloys. Whereas the intermediate carbon 
plus nitrogen alloys show, very little second-stage creep, the high 
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Fig. 8—Summary Plot of Log Stress Versus Log Rupture Time 
for All Nitrogen Alloys From 1000, 1200 and 1300 °F. 


carbon and high nitrogen alloys as well as Alloy 31 show extended 
second-stage creep. 

A comparison of stress for rupture of 10, 100 and 1000 hours 
at 1000, 1200 and 1300 °F (540, 650 and 705 °C) is given in Table 
[Il for alloys of comparable carbon (plus nitrogen) content and 
nitrogen (plus carbon) content. 

Values are also listed for Alloys 31, 33 and the commercial Elc 
Type 304 for the purpose of additional comparisons. 

Again it is evident that the high carbon alloys are stronger than 
alloys of equivalent nitrogen content. On the other hand, when the 
carbon or nitrogen levels are of the order of about 0.10% and lower, 
the carbon alloys are stronger only at 1000°F (540°C), but are 
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of about equal strength with comparable nitrogen alloys at 1200 and 
1300 °F (650 and 705°C). Alloy 31 and even Alloy 33, which are 
not strong at 1000 °F (540 °C), are very strong at 1200 °F (650 °C) 
and even more so at 1300 °F (705 °C), Alloy 31 being very much 
the stronger of the two. 


Stress, |OOOpsi 


6,7814 0.176 
0.132 
0.097 
0.067 
0.050 
0.004 
0.005 0. —— 


EE 





3 10% 


oO O° i i 
Minimum Creep Rate- % per Hour 


Fig. 9—Summary Plot of Log Stress Versus Log Minimum 
Creep Rate for All Nitrogen Alloys From 1000, 1200 and 1300 °F. 


Strength values and creep rates are only of partial significance 
unless ductility values are also known. This is especially true for 
the 18-8 types of alloys, since they are subject to carbide and nitride 
precipitation which may result in embrittlement. Table IV lists 
ranges of values of both elongation (in 1.25 inches) and reduction 
of area. The ductility in the long-time creep-rupture tests is gen- 
erally less than in the short-time tests ; the values shown in Table IV 
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Table Ill 


Comparative Stresses for Specified Rupture Times for Carbon and Nitrogen Alloys at 
1000, 1200 and 1300°F (540, 650 and 705 °C) 


Stress for Rupture Life Stress for Rupture Life 

Alloy C+Ne Temp. 10 100 1000 Alloy C+Ne Temp. 10 100 1000 
No. % °F Hrs. Hrs. Hrs. No. Jo °F Hrs. Hrs. Hrs. 
18 0.220 1000 62,000 52,500 45,000 7* 0.212 1000 56,500 46,000 35,000 
1200 31,000 24,000 18,000 1200 29,000 22,000 17,000 
1300 21,500 15,800 11,500 1300 22,500 15,000 10,200 
30 0.189 1000 59,000 51,000 43,000 8 0.164 1000 57,000 46,500 36,000 
1200 30,000 23,000 17,000 SUE nia ie * ee pe She es 
1300 21,200 15,500 11,200 1300 20,700 14,500 11,000 
29 0.096 1000 51,000 41,000 34,000 10 0.097 1000 47,000 36,500 30,000 
1200 25,000 18,500 12,700 1200 (23,500) 18,000 14,500 
1300 18,000 11,800 7,500 1300 18,000 12,000 8,000 
15 0.085 1000 52,000 42,000 ...... 117 0.085 1000 47,000 36,500 30,000 
1100 25,000 18,200 12,500 1200 25,000 18,500 14,000 
1300 17,500 11,600 7,000 1300 17,500 11,200 7,000 


33 0.042 1000 48,500 38,500 31,000 
1200 24,500 20,500 16,000 
1300 18,500 14,000 11,000 
31 0.006 1000 46,000 38,500 31,500 
1200 29,000 24,000 19,500 
1300 23,000 18,000 14,800 
32 0.070 1000 45,000 37,500 31,700 
1200 26,000 19,500 14,500 
1300 19,000 13,500 9,000 


*Actually 6, 7, 14. fActually 11, 13. 





are to be read accordingly, even though appreciable scatter in indi- 
vidual tests was evident. From Table IV, which shows ductility 
values for comparable nitrogen and carbon contents, several inter- 
‘sting trends may be noted which support data already presented 
nd some yet to follow. 

1. For carbon alloys from about 0.085% carbon plus nitrogen 
1 more, there is a decrease in ductility with increasing carbon. This 
lecrease is very severe in the longer-time tests at 1200 and 1300 °F 
(650 and 705 °C). 

2. The nitrogen alloys are similarly embrittled but not as 
severely as the carbon alloys. For example, Alloys 11 (13) and 10 
show higher values than Alloys 15 and 29, at comparable carbon and 
nitrogen values. This is in line with smaller amounts of nitride 
precipitation than carbide precipitation noted at comparable alloying 
levels, as in Fig. 22. 

3. Of interest is the sustained high ductility of the strong 
Alloy 31 (and 33) in spite of increasing temperature or rupture life. 

4. Similarly, Alloy 32, the Ele 304 stainless steel, remains duc- 
tile with its increased nickel content and only 0.070% carbon plus 
nitrogen. 

Austenite-Ferrite Transformation—To serve as a base line for 
comparison, Figs. 16,and 17 show the amount of retained austenite 
for the solution-treated and quenched alloys, and after long-time 
exposure at 1000, 1200 and 1400 °F (540, 650 and 760 °C) in simple 
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exposure tests. These figures are for the carbon and the nitrogen 
series respectively and are based on X-ray determinations made at 
room temperature after careful surface preparation to avoid surface 
ferrite transformation. 
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Fig. 10—Variation in Rupture Life as a Function of Carbon 
Plus Nitrogen Content for Carbon Alloys at Selected Temperatures 


and Stress Levels for High Temperature-Type Deformation. (See 
Table II for values.) 


The individual points for these curves and in the subsequent 
figures are omitted to avoid complication. Actually, the point scatter 
was not as good as might be desired ; however, this was not attributed 
to any fault in the X-ray measurements but to the fact that four 
readings at 90 degrees to each other around the circumference of a 
specimen gave a fairly wide range of values of ferrite and austenite. 
To minimize this, the specimens were rotated, giving much improved 
reproducibility but still resulting in very measurable scatter from test 
piece to test piece. This ig apparently due to the instability of the 
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Fig. 11—Variation in Rupture Life as a Function of Nitrogen 
Plus Carbon Content for Nitrogen Alloys at Selected Temperatures 


and Stress Levels for High Temperature-Type Deformation. (Sce 
Table II for values.) 


Table IV 
Ductility Values From Stress-Rupture Tests at 1000 to 1300 °F (540 to 705 °C) 
Carbon Series Nitrogen Series 
Alloy C+Ne Elong. Red. of Temp. Alloy Ne+C_ Elong. Red. of 
No. % % Area, % °F No. % % Area, % 
18 0.220 15-34 16-29 1000 6, 7, 14 0.212 13-27 12-23 
5-14 2-17 1200 3-24 7-23 
2-7 2-8 1300 2-23 4-18 
30 0.189 6-50 18-57 1000 8 0.164 11-28 14-30 
5-24 2-45 1200 wate ata 
3-28 3-39 1300 5-16 6-13 
29 0.096 16-39 19-64 1000 10 0.097 14-66 15-39 
5-28 12-36 1200 17-28 8-30 
6-27 6-26 1300 10-34 10-33 
15* 0.085 11-40 20-27 1000 11, 13 0.085 19-51 15-42 
6-20 5-26 1200 16-27 14-25 
dig “eae 1300 8-29 12-31 
33 0.042 27-44 33-75 1000 
42-70 40-70 1200 
31-64 40-75 1300 
31 0.006 23-50 48-67 1000 32 0.070 17-50 20-57 
20-50 26-76 1200 20-38 22-47 
Sg 19-40 42-75 1300 20-40 20-39 





*Based on more limited data. 
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Fig. 12—-Variation in Minimum Creep Rate as a Function of 
Carbon Plus Nitrogen Content for Carbon Alloys at Selected Tem- 
peratures and Stresses for High Temperature-Type Deformation. 


austenite in these unstabilized alloys and to some anisotropy of de- 
formation, especially at the surface of the test bars. 

Figs. 18 and 19 are for the carbon and nitrogen series of alloys 
respectively, and show the effect of 30% cold reduction of the solution- 
treated steels on the amount of ferrite to form due to subsequent 
heating to temperatures of 1000, 1200 and 1400°F (540, 650 and 
760 °C) for long periods of time similar to those used to obtain the 
data of Figs. 16 and 17. 

Working curves of “per cent ferrite versus rupture life” were 
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drawn for each alloy tested at each temperature in creep-rupture. 
From such curves a few interesting and revealing temperature — 
rupture time curves were selected for the purpose of showing the 
effect of stress (or creep strain) on the amount of ferrite formed as 
a result of creep-rupture testing (measurements made at room tem- 
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Fiv. 13—vVariation in Minimum Creep Rate as a Function of 
Nitrogen Plus Carbon Content for Nitrogen Alloys at Selected 
Temperatures and Stresses for High Temperature-Type Deformation. 


perature) as compared to the amount found after the usual static 
time-temperature heating tests. Figs. 20 and 21 compare retained 
austenite for the carbon and nitrogen series respectively for several 


different combinations of rupture time and temperature compared to 
other treatments. 


DISCUSSION 


It must be pointed out that the values of ferrite and austenite as a 
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Fig. 14—Creep Curves for First 70 Hours of Test for 
Carbon Alloys at 20,000 Psi, 1200 °F. | 


measured at room temperature are not a true measure of the ferrite 
or austenite existing at 1000 to 1300°F (540 to 705°C). For 
18-8-type steels the evidence is quite definite that at 1000 to 1300 °F 
(540 to 705 °C) the ferrite which is noted at room temperature is not 
very stable and transforms to austenite on heating, re-forming ferrite 
on cooling at temperatures below about 200 to 500°F (6, 7, 8). 
In instances where an alloy shows up to 30% ferrite after quenching 
from the solution temperature (such as Alloys 31 and 33), it is not 
known what the austenite-ferrite relationships are after reheating to 
1000 to 1300 °F (540 to 705°C) under the various test conditions 
used here. It is expected, however, that the changes which occur at 
1000 to 1300 °F, such as carbide or nitride precipitation, predispose 
the alloy for the transformation to ferrite on cooling to room tem- 
perature. Accordingly, this room temperature ferrite is then an 
approximate measure of other changes occurring at the actual reheat 
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temperature. Some ferrite is, of course, present at temperatures of 
1000 to 1300 °F (8); this quantity probably increases with an in- 
crease in the quantity of ferrite which is noted at room temperature 
following solution treatment. 


It is entirely unfortunate that tests were not made at tempera- 
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Fig. 15—Creep Curves for First 70 Hours of Test for 
Nitrogen Alloys at 20,000 Psi, 1200 °F. 


tures of 1000 to 1300 °F (540 to 705 °C) to determine actual quan- 
tities of ferrite present at each temperature. 

Figs. 16 and 17 show that after static time-temperature heating 
tests at 1000 to 1300 °F (540 to 705 °C) the amount of room tem- 
perature ferrite increases with increasing reheat temperature com- 
pared to the solution-treated state, until a maximum is reached for 
some temperature above about 1300 °F (705 °C), although this was 
not determined accurately. By the time 1400 °F (760 °C) is reached, 
these alloys re-enter the stable austenite field, resulting in an increase 
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Fig. 16—Approximate Decrease in Austenite Content at Room Temperature 
After Exposure of Carbon Alloys for Long Times at 1000 to 1400 °F. 
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Fig. 17—-Approximate Decrease in Austenite Content at Room Temperature 
After Exposure of Nitrogen Alloys for Long Times at 1000 to 1400 °F. 


in the amount of austenite. After 1568 hours at 1000 °F (540 °C) 
the increase in ferrite is quite small, the stability of the austenite being 
fairly good and of similar amount for both carbon and nitrogen alloys. 
After 1000 hours at 1200 °F (650 °C), however, there is an increase 
of the order of 20 to 30% in the room temperature ferrite content 
over that measured for the solution-treated condition or after mere 
exposure at 1000 °F (540°C). A very important effect, previously 


noted by other investigators in a more qualitative way, is that the 
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Fig. 18—Approximate Effect of 30% Cold Work on Austenite Content of 
Prior Solution-Treated Alloys Due to Exposure for Long Periods of Time at 
Temperatures of 1000 to 1400 °F. 
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KF ig. 19—Approximate Effect of 30% Cold Work on Austenite Content of 
Prior lution-Treated Alloys Due to Exposure for Long Periods of Time at 
Temperatures of 1000 to 1400 °F. 


austenite in the high nitrogen alloys is appreciably more stable than 
in the carbon alloys. At about 0.20% carbon plus nitrogen and after 
1000 hours at 1200°F (650°C), the nitrogen alloys show almost 
100% austenite, whereas the carbon alloys show about 20% ferrite 
(see Figs. 16 and 17). At the lower carbon and nitrogen contents 
of the order of 0.08% or less, the amount of ferrite formed is about 
the same for either the carbon or the nitrogen alloys. 
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Fig. 20—Approximate Effect of Creep-Rupture Strain on Promotion of 
Ferrite in Carbon Alloys Showing Large Increase Over Other Treatments. 





0.24 
Nitrogen Series 

ge 0.20 1000 hr. Rupture Life 
. at 1200°F 
°o 
oa 0.16 
5 1000 hrs. at 1200°F he ; 
2 0.12 
a 30% Coid Work , dj 
C 1000 hrs. at 1200°F : 
> es Solution 
- 50 hr. Rupture Life 
= 0.04 





0 5 


O 10 20 30 40 50 60 70 80 90 100 
Austenite-% 


Fig. 21—-Approximate Effect of Creep-Rupture Strain on Promotion of 
Ferrite in Nitrogen Alloys Showing Large Increase Over Other Treatments. 


Fig. 22 shows a series of photomicrographs of representative 
carbon and nitrogen alloys after exposure of the solution-treated 
samples at 1200 °F (650°C) for 1000 hours. It will be noted that 
the amount of carbide precipitated in the high carbon Alloy 18 is 
appreciably greater than the amount of nitride precipitated in the 
high nitrogen Alloy 7. This difference is notably less in comparing 
the carbon Alloy 15 (0.05% carbon) with the nitrogen Alloy 11 
(0.05% No). 

This increased amount of carbide precipitate probably accounts 


Biel >, 
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for the greater strength and better creep resistance of the high carbon 
alloys as compared to the high nitrogen alloys. 

It was somewhat unexpected to note the effect of 30% cold work 
on the amount of ferrite found after reheating to 1000 and 1200 °F 
(540 and 650 °C), as shown in Figs. 18 and 19. After reheating to 
1200 °F (650°C), within experimental limits, there was very little, 
if any, increase in ferrite in the cold-worked test pieces as compared 
to the annealed samples which were simply exposed for an equal time 
at temperature. This would indicate that at 1200°F (650°C) these 
alloys come to about the same ferrite-austenite-carbide (or nitride) 
balance in 1000 hours, whether one starts with an annealed structure 
or one with 30% cold work. For shorter reheating times, of the 
order of 100 hours, for example, this would not be true, since the 
cold-worked alloys would undoubtedly show more ferrite. After 
1568 hours at 1000 °F (540 °C), on the other hand, due to the longer 
time needed for precipitation of the carbide or nitride, the 30% cold- 
worked sample showed more ferrite than the solution-treated speci- 
men. This increase in ferrite was greater at the higher carbon and 
nitrogen levels and was somewhat larger for carbon alloys (Fig. 18) 
than for nitrogen alloys (Fig. 19). 

When one accomplishes the metal deformation at the test tem- 
perature in a creep-rupture type of test, instead of through cold work 
at room temperature followed by reheating, the amount of ferrite 
found after testing at 1200°F (650°C) is appreciably larger, as 
shown in Figs. 20 and 21. For a relatively short rupture life of 50 
hours at 1200 °F (650 °C), the amount of ferrite formed is less than 
after unstressed exposure for 1000 hours at 1200 °F (650°C) of the 
annealed or 30% cold-worked specimens ; however, after 1000 hours 
rupture life at 1200°F (650°C), the increase in ferrite is large 
compared to the other treatments. Again the carbon alloys show 
nore ferrite formation than do the nitrogen alloys. 

Strength Considerations—Two things were fairly clear from 
the curves shown and the measurements made. First, the increase 
in room temperature ferrite for any alloy after testing at a given 
temperature was uniform with increasing rupture time; and for a 
given rupture time the increase in ferrite with increasing test tem- 
peratures up to 1300°F (705°C) was also uniform. Secondly, 
the amount of ferrite increased continuously with decreasing carbon 
or nitrogen for each different treatment, whether after static exposure, 
after cold work, or after rupture testing. In spite of these observa- 
tions of the uniform change in ferrite, there is clear evidence from 
Figs. 10 to 15 that these stainless steels go through a minimum in 
rupture strength and a maximum in creep rate with increasing carbon 
or nitrogen. In Fig 10 all the alloys which yield the curve shown 
for 1200°F (650°C) and 20,000 psi contain ferrite, the quantity 
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Fig. 22—Microstructures of Solution-Treated 18-8 Stainless Steels After Reheating 


for 1000 Hours at 1200°F. 15% oxalic acid, electrolytic etch. 


Carbon Series Nitrogen Series 


(a)—Alloy 18, 0.18% carbon. X 100. (d)—Alloy 7, 0.174% nitrogen. 
(b)-——Alloy 16, 0.12% carbon. X 500. (e)—Alloy 8, 0.132% nitrogen. 
(c)—Alloy 15, 0.05% carbon. X 500. (f)—Alloy 11, 0.05% nitrogen. 
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Fig. 23—-Photomicrographs Showing Stability of Acicular Ferritic Structure of Alloy 
31, Compared to Alloy 33. 15% oxalic acid, electrolytic etch. (a)—Alloy 31, solution- 
treated. 100. (b)—Alloy 31, reheat 700 hours at 1400°F. 100. (c)—Alloy 31, 
30% cold work, reheat 1000 hours at 1200°F. x 100. (d)—Alloy 33, solution-treated. 
x 100. (e)—~Alloy 33, reheat 700 hours at 1400°F. x 500. (f)—Alloy 33, 30% cold 
work, reheat 1000 hours at 1200 °F. X 100. 
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decreasing regularly with increasing carbon content. Accordingly, 
one could suggest that the ferrite alone is responsible for the observed 
minimum. One might state that increasing carbide and nitride pre- 
cipitation is responsible for the increased strength and creep resistance 
at higher carbon and nitrogen contents beyond the inflection point in 
the curves of Figs. 10 to 13. Metallographic evidence indicates that 
this is correct. The higher strength and creep resistance of high 
carbon alloys over high nitrogen alloys can then be explained also 
by the greater amount of precipitation in high carbon alloys (see Fig. 
22a and 22d). The only possible explanation of the high rupture 
strength and creep resistance shown by the very low carbon, low 
nitrogen alloys is the acicular form of the ferrite. This structure is 
shown in Fig. 23 for the solution-treated condition of Alloy 31. 
Alloy 33 (0.042% carbon plus nitrogen versus 0.006% for Alloy 31) 
is also shown, its structure approaching the acicular structure of 
Alloy 31. 

Significantly, the acicular structure of Alloy 31 is extremely 
stable, persisting even after 30% cold work followed by reheating to 
1200 °F (650°C) for 1000 hours, and after 700 hours reheat at 
1400 °F (760 °C) after solution treatment, as shown in Fig. 23. The 
structure of Alloy 33, on the other hand, is not stable and changes 
markedly after these same treatments. 

To strengthen the above explanation, the creep-rupture data of 
the commercial Ele Type 304 stainless steel were utilized. This alloy 
(No. 32) remained 100% austenitic after all of the treatments men- 
tioned above, including stress-rupture testing up to 1300 °F (705 °C). 
If one plots the data for this Alloy 32 (0.036% carbon plus 0.034% 
Ne) in Figs. 10 to 13, the rupture-life and creep-rate values fall 
almost exactly on these same curves which are plotted on the basis 
of the carbon plus nitrogen content (instead of ferrite content). 
Accordingly, this 18 Cr—10 Ni stainless steel with 100% austenite 
has about equal strength to an 18-8 grade of equal carbon plus 
nitrogen content but with appreciable ferrite, the determining factor 
being the carbide and nitride quantities. 

If the above is correct, then one could explain the shape of the 
curves shown in Figs. 10 to 13 by the composite curve drawn in 
Fig. 24. The bottom curve indicates the course of the rupture-life 
values (dashed curve) if the ferrite at these low carbon and nitrogen 
contents were not in the stable acicular form. The entire increase 
with increasing carbon and nitrogen is then due to carbide and nitride 
precipitation, and not to ferrite formation. 

Closer examination of Table III indicates that if one desires 
high temperature strength for 18-8 applications, barring other restric- 
tions such as corrosion, there is a carbon plus nitrogen range near 
0.03 to 0.10% which gives the lowest rupture strength and creep 
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resistance. The presence of ferrite need not be detrimental to the 
creep-rupture properties. 

Alloys of 0.006 or even 0.010% carbon plus nitrogen are not 
readily made except by vacuum melting and casting; accordingly, 
reproduction of an alloy similar in composition to Heat 31 and with 
its properties would be difficult. It does suggest, however, that alloys 
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Fig. 24—Composite Curve Showing Contribution of Acicular 


Ferrite and of Carbide or Nitride to High Temperature Strength 
of 18-8 Alloys. 


of adjusted nickel and chromium content which would give the stable 
acicular ferrite structure might prove to be of great value for high 
creep-rupture properties. 

While the nitrogen content of the 18-8 stainless steels is prac- 
tically never given as a chemically analyzed quantity when purchasing 
or applying such steels, this research shows that the nitrogen plays 
a similar role as carbon, especially at the usual nitrogen levels under 
about 0.05%. Its cqntribution to the strength and creep resistance 
at high temperatures is important, especially since it will determine 
whether one has a strong or weak alloy. Unfortunately, it appears 
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that in the Ele Type 304 stainless grade the carbon plus nitrogen 
content results in low rupture life (see Table III) and relatively low 
creep resistance. 


CONCLUSIONS 


Based on studies of the creep-rupture properties of a carbon 
series and a nitrogen series of simple unstabilized 18-8 stainless steels 
at 1000 to 1300 °F (540 to 705 °C), supplemented by determinations 
of the room temperature austenite-ferrite balance after specific treat- 
ments, including creep-rupture testing, the following conclusions are 
made: 

1. In the range 0.005 to 0.22% carbon plus nitrogen, at 1000 to 
1300 °F (540 to 705 °C), these experimental alloys show a minimum 
in rupture life in the range 0.03 to 0.10% carbon plus nitrogen, de- 
pending on the stress and temperature selected. 

2. In this same carbon plus nitrogen range, the creep resistance 
is poor and goes through a minimum (a maximum in creep rate). 

3. High carbon alloys (about 0.15 to 0.22%) are stronger and 
more creep resistant than comparable high nitrogen alloys, but low 
carbon and low nitrogen alloys are of comparable strength. 

4. High nitrogen is a more effective austenite stabilizer than 
high carbon, but results in lower strength due to less precipitation. 

5. About 30% cold work does not result in more room temper- 
ature ferrite after 1000 hours at 1200 or 1300 °F (650 or 705 °C) 
than uncold-worked steels, but does result in more ferrite after about 
1500 hours at 1000°F (540°C). Creep-rupture type of straining, 
on the other hand, increases the amount of ferrite very appreciably 
after testing at 1200 °F (650°C) for 1000 hours. 

6. A very low carbon plus nitrogen alloy (0.006%) shows high 
rupture life and creep resistance above 1000 °F (540 °C) in spite of 
a high ferrite content, the strength being ascribed to the stable acicular 
form of the ferrite. 

7. At carbon and nitrogen contents greater than those giving 
minimum strength, the strength improvement is due to the increased 
amounts of precipitation of carbide or nitride. 

8. Nitrogen is an important alloying element and essentially 
equivalent to carbon in controlling- high temperature strength prop- 
erties in the usual range of chemical values. 
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MECHANISM OF THE CARBURIZATION OF SOME 
STAINLESS STEELS 


By J. B. GracoBBE 


Abstract 


A theory of carburization of alloy steels postulates 
that pure, solid carbon per se cannot supply soluble or 
diffusible carbon to the metal surface. An “oxidizing 
potential” created by carbon dioxide or water vapor must 
exist in order that nascent carbon may be generated as a 
result of the formation and subsequent dissociation of 
carbon monoxide. 

In this investigation, it is shown that certain austen- 
itic stainless steels of the 18-8 variety can absorb carbon 
from high purity graphite under a vacuum of the order 
of 10-4 millimeters of mercury. Under these conditions it 
is believed that the gaseous phase or “oxidizing potential” 
plays a minor role in the mechanism of carburization. On 
the other hand, contact pressure between the solid car- 
burizer and the metal surface exerts a pronounced influ- 
ence on the rate of carburization, the higher the pressure, 
the greater the carbon absorption. This is explained on 
the basis of “contact catalysis’ lowering the energy of 
formation of carbides at the metal surface which, on ab- 
sorption and dissociation, provide the necessary carbon 
for diffusion in the austenite. 


N pack or solid carburizing, it is generally believed that a gaseous 

phase such as carbon dioxide or water vapor, which creates an 
“oxidizing potential”, must be present in the solid, carbonaceous 
medium in order that carbon transfer to the metal surface may occur 
(1). Under high vacuum, where the concentration of this gaseous 
phase would be extremely low, it has been reported that carburization 
of steels proceeds very slowly if at all (2). To check the validity 
of the “oxidizing potential’ theory, a series of experiments was un- 
dertaken in which the “carburizing” reaction was carried out under 
high vacuum, using high purity graphite as the solid carburizer in 
contact with the metal surface. Because of their high affinity for 
carbon at temperatures in excess of 1400°F (760°C), austenitic 
stainless steels of the 18-8 variety were used to permit the detection 

1The figures appearing in parentheses pertain to the references appended to this paper. 
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of the slightest trace of carbon absorption. A temperature of 1900 
°F (1040 °C) was arbitrarily used for all tests in this investigation, 
inasmuch as this is the minimum temperature generally used in 
commercial annealing of these alloys. 


EXPERIMENTAL PROCEDURE 


The carburizing reactions were carried out in austenitic stainless 
steel tubes, 1% inch OD by 0.035 inch wall by 42 inches long, welded 
at one end and attached at the open end to a vacuum apparatus as 
shown in Fig. 1. With the aid of a long-handled spoon, high purity 
graphite was placed between two preflattened surfaces of the tube 
as shown at “B”, Fig. 1. Upon withdrawing the spoon, the tube 


To Pirani Gage 





Oil Diffusi 
= Pirani Tube 


+’ Stainless Tube 


Brace 


Fig. 1—Schematic Diagram of Apparatus Used. 


was quickly attached to the vacuum apparatus at “A” with high 
vacuum hose and pumped down to a pressure of 1.2 to 2.0 x 10% 
millimeters of mercury. After approximately 6 hours under this 
vacuum, during which time adsorbed surface oxygen would be re- 
leased (3), a compression load was applied at “B” by means of a 
universal tensile tester of 20,000 pounds capacity. This was done 
primarily to obtain close contact between the metal surface and the 
high purity graphite but, as will be pointed out later, the pressure 
was found to have a pronounced effect on the rate of carburization. 

After releasing the load, and with the vacuum system still pump- 
ing, the tube was guided into an “atmosphere-controlled” muffle 
furnace operating at_a temperature of 1900+ 10°F (1040 °C). 
In all tests the reaction area “B” was held at temperature for a 
period of 60 minutes. 

The tubular muffle, a 27% chromium-iron alloy, 1 inch ID by 
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0.065 inch wall was provided with a water-cooled coil at the entrance 
end in order to obtain the necessary cooling when withdrawing the 
stainless steel tube from the heating zone at the end of the heating 
cycle. Several blank runs (without graphite) showed that this ar- 
rangement cooled the stainless steels used in this investigation suffi- 
ciently rapidly to obtain a structure free from intergranular carbide 
precipitation as determined by metallographic examination at a mag- 
nification of 1000 diameters. 

The “atmosphere”, either dissociated ammonia or argon, intro- 
duced at the back end of the muffle, provided an adequate blanket 
of gas over the tube during the carburizing cycle. 

At the end of each test the tube was sectioned at “B” and exam- 
ined for degree of carburization. One of the flat surfaces was used 
for metallographic studies and boiling nitric acid tests, the other for 
quantitative carbon determinations. 


MATERIALS 


The composition of the stainless steel tubing used in this 
investigation is shown in Table I. 


Table | 





Analyses of Steels 
AISI . 
Type S Cr Ni Mn Si P S Mo Cb 
316 0.04 16.80 13.40 1.90 0.32 0.025 0.012 2.40 0.00 
347 0.06 18.33 12.24 1.80 0.44 0.014 0.013 0.17 0.79 
304 0.06 18.88 10.42 1.76 0.43 0.027 0.013 0.03 0.00 


Each of the tubes was treated in the following manner before 
testing : 

1. Pickle in a solution of 10% by volume nitric acid—7% by 
volume hydrofluoric acid heated to approximately 150 °F (65 °C). 

2. Rinse in running hot water. 

3. Pickle in a 1:1 hydrochloric acid solution at the same 
temperature. 

4. Rinse in dilute ammonia water. 

5. Rinse in running water and swab with wet cotton. 

6. Rinse with CP acetone. 

7. Rinse with CP ether. 

Following this cleaning cycle one end of each tube was flattened and 
welded to form a vacuum-tight closure. 

High purity graphite was obtained through the courtesy of the 
National Carbon Company. As will be seen from the following 
analysis, this material, identified by National Carbon Company as 
Sample 2301, was selected as being the most desirable because of 
its low impurity content. —- 
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Per Cent 
Ce OP Cae ca ae 0.04 
WE oss Rak so co pete tame 0.02 
Rss uc polka noms ou a eueice oo 0.02 
nee 0.01 
EE LST OP Ps 0.005 
PE a5. Sask ba Oem 0.002 
I... tha bur bn ees ce 0.002 
biases Agi «no icc cts ote 0.20 


The approximate composition and degree of impurities present 
in the gases used for muffle atmosphere are shown in Table IT. 








Table Il 
Approximate Analyses of Gases 
Gas He Ne co Coz CHa Oz % Purity 
Dissoc. 
Ammonia 75.0% 25.0% None None None None Las 
Argon* 20 ppm i 3? eee aaa 20 ppm 99.9 


Argont Nil Nil Nil Nil Nil Ni! 99.999 





*“Commercially pure’, analysis furnished by supplier. 
7“ Highest purity argon obtainable’, analysis furnished by supplier. 


The dissociated ammonia after passage over activated alumina 
showed a dew point of —50°F (—45.5°C) or less and was of 
sufficiently high purity to permit heating the stainless to 1900 °F 
(1040 °C) without the slightest trace of discoloration. No purifi- 
cation, of course, was needed for the special high purity argon, but 
the “commercially pure’ argon was passed over oxidized copper to 
convert hydrocarbons to water and COs, and then over reduced 
copper to remove oxygen (4). 


RESULTS 


The experimental data for each series of tests are shown in 
Table III. It is to be noted that in each test the vacuum always 
decreased during heating, indicating a release of adsorbed gases, but 
then quickly dropped back to some low value when argon or air was 
used in the muffle. With dissociated ammonia in the muffle the 
pressure remained at some higher level, indicating diffusion of hydro- 
gen through the stainless tube wall. 

In Table IV are reported the depth of carburization, depth of 
grain boundary precipitate, total carbon content and corrosion rates 
in boiling 65% nitric acid for each test. All metallographic speci- 
mens except those of Type 347 stainless were etched with the reagent 
developed by Kahn et al (5).2 The solution was diluted 1:1 with 


*Kahn’s Reagent—Ethyl, Alcohol ........ 65.0 cc 
WENN Seti. cya beee ts 16.7 cc 
NE Mg 6 Be gy 0.7 cc 
Hydrochloric Acid ... 17.5 cc 
i et ee 0.8 gm 
Copper Sulphate ..... 6.7 gm 
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Table Ill 
Vacuum Data 
--Pressure, mm Hg (Corrected)— 
eri : Max. Attained 
Description of Tests—60 Minutes at During 
-— 1900 °F (1040 °C) With H.P.G.*——_, Before Heating End of 
AISI Muffle Compressive Heating 1900 °F Heating 
Test Alloy Atmosphere Stress, psi «x 10+ (1040 °C) Cycle 
Series 1 
1 304 Dissoc. NHs 6900 2.0 0.12 0.12 
2 304 Dissoc. NHs 6900 3.5 0.12 0.11 
3 347 Dissoc. NHs 6900 2.0 0.11 0.09 
4 316 Dissoc. NHs 6900 1.8 0.12 0.12 
5 316 Dissoc. NHs 6900 1.4 0.11 0.11 
6 316 Dissoc. NHs 6900 2.0 9.12 0.11 
Series 2 
7 316 Argon 6900 1.4 0.11 3.4 K 10-4 
8 316 Air 6900 1.4 0.13 1.6 K 10-4 
9 316 Air 6900 1.5 0.17 1.6 X 10-4 
107 316 Air 6900 1.6 0.17 3.3 X 10 
117 316 Air 6900 2.0 0.20 6.0 x 10-4 
12+ 316 Air 6900 3.5 0.20 3.8 X 10-4 
Series 3 (Oxidized Tubes) 
13 316 Air 6900 1.4 0.22 1.6 X 10-4 
14 316 Air 6900 1.4 0.17 3.4 < 10-4 
15 316 Argon 6900 1.4 0.18 3.4 X 10-4 
Series 4 
16 316 Dissoc. NHa 0 1.5 0.12 0.12 
17 316 Dissoc. NHs 1750 1.5 0.12 0.11 
18 316 Dissoc. NHs 36000 1.4 0.12 0.11 
19 316 Argon 0 aoe 0.19 27.0 x 10-4 
20 316 Argon 36000 1.4 0.22 1.8 K 10-+ 
21 316 Argon 36000 1.4 0.22 1.6 X 10-4 


*H.P.G. = High purity graphite, Sample 2301. 
*Vacuum system purged with “highest purity argon’’ obtainable. 


ethyl alcohol to retard etching speed. The Type 347 specimens were 
etched electrolytically in 10% oxalic acid. Transverse sections of 
all test specimens were taken for metallographic mounts. 

In the first series of tests with dissociated ammonia in the muffle 
and a preload of 20,000 pounds (6900 psi compressive stress) applied 
at ‘“B”, the carbide zone formed in Type 316, Type 347 and Type 304 
stainless after 60 minutes contact with high purity graphite at 1900 
°F (1040 °C) is shown by the micrographs in Figs. 2 to 7, inclusive. 
It is evident that Type 316 stainless (Figs. 2 and 3) absorbs the 
greatest amount of carbon, and Type 347 (Figs. 4 and 5) the least. 
The average depth of the carbide zone in Type 316 stainless is 0.012 
inch, whereas there appears to be no gross carburization of Type 347 
stainless. Instead a slow etching zone extending to a depth of 
approximately 0.010 inch is observed. Type 304 (Figs. 6 and 7) is 
intermediate with carburization to a depth of 0.004 inch. Total 
carbon content and corrosion rates show the same relationship for 
the three stainless steel grades, Table IV. Because in this series of 
tests there was considerable diffusion of hydrogen through the stain- 
less tube during the carburizing cycle, it is possible that the reaction 
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Table IV 
Carburizing in High Purity Graphite, 60 Minutes at 1900 °F (1040 °C) 
Compressive Depth Av. Cor- 
Stress of Car- DepthG.B.* Total rosion Rate 
AISI Muffie at “BB”  burization Precipitate Carbon Boiling 65% 
Test Alloy Atmosphere psi Inches Max. Inches % HNOs, ipm 
Series 1 
1 304 Dissoc. NHs 6900 0.004 0.016 34 0.019t 
2 304 Dissoc. NHs 6900 0.004 0.016 0.32 0.017 
3 347 Dissoc. NHs 6900 ? None 0.09 0.0037 
4 316 Dissoc. NHs 6900 0.013 0.022 0.43 0.0297 
5 316 Dissoc. NHs 6900 0.014 0.022 Mg TRS 
6 316 Dissoc. NHs 6900 0.010 0.020 BE seek 
Series 2 
7 316 Argon 6900 _—, 0.005 0.017 0.45 0.019 
~ 316 Air 6900 0.006 0.017 0.30 0.020 
9 316 Air 6900 0.009 0.020 0.38 0.020 
10f 316 Air 6900 0.008 0.018 0.53 0.032 
11f 316 Air 6900 0.010 0.026 0.55 0.022 
12t 316 Air 6900 0.011 0.023 gs eee a ee 
Series 3 (Oxidized Tubes) 
13 316 Air 6900 0.001 0.011 
14 316 Air 6900 0.003 SAO eh ita Al ili os Aaa 
15 316 Argon 6900 0.004 0.012 
Series 4 
16 316 Dissoc. NHs 0 0.00 0.008 0.08 0.002 
17 316 Dissoc. NHs RTS ae ee 8 0.04 0.005 
18 316 Dissoc. NHs 36000 0.014 0.022 0.65 0.034 
19 316 Argon 0 0.00 0.006 0.06 0.001 
20 316 Argon 36000 0.014 0.022 See Ss eae 
21 316 Argon 36000 0.014 0.022 Ber Fie ea gie 


*G.B.—Grain Seeee , 
{Base corrosion rate obtained on blank runs approximately 0.001 ipm. 
tVacuum system purged with “highest purity argon’’. 


was influenced by the formation of methane in accordance with the 
following reaction : 


C+ H.= CH, 


To obviate this difficulty the second series of tests was made 
with Type 316 stainless under the same conditions with respect to 
time, temperature, preload and carburizing agent, but argon and air 
instead of dissociated ammonia were used as muffle atmosphere. The 
micrograph in Fig. 8 shows that considerable carbon is still absorbed 
with air as a muffle atmosphere, even though the “gas” pressure, 
except for momentary rise to 0.11 millimeters of mercury, remained 
low throughout the carburizing cycle. An average depth of carbu- 
rization of 0.007 inch was recorded under these conditions. With 
an argon atmosphere in the muffle, the depth of carburization was 
0.005 inch. Actualiy the increase in total carbon content was some- 
what greater in the argon test, 0.45% carbon as compared to an 
average of 0.34% carbon for the run with air in the muffle. 

The possibility Was also considered that residual oxygen in the 
stainless tube at the low pressure of 2 X 10-* millimeters of mercury 
might react with the graphite to form CO, and create an “oxidizing q 
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Fig. 2—Type 316, 60 Minutes at 1900°F (1040°C) With High Purity Graphite. 
Dissociated ammonia in muffle. X< 100. 


Fig. 3—Type 316, Same as Fig. 2. X 1000. 


potential’ which would influence the course of the carburizing re- 
action. Therefore, to reduce the oxygen partial pressure to as low 
a value as possible, several tests were made in which the stainless 
tube and vacuum system, after assembly, were repeatedly purged 
after each pump-down with “the highest purity argon obtainable”. 
In all other respects the test conditions were identical to those de- 
scribed for Tests 8 and 9 in Series 2, i.e., 20,000 pounds (6900 psi) 
preload, air in muffle and 60 minutes at temperature. The carbide 
zone thus formed is shown by the micrograph in Fig. 9. There ap- 
pears to be a slight increase in the depth of carburization, when 
compared with the results of Tests 8 and 9 (Fig. 8), from an average 
of 0.0075 inch to an average of approximately 0.010 inch. An in- 





Ll 
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Fig. 4—Type 347, 60 Minutes at 1900°F (1040°C) With High Purity Graphite. 
Dissociated ammonia in muffle. xX 100. 


Fig. 5—Type 347, Same as Fig. 4. xX 1000. 


crease in the average total carbon content from 0.34% to 0.54% 
corroborates this observation. Thus, it is evident that the formation 
of a carbide zone in Type 316 stainless steel can occur without the 
benefit of an “oxidizing potential’. 
A third series of tests was performed under the usual conditions 
of time, temperature, preload and vacuum, except that the stainless 
surface was preoxidized at 1900°F (1040°C) with high purity 
hydrogen saturated with water vapor at 75°F (25°C). These tests 
were made primarily to determine whethér an oxide film hinders or i 
accelerates the rate of carbon absorption, particularly from the stand- 
point of the “oxidizing potential” theory, since, obviously, oxygen is 
available under these conditions. As shown by the photograph in 7 
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Fig. 6—Type 304, 60 Minutes at 1900 °F (1040°C) With High Purity Graphite. 
Dissociated ammonia in muffle. X 100. 
Fig. 7—Type 304, Same as Fig. 6. x 1000. 


Fig. 10 and the data in Table IV, carbon absorption was erratic if 
not negligible. Where the oxide was reduced, penetration to a 
maximum depth of approximately 0.004 inch was observed. 

On the assumption that this, erratic behavior was due to the 
nonuniform “packing” of the graphite between the flattened metal 
surfaces, a fourth and final series of tests was made varying only 
the preload in area “B” from 0 to 36,000 psi. Using “oxide-free” 
Type 316 tubes, the results obtained are shown by the micrographs 
in Figs. 11 and 12. With an initial compressive stress of zero, there 
is very little carbon penetration, only enough in fact to produce a 
shallow intergranular carbide network to a depth of 0.008 inch. The 
total carbon content was only 0.08% as compared to 0.04% of the 
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Fig. 8—Type 316, 60 Minutes at 1900°F (1040°C) With High Purity Graphite. 
\ir in muffle. X 100. 


Fig. 9—Type 316, 60 Minutes at 1900°F (1040°C) With High Purity Graphite. 
acuum system purged with highest purity argon. x 100. 


iginal tube. On the other hand, with an initial unit stress of 36,000 
a large increase in total carbon content to approximately 0.63% 
w:s found and a dense, carbide zone extending to a depth of 0.014 
inc: was formed as shown in Fig. 12. The highest corrosion rate, 
0.054 ipm, was recorded for this test. Since substantially the same 
ilts were obtained with either dissociated ammonia or argon in 
muffle during the carburizing cycle, it is apparent that hydrogen 
luences only slightly the course of the reaction, while pressure, i.e., 
ntact pressure between the graphite and the metal surface, exerts 
pronounced effect on the carburizing reaction. 
The results of several of the more significant tests are sum- 
narized by the chart in Fig. 13. The close correlation between depth 
‘§ carburization and corrosion rates is evident. 


DISCUSSION 


During the carburizing reaction, using solid carburizers, a car- 
bon transfer agent is assumed which delivers atomic or nascent carbon 
to the surface of the metal. For example, in commercial carburizing 
compounds, it has been postulated that carbon dioxide released from 
a metallic carbonate is the agent responsible for the formation of 
nascent carbon in accordance with the reactions: 


1. CO. + C (Solid) = 2CO 
2. 2CO = CO: + C (Nascent on the steel surface ) 








144 TRANSACTIONS OF THE 4A.S.M. Vol. 45 





Fig. 10—Type 316, Series 3, 60 Minutes at 1900 °F 
(1040 °C) With High Purity Graphite. Surface oxidized 
prior to carburizing. Approximate actual size. 


Thus, if the concentration of carbon dioxide and in turn carbon 
monoxide were held to a very low value, the rate of carburization 
should also be low. This, in fact, was found to be true in the fourth 
series of tests where very little carbon was absorbed by Type 316 
stainless in contact with high purity graphite under high vacuum at 
a temperature of 1900 °F (1040°C). However, the degree of car- 
burization was greatly affected by the pressure placed on the graphite 
and the metal surface prior to heating. With zero pressure, only a 
shallow carbide network was formed to a depth of approximately 
0.007 inch (Fig. 11). This grain boundary network was fairly con- 
tinuous and was evidently precipitated during the cooling cycle. 
Although detrimental to corrosion resistance, this represents only a 
mild form of carburization. 

On the other hand, with a high unit pressure of 36,000 psi ap- 
plied to the carbon and metal surface prior to heating, a dense car- 
bide zone extending to a depth of 0.014 inch resulted (Fig. 12). 
Under high magnification this zone has the appearance of “nodular 
pearlite” surrounded by massive carbides in the grain boundaries, 
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Fig. 11—Type 316, 60 Minutes at 1900 °F (1040 °C) With High Purity Graphite. 
Zero compressive stress. Dissociated ammonia in muffle. X 100. 


Fig. 12—Type 316, 60 Minutes at 1900 °F (1040 °C) With im Purity Graphite. 
36,000 psi compressive stress. Dissociated ammonia in muffle. X 100. 


which may be explained as follows: Because of the high alloy con- 
tent of 18-8 stainless steel, the limit of solid solubility of carbon in 
the austenite at 1900°F (1040°C) is quite low (approximately 
0.20% as compared to approximately 1.4% for iron-carbon alloys). 
On account of the high affinity of chromium and molybdenum for 
carbon, this saturation value is quickly reached and precipitation of 
complex carbides begins at the surface. Since the carbides are more 
highly alloyed than the austenite with which they are in equilibrium, 
the austenite now has greater capacity for carbon and will continue 
to take up increasing amounts at the surface. Diffusion will occur 
from this high carbon level to successfully lower layers where the 
same cycle of carbide precipitation will occur as soon as a particular 
layer has been supersaturated with respect to carbon. As a result 
of this continued precipitation of carbides, a two-phase structure is 
formed at 1900°F (1040°C) consisting of complex carbides and 
saturated austenite low in chromium and molybdenum, but high in 
nickel and carbon. On cooling to room temperature the saturated 
austenite transforms to the observed structure resembling “nodular 
pearlite”’. 

The initial, high contact pressure of 36,000 psi between the 
graphite and the miétal evidently promotes a high rate of carbon 
absorption at the surface which, in turn, brings about a high rate 
of diffusion inward, inasmuch as the diffusion coefficient increases 
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with increasing carbon content in the austenite (6). This high rate 
of carbon absorption which occurs when the graphite is pressed 
tightly against the metal surface may be due to “contact catalysis’. 
This possibility of a catalytic effect in carburizing has also been 
described by Schlumpf (2). The theory of “contact catalysis” pos- 
tulates that when molecules or atoms are adsorbed at a surface, the 
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Fig. 13—Results Obtained on Oxide-Free Tubes Carburized in High Purity 
Graphite, 60 Minutes at 1900 °F (1040 °C). 


1. Type 316, XNHs* in muffle, 6900 psi. 
2. Type 316, air in muffle, 6900 psi. 

3. Type 316, air in muffle, 6900 psi, system 
purged with highest purity argon before 
carburizing. 

Type 304, air in muffle, 6900 psi. 

Type 347, XNHs in muffle, 6900 psi. 
Type 316, XNHsz in muffle, 0 psi 

Type 316, XNHsz in muffle, 36, 000 psi. 


se 2 





*Dissociated ammonia. 


energy of activation is lowered for the formation of new compounds 
(7), eg., alloy carbides. Thus, with increasing contact pressure, a 
greater number of carbon atoms from the graphite may be adsorbed 
at the metal surface which can react directly with the chromium and 
molybdenum in the steel to form carbides. In this manner the entry of 
carbon into austenite would not have to follow the sequence C (solid) 
— CO -—-C (nascent) as required by the “oxidizing potential” theory, 
but would be brought about simply by the reaction C (solid) + xM 
= M,C as a result of contact catalysis. Under equilibrium conditions 
the formation and decomposition of alloy carbides at the surface 
would produce the necessary carbon for solution in the austenite. 
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SUMMARY AND CONCLUSIONS 


This investigation was undertaken to study the factors affecting 
carbon absorption by austenitic chromium-nickel steels of the 18-8 
variety and to investigate the validity of the “oxidizing potential”’ 
theory as applied to pack or solid carburizing. Using high purity 
graphite as the carburizing agent, tests were conducted at 1900 °F 
(1040 °C) in a vacuum of the order of 10°* to 10°* millimeters of 
mercury and in the presence of hydrogen at a pressure of approxi- 
mately 0.12 millimeter of mercury. The effect of contact pressure 
between the carburizing compound and the metal surface was also 
investigated. The results led to the following conclusions: 

1. Austenitic, chromium-nickel stainless steels of the 18-8 variety 
can absorb carbon from “solid’’ carburizers, even though the partial 
pressure of carbon dioxide and water vapor is held to an extremely 
low value. The observed carbon absorption apparently cannot be 
explained on the basis of the “oxidizing potential” theory. 

2. The rate of carbon absorption of this class of steels under 
a high vacuum is drastically reduced by the presence of an oxide film 
on the metal surface. 

3. Provided the surface oxide film of the stainless steel is de- 
composed or broken down under vacuum, carbon absorption, in the 
reduced gas phase, increases with an increase in contact pressure 
between the solid carburizer and the metal surface. As a result of 
this pressure, adsorbed carbon at the surface may react directly with 
chromium and molybdenum to form carbides which, under equilib- 
rium conditions, provide the necessary carbon for entry into the 
austenite. The direct formation of carbides is attributed to the low- 
ered energy of activation (as a result of surface or contact catalysis) 
‘or the formation of new compounds at the surface of the metal. 
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DISCUSSION 


Written Discussion: By John J. B. Rutherford, Tubular Products 
Division, The Babcock & Wilcox Co., Beaver Falls, Pa. 

Mr. Giacobbe has presented a thought-provoking paper on a subject 
of vital interest to all who process stainless steels. As is so often the case, 
it stirs up many new ideas, possibly more than it establishes. 

The interpretation of the effect of pressure on carburization is inter- 
esting but not entirely complete. It should be noted that the pressure was 
applied prior to heating. From the knowledge of creep and relaxation 
effects at elevated temperatures, it is well established that the pressure 
during the carburizing cycle would be considerably less than originally 
applied. There is the possibility that high pressure at ambient tempera- 
tures somehow broke down the adsorbed oxygen layer on the metal sur- 
face, to render it more susceptible to carburization on subsequent heating. 
We would like to know if the carburized case was uniform around the 
inner periphery of the tube where pressure was applied. 

Carburization has been observed in stainless steels at cracks and abut- 
ting surfaces, after service in heating petrochemicals. These cracks were 
assumed to catalyze a reaction which did not occur at the open surface. 
Mr. Giacobbe has come closer to an explanation of this phenomenon. 

Written Discussion: By Elmer Gammeter, director of laboratories, 
Globe Steel Tubes Co., Milwaukee, Wis. 

The author’s interesting study of the mechanism of carburization will 
be of value to those concerned with the process of carburization as well 
as those who are trying to avoid it in processing austenitic stainless steels. 
It is on this latter phase that I would like to comment, as this is of much 
interest in the austenitic stainless fields, since heretofore little systematic 
study has been made. Producers of stainless steel products in these grades 
have always been concerned with the avoidance of carburization which, 
of course, impairs corrosion resistance. 

In processing austenitic stainless steel tubes considerable care is used 
to avoid contamination by drawing’ compounds, cleaners, lubricants, etc., 
which usually contain carbon and, if present during annealing, will cause 
“carbon pick-up” or carburization. Many efforts to study this phenomenon 
have resulted in somewhat erratic results. Using the actual lubricants di- 
rectly in contact with test surfaces does not necessarily follow the pat- 
tern of contaminated surfaces existing after drawing with lubricants still 
embedded or drawn into the surface areas. 

Mr. Giacobbe’s results are of much interest in covering the effect of 
direct solid carburization with and without pressure. In his data we noted 
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that the Type 347 absorbed the least amount and that the corrosion rate in 
nitric acid was only slightly impaired. Since, on some occasions in tube 
production, Type 347 shows a greater tendency to “carbon pick-up” than 
other grades, we were somewhat surprised at this result. 

Without endeavoring to cover extensive details, we made a series of 
tests on 304, 316, 347 and 321, using relatively pure graphite within a 
closed but not sealed steel container. After 60 minutes at 1950°F (1065 
°C) the samples were quenched and the maximum depths of grain bound- 
ary precipitation were 0.004, 0.010, 0.001 and 0.001 respectively, which 
rather parallels the author’s findings. 

In regard to the etching technique, we would like to ask the author 
if he found any specific advantage to the Kahn reagent. Our brief study 
indicated no tangible difference between this and the normal electrolytic 
10% sodium cyanide etch that we use. 

In our opinion the paper offers a good nucleus for further study to 
establish more information on the “carbon pick-up” problem involved in 
production processing of austenitic stainless steels. 

Mr. Giacobbe is to be congratulated on this interesting and informa- 
tive paper on an important subject. 

Written Discussion: By M. E. Carruthers, supervising metallurgist, 
Research Laboratories, Armco Steel Corp., Middletown, Ohio. 

Mr. Giacobbe’s paper is of interest to those of us concerned with the 
stainless steels because carbon plays such an important role in the corro- 
sion resistance of these steels. There are, no doubt, many present who are 
familiar with the deterioration of stainless surfaces that have not been 
adequately cleaned of drawing compounds and other contaminants before 
annealing and pickling. 

While our experiences with the carburization of stainless steels have 
not been surrounded with exactly the same conditions as described by the 
author, the results of some of our own experiments may be of interest. 

In one experiment, cold-rolled Type 304 strip of composition 0.056% 
carbon, 18.31% chromium and 9.05% nickel was chemically cleaned and 
exposed to the flow of a mixture of carefully scrubbed and purified hydro- 
gen carrying 0.044% methane. After 23 hours exposure at 2050°F, the 
surfaces remained untarnished, yet carbon content had increased from 
0.056 to 0.16%. This experience would seem to substantiate the author’s 
postulation that methane can carburize stainless steel under conditions 
wherein water vapor and other oxygen-containing gases are reduced to 
very low concentrations. 

The author found that oxide films tended to hinder the rate of carbon 
absorption during short exposure to conditions that were carburizing to 
clean surfaces. We have noted this effect during experimental carburiza- 
tion of Type 410 stainless steel by the pack method. Shallow and non- 
uniform case depth resulted except when oxide films were minimized by 
using moisture-free compounds and by pre-flushing air from the system. 

In another case, we observed that Type 316 stainless steel heated for 
3 hours at 1950°F was not appreciably surface-carburized in an atmos- 
phere of partially burned natural gas of composition 5.4% COs, 0.2% Ox, 
12.1% CO, 17.4% He, 0.4% CH, with dew point 128°F. It is highly prob- 
able here, too, that the oxide film interfered with carburization. 
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In closing, we wish to commend Mr. Giacobbe on the content of this 
paper. His conclusion regarding the mechanics of carburization under 
the special conditions described is a valuable contribution to our knowl- 
edge of the behavior of stainless steels. 


Author’s Reply 


The author wishes to extend his sincere thanks to Messrs. Rutherford, 
Gammeter and Carruthers for their written discussions of this paper. 

Replying to Mr. Rutherford, the pronounced effect of pressure on the 
rate of carburization, even though the pressure is applied prior to heating, 
is attributed largely to the intimate contact developed between the carbu- 
rizing compound and the metal surface. As Mr. Rutherford points out, the 
actual pressure existing during the carburizing cycle at elevated tempera- 
tures is small as, in fact, it is when the load is released ‘prior to heating. 
However, because the carbon is thoroughly embedded in the microscopic 
fissures and pores of the metal surface, which in this instance was a pickled 
surface, it is felt that “contact catalysis” increases the rate of reaction be- 
tween the carbide-forming elements and the carbon itself. As a corollary 
to this it might be interesting to study the rate of carburization of a highly 
polished surface under otherwise similar conditions. 

In answer to Mr. Rutherford’s specific question, the carburized case 
was quite uniform around the inner periphery of the tube where pressure 
was applied. 

Mr. Gammeter’s observation is indeed interesting to those of us who 
have attempted to carburize stainless steel by simply coating the surface 
with drawing compound and annealing in the conventional manner. Usu- 
ally little or no “carbon pickup” occurs; however, if a cold drawn tube is 
annealed without thoroughly removing the drawing compound severe car- 
burization may result. 

Although Mr. Gammeter is somewhat surprised at the low rate of 
carbon absorption of Type 347 stainless steel, it is noted that his data 
corroborates the author’s findings that Type 347 absorbs the least amount 
of carbon, Type 316 the greatest amount, and Type 304 an intermediate 
amount under a given set of conditions. 

No effort was made to critically compare Kahn’s reagent with the 
standard electrolytic 10% sodium cyanide etch. Both developed the same 
microstructure although it was felt that better delineation was obtained 
with the Kahn reagent. 

Mr. Carruthers’ data provide further evidence that the “oxidizing 
potential” theory does not necessarily apply to the carburization of aus- 
tenitic stainless steels of the 18-8 variety. All indications are that moisture 
in the carburizing medium retards the rate of carbon absorption. For the 
types of stainless steels under consideration, the rate of formation of 
surface oxide even under mildly oxidizing conditions is very rapid at 
elevated temperatures. If conditions favor the formation of this oxide 
film, then there is little likelihood that carburization can occur even though 
such constituents as carbon monoxide and methane are present in the 
gaseous phase. It is the writer’s experience, however, that under reducing 
conditions methane and carbon monoxide can completely destroy the cor- 
rosion resistance of Type 304 _and Type 316 stainless steels. 





CREEP-RUPTURE AND RECRYSTALLIZATION OF 
MONEL FROM 700 TO 1700 °F 


By NicHovas J. GRANT AND ALBERT G. BUCKLIN 


Abstract 


Extensive creep-rupture tests were made on wrought 
Monel at temperatures from 700 to 1700 °F and for rup- 
ture times from about 0.001 to 2700 hours. Tests were 
made on the annealed, 30% cold-worked and 75% cold- 
worked structures. Recrystallization data were obtained 
for Monel cold-worked from 4 to 70% and annealed from 
0.5 to 500 hours at temperatures from 800 to 1700°F 
(425 to 925°C). Correlation of recrystallization data 
from static tests was attempted with hardness changes 
and equicohesion values from stress-rupture tests. Re- 
crystallization is evident at much lower temperatures and 
shorter times in creep-rupture bars than is predicted from 
static tests. It is shown that the Grant and Bucklin 
method of graphically extrapolating and interpolating 
short-time stress-rupture data holds for Monel. Experi- 
mentally determined values of equicohesion are given for 
30% cold-worked Monel. 


HE research which is discussed in this report is a continuation 
of studies at the Massachusetts Institute of Technology of the 
behavior of metals and alloys under conditions of strain at elevated 
temperatures. Previous publications were concerned with a complex 
age-hardenable, heat-resistant alloy (1),1 and with the behavior of 
iluminum as a function of purity (2,3). This report deals with the 
single-phase Monel alloy in the temperature range 700 to 1700 °F 
(370 to 925 °C). 
The specific aims of this research were: 
1. To obtain creep-rupture data for one of the Monel alloys. 
2. To study the role of cold work on the creep-rupture behavior 
of Monel. 
3. To relate, if possible, the recrystallization data for Monel 
with the creep-rupture behavior. 
4. To confirm or adjust the suggested graphical method of 
1The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Thirty-fourth Annual Convention of the Soci- 
ety, held in Philadelphia, October 18 to 24, 1952. Of the authors, Nicholas J. 
Grant is associate professor, Department of Metallurgy, and Albert G. Bucklin 


is staff member, Metallurgy Department, Massachusetts Institute of Technology, 
Cambridge, Mass. Manuscript received January 9, 1952. 
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extrapolating short-time creep-rupture data suggested by Grant and 
Bucklin (1). 

Monel of the following composition—67% nickel, 30% copper, 
1.5% iron, 1% manganese, and 0.15% carbon—was selected as the 
test material because it is a single-phase nonage-hardenable alloy in 
which the known instabilities (under varying conditions of temper- 
ature, time and strain) would be: (a) the transition from low- 
temperature-type behavior to high-temperature-type; (b) recrystal- 
lization; (c) oxidation. 

Other complicating structural or chemical instabilities would 


thus be avoided, permitting an easier realization of the aims listed 
above. 


EXPERIMENTAL PROCEDURE 


To determine the recrystallization behavior of Monel, cold- 
worked bar stock was first annealed for 30 minutes at 1500 °F 
(815 °C), and was then cold-worked from 4 to 75% reduction of 
area by cold swaging. Time-temperature recrystallization data were 
then obtained, using hardness, metallography, resistivity, and X-ray 
measurements. Times up to 500 hours were used to obtain as 
extensive data as possible. 

For the creep-rupture tests annealed Monel and two grades of 
cold-worked Monel were used; namely, 30 and 75%. The annealed 
bars were also heat treated for % hour at 1500°F (815 °C) prior 
to testing. While this did not yield a dead soft condition, it did keep 
the grain size within desired limits. 

Creep-rupture tests were run from about 0.001 to 2700 hours at 
temperatures from 700 to 1700 °F (370 to 925°C). The test bars 
were 0.250 inch in diameter by 1.25 inches gage length. The testing 
equipment has been described elsewhere (1) and readily meets ASTM 
requirements for all measurements. For the short-time tests, a 
hydraulic loading jack was used to permit rapid loading without 
significant impact on the test bar. In all instances, the specimens 
were brought up to temperature as rapidly as possible and were held 
there no more than 10 to 20 minutes prior to loading. 


EXPERIMENTAL RESULTS 


Fig. 1 shows the microstructures of the starting materials in the 
annealed, 30 and 75% cold-worked conditions. The annealed and 
75% reduced Monel are of the same initial grain size, whereas the 
30% reduced Monel is somewhat finer grained, being of a different 
lot of material, but of the same composition. The annealed grain 
size is about 0.03 millimeter in diameter. 

The data from the stress-rupture tests are listed in Table I. 
The results of these tests are shown graphically in Figs. 2 to 4 in 
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Table I 
Stress-Rupture Test Results 








Load Life Creep Rate Elongation Red. in Area Hardness* 
X 1000 psi Hrs. % /Hr. 0 % Rockwell “B' 
30% Cold-Worked 

700 °F 
110 0.025 ~240.0 10.8 63.3 103-104 
100 6.70 1,90 14.1 43.5 103-103 
95 87.9 0.066 15.7 43.4 103-105 
90 140.0 0.044 30.4 28.4 102-102 
80 472.0 0.0016 Tt 11.8 104-102 
900 °F 
90 0.0011 <20,000 21.1 52.8 101-102 
85 0.003 <4,500 13.5 54.8 102-101 
82 0.046 110.0 33.1 34.4 104-101 
80 0.081 36.0 12.2 26.9 102-100 
70 0.56 8.4 9.7 19.2 102-100 
55 2.45 ~0.80 3.2 4.0 103-102 
50 4.50 <0.55 2.9 3.5 100— 98 
45 23.7 <0.14 3.5 4.8 102- 98 
40 93.5 0.029 2.5 3.3 102- 98 
35 344.0 0.015 7.7 7.8 102- 93 
1000 °F 
80 0.0016 <9,300 14.8 41.9 102-102 
75 0.008 . <1,500 12.4 27.3 101-— 99 
70 0.036 84.0 20.5 22.2 102— 97 
60 0.13 35.0 7.5 10.0 97-— 96 
60 0.17 40.0 6.6 14.1 101-100 
50 0.95 <9.3 8.8 Be 101— 96 
40 2.68 0.96 2.3 6.3 97— 95 
40 3.38 ~1.30 4.0 6.2 101— 94 
30 36.9 0.14 9.8 14.4 101— 94 
25 157.0 0.083 15.0 22.6 97- 82 
1100°F 
67.5 0.002 <7,000 14.1 30.9 101— 99 
65 0.003 <6,000 18.2 31.6 99-— 96 
60 0.012 <1,700 21.0 40.9 103— 96 
55 0.065 ~290 23.9 36.0 97- 93 
50 0.12 44.0 15.8 19.0 97— 93 
50 0.19 62.4 20.3 MR SF hic. = Dace dimes 
45 0.40 <40.0 16.2 20.0 97-— 91 
40 0.72 <17.5 12.6 26.5 96- 88 
35 2.3 <2.70 6.7 11.6 95- 87 
30 7.38 <3.40 25.0 43.2 75-— 88 
95— 88 
25 19.8 <0.86 17.2 20.6 80-85-77 
20 34.8 <0.63 21.9 37.8 io 2 
— 81 
10 925 0.011 14.6 35.1 68— 64 
1200°F 
47.5 0.0017 <10,000 17.5 43.9 99- 94 
43.35 0.0056 < 2,700 15.2 43.8 100~- 94 
35 0.064 130.0 19.5 46.3 97~ 92 
30 0.217 96.0 52.5 45.3 91- 87 
25 0.75 ~15.0 38.4 44.2 90— 85 
20 3.60 <8.0 30.8 35.0 82-— 75 
15 IS .F: 5 <0.90 17.7 23.0 78- 71 
10 57.8 <0.24 13.5 18.4 79— 70 
10 64.1 ~0.18 16.8 15.1 73— 65 
ta 97.5 ~0.07 16.1 14.0 72— 59 
7.1 123.0 0.051 9.8 12.4 72-— 65 
5 564.0 0.014 12.8 10.9 61— 57 
2.5 2547.0 0.0045 18.0 P.3 61-— 54 
1300 °F 
35 0.0036 <14,000 52.0 40.0 98-— 94 
20 0.49 43.0 31.2 41.7 92~- 86 
10 12.4 <1.30 16.2 16.8 75— 65 
5 67.3 0,13 15.3 11.6 75— 65 
2.2 459.0 0.017 10.1 9.3 77— 63 





*First hardness values are highest readings; second readings in fracture area. 
t}4-inch gage lengt 


h, broke in fillet. 


tFirst value is in threaded section. 
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Table I—(Continued) 
Stress-Rupture Test Results 


Load Life Creep Rate Elongation Red. in Area Hardness* 
x 1000 psi Hrs. % /Hr. "te % Rockwell “‘B’ 
30% Cold-Worked 
1500 °F 
20 0.0064 <4,000 24.6 36.0 79- 82 
15 0.05 290 14.8 28.2 8i-— 84 
10 0.40 28.0 23.4 19.7 80- 66 
aa 7.43 <1.90 14.3 10.5 72-— 59 
0.5 2750 wate extremely oxidized 
1700 °F 
15 0.003 <13,000 38 .6 33.6 80-— 67 
id 0.027 860 28.8 22.6 74-— 72 
7 0.10 130 16.9 16.2 72-— 69 
3 1.45 <7.0 10.6 van 64— 59 
0.8 81.8 0.088 badly oxidized 61- 52 
75% Cold-Worked 
900 °F 
85 0.021 ~270 13.7 $1.5 96- 98 
75 2.51 2.0 20.0 57.0 100- 99 
74 3.50 ~1.6 20.9 73.8 99-— 98 
70 4.50 0.83 12.6 55.8 100- 98 
50 151.3 0.020 5.6 6.9 100— 97 
45 424.0 0.007 6.0 5.5 98— 96 
1100°F 
65 0.027 ~67.0 23.0 72.2 102-101 
55 0.22 18.5 8.1 67.4 101- 98 
50 0.35 12.0 17.2 68.1 101— 98 
40 0.78 ~5.0 27.4 68.9 96-— 97 
30 2.68 ~2.1 53.3 74.4 94— 96 
15 162.0 0.18 43.5 55.3 81-— 79 
1300 °F 
30 0.018  <1950 35.0 58.0 92-- 89 
23.6 0.117 336 90.0 75.0 85- 81 
20 0.18 160 64.5 65.2 85- 79 
12.4 3.7 <7.2 26.9 39.4 75- 67 
10 13.5 ~1.7 55.7 36.6 62-— 57 
7 81.7 0.34 18.0 30.3 64— 61 
Annealed 
700 °F 
75 <0.001 <42,000 41.9 72.5 100-101 
75 <0.001 <42,000 41.5 73.0 79— 99-100 
70 125.8 0.13 43 68.3 — 98-100 
900 °F 
65 0.0033 <13,000 45.2 71.3 73- 93- 99 
60 0.154 130 45.9 62.1 81- 95- 97 
57 0.67 <66 44.4 44.6 74— 96- 96 
50 14.7 0.88 31.7 36.4 75— 91- 93 
45 232.6 0.02 23.9 22.6 75— 88- 92 
1100°F 
50 0.0022 <20,000 43.5 64.2 79- 89- 92 
45 0.038 < 1,400 54.8 63.3 77- 91- 92 H 
40 0.40 63.0 56.5 58.0 77- 85— 88 
35.7 1.11 14.0 44.8 51.2 74~ 86- 89 
30 7.53 ~1.4 35.5 38.0 75— 84- 86 
25 98.0 0.21 29.7 28.3 74— 79- 79 
20 277.0 0.094 31.7 29.3 75— 77- 78 
15 2714.0 0.0075 32.2 33.2 7i- 74—- 71 
1300 °F 
30 0.028 860 54.0 47.2 75— 88- 80 
25 0.21 130 50.4 41.5 76- 86- 81 
20 1.96 16.4 39.3 37.7 75-— 79- 78 
15 5.58 3.2 oe 27.7 74- 78- 75 
10 22.0 0.56 28.1 27.9 68— 
5 769 0.02 24.6 16.2 59— 50 


tFirst value is in threaded section. 








ad 





1953 CREEP-RUPTURE OF MONEL 155 





Fig. 1—Original Grain Structures (Longitudinal Sections) Prior to Testing. All at X 250. 
Carapella's etch. (a) Annealed one-half hour at 1500°F (0.03 mm. diameter grain size). 
(b) 30% cold work. (c) 75% cold work. 


log-log’ plots of stress versus rupture life. Following the same pro- 
cedure used in previous work (1), the best straight-line segments 
were drawn through the points. The breaks in the curves are based 
not only on the individual points, but also on the nature of the 
fracture (transcrystalline or intercrystalline), on the mode of de- 
formation, and on observable instabilities such as recrystallization 
or oxidation. | 

It willbe noted in Figs. 2 to 4 that most of the data were ob- 
tained for the 30% cold-worked material. A series of breaks in the 
straight lines of Figs. 2 to 4 are noted at zones A, B, C, D. It 
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Fig. 2—Log Stress Versus Log Rupture Life Plot for Annealed Monel at 700 to 1300°F. 
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Fig. 3—Log Stress Versus Log Rupture Life Plot for 30% 
Cold-Worked Monel at 700 to 1700°F 


was determined by these breaks in the curves and checked metallo- 
graphically that these are zones where Monel is changing from low- 
temperature (transcrystalline)-type fracture to high-temperature 
(intercrystalline)-type fracture. As noted previously £1), this is 
not a sharp break, but this method of plotting permits a rather close 
demarcation of the time-temperature-stress relationship for the first 
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Fig. 4—Log Stress Versus Log Rupture Life Plot for 75% Cold-Worked 
idieeal's at 900 to 1300°F. Dashed lines show alternate choice of curves. 


evidence of intercrystalline cracking, even though the rest of the 
fracture may be transcrystalline due to the increased stress (and 
strain rate) because of diminution of cross sectional area. It must 
be emphasized that only the curves of Fig. 3 are considered to be 
quite accurate with respect to the slopes and the breaks in the curves 
which are shown, whereas the curves of Figs. 2 and 4 are consider- 
ably less accurate, due to the smaller number of test points. 

A second set of breaks in the curves is shown jn these same 
three figures, generally represented by the letters MNOPQ. It was 
thought, at first, that the breaks in the log-log curves represented 
by these letters could be ascribed to oxidation, which progressively 
and materially decreases the test cross section by intergranular oxi- 
dation, resulting in decreased rupture life; however, this was not 
the case. Table II shows the rupture life values at each temperature 
for the points MNOP for the annealed and the two cold-worked 
structures, taken from Figs. 2, 3, and 4. 

Since the effect of cold work on the rate of oxidation is probably 
small, except insofar as it affects grain size and intergranular oxida- 
tion, cold work should not affect the incidence of oxidation damage. 

Therefore, it follows that in the case of 30% cold-worked ma- 
terial, but especially in the case of the 75% cold-worked Monel, the 


Table Il 
Approximate Rupture Time Values at Slope Changes MNOP in Figs. 2, 3, 4* 
900°F 1100 °F . 1300 °F 
Annealed > 1000 hours 75 hours 1 hour 
30% cold-worked * > 1000 hours 10 hours 2 hours 
 cold-worked > 1000 hours ? ? 


*Holding time of 10 to 20 minutes at temperature prior to loading. 
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Fig. 5—Oxide Penetration in Monel During Creep-Rupture Testing. (a) Annealed 
Monel after 2700 hours at 1100°F and 15,000 psi. X 150. Electrolytic HsPO, etch. (b) 
30% cold-worked Monel after 82 hours at 1700°F and 800 psi showing internal oxidation 
ani grain boundary penetration. XX 150. Electrolytic HsPOx, etch. 


Rockwell "B" Hardness 





O 100 800 1000 1200 1400 I600 1800 
Annealing Temperature °F 


Fig. 6—Recrystallization Curves‘for Monel (Based on Hardness) After 
Holding % Hour at Temperature. 4 to 75% cold work. 


positions MNOP are being affected by a recrystallization phenom- 
enon which first begins to be noted beyond the zones ABCD. <Accord- 
ingly, the MNOP instability regions of Fig. 3 which may in part be 
ascribed to an obvious intergranular oxidation effect are simulta- 
neously being affected by a continuing recrystallization process which 
in part controls the location gf these zones and the slopes of the lines. 





1953 CREEP-RUPTURE OF MONEL 159 


For the 75% cold-worked material (Fig. 4) where the recrystal- 
lization process is more rapid, due to the larger amount of cold work, 
instability regions associated solely with oxidation cannot be detected, 
since the oxidation effect is overshadowed by the large effects of 
recrystallization on the rupture life of the material. 

Up to temperatures of about 900 °F (480°C), Monel has very 
good long-time oxidation resistance. From 900 to about 1300 °F 
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| | ! 
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Fig. 7—Plot of Cold Work Versus Temperature for Re- 
crystallization of Monel for Times of 0.5, 5, 50, and 500 Hours. 


(480 to 705 °C), the surface scale is still thin and very adherent, 
but grain boundary penetration of oxide is quite evident and is com- 
plexly related to intercrystalline cracking during creep-rupture test- 
ing. Above 1500°F (815°C), the bulk oxide grows rapidly but 
still remains adherent and apparently quite dense ; however, the oxide 
is poorly protective. 

Fig. 5 shows two photomicrographs of oxide penetration. Fig. 
Sa shows adherent surface oxide after 2700 hours at 1100°F (595 
°C) as well as intergranular penetration. Fig. 5b shows oxide pene- 
tration at 1700°F, (925°C). Note the large amount of internal 
oxidation in the grains near the boundary regions. 

To obtain more information on the role of the recrystallization 
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Fig. 8—lIntercrystalline Cracking of 30% Cold-Worked Monel at 700°F. < 750. 
Electrolytic HsPO«4 etch. (a) 140 hours rupture life, 90,000 psi. Reduction of area, 28%. 


(b) 472 hours rupture life, 80,000 psi. Reduction of area, 11.8%. 














Fig. 9—Structure at Point Removed From Fracture in Test at 700°F, 
472 Hours Rupture Life for 30% Cold-Worked Monel. Note very fine struc- 
ture at grain boundaries. 1200. Electrolytic HsPO. etch. 


WT 








1953 CREEP-RUPTURE OF MONEL 161 


process on the creep-rupture properties and on any possible relation- 
ship between recrystallization (as measured by hardness) and equi- 
cohesion, which is represented by the instability located by the letters 
ABCD, static time-temperature recrystallization data were obtained 
after various degrees of cold work and are shown in Figs. 6 and 7. 
Fig. 6 shows the hardness versus temperature plot for cold-worked 
Monel after holding % hour at temperature. Similar sets of curves 
were obtained for annealing times of 5, 50, and 500 hours for the 
same amounts of cold work. Because of the large number of points 
involved, the individual values are omitted. Recrystallization is de- 
fined in this instance as the point of inflection of the curves shown in 
Fig. 6. 

Fig. 7 summarizes the recrystallization time in a log-log plot 
of per cent cold work versus temperature. The recrystallization data 
shown in Fig. 7 were checked metallographically and by X-ray 
measurements of line intensity. Since the agreement by these methods 
was very good, the values need not be given here. 

From Fig. 7 one would not expect that recrystallization would 
occur much below 900 °F (480°C) and definitely not below 800 °F 
(425 °C) in a period of 1000 hours or more, even after extremely 
severe cold work. Yet, after examination of test bars at the fracture 
zone and even at points removed from the fracture in those tests 
which were run at 700°F (370°C) and yielded rupture times 
greater than about 100 hours, there is very good evidence of the 
start of recrystallization at the grain boundaries. Incidentally, from 
Fig. 3 it will be noted that the equicohesion break at 700 °F (370 °C) 
for 30% cold-worked Monel is at about 100 hours (designated by the 
letter A). Fig. 8 shows the unmistakable evidence of intergranular 
cracking at 700°F (370°C) for both the 140- and the 470-hour 
rupture life tests (both beyond the equicohesion zone), the 470-hour 
test showing more of the intercrystalline cracks. 

While both Figs. 8a and 8b show a rough grain boundary ap- 
pearance, there are too many intercrystalline cracks to show the 
grain boundary detail clearly at a magnification of 750. Accordingly, 
Fig. 9, of the rupture bar at 700 °F (370 °C) and 470 hours rupture 
life, shows the structure at a magnification of 1200. There is un- 
mistakable evidence of a fine new grain structure at the grain 
boundaries. 

Clear evidence of the progress of recrystallization noted above 
is shown in Fig. 10. Figs. 10a and 10b show the 900 °F (480 °C) 
structures of the 30 and 75% cold-worked alloys respectively at 
< 500 at a point removed from the fracture. The 30% cold-worked 
structure (Fig. 10a) shows the similar grain boundary roughening 
noted in Fig. 9, but at a more advanced stage. Fig. 10b (75% cold 
work) is at a still more advanced stage, to the extent that a fine 
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Fig. 10—Advanced Grain Boundary Recrystallization During Creep-Rupture Testing 
at 900°F. Electrolytic HsPO, etch. (a) 30% cold work. 344 hours rupture life. X 500. 
(b) 75% cold work. 424 hours rupture life. 500. (c) 30% cold work. 344 hours rupture 
life. 31200. (d) 75% cold work. 424 hours rupture life. X 1000. 


new grain structure is plainly evident at the grain boundaries. Figs. 
10c and 10d are higher magnifications of the same structures clearly 


revealing recrystallization. 
Fig. 11 shows this recrystallization process in the late stages of 
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Fig. 
Testing at 1300°F. 150. Electrolytic H:POx, etch. 
(1.7 minutes). (b) Annealed Monel after 769 hours. 


11—Final Stages of Grain Boundary Recrystallization During Creep-Rupture 
(a) Annealed Monel after 0.028 hours 
Recrystallization complete. 


completion. Fig. lla shows the size of the new grains in annealed 
Monel at X 150, after testing at 1300°F (705°C) for a rupture 
time of 1.7 minutes (0.028 hour). Fig. 11b is the same material at 
1300 °F (705°C) after a rupture time of 769 hours. Recrystal- 
lization is now complete. Please note the severe intercrystalline 
cracking. 

From this series of photomicrographs it is quite evident that in 
creep-rupture testing, recrystallization can occur at much lower tem- 
peratures and shorter times than would be anticipated from static 
recrystallization studies. Furthermore, it also appears that the equi- 
cohesive instability (change from transcrystalline to intercrystalline 


fracture) is associated with the first tendency for recrystallization 
(defined in a broad sense). 


If one compares in one plot: (a) The points of equicohesion 
for the 30% cold-worked Monel (from Fig. 3); (b) the recrystal- 
lization time for similar temperatures and cold work; and (c) the 
time for a distinct softening of the tested stress-rupture bars (meas- 
ured both at the fracture and at a point well removed from the 
fracture), the interesting comparison shown in Fig. 12 results. This 
figure clearly illustrates the effect of strain (imposed in a creep- 
rupture test) on the softening and recrystallization of Monel, the 
effect being to speed up the softening process and to promote re- 
crystallization by a large factor. 
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It is possible now to examine Fig. 4 more closely. At 900 and 
1100 °F (480 and 595°C) (letters A and B), there is consistent 
evidence that the rupture life decreases sharply at the transition, and 
then appears to recover (dashed line). This might be ascribed to 
the rapid formation of fine new grains at the grain boundary, which 
causes early failure at these stresses. At still lower stresses these 


Temperature °F 
700 900 1100 1700 


Recrystoallization 
(From Fig.7) 
| 


Hardness 
Change in 
Rupture 


Time-Hours 


Equi-Cohesion 
(From Fig.3) 





Oo. } OS O68 Gr os O5 
1000/ T°R 


Fig. 12—Comparison of the Spa Sepeiare Relation- 

ships for 30% Cold-Worked Monel. (a) Static recrystalliza- 

tion (from Fig. 7); (b) equicohesion (from Fig. 3); (c) hard- 

ness change of ruptured test bars. 
new grains have an opportunity to grow before fracture occurs, re- 
sulting in a partial recovery of the curve; but it will be noted from 
Fig. 4 that the slope is steep, due to the existence of this finer grain 
size at the old grain boundaries (see Figs. 10b and 10d). 

From the viewpoint of increasing the strength of Monel through 
cold working, Table III compares the stress for the 10, 100, and 1000- 
hour rupture times from 900 to 1300 °F (480 to 705°C). It is not 
recommended that strength comparisons also be made among the 
three grades of Monel shown in Figs. 2, 3, and 4 because of differ- 
ences in initial grain size, which would affect the recrystallization be- 
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Table Ill 
Effect of Cold Work on Stress for Rupture (in psi) 








eit SOD OF 
10 Hours 100 Hours 1000 Hours 

Annealed 51,000 46,000 43,000 
30% cold-worked 70,000 60,000 45,000 

At 1100°F aan, 
Annealed 30,000 24,000 17,000 
30% cold-worked 35,000 25,000 14,000 

At 1300°F 
Annealed 13,000 8000 4500 
30% cold-worked 15,000 8000 4000 





0.00i1 0O.0I 0.1 | 10 100 }§=6©1000 10,000 
Rupture Life -Hours 


Fig. 13—Semi-Log Plot of Stress Versus Rupture Life for 30% Cold- 
Worked Monel From 700 to 1700°F. 


havior and thereby the strength of the different grades of Monel. 
Fortunately, some bar stock was available, half of which was an- 
nealed and half cold drawn 30%, which permits a comparison of 
rupture strength of the annealed and 30% cold-worked conditions, 
at 900 to 1300°F (480 to 705°C). These results are shown in 
Table ITI. 

From Table III it is obvious that 30% cold work effectively 
strengthens Monel at 900°F (480°C) for a period of more than 
1000 hours. The curves intersect at about 2000 hours. At 1100 °F 
(595 °C) the benefits of 30% cold work are lost in 200 hours. At 
1300 °F (705°C) and higher, the annealed and 30% cold-worked 
values are about the same over the entire rupture-life range, any 
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Fig. 14—Log Stress Versus Log Minimum Creep Rate for 30% Cold-Worked 
Monel From 700 to 1700 °F. 
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difference being due to grain size or composition. Recrystallization 
is complete after several hours at 1300 °F (705°C) and results in 
similar grain size for both grades. 

Examination of the ductility data in Table I show a definite 
decrease in ductility at the equicohesion break. This is true for the 
true ductility (1) as well as for total ductility. Where the data are 
available, it was shown that the true ductility decreases with in- 
creasing rupture time and with increasing temperature, beyond the 
instability designated by ABCD in Fig. 3. These results bear out 
the experimental evidence of a ductility decrease similarly noted for 
the complex high temperature Ni—Cr—Co—Fe-base alloy $590 (1) 
and for three grades of aluminum (2). 

Fig. 13 is a semi-log plot of the same data shown in Fig. 3 and 
once more shows that the semi-logarithmic plot of stress versus rup- 
ture life (or minimum creep rate) does not result in a straight line 
for the data (1, 2, 4) beyond the equicohesion zone (A, B, C, D). 
The data for the semi-log plot beyond the equicohesive zone are best 
fitted by a curve which approaches but does not intersect the zero 
stress axis. 

Fig. 14 is a log-log plot of stress versus minimum creep rate for 
the 30% cold-worked condition and is presented to show the creep 
resistance of Monel as a function of temperature, stress and cold 
work. Similar curves have previously been discussed in detail (1). 
Creep data on Monel were previously reported by Betty, Eiselstein 
and Huston (5) for the annealed and cold-worked conditions. 

One of the purposes of this research was to check the graphical 
method of extrapolating and interpolating short-time stress-rupture 
data (based on tests from 0.01 to about 200 to 500 hours) as pro- 
posed by Grant and Bucklin (1). Monel, a relatively simple alloy, 
appeared to be a good test metal. Using the 30% cold-worked stress- 
rupture data of Fig. 3, the complete stress-rupture curves at 1300 
and 1700°F (705 and 925°C) were calculated and are shown as 
the dashed curves of Fig. 3. Experimental tests were subsequently 
run and the points at 1300°F (705°C) are shown, fitting the cal- 
culated curve almost perfectly. Since the fit is good, the experi- 
mental curve was omitted for clarity. 

There was a very small difference at 1700°F (925°C) be- 
tween the experimental and calculated curves, the agreement being 
very good. 

The data used to calculate these curves are shown in Figs. 15 
and 16. The reader is referred to Reference 1 for an explanation of 
the procedures for obtaining and using these curves. 

This work therefore serves as a confirmation of the proposed 
graphical method of extrapolating relatively short-time creep-rupture 
test data through the utilization of the log-log plot of stress against 
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1000 Hour Rupture Stress 





400 | 800 | 1200 | 1600 | 
600 1000 1400 1800 


Temperature °F 

Fig. 16—Plot of Stress for 1000 Hours Rupture Life Ver- 
sus Temperature. Curves I and II determine a point of 
equicohesion. 

I. Strength of grains, using segments to Jeft of ABCD. 

II. Strength of grain boundaries, using segments between 
ABCD and MNOP. 

III. Strength based on oxidation and recrystallization, 
segments to right of MNOP. 


rupture life which serves to locate zones of instability in the alloy as 
a function of time, temperature and stress. 

It is interesting to point out that Curves I and II of Fig. 16 
represent the 1000-hour rupture-life stresses of the grain (Curve I) 
and of the grain boundary (Curve II). The intersection of these 
two curves determines, therefore, an experimental equicohesive tem- 
perature for the conditions which fix this graph. This same graph 
further suggests a theoretical strength for the grain boundary at 
room temperature (for a 1000-hour rupture life) through the extra- 
polation of Curve II. As the higher temperatures are approached, 
the trend of Curve I indicates that the strength of the grain de- 
creases and approaches the strength of the grain boundary region. 

Since equicohesion is more rigorously defined as a function of 
the strain rate or for a given strain rate (6), Fig. 17 was drawn 
from the data of Fig. 14, plotting the stress for a constant strain rate 
of 0.1% per hour versus temperature. Again curves for the grain 
(I) and for the grain boundary (II) are obtained, the intersection 
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0.1% / Hr. Creep Stress 


400 | soo | 1200 | #41600 | 
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Fig. 17—Plot of Stress for a Creep Rate of 0.001 per Hour 
Versus Temperature. Curves I and II determine a point of 
equicohesion. Curves I, II and LII are similarly defined as 
in Fig. 16. 
» 
of which defines the equicohesive temperature of Monel for a strain 


rate of 0.001 per hour. 


SUMMARY AND CONCLUSIONS 


1. Creep-rupture data for Monel in the annealed, 30 and 75% 
cold-worked conditions have been obtained for temperatures from 
700 to 1700 °F (370 to 925°C) and for rupture times up to about 
2700 hours. 

2. Recrystallization data have been obtained for Monel for cold- 
work reductions up to 70% and for recrystallization times from 0.5 
to 500 hours. 

3. The instabilities which decrease the long-time creep and rup- 
ture properties of Monel are the incidence of intercrystalline fracture, 
oxidation, and recrystallization. . 

4. Time-temperature relationships for recrystallization as meas- 
ured by hardness changes do not serve as accurate indications of the 
onset of intercrystalline cracking in creep-rupture testing of Monel; 
and, coincidentally, evidence of recrystallization is present at much 
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lower temperatures and shorter times in creep-rupture tests than 
could be predicted from static recrystallization studies. 

5. Recrystallization occurs during creep-rupture testing of 
Monel and is effective in lowering the creep resistance and rupture 
life because of the formation of a very fine grain size along the 
grain boundaries. 

6. 30% cold work effectively improves the creep-rupture 
strength of Monel up to 900°F (480°C) for a period of about 
2000 hours. At temperatures greater than 1100°F (595°C) no 
benefit at all is evident. 

7. It is shown that the Grant and Bucklin method of graphically 
extrapolating and interpolating short-time creep-rupture data is 
effective and works very well for Monel. 

8. Experimentally determined values of the equicohesive tem- 
peratures are determined for Monel, being 700°F (370°C) for a 
strain rate of 0.10% per hour for this grade of 30% cold-worked 
Monel. 
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DISCUSSION 


perature Alloys Branch, Metallurgy Division, Naval Research Laboratory, 
Washington, D. C. 

The paper represents a careful study of recrystallization phenomena 
occurring under static conditions and also while in the process of being 


strained. However, there appears to be discrepancies which the authors 
can perhaps clear up. 


Written Discussion: By Henry E. Frankel, metallurgist, High Tem- i 
{ 


According to the authors in a previous work,’ breaks occurring in log 
stress —-log rupture time curves indicate points at which the mode of frac- 
ture changes or points at which structural changes such as oxidation or 
recrystallization occur. In Figs. 2 and 3, two breaks are frequently en- 
countered. The first breaks indicate the first evidences of intercrystal- 
line fracture. The authors ascribe a relationship between recrystallization 
phenomena and equicohesion. The second break is described as being af- 
fected by a recrystallization phenomenon which first begins to be noted id 
beyond the zones ABCD. Thus it is intimated that there is a single major 4. 
cause for the two breaks. It is.wondered if the authors have observed this 
phenomenon in metals other than monel. a 

The second break in the curve was first thought to be caused by oxi- 
dation, but the authors stated that this was not the case (their seventh 
page). However, on the next page, it is stated that the MNOP regions 
may “in part be ascribed to an obvious intergranular oxidation effect”. 
These statements appear to be contradictory. 

The authors show that the 75% cold-worked material recrystallizes 
more rapidly than the other specimens. If there is a relation between the 
equicohesive point and recrystallization, the break in a log stress —log rup- 
ture time curve should appear at shorter times the more a specimen is pre- 
strained. Then the break for the 75% cold-worked material should occur 
at a shorter time than for the 30% cold-worked material and the latter 
should exhibit a break at a shorter period of time than the annealed metal. 
However, at 900°F, for example, the 75% cold-worked material exhibits 
the break at 5 hours, the 30% cold-worked at 0.1 hour, and the annealed 
at 0.3 hour. Have the authors an explanation for this discrepancy? 
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Written Discussion: By Donald N. Frey, Ford Motor Co., Dearborn, 
Mich. 1 

This paper proved to be most interesting and informative and, accord- if 
ingly, the writer wishes to congratulate the authors for the fine work. : 
The following points for further discussion are submitted for the authors’ | 


consideration and possible comment. 

The discontinuities labeled M, N, O, P and Q in Fig. 3 do not appear 
in Fig. 18. From this the question is raised as to whether the discontinui- 
ties M, N, O, P and Q can be considered real or rather somewhat as arti- 
facts of the plotting method. 


+ 
The authors also note on their thirteenth page that equicohesive insta- 
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bility is associated with the first tendency for recrystallization—‘“defined 


in a broad sense”. Also Fig. 12 tends to point out only a limited relation- 


*See Reference 1 of paper. 


: 
ship between the breaks in Fig. 3 and recrystallization. It is suggested, / 
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therefore, that a more direct relationship between “equicohesive insta- 
bility” or loss of strength and pre-recrystallization recovery might exist. 
For example,’ it is shown that relaxation by annealing of internal stresses 
(as measured by X-ray diffraction line widths) results in reduction in 
creep resistance of previously cold-worked metals. This relaxation phe- 
nomenon is a pre-recrystallization one, and might be expected to affect 
rupture resistance in a similar manner. 

Lastly, the same shapes of rupture curves as are shown in Fig. 13 
are found for rather diverse materials not necessarily cold-worked (see, 
for example, curves for age-hardened Inconel-X).* The question then is 
raised as to whether any relationship at all exists between discontinuities 
such as those labeled A, B, C, D, E and F in Fig. 3 and recrystallization 
following cold work. 

Written Discussion: By Joseph R. Lane, Metallurgy Division, Naval 
Research Laboratory, Washington, D. C. 

It is gratifying to find that where the Grant-Bucklin data overlap that 
obtained by Mr. Shahinian and myself, the agreement is generally satis- 
factory. As noted on the fourteenth page of our paper, we found a tend- 
ency for the log stress —log rupture life plots to curve downward at high 
temperatures. It is quite likely that the grain boundary recrystallization 
described by Grant and Bucklin is at least a factor in this behavior. Addi- 
tional close examination of our specimens confirms that recrystallization 
can occur in a specimen put on test in an annealed condition, as shown 
in Fig. 18. = 

In a previous work by these authors,® it was shown that the equi- 
cohesion breaks in the log stress —log rupture life curves, in the two alloys 
reported, varied widely and continuously with temperature. This is to be 
expected because of the relation between temperature and strain rate. 
However, the breaks in the curves for monel, especially in the case of the 
30% cold-worked alloy, occurred at approximately the same time at all 
temperatures. Have the authors any explanation for this effect? 

The observation by Grant and Bucklin that recrystallized grains are 
formed during creep-rupture possibly may be used to determine the true 
stress involved. The extensive fissuring which usually occurs near high 
temperature-type fractures renders an estimate of the deformation based 
on the dimensions of the specimen unreliable. Work by Walker,’ Wensch 
and Walker,® and Channon and Walker,’ shows that a logarithmic relation 
exists between the recrystallized grain size and the square root of the 
deformation. While their data involve only cold deformation, it is sug- 
gested that such a relationship might be used to indicate the localized 


3D. N. Frey and J. W. Freeman, “Fundamental Effects of Cold Working on the Creep 
Resistance of an Austenitic Alloy’, Journai of Metals, Vol. 3, No. 9, 1951, p. 755. 

_ *D. N. Frey, J. W. Freeman and A. E. White, ‘“Fundamental Aging Effects Influencing 
High-Temperature Properties of Solution-Tested Inconel-X’’, National Advisory Committee 
for Aeronautics, Technical Note 2385, 1951. 

5Paul Shahinian and J. R. Lane, “Influence of Grain Size on High Temperature Prop- 
erties of Monel’’, published in this volume of TRANSACTIONS. 

®See Reference 1 of paper. 

TH. L. Walker, “Grain Size Produced by Recrystallization and Coalescence in Cold- 
Rolled Cartridge Brass”, University of Illinois Experiment Station Bulletin No. 359, 1945. 

8G. W. Wensch and H. L. Walker, “‘Recrystallization and Grain Growth of Nickel’, 
Transactions, American Society for Metals, Vol. 44, 1952, p. 1186. 


°S. L. Channon and H. L. Walker, “Recrystallization and Grain Growth in Alpha 
Brass”, published in this volume of Transactions. 
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Fig. 18—Grain Boundary Recrystallization in a Monel Stress-Rupture 
Specimen After 45 Hours at 900 °F and 45,000 psi. x 1500. 
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Stress— Log Rupture Life Curves for Monel at 1100 °F. 
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stress in a creep-rupture specimen at those points at which recrystalliza- 
tion occurs. In establishing such a curve, it would be necessary to change 
the criterion of recrystallized grain size from the size of the grains when 
the material is just completely recrystallized to the size of the grains at 
the completion of recrystallization in only two dimensions (i.e., continuous 
grains along the boundaries of the original large grains). The recrystal- 
lized grain size of our 900°F specimen® was approximately 0.00025 milli- 
meter, equivalent to the residual stress of an extremely great deformation 
(over 100% reduction in thickness using the curves “for brass). 

The authors have shown that their extrapolation procedure works 
well in still another material, monel. It is interesting that the method 
can be carried even farther and allow for material with varying amounts 
of cold work. If the slopes of three sections of the log stress-—log time 
curves are drawn as a function of cold work (the 1100 °F curve is given in 
Fig. 19), the necessary correction to Fig. 15 can be made for any interme- 
diate amount of cold work. Unfortunately, adequate data to include this 
additional variable would rarely be available. 

Written Discussion: By H. H. Bleakney, metallurgist, Department of 
Mines and Technical Surveys, Ottawa, Ont., Canada. 

The authors argue that the breaks in the curves of Fig. 3 at A, B, C, 
D, E, F are attributable to the intercrystalline cracks which are typical 
of so many metals in creep-rupture tests; and they argue that the breaks 
at M, N, O, P; Q are attributable to recrystallization. The evidence is 
somewhat less than convincing in both cases. 

The intercrystalline cracking associated with the breaks in the curves 
at A, B, C, D, E, F takes place so much more rapidly in this monel than 
in other metals that one suspects the influence of an additional agency. 
Such an agent might well be graphite. Although graphite is not found in 
monel at temperatures at which it is normally used, its presence is to be 
expected under the conditions reported in this paper. The fissures seen 
in Fig. 11 could be most easily explained by the presumption that they 
originated at thin films of graphite at the grain boundaries. Such a pre- 
sumption might also account for the wide scatter of reduction of area 
values reported in Table IL. 

With respect to the breaks in the curves at M, N, O, P, Q, the authors 
dismiss intergranular oxidation as a factor. However, they say “Since the 
effect of cold work on the rate of oxidation is probably small, except 
insofar as it affects the grain size and intergranular oxidation, cold work 
should not affect the incidence of oxidation damage.” The exception con- 
tained in this sentence contradicts the conclusion and even suggests that 
these breaks in the curves are attributable to oxidation damage. Table II 
supports that opinion. 2 

With respect to recrystallization at the grain boundaries, the evidence 
falls short of being clear and unmistakable. Monel frequently displays a 
highly mixed grain size, as illustrated in Fig. 1b of the paper. The fine 
grains shown at the boundaries illustrated in Fig. 10 might be the rem- 
nants of grains which were originally somewhat larger, but which have 
been consumed by their neighbors almost to the point of extinction. How- 
ever, even if the fine grains shown at the boundaries in Fig. 10 are in fact 
the products of recrystallizatjon, they appear to be much too few to ac- 
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count for the very marked breaks in the curves at M, N, O, P, Q. More- 
over, it it highly debatable that recrystallization has a life-shortening effect 
in creep-rupture tests. Evidence indicates that the opposite is true. When 
a metal is susceptible to intercrystalline cracking, such cracking is more 
serious in shortening the creep-rupture life than the temporary accelera- 
tion of the creep rate caused by recrystallization. Greenwood has reported 
that of four samples of lead which differed only in heat treatment, the 
only oné which displayed an intercrystalline fracture was that one which 
had not recrystallized during the test. 


Authors’ Reply 


The authors are pleased with the extensive discussion of the paper 
and for the contributions from the discussers. 

First, regarding Mr. Frankel’s discussion, the two breaks in the curves 
of Fig. 2 are not ascribed to a single cause. The first break is associated 
with the incidence of grain boundary deformation and fracture. For Monel, 
it so happens that this is the same point for the first evidence of recrystal- 
lization. However, recrystallization is not the cause of the break. The 
noted recrystallization is probably the result of the extensive grain bound- 

ry deformation which becomes operative at about this particular temper- 
‘ure, time, and stress. This is, incidentally, the first evidence of such 
crystallization phenomenon that we have observed in creep-rupture 
tudies, which in the past have included several grades of aluminum, stain- 
ess steels, and many nickel and cobalt based super-alloys. 

The second break is due “in part” to obvious oxidation. In part, the 
>reak is also due to a simultaneous and continuing recrystallization effect. 
Thus, the break in the curve cannot be associated with a single instability. 
Such overlapping instabilities have been proposed and discussed in a pre- 
vious paper (2). 

In the recrystallization of cold-worked metals, during creep testing, 
the simple advent of recrystallization cannot alone be considered. There 
are also the effects of the rate of growth of new grains and the orientation 

' such new grains. In the case of Monel, important preferred orientation 
‘ects become evident as recrystallization occurs. Accordingly, the com- 
lex effects noted during creep studies are admittedly poorly understood. 

Regarding Dr. Frey’s discussion, the discontinuities MNOP in Fig. 3 
do not appear in Fig. 13 because the semi-log method of plotting crowds 
the stresses at low values, for example, between 100 and 1000 psi. Thus, 
a change in stress from 1000 to 100 psi is a 10-fold change similar to the 
10-fold change from 1000 to 10,000 psi; however, the space allotted on a 
semi-log basis to these two ranges of values is vastly different. 

Such crowding does not permit observations of slope changes due to 
instabilities, even if they do occur. It is for this reason, if for no other, 
that the double-log plots are preferable since they permit the necessary 
stress scale expansion to view the incidence or continued role of instabili- 
ties on the creep rate or rupture life of materials at low stresses. 

Pre-recrystallization or recovery phenomena play an important role in 
the shape of the curves, but these effects would be expected to produce 
changes in slope before the instability ABCD becomes operative. Thus 
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the slopes of the log stress —log rupture life curve at the left of the zone 
ABCD should be examined instead of those to the right. Cold work is 
certainly not a prerequisite for obtaining discontinuity ABCD. Equi- 
cohesion is prevalent in all face-centered cubic metals and alloys (except 
for high purity materials) regardless of prior history or treatment. 

Regarding Dr. Lane’s discussion, no explanation for poor line-up of 
equi-cohesion breaks as a function of temperature can be offered. Dr. 
Lane’s calculations confirm our beliefs that the deformation at the grain 
boundary when the equi-cohesion temperature is reached can be and is 
extremely large. We wish to thank Dr. Lane for the other valuable con- 
tributions and his discussion. 

While Mr. Bleakney expresses extensive doubts regarding many of our 
experimental results, it appears that he is quite willing to do extensive 
“presuming”, without offering any supporting evidence. We clearly admit 
hesitancy regarding some of the noted effects but at least we do present 
evidence and reasons for such evidence. We believe the burden of the 
proof lies with Mr. Bleakney to show first the evidence of the presence of 
graphite, and second to show its effects along the lines he suggests. It is 
virtually impossible to conceive or to show how the graphite (which, while 
it may be there, was not noted to exist) could account for any of the 
changes in behavior, or why graphite would produce discontinuities in the 
curves as a function of time and temperature. We wonder if Mr. Bleak- 
ney observed that all of the materials prior to testing or cold working had 
been annealed at 1500 °F to equalize them in every way possible. 

The role of oxide has already been discussed above. Mr. Bleakney’s 
suggestion that many thousands of grain fragments survived the recrystal- 
lization or annealing treatment of 1500 °F (far above the temperature nec- 
essary for complete recrystallization, measured in any sense of the word), 
and began to grow again only after creep deformation, is difficult to con- 
sider. Recrystallized grain boundaries indicate that these fine new crystals 
formed during the deformation process. While these grains are extremely 
fine and abundant at the old grain boundaries, they materially weaken the 
load-carrying capacity of the Monel as shown in the paper and result in 
the sharp discontinuity. We are pleased to have the confirming work of 
Lane and Shahinian in the preceding paper, not only showing the fine new 
crystals at the grain boundary (Fig. 18 of the discussion) but also their 
evidence of the weakness of the fine-grained structure. 











INFLUENCE OF GRAIN SIZE ON HIGH TEMPERATURE 
PROPERTIES OF MONEL 


By Paut SHAHINIAN AND JosEPH R. LANE 


Abstract 


To evaluate the effect of grain size on flow and frac- 
ture as influenced by temperature, wrought Monel, a 
single-phase alloy, was used. Specimens of two heats 
were tested in creep-rupture at 700, 900, 1100 and 1300 
°F (370, 480, 595 and 705°C), and at stresses ranging 
from 7000 to 65,000 psi. The test temperatures permitted 
the observation of low temperature as well as high tem- 
perature behavior, and the transition from one type to the 
other. The grain sizes, which ranged from 0.024 to 0.78 
mm. average diameter, were obtained by cold work and 
recrystallization. 

Time-to-rupture, minimum creep rate, total elonga- 
tion, and reduction-in-area curves were drawn showing 
their relationship to grain size. The results show an op- 
timum grain size range for maximum rupture time at 1100 
and 1300°F (595 and 705°C), temperatures which are 
above the “equicohesive”’ temperature. Below 1100°F 
(595 °C), the finest grain size specimens generally had 
the greatest rupture life. There is an optimum grain size 
for lowest minimum creep rate at 900 and 1100 °F (480 
and 595 °C), but not at 700 or 1300 °F (370 or 705°C). 
Total elongation and reduction in area generally increase 
with a decrease in grain size when above the equicohesive 
temperature. Below that temperature, the changes in 
these quantities with grain size are small and more erratic. 
It was found that rupture lives and creep rates of separate 
heats of the same nominal composition varied significantly, 
especially at the lower temperatures. 


INTRODUCTION 


HE BEHAVIOR of metals and alloys at elevated temperatures 
’ depends upon metallurgical factors such as grain size, crystal 
structure, composition and microstructure in addition to external 
factors such as temperature and atmosphere. It was the object of 
this study to evaluate more completely the influence of grain size on 
A paper presented before the Thirty-fourth Annual Convention of the Soci- 
ety, held in aera am October 18 to 24, 1952. The authors, Paul Shahinian 


and Joseph R. Lane, are members of the Metallurgy Division, Naval Research 
.Laboratory, Washington, D. C. Manuscript received April 10, 1952. 
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flow and fracture characteristics of Monel in the belief that funda- 
mental information obtained from such a study should be valuable 
in the development of metals and alloys for greater strength and 
resistance to creep at elevated temperatures. 

A search of the literature showed that numerous workers had 
studied grain size influence on creep behavior of metals. While the 
results of investigations on this subject are varied and often incon- 
clusive, in general it is agreed that coarse-grained material is more 
creep-resistant than fine-grained material at high temperatures while 
the reverse is true at low temperature. The lack of control over 
variables other than grain size detracts from the value of much of 
the work. 

One of the earliest investigations on this subject is that of Clark 
and White (1)! on brass and bronze alloys. Their results, obtained 
from upstep loading creep tests, showed that fine-grained brass is 
more resistant to creep than coarse-grained below a certain tempera- 
ture range, and that above this range, the reverse is true. Only two 
grain sizes were studied in their work. Burghoff et al (2) observed 
greater creep resistance of coarse-grained copper alloys over fine- 
grained at elevated temperatures, and Hanson and Sandford (3) 
made similar observations on alloys of tin. The influence of speci- 
men size as well as grain size of copper was considered by Parker 
and Riisness (4) and they concluded that creep rate is independent 
of grain size; early data which indicated an optimum grain size for 
minimum creep rate was later attributed to oxidation of the small 
diameter test bar. Hanson (5) presented data showing an optimum 
grain size for maximum rupture life and also for minimum creep rate 
for pure tin. His data are limited, however, in that tests were made 
at only one temperature and stress. From studies on creep of virgin 
lead at room temperature, McKeown (6) found coarse-grained ma- 
terial to be more creep-resistant than fine-grained. 

Weaver (7) concluded that for steel an optimum grain size 
exists for maximum creep strength. He tested several heats of SAE 
4340 of various grain sizes in creep at 840 °F (450°C). Because 
of variations in composition and heat treatment of the steels involved, 
even though a uniform microstructure was indicated, the results did 
not appear to be conclusive. Further work by Weaver (8) with 
the composition variable eliminated produced similar results. Other 
investigators of the influence of grain size on steels have reported 
greater creep resistance of coarse-grained over fine-grained at ele- 
vated temperatures; for example, White and Clark (9), Cross and 
Lowther (10, 11), Thielemann (12), Miller (13), and Clark and 
Freeman (14). 

Grant (15) found that coarse-grained cobalt-chromium alloys 

1The figures appearing in parentheses pertain to the references appended to this paper.” 
—_ 
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are strongest at high temperatures. However, in some cases, very 
wide scatter was obtained in the testing of specimens in which the 
grains were so large that grain orientation became significant. 

For a discussion in greater detail and a more extensive review 
of the literature on this subject, reference is made to the work of 
Smith (16). 


PROCEDURE 


Preparation of Specimens. An attempt has been made in this 
study to eliminate as many external variables as feasible, and to 
cover a broad range of grain sizes and temperature and stress levels. 
To eliminate the effect of precipitation or transformation variables, 
a single-phase alloy, Monel, was used. This alloy was annealed at 
temperatures higher than the testing temperature to reduce the 
possibility of grain growth during test and to produce a stable micro- 
structure. This work was done on two separate heats. A greater 
range of stresses was covered with the first heat; the second was 
used primarily to check reproducibility. The first heat, designated 
as “F’’, was received in the cold-rolled condition in the form of 
34-inch square rods. The second heat, designated as “L”, was in 


the form of %-inch rounds. Chemical compositions are shown in 
Table I. 


Table I 
Chemical Compositions of Two Monel Heats 
Heat Ni Cu Fe Mn Co e Si Cr S 
F 65.08 29.63 3.25 1.01 0.56 0.19 0.19 0.04 0.04 
L 65.05 30.53 2.54 0.90 0.43 0.20 0.30 0.01 0.04 


The wide range of grain sizes essential for this investigation was 
produced by annealing the as-received bars at various temperatures, 
or by cold working of the bars followed by annealing. Table II lists 
the treatments used in obtaining the various grain sizes. Severe 
oxidation above 1600 °F (870°C) prompted the use of vacuum an- 
nealing above that temperature. The testing of specimens which had 
been either air or vacuum-annealed at 1400 °F (760°C) and below 
showed that there was no effect of annealing atmosphere. However, 
for further insurance, a considerable amount of the surface was re- 
moved in the machining of the bars. Chemical analyses made before 
and after the various heat treatments showed the composition to be 
unchanged by the treatment, within analytical error. 

Measurement of Grain Size. Determinations of grain size were 
made by counting the number of grains intersected by lines %4-inch 
long scribed on thé specimen. The product of the counts on two such 
lines at right angles yielded the number of grains per 74g square inch. 
These values were then converted to the average grain diameter, in 
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Table Il 
Heat Treatments and Resultant Grain Sizes 


Grains per 4-Inch 
Diam. Cross 
Average Grain Sectional Area 
Treatment Diam., mm. of Specimen 


HEAT F 


Vacuum-annealed at 2300°F for 2 hours 
Vacuum-annealed at 2200°F for 3 hours 
Vacuum-annealed at 2100°F for 3 hours 
Cold-rolled and annealed at 1850°F 
Vacuum-annealed at 1925 °F for 3 hours 
Cold-rolled and annealed at 1700°F 
Vacuum-annealed at 2020°F for 3 hours 
Vacuum-annealed at 1925 °F for 3 hours 
Annealed at 1400°F for 24 hours 
Annealed at 1300°F for 1 hour, cold- 
rolled to 50% reduction in area, 
annealed at 1400°F for 24 hours 


HEAT L 


Vacuum-annealed at 2200°F for 1 hour 

Vacuum-annealed at 1950°F for 4 hours 
Vacuum-annealed at 1825°F for 4 hours ; ‘ 
Vacuum-annealed at 1450°F for 4 hours > & 16,700 


.779 
705 
-345 
230 
-214 
.178 
.171 
153 
.0635 
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millimeters, and to the number of grains in the cross section of a 
%4-inch round specimen. As a check, measurements were made by 
counting the number of grains in a known area on the ground glass 
of a metallograph. Grain size determinations were made both on the 
bar stock after final heat treatment and on fractured specimens after 
test. The microstructures of the coarsest and finest grain size speci- 
mens are shown in Figs. 1 and 2. ; 

Testing Conditions. The specimens employed in the tests were 
% inch diameter by 1% inch gage length and were machined from 
the centers of the bars. These were tested in single-lever constant- 
load creep-rupture machines of Naval Research Laboratory design. 
Specimen temperature, measured by a chromel-alumel thermocouple 
tied to the center, was maintained to within +2°F. Previous sur- 
veys indicated the temperature gradient along the gage length of the 
specimen to be no more than 1°F. Tests were conducted at 700, 
900, 1100 and 1300 °F (370, 480, 595 and 705 °C), and at stresses 
ranging from 7000 to 65,000 psi. Extension of the specimen was 
autographically recorded from the loading lever deflection, giving an 
elongation versus time curve. In addition periodic readings were 
taken from a dial gage and recorded. After test, fractured specimens 
were examined microscopically for evidence of grain growth, changes 
in microstructure and type of fracture. There were no detectable 
changes in grain size or microstructure. Creep-rupture tests were 
run at temperatures below as well as above the “equicohesive” tem- 
perature so that the change in type of fracture normally encountered 
could be observed. 

Tests were made which indicated that the prolonged heating at 
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Fig. 1a—Coarse-Grained Monel (RA, Heat F). X 250. 
Fig. 1b—Coarse-Grained Monel (RA, Heat F). xX 25. 
Fig. 2—Fine-Grained Monel (V, Heat F). X 250. 


test temperatures had no apparent effect on grain growth. In these 
tests, no significant changes of grain size were noted when samples 
of each grain size were heated at 1300 °F (705°C) for 1000 hours. 
This is the highest temperature to be applied during the testing. 
Data, shown in Table III, indicate that the influence of oxidation on 
tests does not appear to be significant. 








Table Ill 
Effect of Atmosphere on Creep-Rupture at 1300°F and 9000 Psi 








Hours to Ruptur 


e—___—_—_—_——. 
Average Grain Preoxidized at 1300 °F 
Diam., mm. Regular Copper Plated for 200 hrs. 
0.779 108 I Se tt ee ek 
0.705 . 156.6, 142.2 146.3 147.5 
0.214 225.2, 178.3 237.8 203.5 
0.0635 148 164.7 158.5 
0.0240 68.9, 65, 66.2 71.2 62 
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Fig. 3—Variations of Rupture Life With Grain Size of Monel at 700 °F (370 °C). 


DISCUSSION AND RESULTS 


Grain Size Effect on Rupture Life and Creep Rate. The results 
of the rupture testing are given in Table IV. From these results, 
the curves in Figs. 3 to 6 were drawn relating rupture life to grain 
size at the four test temperatures. It can be seen from Fig. 3 that 
at the lowest temperature the rupture life increases rapidly as the 
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Table IV 
Creep-Rupture Results 
HEAT F 
Average Min. Creep 
Temp. Stress Specimen Grain Rupture Ratein./in./ Elonga- Red. in Type of 
°F psi No. Diam., mm. Time, Hrs. 1000 Hrs. tion, % Area,% Fracture 
700 65,000 RA6 0.779 <0.1 52 62 #£Transcrys. 
SA 6 0.705 <0.1 48 51 #£=Transcrys. 
TA6 0.214 5.3 4.7 56 69  Transcrys. 
U6 0.0635 35.0 1.2 54 70 #©Transcrys. 
V6 0.0240 201 .6 0.73 52 66 Transcrys. 
V6X 0.0240 217.7 0.87 51 67 #Transcrys. 
60,000 RAt 0.779 <0.1 49 55 Transcrys. 
SA1 0.705 <0.1 gi 43 50 Transcrys. 
TA1 0.214 95.0 0.43 54 59 Transcrys. 
U1 0.0635 290.5 0.51 50 54 Transcrys. 
Vi1 0.0240 3831.0 0.017 36 30 # Transcrys. and 
Intercrys. 
55,000 RAi12 0.779 71.0 £3 51 59 Transcrys. 
SA 12 0.705 255.4 0.36 49 58 Transcrys. 
TA12 0.214 2544+ 0.0021 28+ eu Unbroken 
900 43,000 RA 14 0.779 0.63 94.4 38 25 Transcrys. 
SA 14 0.705 0.60 78.7 32 20 #£Transcrys. 
TA 14 0.214 6.6 20.4 36 28 Transcrys. 
U 14 0.0635 13.1 12.6 39 37 Transcrys. 
V 14 0.0240 15.1 11.4 40 35  Transcrys. 
TC 14 0.345 2.0 52.5 32 36 Transcrys. 
TBi4 0.153 11.3 14,2 35 33 Transcrys. 
40,000 RA7 0.779 0.32 101.0 27 28 =Transcrys. and 
Intercrys. 
SA 7 0.705 0.58 62.0 ay 23 Transcrys, and 
Intercrys. 
TA7 0.214 21.5 4.5 33 26 #©Transcrys. and 
Intercrys. 
U7 0.0635 34.2 3.4 30 27 Transcrys. and 
Intercrys. 
U7X 0.0635 28.9 4.6 31 28 #£=Transcrys. and 
Intercrys. 
V7 0.0240 36.3 3.6 33 28 #£=Transcrys. and 
Intercrys. 
V7X 0.0240 36.5 3.5 32 29 +#&«xTranscrys. and 
Intercrys. 
M7 0.230 a9 4.7 21 24 Transcrys. and 
Intercrys. 
MO?7 0.178 24.6 1.7 23 23. # Transcrys. and 
Intercrys. 
MON 7 0.178 24.6 4.1 23 25 £Transcrys. and 
Intercrys. 
TC7 0.345 11.0 7.5 27 26 #£Transcrys. and 
Intercrys. 
TB7 0.153 30.8 4.4 28 30 =Transcrys. and 
Intercrys. 
TB71 0.153 29.9 4.5 29 28 #£=Transcrys. and 
Intercrys. 
35,000 RA9 0.779 2:3 9.2 21 21 Intercrys. 
SA 9 0.705 oS 13.2 22 15 Intercrys. 
TA9 0.214 502.2 0.065 18 16 ~=—Intercrys. 
U9 0.0635 168.2 0.36 17 17 _—siIntercrys. 
U 9X 0.0635 140.7 0.40 18 15 = Intercrys. 
v9 0.0240 150.0 0.62 22 19  Intercrys. 
V9x 0.0240 131.7 0.72 22 20 _ ~—s Intercrys. 
V9XX 0.0240 146.7 0.44 23 19 =Intercrys. 
M9 0.230 69.5 0.40 16 21 Intercrys. 
MO? 0.178 74.6 0.42 15 18  Intercrys. 
MO91 0.178 71.0 0.44 15 16 _—siIntercrys. 
TC9 0.345 69.9 0.72 20 23 ~—=s Intercrys 
TD9 0.171 193.0 0.26 19 19  Intercrys. 
TD9X 0.171 373.7 0.11 20 19 Intercrys. 
TB9 0.153 188.6 0.42 22 26 ~—s Intercrys. 
TB91 0.153 176.4 0.42 22 27 ~=— Imtercrys. 
32,000 RA16 0.779 6.7 3.9 17 13 += Intercrys. 
SA 16 0.705 tam 2.8 18 19 = Intercrys. 
TA 16 0.214 1949.0 0.020 18 18  Intercrys. 
U 16 -0635 436.7 0.065 13 11 Intercrys. 
V 16° 0.0240 373.0 0.20 20 16 ~=—s Intercrys. 
TC 16 0.345 350.9 0.083 17 19 Intercrys. 
TC 16X 0.345 187.6 0.099 18 31 Intercrys. 
TD 16 0.171 1114.0 0.045 18 15 Intercrys. 
TB16 0.153 1013.0 0.056 19 19  Intercrys. 
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Table 1V—(Cont.) 
Creep-Rupture Results 


HEAT F 
Average Min. Creep 
Temp. Stress Specimen Grain Rupture Ratein./in./ Elonga- Red. in Type of 
°F psi No. Diam.,mm. Time, Hrs. 1000 Hrs. tion, % Area,% Fracture 
1100 25,000 RA3 0.779 0.2 165 .0 13 9 Intercrys. 
SA 3 0.705 0.5 54.0 14 13 Intercrys. 
TA3 0.214 21.7 4.5 31 24 Intercrys. 
TA3X 0.214 24.2 2.8 30 33 Intercrys. 
U3 0.0635 24.5 3.5 18 20 Intercrys. 
U3. 0.0635 17.6 5.2 19 16 Intercrys. 
U3X 0.0635 16.8 4.6 17 15 Intercrys. 
V3 0.0240 19.4 8.8 35 29 Intercrys. 
V3. 0.0240 13.7 12.1 34 27 Intercrys. 
V3xX 0.0240 13.9 11.7 30 25 Intercrys. 
TC3 0.345 21.9 5.6 26 31 Intercrys. 
20,000 RA13 0.779 1.8 5.8 9 7 Intercrys. 
SA 13 0.705 2.8 3.0 8 4 Intercrys. 
TA13 0.214 220.5 0.32 16 10 Intercrys. 
TA 13X 0.214 212.7 0.33 19 18 Intercrys. 
U 13 0.0635 244.5 0.43 18 15 Intercrys. 
U 13X 0.0635 200.4 0.43 17 15 Intercrys. 
U13XX 0.0635 228.3 0.44 18 14 Intercrys. 
V13 0.0240 135.0 1.58 42 31 Intercryst. 
V13X 0.0240 129.5 1.5 42 33 Intercryst. 
Vi3XX 0.0240 123.4 1.58 37 34 Intercryst. 
TC 13 0.345 114.5 0.46 16 17 Intercryst. 
TB13 0.153 210.6 0.46 26 24 Intercryst. 
17,800 RAtIl1 0.779 24.8 0.61 7 3 Intercryst. 
SA 11 0.705 6.5 1.1 9 3 Intercryst. 
TA i1 0.214 617.0 0.13 14 17 Intercryst. 
Uil 0.0635 699.5 0.17 23 19 Intercryst. 
Vii 0.0240 326.0 0.63 46 37 Intercryst. 
TC ili 0.345 417.7 0.17 14 12 Intercryst. 
1300 15,000 RAI15 0.779 2.8 8.0 8 4 Intercryst. 
SA 15 0.705 1.8 9.4 5 3 Intercryst. 
SA 15X 0.705 2.8 6.7 6 3 Intercryst. 
TA15 0.214 6.7 13.6 18 14 Intercryst. 
U15 0.0635 9.5 11.5 26 20 Intercryst. 
V15 0.0240 5.9 41.7 52 40 Intercryst. 
M15 0.230 7.8 9.0 14 15 Intercryst. 
12,000 RA8 0.779 22.6 2.1 11 4 Intercryst. 
SA8 0.705 28.3 1.9 12 9 intercryst. 
TA8 0.214 40.7 a3 22 14 Intercryst. 
TA8X 0.214 65 .6 3.2 21 15 Intercryst. 
U8 0.0635 34.8 3.9 23 17 intercryst. 
V8 0.0240 19.3 10.6 54 36 Intercryst. 
V8x 0.0240 17.8 9.8 37 28 Intercryst. 
M8 0.230 45.7 2.0 17 9 Intercryst. 
TD8 0.171 50.1 4.5 26 oe Intercryst. 
TB8 0.153 37.3 a3 19 22 Intercryst. 
9,000 RA4 0.779 108.0 0.44 8 5 Intercrys. 
SA4 0.705 156.6 0.46 16 6 Intercrys. 
SA 41 0.705 142.2 0.56 11 9 Intercrys. 
TA4 0.214 225.2 0.73 24 16 Intercrys. 
TA4X 0.214 178.3 0.94 23 15 Intercrys. 
U4 0.0635 148.0 0.94 28 19 Intercrys. 
v4 0.0240 68.9 1.81 50 32 Intercrys. 
V4xX 0.0240 65.0 2.2 45 29 Intercrys. 
V4XX 0.0240 66.2 1.3 48 31 Intercrys. 
M4 0.230 227.2 0.59 20 11 Intercrys. 
TC4 0.345 165 .6 0.83 18 14 Intercrys. 
TD4 0.171 181.1 1.1 22 21 Intercrys. 
TB4 0.153 178-7 0.97 20 15 Intercrys. 
7,000 RA10 0.779 162.0 0.23 10 5 Intercryst. 
SA 10 0.705 341.2 0.20 10 4 Intercryst. 
TA10 0.214 481.1 0.23 18 12 Intefcryst. 
U10 0.0635 418.3 0.36 28 17 Intercryst. 
V10 0.0240 142.7 1.1 39 27 Intercryst. 
Vv 10X 0.0240 163.4 0.87 38 25 Intercryst. 
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Table 1V—(Cont.) 
Creep-Rupture Results H 





HEAT L 
Average Min. Creep 
Temp. Stress Specimen Grain Rupture Ratein./in./ Elonga- Red. in Type of 
°F psi No. Diam.,mm. Time, Hrs. 1000 Hrs. tion, % Area,% Fracture 
700 65,000 DS6 0.376 99.6 0.75 47 56 Transcryst. 
DS 61 0.376 54.1 9.0 54 64 Transcryst. 
DS 62 0.376 53.7 2.36 51 64 Transcryst. 
DT 6 0.267 82.0 1.68 55 59 Transcryst. 
DT 61 0.267 20.8 0.79 51 69 Transcryst. 
DT 62 0.267 97.3 0.90 49 59 Transcryst. 
DD6 0.125 344.0 0.328 46 51 Transcryst. 
DD 61 0.125 440.4 0.131 44 54 Transcryst. 
DU6 0.0435 476.0 0.197 45 59 Transcryst. 
DU 61 0.0435 415.0 0.23 46 60 Transcryst. 
DU 62 0.0435 561.7 0.197 45 58 Transcryst. 
900 45,000 DS20 0.376 7.0 5.82 28 30 Transcrys. and 
Intercryst. 
DS 201 0.376 10.7 3.3 23 26 #=Transcrys. and 
Intercryst. 
DS 202 0.376 $4 8.74 25 24 #£«Transcrys. and 
Intercryst. 
DT 20 0.267 21.0 1.94 24 26 Transcrys. and 
Intercryst. 
DT 201 0.267 20.4 2.57 24 23 Transcrys. and 
Intercryst. 
DT 202 0.267 18.6 2.04 26 24  Transcrys. and 
Intercryst. 
DD 20 0.125 30.7 1,85 23 23. + Transcrys. and 
Intercryst. 
DD 201 0.125 50.9 0.728 25 23 Transcrys. and 
Intercryst. 
DD 202 0.125 30.4 1.80 24 25 #£=Transcrys. and 
Intercryst. 
DU 20 0.0435 46.8 2.38 34 31 Transcrys. and 
Intercryst. i! 
DU 201 0.0435 45.1 2.43 34 33 Transcrys. and i: 
Intercryst. 
DU 202 0.0435 29.1 3.54 34 35  Transcrys. and e 
Intercryst. 
DU 203 0.0435 45.7 2.77 33 34 Transcrys. and 
Intercryst. ; 
40,000 DS7 0.376 52.4 0.473 20 18 Transcrys. and it 
Intercryst. 7 
DS71 0.376 61.0 0.328 17 15 Transcrys. and ‘ 
Intercryst. 
DS 72 0.376 37.7 0.485 23 20 Transcrys. and 
Intercryst. 
DT7 0.267 89.2 0.291 19 1S Transcrys. and 
Intercryst. 
DT 72 0.267 90.7 0.225 20 19. Transcrys. and 
Intercryst. : 
DD7 0.125 212.3 0.131 18 20 # Transcrys. and 
Intercryst. 
DD71 0.125 287.7 0.082 16 15 Transcrys. and 
Intercryst. 
DD 72 0.125 303 .4 0.098 20 19 Transcrys. and é 
Intercryst. ¢ 
DU7 0.0435 259.0 0.23 22 20 Transcrys.+ i 
; Intercryst. .@ 
DU 71 0.0435 330.6 0.164 23 20 Transcrys. + # 
Intercryst. 
DU 72 0.0435 294.2 0.197 23 23 Transcrys.+ 
Intercryst. 

1100 28,000 DS5 0.376 6.8 9.23 23 28 _=Intercryst. 
DT5 0.267 12.2 7.72 27 31 _—Imtereryst. ! 
DDS5 0.125 11.3 9.18 28 31 ~_~=Intercryst. 

DDSi1 0.125 13.4 10.15 30 27 _—siIntercryst. . 
DUS 0.435 10.3 14.0 31 29 ~—s Intercryst. é 

25,000 DS3 0.376 ais 1.31 14 15 _—Intercryst. i 
DS 31 0.376 34.8 1.41 17 14 _—sIntercryst. Vg 
DS 32 0.376 28.3 1.36 16. 19 = Intercryst. f 
DS 33 0.376 24.5 1.80 16 15 _sIntercryst. fl 
DT3 0.267 41.4 1.31 18 19 Intercryst. ‘ 
DT31 ,; ; 0.267 44.8 1,21 18 23 ~—siIntercryst. , 
DT 32 0.267 49.3 1.26 20 20 ~—s Intercryst. 
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Table 1V—(Cont.) 
Creep-Rupture Results 


HEAT L 


Average Min. Creep 

Temp. Stress Specimen Grain Rupture Ratein./in./ Elonga- Red. in Type of 

°F psi No. Diam., mm. Time, Hrs. 1000 Hrs. tion, % Area,% Fracture 
1100 25,000 DD3 .125 44. .85 Intercryst. 
DD 31 125 48. .46 Intercryst. 
DD 32 .125 56. .21 Intercryst. 
125 SS. .75 Intercryst. 
.0435 -62 Z Intercryst. 
.0435 46. Intercryst. 
0435 Intercryst. 
.0435 Intercryst. 


.376 Intercryst. 
.376 Intercryst. 

267 Intercryst. 
267 Intercryst. 
267 Intercryst. 
125 Intercryst. 
saa Intercryst. 
.0435 Intercryst. 
.0435 Intercryst. 


.376 Intercryst. 
.376 Intercryst. 
.376 Intercryst. 

267 Intercryst. 
267 Intercryst. 
. 267 Intercryst. 
.125 Intercryst. 
.125 Intercryst. 
.125 Intercryst. 
0.0435 Intercryst. 
0.0435 Intercryst. 
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0.0435 : Intercryst. 


grain size decreases. On the other hand, at high temperatures (Figs. 
5 and 6), the longest rupture life corresponds to an intermediate 
grain size. 

The magnitude of the grain size effect at low temperatures can 
be illustrated by the specimens tested at 700 °F (370°C) and 60,000 
psi. The coarse-grained specimen fractured on loading, whereas the 
finest-grained specimen of the same heat lasted 3831 hours. 

A change in the effect of grain size on rupture time occurred at 
900 °F (480°C). Behavior at the high stresses (40,000 and 43,000 
psi) was similar to that at 700 °F (370°C), while at the low stresses 
(32,000 and 35,000 psi) there appeared to be an optimum grain size 
for maximum rupture life. On the basis of the nature of the fracture 
(indicated in Table IV) as well as the results of the rupture tests, 
this temperature of 900°F (480°C) appears to be approximately 
the equicohesive temperature for Monel. At this temperature, the 
fracture was both transcrystalline and intercrystalline. Below 900 °F 
(480 °C), failure occurred by transcrystalline fracture, with the 
exception of one long-time test, while above this temperature all 
fractures were intercrystalline. 

At high temperatures (Figs. 5 and 6) an optimum grain size 
effect is clearly indicated. The optimum grain size range is different 
for each temperature and is also affected by the stress; in no case 


- 
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100 


45,000 psi 


40,000 psi 


43,000 psi 


Rupture Life (hours) 


Heat F 
Heatl —-— 





0.2 
0.01 0.1 1.0 
Average Grain Diameter (mm.) 


Fig. 4—Variation of Rupture Life With Grain Size of Monel at 
900 °F (480 °C). 
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was the optimum grain size the coarsest size tested. The increase in 
the optimum grain size with increasing temperature as was found 
here for rupture:tife is similar to results obtained by Weaver (8) on 
creep strength. 
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Fig. 5—Variation of Rupture Life With Grain Size of Monel at 
1100 °F (595 °C). 
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Fig. 6—Variation of Rupture Life With Grain Size of Monel at 
1300 °F (705 °C). 


An analysis of the data showed that the scatter was of the same 
degree at all stress levels. However, there was an indication that 
scatter was greatest at the lowest temperature. 

A log stress —log rupture life plot of the data from Heat F is 
shown in Fig. 7. At the highest temperature the lines tend to curve : 
downward and are not straight as usually found on log-log plots. This ; 
tendency to depart from a straight line is greatest with the coarsest . 
grain specimens. 

The minimum-creep-rate values, like the rupture lives, showed 
an optimum grain size effect at many combinations of temperature 
and stress. The plots for the four temperatures are shown in Figs. 
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Rupture Time (hours) 
Fig. 7—Log Stress Versus Log Rupture Time—Heat F. 


—e— 0.779 mm. Grain Dia. 
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8 to 1l. The optimum effect was observed at all stresses tested at 
1100 °F (595 °C), and, with two exceptions, at 900°F (480°C). 
At 700°F (370°C), an optimum grain size for the lowest creep 
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Minimum Creep Rate (in./in./1000 hours) 


Heat l-——- 





0.01 0.I 1.0 
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Fig. 8—Variation of Minimum Creep Rate With Grain Size of 
Monel at 700 °F (370 °C). 


rate, if one exists, would be smaller than any of the sizes tested. 
At 1300 °F (705 °C), the creep rate was decreasing up to the largest 
size tested, and it is possible that at this temperature an optimum 
grain size for lowest creep rate might exist at some even larger size. 

A log stress —log minimum creep rate plot for Heat F is shown 
in Fig. 12; it is what would be expected from the log stress —log 
rupture time curves. 

Ductility as Influenced by Grain Size and Temperature. Figs. 
13, 14, 15 and 16 show the change in total elongation (elongation at 
fracture) with grain size and stress for the various testing tempera- 
tures. At 700 and 900°F (370 and 480 °C), the elongation varies 
only moderately with grain size; an optimum grain size is suggested 
by the data at 700 °F (370°C), while at 900°F (480°C) there is 
a slight decrease with increasing grain size. The elongation increases 
with an increase in stress. In general, at 1100 and 1300°F (595 
and 705 °C), the decrease in elongation with increasing grain size is 
much more pronounced. An anomalous behavior was observed with 
Heat F at 25,000 psi for which no explanation is apparent. The 
elongation at these temperatures decreased from 35 to 50% at the 
finest grain size to 5 to 15% for the coarsest size. 

Reduction-in-area data, Table IV, followed the pattern of total 
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Fig. 9—Variation of Minimum Creep Rate With Grain Size of 
Monel at 900 °F (480 °C). ‘ 


elongation values, with both having about the same numerical value 
in the equicohesive range. However, below this range (900 to 1100 
°F), the per cent reduction-in-area was generally greater than the 
per cent total elongation, while above the range the reverse was true. 
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Fig. 10—Variation of Minimum Creep Rate With Grain Size of 
Monel at 1100 °F (595 °C). 


Influence of Composition. The two heats, L and F, varied 
slightly in composition as shown in Table I. However, this small 
difference in composition resulted in sizable variations in rupture 
life, creep rate, and elongation. The effects due to difference in heats 
are much greater at low temperatures than at high temperatures and 
may be of the same magnitude as the grain size effect. 


i? CONCLUSIONS 


1. At low temperatures, grain size has a pronounced influence 
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Fig. 11—Variation of Minimum Creep Rate With Grain Size of 
Monel at 1300 °F (705 °C). 


on time-to-rupture and creep rate of Monel, with an increase in grain 
size producing shorter rupture times and higher creep rates. 

2. At high temperatures, there is an optimum grain size for 
maximum rupture time. 

3. There may or may not be an optimum grain size for the low- 
est minimum creep rate depending on the temperature and stress. At 
900 and 1100 °F (480 and 595 °C) there is an optimum grain size, 
but at 1300°F (705°C) the minimum creep rate decreases with 
increase in grain size. 

4. The influence of grain size on total elongation is small below 
the equicohesive temperature, but above the equicohesive temperature, 
total elongation generally increases with decrease in grain size. Also, 

al 
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Fig. 13—Influence of Grain Size on Total Elongation of Monel at 700 °F (376 °C). 


50 











Heat F 
Heat L 






43,000 psi 


Sa | 
45,000 psi. 


Total Elongation (%) 


0.01 | 1.0 
Average Grain Diameter (mm.) 


Fig. 14—Influence of Grain Size on Total Elongation of Monel at 900 °F (480 °C). 
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Fig. 15—Influence of Grain Size on Total Elongation of Monel at 1100 °F (595 °C). 
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Fig. 16—Influence of Grain Size on Total Elongation of Monel at 1300 °F (705 °C). 


manner as total elongation. Generally, at low temperatures, the per 
cent reduction-in-area is higher than the per cent total elongation, 
whereas at high temperatures the per cent total elongation is the 
higher. 

6. The influence of different heats on rupture time and creep 
rate is significant, particularly at lower temperatures. 
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DISCUSSION 


Written Discussion: By C. S. Roberts, Metallurgical Laboratories, 
The Dow Chemical Company, Midland, Mich. 

From the study of a single-phase alloy of commercial use the authors 
have revealed both practical and fundamental aspects of the grain size 
effect. In fact, there is some information of basic value which remains to 
be extracted in the future from their findings. 

The existence of a minimum in the secondary creep rate as a function 
of grain size for zinc tested at 95 °C and for aluminum tested at 200°C 
was proved by Crussard.? Although he is little quoted in our literature, 
he was probably the first to explain clearly this variation and to use it to 
illustrate the predicted transition of the major deformation process from 
the boundary to the grain as the volume-to-boundary-area ratio increased. 
At the optimum grain size, each process is of equal importance in control- 
ling the minimum creep rate. This comprehensive experimental study cer- 
tainly has confirmed his findings and his analysis. 





*C. Crussard, ““The Influence of Grain Size on Creep Rate’’, Comptes rendus, Vol. 219, 
1944, p. 681. - 
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It is general knowledge that the deformation at the grain boundary 
becomes more important as creep rate decreases and temperature increases. 
The authors’ results show an increase of optimum grain size with decreas- 
ing minimum creep rate at constant temperature (Fig. 9) and with in- 
creasing temperature at constant minimum creep rate (Figs. 9 and 10). 
Thus, in this respect also, the results are in harmony with our general 
knowledge of deformation in creep. 

The analysis of the cooperation between the various deformation proc- 
esses which are necessary to preserve intercrystalline continuity during 
creep should be made eventually. These curves and similar ones should be 
of quantitative use in the problem. 


Authors’ Reply 


We are pleased to learn of this short paper of Crussard. A more de- 
tailed discussion by him is given in Metal Treatment (Charles Crussard, 
“Creep and Fatigue as Affected by Grain Boundaries”, Metal Treatment, 
Vol. XIV, Autumn 1947). A minimum in the creep-rate versus grain size 
curve was reported as early as 1939 by Hanson (Reference 5). 

The interaction of temperature, minimum creep rate and optimum rate 
as suggested by Dr. Roberts would conform to the general understanding 
of this subject, but we feel that his conclusion concerning a change in 


optimum grain size with minimum creep rate is not fully justified on the 
basis of our data. 
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RECRYSTALLIZATION AND GRAIN GROWTH 
IN ALPHA BRASS 


By S. L. CHANNON AND H. L. WALKER 


Abstract 


Cold-rolled commercially pure 70/30 cartridge brass 
samples of different initial grain sizes were annealed iso- 
thermally at various temperatures for various times. The 
recrystallized grain size “r’ was independent of the tem- 
perature of annealing, and was related to the degree of 
deformation “d” by the equation 

log r= nd% + log m 
where “n” is constant and “m” is a function of initial 
grain size. Imitial grain size “*’ was related to the re- 
crystallized grain size “r’ by the equation 
c= 58 

where “a” is constant and “b” is a function of deformation. 
Grain growth in commercially pure brass was shown to be 
a continuous process up to annealing times of 10” seconds, 
but the presence of impurities interrupted the growth 
process. An equilibrium grain size was not definitely 
established up to 10’ seconds. 

The heat of activation for recrystallization decreased 
with increasing deformation and decreasing initial grain 
size, reaching a lower limit of 41 kilocalories per mole. 
The “quasi-heat of activation” for average grain growth 
in this material was 61 kilocalories per mole and was essen- 
tially independent of prior deformation or initial grain size. 


INTRODUCTION 


COMPLETE review of the literature on recrystallization and 

grain growth would be superfluous, since excellent reviews 
have been written by various authors, of whom the most recent have 
been Mehl (16),? Anderson (17) and Burke (13). 


1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper represents part of a thesis submitted by S. L. Channon in partial fulfillment 
f Ba ——— for the degree of Doctor of Philosophy at the University of Illinois, 
ebruary : 


A paper presented before the Thirty-fourth Annual Convention of the Soci- 
ety, held in Philadelphia, October 18 to 24, 1952. Of the authors, S. L. Channon, 
formerly graduate research assistant, University of Illinois, is now associated 
with the Physical Metallurgy Department, Division of Metallurgical Research, 
Kaiser Aluminum and Chemical Corp., Spokane, Wash., and H. L. Walker is 
head, Department of Mining and Metallurgical Engineering, University of IIli- 
nois, Urbana, Ill. Manuscript received January 18, 1952. 
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In a previous investigation (1), it was found that, when cold- 
worked brass of a particular initial grain size was annealed isother- 
mally, the recrystallized grain size “r’” decreased with increasing de- 
formation “‘d” according to the relation 


log r = nd* + log m 


66099 


where “n” and “m” are constants. Greis and Esser (18) and 
Schroeder and Matthaes (19) made the only quantitative study of 
the effect of initial grain size on the critical deformation, but no 
information was given concerning the effect of initial grain size on 
the recrystallized grain size. The present work was undertaken to 
determine whether the above equation was valid for brasses with 
different initial grain sizes and to determine the effects of deformation 
and initial grain size on the recrystallized grain size and heat of 
activation for recrystallization. 

Several investigators (1, 12, 13) have studied grain growth in 
cartridge brass, with particular reference to the equilibrium grain size. 
It was concluded that apparently an equilibrium grain size was 
reached at long annealing times, since the grain growth curves tend 
to level off at a constant grain size. The authors believed that fur- 
ther data were required at very long annealing times to definitely 
establish whether an equilibrium grain size existed. 


MATERIALS 


The brass used in this investigation was Test Lot 590 of com- 
mercially pure cartridge brass supplied by Western Cartridge Com- 
pany, East Alton, Ill. The analysis of this material is shown in 
Table I. 


Table I 
Analysis of Brass 

Element Weight, % 
Copper 70.16 
Lead 0.026 
Iron 0.020 
Phosphorus Nil 
Tin Nil 
Zinc Balance 


The rolling schedule was designed to produce strips of constant 
thickness for experimental annealing. 

In Table II, the deformations, initial grain sizes and code sym- 
bols of the material which formed the basis of the investigation are 
listed. 

It was intended that the grain size levels for the materials would 
be 0.100 and 0.010 millimeter respectively, but, during processing, 
coils A and C were found to have initial grain sizes of 0.068 milli- 
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meter, and coils E, R and T had initial grain sizes of 0.066 milli- 
meter. Coils B, D and F had markedly different initial grain sizes, 
0.012, 0.004 and 0.006 millimeter respectively. 


Table If 
Deformation and Initial Grain Size of Brass 


Coil Deformation Grain Size Found by 
Code (Reduction of Thickness) Jeffries Method* 
Symbol % mm 


° 
=8 
— 

23 | 


CHOnm MDOP 
3285 £8882 


Slightly greater 
than 90.2 


*Average of at least 6 separate grain counts. 


EXPERIMENTAL PROCEDURE 


Annealing—A liquid salt bath was found to be the most suitable 
specimen heating medium, since this provided a fast rate of heating 
of the specimen to the bath temperature, and dezincification and 
corrosion of the specimens were only slight. The molten salt was 
contained in a steel pot about 12 inches deep and 5 inches diameter 
which was suspended in a Hevi-Duty Type HD-612 8-Kilowatt 
Pot Furnace. The temperature of the salt pot was controlled by a 
chromel-alumel thermocouple with the hot junction in the vicinity 
of the heating coils of the furnace, and the cold junction incorporated 
in a Leeds and Northrup Micromax Model C potentiometric con- 
troller. This method of control produced a uniform temperature in 
the salt bath in spite of temperature fluctuations of +10°F in the 
heating coil zone. 

The true annealing time represents the time at which the speci- 
men was annealed after reaching the temperature of the bath. The 


Table Hl 
Heating Times at Various Temperatures 


Time for en to Reach 
Temperature Bath Temperature 
Se Seconds 


300 
350 
400 
500 
550 
600 
650 
700 
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heating times for specimens of 0.062 inch thickness are shown in 
Table III. Heating times for specimens of 0.016 and 0.009 inch 
thickness were not determined. 

Hardness Measurements—The course of recrystallization was 
followed by both hardness determinations and metallographic exam- 
ination. The Rockwell hardness testing machine (H scale) was used 
to detect the relative changes in hardness produced by cold working 
and subsequent annealing of the specimens of 0.062 inch thickness. 
These numbers are only relative, since Rockwell H numbers above 
100 are not considered reliable for absolute hardness measurements. 
A minimum of three hardness readings was made on each specimen. 

Hardness measurements were made on the material of 0.016 
and 0.009 inch thickness with the Vickers hardness testing machine 
using a 1-kilogram load. 

Grain Size Determination—Specimens were electrolytically pol- 
ished in an aqueous solution of 550 grams per liter of orthophosphoric 
acid and etched in a mixture of 6 parts of a 50% ammonium hy- 
droxide solution with 1 part of 3% hydrogen peroxide. 

Microstructures were recorded directly on Kodabromide paper. 
Ten photomicrographs were taken on each ‘specimen and the grain 
size was determined by the Jeffries (2) method of inscribing a circle 
of 79.8 millimeters diameter on the photomicrograph and counting 
the number of grains entirely included within the circle plus one-half 
of the number of grains intersected by the circle. The magnification 
was selected so that at least 50 grains were included in the circle 
whenever possible. An attempt was made to measure grain sizes in 
very fine-grained material by the use of X-ray diffraction patterns 
but this was unsuccessful, since the grain size which it was desired 
to measure was within the range of 10-* to 10°* cm, in which it is 
very difficult to estimate grain sizes from diffraction patterns (3). 

Isothermal Recrystallization Anneal—Specimens about 1.5 inches 
in length were sheared from strips, labeled according to the classifi- 
cation in Table IV, and annealed at 300, 350, 400, 500, 600 and 700 
°C (570, 660, 750, 930, 1110 and 1290 °F) for the specimens A, B, 
C, D, E and F, and 250, 300 and 365 °C (480, 570 and 690 °F) for 
the specimens R, S, T, U. Several preliminary samples were an- 
nealed at various times, e.g., 1, 2, 4, 8, 16, 32, 64, etc. (seconds, 
minutes or hours). The hardness changes in these samples served 
to indicate the approximate time interval in which recrystallization 
was complete. Additional specimens were then annealed for various 
times at closer intervals within this range in order to locate more 
accurately the time at which recrystallization was complete. 

Specimens inthe region of complete recrystallization were then 
prepared for microscopic examination. The presence of slip lines 
and bent twin interfaces indicated that the material was still in the 
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strained condition. When the evidence of strained metal had dis- 
appeared, recrystallization was considered to be complete. In some 
cases, the exact time for complete recrystallization was very difficult 
to determine because the recrystallization process is time-dependent 
and the changes in microstructure take place. rather slowly, particu- 
larly at low temperature. A series of photomicrographs was made 
of specimens which were annealed for various times at constant tem- 
perature in the region of recrystallization and, by careful study of 
these photomicrographs in conjunction with the hardness-time curves, 
it was possible to determine the time for complete recrystallization 
fairly accurately. 

Isothermal Grain Growth Anneal—Specimens were supported 
by Nichrome wire in groups in the salt bath in the same manner as 
for the recrystallization anneal, and subjected to long annealing times 
up to 128 days at temperatures of 400, 500, 600 and 700°C (750, 
930, 1110 and 1290 °F). Since the objective in this work was to 
investigate the effects of very long annealing time at various temper- 
atures, a wide range of annealing times was used. Following the 
annealing operations, all specimens were prepared for microscopic 
examination and 8 to 10 photomicrographs were taken of different 
areas of each specimen. Grain counts were then made on the major- 
ity of these microstructures, but, in cases where no apparent dif- 
ference was observed between specimens representing two adjacent 
times, one set of photographs was eliminated from the tedious count- 
ing operation. No hardness measurements were made on the grain 
growth specimens. 

It was found that the corrosive attack of the salt on the speci- 
mens at temperatures of 700 °C (1290 °F) and above was excessive. 
For this reason, salt bath annealing of specimens was not carried 
out beyond 6 days at 700 °C (1290 °F). 


EXPERIMENTAL RESULTS 


Isothermal Recrystallization—At high temperature, recrystalli- 
zation was complete within a very short time after the specimens 
were placed in the salt—in many cases, before the specimens had 
reached the bath temperature. Annealing times shorter than those 
required for the specimen to reach the bath temperature were pre- 
fixed with a minus sign to distinguish them from times at the tem- 
perature of the bath. 

The times and temperatures at which recrystallization of the 
different materials was complete were found by comparing the 
hardness-time curves and the microstructures of specimens A, B, C, 
D, E and F. The microstructures of specimens R, S, T and U 
were not examined because of the difficulty of mounting, preparing 
and examining specimens_of this thin material of extremely small 
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Table IV 
Times and Temperatures for Complete Recrystallization 
Temper- Time for Complete Hardness at Grain Sizes 
Speci- ature Recrystallization* a : at Complete 
men ". Seconds Recrystallization Recrystallization* 
300 Greater than 4,000,000 bie 
350 400,000 93 Ru pew 
A 400 30,000 93 Ru 0.0302 
500 240 98 Ru 0.0295 
600 —15 92 Rua 0.0337 
300 300,000 102 Ru 0.0126 
350 15,000 101 Ru ns dhe 
B 400 960 102 Ru 0.0122 
500 —25 102 Rua 0.0135 
600 —10 100 Ru 0.0128 
300 400,000 103 Ru 0.0126 
350 20,000 ae 
Cc 400 1,900 103 Ra 0.015 
500 16 104 Ru 0.0132 
600 —15 100 Ru 0.0134 
300 3,000 112 Ra 0.0027 
350 150 111 Ra hiee.e 
D 400 12 112 Ru 0.0026 
500 —10 112 Ra 0.0026 
600 —5 109 Ru 0.0026 
300 40,000 108 Ru 0.0075 
350 1,500 107 Ru een 
E 400 120 109 Ru 0.0075 
500 —10 108 Ra 0.0078 
600 —6 108 Ru 0.0075 
300 800 115 Rua 0.002 
350 ka Ose ME Oe ores 4 ae 
F 400 2 113 Ru 0.0021 
500 —8 114 Ra 0.0023 
600 5 110 Ra 0.0024 
250 20,000 155 V.H.N. 
R 300 500 165 V.H.N. 
365 13 165 V.H.N. 
250 14,000 165 V.H.N. 
S 300 350 170 V.H.N. 
365 12 165 V.H.N. 
250 9,000 165 V.H.N. 
7 300 250 170 V.H.N. 
365 1a 180 V.H.N. 
250 6,000 190 V.H.N. 
U 300 200 185 V.H.N. 
365 7 185 V.H.N. canal 
*Minus sign before the time indicates that recrystallization was lete before the 


specimen reached the bath temperature. Long times for complete recrystallization are ex- 
pressed as powers of 10, since it is difficult to obtain a more accurate determination on a 
logarithmic time scale. rain sizes are the average of at least six grain counts. 


grain size. The times for complete recrystallization of these speci- 
mens were determined on the basis of the hardness curves supported 
by X-ray diffraction patterns. 

The hardness-time curves (forty-seven in number) have been 
omitted here in order to save publishing space. From these curves 
(20), it was generally observed that the hardness after recrystalli- 
zation was higher the greater the deformation, the lower the anneal- 
ing temperature and the finer the initial grain size. The times for 
complete recrystallization at different temperatures for different ma- 
terials are listed in*Table IV. The annealing time for complete re- 
crystallization was shorter the higher the deformation, the higher the 
annealing temperature and the smaller the initial grain size. 
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Fig. 1—Relation Between Recrystallized Grain Size and Deformation 
for Brass of Different Initial Grain Sizes, 


Curve 1 Initial grain size 0.53 mm. [Walker (1)] 
Curve 2 Initial grain size 0.066 mm. 
Curve 3 Initial grain size 0.053 mm. [French (4)] 
Curve 4 Initial grain size 0.012 mm. 
Curve 5 Initial grain size 0.006 mm. 
Curve 6 Initial grain size 0.004 mm. 


When the grain size at complete recrystallization (Table IV) is 
plotted on a logarithmic scale as a function of the square root of the 
deformation, Curves 2, 4, 5 and 6 of Fig. 1 are obtained. For pur- 
poses of comparison, the data of Walker (1), for material of 0.53 
millimeter initial grain size (Curve 1), and French (4), for material 
of 0.053 millimeter initial grain size (Curve 3), are plotted in 
the same figure. Curve 2 represents the data obtained in this 
investigation for material with an initial grain size of 0.066 milli- 
meter. This curve has approximately the same slope as Curves | 
and 3 and lies in the expected position between these curves. At 
each of the three deformations (20.5, 40.4 and 61.8%), the grain 
size at which recrystallization was complete was found to be the 
same for all the annealing temperatures used in this investigation. 
Material “A” showed slight deviation in the grain size at the three 
temperatures, 400, 500 and 600 °C (750, 930 and 1110 °F), but this 
may be attributed to experimental error, since it is difficult to meas- 
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ure a representative area in coarse-grained material. It may be 
concluded from these data that the recrystallized grain size is inde- 
pendent of the temperature of annealing. This observation has been 
confirmed by several other investigators (1, 5, 6). 
| It has been found (1) that the general equation relating the 
| coordinates of Fig. 1 may be expressed as: 


log grain size = log m + n VY percentage deformation 


The equation for Curve 1 is: 


log grain size — —0.193 \/percentage deformation — 0.235 
and for Curve 3 is: 


log grain size = —0.168 \/ percentage deformation — 0.796 


It was also found, by plotting the data of Eastwood, Bousu and Eddy 
(5) in the same manner, that a similar relation existed for brasses 
of different compositions. The numerical value of the slope “n” was 
larger with decreasing zinc content. 

The equation for Curve 1 was also calculated by the authors of 
this paper, using the method of least squares, and the values of “n” 
and “log m’” were found to be essentially identical with those shown 
above. The equation for Curve 2, calculated by the method of least 
squares, is as follows: 


log grain size = —0.176 \/ percentage deformation — 0.731 


These data show a definite relationship between the recrystallized 
erain size and the deformation. 

The material which was supplied in the fine-grained condition 
was found to have a different initial grain size at each of the defor- 
ination levels investigated. Thus it was not possible to show the 
effect of deformation on the recrystallized grain size in the fine- 
grained material because only one point could be plotted for each 
initial grain size. The experimental results are plotted as open circles 
on Curves 4, 5 and 6 in Fig. 1. 

From these experimental data and those of Curves 1, 2 and 3, 
it was found that, for a constant deformation, a linear relationship 
existed between the recrystallized grain size and the initial grain size 
when plotted on a logarithmic scale (Fig. 2). Furthermore, at dif- 
ferent deformations, the straight lines were approximately parallel. 
Extrapolation and interpolation of these lines enabled recrystallized 
grain sizes to be found for a particular initial grain size and defor- 
mation. These values of recrystallized grain size were then plotted 
in Fig. 1, as showm by the crossed circles, and Curves 4, 5 and 6 
were thus obtained. The slope and intercept of these curves cannot 
be determined with great accuracy, since they are merely “derived” 
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curves which were plotted to indicate the trend in the effect of very 
fine grain sizes on the recrystallized grain size. 

The empirical relation between recrystallized grain size and 
initial grain size may be expressed as: 


log (recrystallized grain size) = a log (initial grain size) + log b 


where log b is a function of the deformation. The slope of Curves 
4, 5 and 6 indicates that these lines are parallel. However, it has 
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Fig. 2—Relation Between Initial Grain Size and Recrystallized Grain Size for Dif- 
ferent Values of Prior Deformation. 


been stated by Wood (7) that there is a limiting crystallite size 
which is produced by cold working a metal. He stated that this is 
of the order of 10* cm. This suggested that Curves 4, 5 and 6 
should reach a lower limit for the recrystallized grain size which 
would correspond with the limiting crystallite size. 

Heat of Activation for Recrystallization—Cold working has been 
shown to result in storage of energy in a metal, thus increasing its 
potential energy. The cold-worked material may then be represented 
by the metastable position on tke energy curve in Fig. 3. The an- 
nealed condition may be represented by the stable position. When 
the amount of cold working increases, more energy should be stored 
in the material, thus moving the metastable position to a higher 
potential energy level. Assuming the potential level of the energy 
barrier is constant, a smaller activation energy, U,, would be re- 
quired to enable the atoms in the metastable state to pass over the 


hump to the stable state. As the amount of cold working is in- 
- 
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creased, the activation energy is reduced, since less additional energy 
is required from other sources (e.g., thermal energy) to bring about 
the transformation. 

Anderson and Mehl (8) found a decrease in the heats of acti- 
vation for nucleation, nucleus growth and recrystallization with in- 
creasing deformation in aluminum. Cook and Richards (9) observed 


- Potential Energy 





Metastable 
Position 


Stable Position 





Coordinate 


Fig. 3—Schematic Representation of the Concept of Activation 
Energy. The metastable position of an atom corresponds to the cold- 
worked state and the stable position corresponds to the annealed state 
of the metal. Uo is the energy hump or activation energy which must be 
overcome in passing from the cold-worked state to the annealed state. (15) 


17 a 
the same result in copper, and Wensch (10) found this to be true 
for nickel. 

The time and temperature for complete recrystallization are re- 
lated by the Arrhenius equation 


eee ee 
re Wis ts) 
where t; and ty are the times required for a given amount of reaction 
at absolute temperatures T,; and To, QO is the heat of activation in 
kilocalories per mole, and R is the gas constant. It must be empha- 
sized that the heat of activation for recrystallization calculated from 
the slopes of curves in Fig. 4+ is the heat of activation for the com- 
bined process of nucleation and nucleus growth. 

The times and temperatures for complete recrystallization ob- 
tained in this investigation are plotted in Fig. 4. The times plotted 
here are the times,for which the specimens were at the temperature 
of the salt bath. Curves 1 to 9 represent different amounts of de- 
formation or different initial grain sizes. The key to these curves. 
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Table V 
Heat of Activation for Recrystallization 


Prior — Initial Heat of Activation 
; Deformation Grain Size Kilocalories 
Specimen % mm. per Mole 


0.068 48.8 
0.068 44.5 
0.012 43.8 
0.068 42.8 
0.004 42.4 
41.5 
40.85 
41.00 
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Fig. 4—Times and Temperatures for Complete Recrystallization. 
(For the key to these curves, see Table V.) 
and the heat of activation associated with each curve is shown in 
Table V. In Fig. 5, plotted from the data in Table V, a decrease 
in the heat of activation is observed with increasing deformation and 
decreasing initial grain size. 
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The heat of activation which appears in the Arrhenius equation, 
therefore, should not be expressed as a constant but as a function of 
deformation and initial grain size such that 


_t: _ Q (deformation, initial grain size) ‘ee ‘Eom 
ual ae R 7 


Heat of Activation for Recrystallization, 
k cal/mol 





Deformation; % 


Fig. 5—Effect of Deformation and Initial Grain Size on - 
Heat or Activation for Recrystallization of Brass. Curve 1 is 
for brass of initial grain size 0.066 millimeter; curve 2 is for % 
brass with grain size of 0.010 to 0.004 millimeter. 


The heat of activation appears to approach a minimum value of 
approximately 41 kilocalories per mole, irrespective of the initial 
grain size. It is interesting to note that this value is in very close 
agreement w ith the values of heats of activation for volume diffusion 
and for viscous slip at grain boundaries in alpha brass found by Ke 
(11) to be about 40 kilocalories per mole. 

Isothermal Grain Growth—The grain growth data shown in 
Figs. 6 to 12 require very little comment. The curves representing 
growth of specimens with different initial conditions annealed at 
600°C (1110°F) illustrated in Fig. 6 show that the grain size 
reached after approximately 10° to 10* seconds is the same, regard- 
less of the initial condition of the material. The rate of growth 
seems to be slower in this region and then increases again beyond 
10* seconds, finally becoming slower at 10" seconds. The grain sizes 
when recrystallization is just complete are shown merely to illustrate 
the rapid rate of growth of the fine-grained and more severely de- 
formed specimens in the earlier annealing stages. The slow rate of 
growth at about ‘10* seconds may have been due to the obstructing 
effect of impurities, which were either agglomerated or dissolved at 
longer annealing times. The series of curves at 600°C (1110°F) 
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_ _Fig. 6—Grain Growth at 600°C. Points A, B, C, D, E, F show the recrystal- 
lized grain size of the six materials. The grain size reaches almost a common 
value for all specimens at about 10‘ seconds. 
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Fig. 7—Grain Growth Curves of Material “‘A’’ (Deformation 20.5%, Initial 
Grain Size 0.068 Millimeter) at Various Temperatures. 


was the only series which showed this oo rather markedly. It 
was faintly visible in the curves at 500 °C (930 °F). 

The curves of Figs. 6 to 12 illustrate the effect of temperature 
on the grain growth of a particular material. The grain size reached 
in a certain annealing time is larger the higher the temperature of 
annealing. 

The grain growth curves did not show very definite evidence 
of the existence of an equilibrium grain size at the higher annealing 
temperatures. The 600 and 700 °C (1110 and 1290 °F) curves tend 
to level out at the grain size reached, but this evidence is not suffi- 
ciently conclusive for any definite statement to be made regarding 
the equilibrium grain size. 

In Fig. 6, the rate of growth at 600°C (1110°F) appears to 
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Grain Size, mm. (Log Scale) 





Annealing Time, seconds ( Log Scale) 


Fig. 8—Grain Growth Curves of Material ‘‘B’’ (Deformation 20.5%, Initial 
Grain Size 0.012 Millimeter) at Various Temperatures. 





Grain Size, mm. (Log Scale) 


Annealing Time, seconds (Log Scale) 


Fig. 9—Grain Growth Curves of Material “C’’ (Deformation 40.4%, Initial 
Grain Size 0.068 Millimeter) at Various Temperatures. 
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Fig. 10—Grain Growth Curves of Material ‘‘D" (Deformation 40.4%, Initial 
Grain Size 0.004 Millimeter) at Various Temperatures. 





TRANSACTIONS OF THE A.S.M. 


Grain Size, mm. (Log Scale) 


Annealing Time, seconds (Log Scale) 


Fig. 11—Grain Growth Curves of Material “E’’ (Deformation 61.8%, Initial 
Grain Size 0.066 Millimeter) at Various Temperatures. 
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Fig. 12—Grain Growth Curves of Material ““F"’ (Deformation 61.8%, Initial 
Grain Size 0.006 Millimeter) at Various Temperatures. 


decrease up to about 10* seconds, and then increases again beyond 
10* seconds. The retardation of growth at about 10* seconds may be 
caused by small amounts of impurities which first impeded growth 
and then were either agglomerated or taken into solution, so that 
growth could then proceed again dt a more rapid rate. The flatten- 
ing of the curves is quite small, and may, at first sight, be attributed 
to variations in grain size determinations. However, the same effect 
may be observed in the grain growth curves of the specimens A, B, 
C, D, E and F, which suggests that the effect is characteristic of the 
material, and the grain size determinations are probably not in error. 

It was proposed by Beck and his associates (12) that a straight- 
line relationship describes grain growth completely when the log- 

— 
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Table VI 
Heats of Activation for Grain Growth 


Prior Initial Heat of Activation 
Deformation Grain Size Kilocalories 
Curve Specimen % mm. per Mole 
1 A 20.5 0.066 59.9 
2 B 20.5 0.012 64.8 
3 Cc 40.4 0.066 53.6 
4 Cc 40.4 0.066 63.7 
5 D 40.4 0.004 58.2 
6 E 61.8 0.066 59.4 
7 F 61.8 0.006 60.5 
8 F 61.8 0.006 59.2 


arithm of the average grain diameter, D, is plotted against the log- 
arithm of the annealing time. The equation is: 


D — D. = Kt" 


where D, is the recrystallized grain size, and K and n are constants. 
The present work shows that this simple relationship may not always 
hold, since the 600 °C (1110 °F) curve deviates from the straight line 
at approximately 10° seconds. 

Heat of Activation for Grain Growth—Burke (13) has shown 
that the time and temperature for grain growth for alpha brass, at 
least up to 700°C (1290 °F), are related by a heat of activation. 

The most convenient method of determining the heat of activa- 
tion for grain growth is to measure the time taken for a grain size 
of D to grow from an initial size of Do, e.g., the recrystallized grain 
size. These times are then plotted on a logarithmic scale against the 
reciprocal of the absolute temperature. However, individual grains 
grow at different rates and are therefore associated with different 
heats of activation. The heat of activation for the average rate of 
grain growth for all grains should then be described as a “quasi-heat 
of activation’. In the following discussion concerning grain growth, 
the prefix “quasi” has been omitted but is implied. Due to the non- 
linearity of the grain growth curve at 600°C (1110°F), it was 
difficult to select a grain size level at which the times and tempera- 
tures gave a linear plot with the above coordinates. This is illus- 
trated by plotting times and temperatures at two different grain size 
levels for specimens C and F (Curves 3 and 4, and 7 and 8, respec- 
tively, in Fig. 13). The key to these curves and the calculated heats 
of activation are listed in Table VI. 

There is apparently no significant effect of deformation and 
initial grain size on the heat of activation for grain growth. The 
scatter of these results is within the experimental error, since it is 
very difficult to locate times exactly at very long annealing times. 
The average of these calculated heats of activation is approximately 
61 kilocalories per mole. 


This value agrees very well with the heat of activation of 64 
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kilocalories per mole and 60 kilocalories per mole found by Burke 
(13), and 61.5 kilocalories per mole found by Beck, Towers and 
Manly (12) for grain growth in commercially pure alpha brass. It 
is expected that the heat of activation for grain growth would be 
greater than that for recrystallization, since the recrystallization 
process is aided by the deformation energy stored in the material 
after cold work. In the case of grain growth, the energy for grain 


Temperature °C 
400 500 600 700 


Annealing Time, seconds (Log Scale) 





1000 
Absolute Temperature 


Fig. 13—Times and Temperatures for Growth to a Particu- 
lar Grain Size. The grain sizes for each curve were approximately 
0.010 millimeter, varying slightly for the different curves. (For 
the key to these curves, see Table VI.) 


boundary migration must originate almost entirely from thermal 

energy and partly from surface energy of the grains. In the presence 

of inhibiting materials such as insoluble impurities, additional energy 

must be provided to overcome the resistance of these impurities. It 

would be expected, then, that a pure material should have a lower 
A 
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heat of activation for grain growth. Burke (13) has found a heat 
of activation of approximately 40 to 42 kilocalories per mole for 
grain growth in high purity brass. This is a close agreement with 
the values of 46 kilocalories per mole reported by Jenkins (14) for 
diffusion of zinc in 70/30 alpha brass, and of 40 kilocalories per mole 
reported by Ké (11) for grain boundary relaxation and reorientation 
of zinc atoms in a brass of the same composition. 


CONCLUSIONS 


From the results of isothermal recrystallization and grain growth 
data obtained in this investigation, the following conclusions may be 
drawn: 

1. The recrystallized grain size was found to be independent of 
the temperature of annealing. 

2. The relation between recrystallized grain size “r” and: defor- 
mation, “‘d’’, 1.e., 


log r = nd* + log m 


was confirmed in this investigation for materials of different initial 
grain sizes. In addition, it was found that “m” is a function of the 
initial grain size. 

3. The relation between initial grain size “i” and recrystallized 


6699 


grain size “r” may be expressed by the equation 
r= bi" 
where “‘b” is a function of the deformation. 

4. The heat of activation for recrystallization was found to de- 
crease with increasing deformation and decreasing initial grain size, 
reaching a lower limit of approximately 41 kilocalories per mole, 
which compares favorably with values of 40 kilocalories per mole 
quoted for heat of activation for volume diffusion and for viscous slip 
at grain boundaries in alpha brass. 

5. The grain size after long annealing time is essentially inde- 
pendent of the amount of prior deformation and initial grain size. 

6. The slope of the grain growth curves at 600°C (1110 °F) 
appears to decrease and then increase again after further annealing 
for longer times. This effect is believed to be due to the agglomeration 
or dissolution of impurities which then allow growth to continue. 


The slope of the grain growth curves is approximately the same at - 


different annealing temperatures. 

7. Within the limits of annealing times investigated, the grain 
size was still increasing with increasing time, but appeared to be 
approaching an,equilibrium grain size. An equilibrium grain size 
was not definitely established in the commercial brass investigated. 
For practical purposes, grain growth may be regarded as a con- 
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tinuing process, at least for annealing temperatures below 700 °C 
(1290 °F) and annealing times shorter than 128 days. 

8. The heat of activation for grain growth in this material was 
found to be 61 kilocalories per mole, and was independent of the 
prior deformation or initial grain size. 
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DISCUSSION 


Written Discussion: By Glen W. Wensch, Technical Division, U. S. 
Atomic Energy Commission, Wilmington Area Office, Wilmington, Del. 

The authors have shown the dependence of the heat of activation for 
recrystallization upon the degree of prior deformation. This dependence 
was recently observed in the study of “Recrystallization Kinetics of Tan- 
talum” as shown below: 


Deformation (Cold Rolling ) H (Kceal/mole) 
40° 124° 
80 97 


On the authors’ seventeenth page they state that insoluble impurities 
may increase the heat of activation for grain growth. This idea is not 
disputed, but it is felt that the particle size of the impurity is an important 
consideration in its ability to hinder grain boundary migration. Would the 
authors be kind enough to present their comments? 

The authors are to be commended for presenting valuable data of a 
type not available previously. 

Written Discussion: By Raymond G. Crawford, furnace engineer, 
Chase Brass and Copper Co., Waterbury, Conn. 

I am very much interested in this subject, particularly in a relationship 
between time and temperature for small increments of time. I have just 
realized that the question of whether or not there is an equilibrium grain 
size for a prolonged heating time fits into my particular interest by the 
assumption of a theory which I should appreciate comments upon. 

The entire grain growth pattern could be considered a problem of 
inertia. This would apply from recrystallization to apparent equilibrium. 
Up to the point of recrystalllzation, the action seems more like a physical 
property of the metal with governing conditions set up by the previous 
deformation and grain size of the metal. In this regard I should like to 
know if a stressed metal could be heated so rapidly that melting would 
occur prior to recrystallization. It seems to me that this could not happen. 
However, beyond this point it appears quite evident that application of 
heat must be accompanied by an increment of time for a change in grain 
size. It therefore seems that the heat is the activating force applied to 
the grain mass, giving them a rate of size change which could be likened 
to acceleration so that all factors would apply in the formula F = ma. 


2G. W. Wensch, K. B. Bruckart and R. H. Deidler, “Recrystallization of Tantalum’’, 


—e of Metals, American Institute of Mining and Metallurgical Engineers, June 1952, 
p. 6. : 
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On the basis of this theory, there would not be a resulting grain size 
equilibrium until such time as internal resistance cancelled the heating 
force. An apparent equilibrium could be reached when the mass became 
sufficiently large and the rate of grain size change would be made very 
small. The internal resistive forces could be impurities, as shown in the 
paper, which during the action might actually create a different character- 
istic mass and alter the characteristic of the declining rate of change. 
Physical size limitations of the metal might also set up resistive forces 
which influence the apparent equilibrium. 

My particular interest is concerned with how much change in force is 
equivalent to a change in time and whether this relationship is constant. 

I realize that this discussion is not directly concerned with this fine 
paper and in this regard can only say that I very greatly appreciate the 
work and presentation of Messrs. Channon and Walker. I should be happy 
if they would offer some comment, no matter how brief their limited time 
permits. 


Authors’ Reply 


We wish to thank Dr. Wensch for his data on tantalum confirming the 
fact that the heat of activation for recrystallization decreases with in- 
creasing deformation. 

The effect of composition and impurities on the grain growth of metals 
has long been a subject of discussion but is still not completely understood. 
The most recent summary of the effects of impurities on the annealing 
characteristics of brass has been compiled by Burghoff. 

The grain size reached at a particular time and temperature is larger 
in pure brass than in commercial brass. Impurities which are in solid 
solution have a minor effect on grain growth, but the undissolved impuri- 
ties seem to exert a pronounced influence. Jeffries and Archer pointed out 
that a given amount of a second phase is most efficient in hindering growth 
if it is present in a finely divided form. We believe this is true. 

Occasionally, however, the second-phase impurities which appear to 
inhibit grain growth coalesce or enter into solution at higher temperatures 
and longer times. When this occurs, the obstruction to grain growth is 
partially or wholly removed and grain growth may continue. This has 
been very nicely demonstrated by Beck, Holzworth and Sperry in their 
studies of grain growth in an alloy of aluminum with 1.00% manganese. 

Mr. Crawford’s comments are appreciated. In reply to his question 
concerning the possibility of obtaining melting in a stressed metal prior 
to recrystallization, we have observed, in our work, that. specimens an- 
nealed at 700 and 800°C were fully recrystallized before the specimens 
reached the temperature of the salt bath. Recrystallization occurred in a 
matter of 5 seconds or so in those specimens, the time being shorter with 
greater prior deformation. On the basis of these observations we do not 
believe it is possible to melt a strained metal before recrystallization occurs. 

With respect to the limitations of physical size of the specimen on the 
grain growth, we did observe, in some of our specimens, that the grains 
extended across the entire width of the specimen. When this occurs, 
growth is inhibited in one direction and further growth must take place 
in the other two directions in the specimen, 
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TEMPERATURE DEPENDENCE OF THE HARDNESS 
OF PURE METALS 


By J. H. WestrrRook 


Abstract 


A long-standing problem in high temperature metal- 
lurgy has been the temperature dependence of the strength 
of metals. The rich literature covering the hardness of 
pure metals as a function of temperature has been re- 
viewed and some generalizations made. These led to an 
approximate method for calculating the hardness of a pure 
metal as a function of the test temperature, crystal struc- 
ture, specific heat, and heats of fusion and transformation. 
The method has approximate validity from near absolute 
zero to about half the absolute melting point. 


ARDNESS, as it is most commonly measured, is simply the 
resistance of a material to plastic deformation by indentation. 
Extensive engineering use is made of this property because it is such 
a simple test to make, can be made quickly, and requires but a small 
specimen, the only specification for which is that there be at least 
one plane surface. Justification for such use rests upon the many 
correlations established between hardness and various engineering 
properties. The relation between hardness and yield point has been 
shown by Tabor (1)? for a variety of metals. Janitzky and Baeyertz 
(2) have found a linear relation between the tensile strength and 
Brinell hardness of quenched and tempered alloy steels. Bens (3) 
has demonstrated that a close relationship exists between hot hard- 
ness and time to rupture for chromium-base alloys at 870°C (1600 
°F). Relations have also been found between hardness and certain 
electrical and magnetic properties (4, 5, 6). 
On the other hand, hardness measurements have only rarely 
been employed in scientific studies* because of the objections that 
the hardness test involves a complex state of stress, that it measures 


1Several excellent books and monographs are available on the subject of hardness and 
hardness measurement. Particularly to be recommended are O’Neill (7) for a comprehensive 
analytical treatment and Williams (8) for his extensive bibliography. 

*The figures appearing in parentheses pertain to the references appended to this paper. 


‘ Ta). few instances of such published work have been reviewed by O’Neill (7) and 
mit 
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not one but several properties, and that the hardness values obtained 
cannot be identified with dimensional properties. Still, in spite of 
the difficulties in analyzing exactly the factors which determine the 
hardness number, it is remarkable in its close correlation with the 
most fundamental atomic and crystalline properties. For example, 
a relation has been found between the hardness of pure metals and 
their compressibility (7). Still other relations between hardness and 
atomic properties have been found by Lazarev (10) and others 
(11, 125-38), 

There are two potential applications of hardness measurements 
in scientific studies which as yet have not been sufficiently explored. 
These are the problem of the effect of temperature on the mechanical 
behavior of metals and the problem of the theory of alloying. It is 
the purpose of this paper to examine the first of these with the aid 
of the considerable data to be found in the literature. The application 
of hardness measurements to the theory of alloying will be treated 
separately (14, 15). 


QUALITATIVE OBSERVATIONS 


As is usually the case, most of the significant qualitative obser- 
vations of the temperature dependence of hardness were made by the 
earliest investigators. The rather rapid decrease in hardness of metals 
with increasing temperature has been known to metal workers since 
ancient times. Quantitative measurements of hardness at elevated 
temperatures, however, apparently date from some researches of 
Brinell (16), early in the present century. It:has been observed for 
some time that in general the higher the melting point of a pure 
metal, the higher the hardness at a given temperature. The room 
temperature hardness values of a number of pure annealed metals 
are plotted against their absolute melting points in Fig. 1. The data 
were taken from the 1948 ASM Metals Handbook (17) and Smithells’ 
‘Metals Reference Book” (18). In cases of discrepancy the lower 
value was plotted. As may be seen from Fig. 1 and as Ludwik (19) 
observed from some of his own results, the hardness — melting point 
relationship is not quite this simple. Thus, Ludwik found that plot- 
ting hardness data against the homologous temperature* does not 
give complete equilibration. (See Fig. 2.) 

One may also note from almost any plot of hardness data over 
a wide temperature range (see Fig. 2 for example) that hardness 
falls off sharply at first with temperature and more and more slowly 
as the temperature approaches the melting point. Further, it has 
been observed (19) that the hardness of all metals is still appreciable 





*A homologous temperature is a temperature having the same relative value for different 
metals. This concept was introduced by Ludwik, who defined a homologous temperature scale 
whose values are the ratios of the test temperatures to the melting point when expressed 
in absolute degrees. Tn = T/Tmp (°K). 
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Fig. 1—-Room Temperature Hardness of Pure Metals as 
a Function of Melting Point. Handbook Data 1949. 
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very near the melting point (as much as 10% that at room tempera- 
ture in some cases) and drops suddenly immediately upon melting. 

Ludwik noted that hardness versus temperature curves usually 
show an inflection point which occurs at a temperature roughly pro- 
portional to the melting point of the metal, but he did not explore 
this interesting observation further. Others, particularly Schwab 
(20) and Shishokin (21, 22), found that with certain ways of plot- 
ting hardness data, two straight lines are often obtained which cross 
at a point corresponding (observation by present author) to Ludwik’s 
inflection point. This may be variously interpreted as a peculiarity 
of the method of plotting, as an indication of two mechanisms of 
deformation, or as an indication of the appearance of a new and 
extraneous phenomenon, e.g., recrystallization. This point will be 
further discussed below. 

The considerable effect of time of loading, i.e., a combined effect 
of strain and strain rate, has been noted many times, at least as early 
as Kurth (23). This has led to a preference for dynamic hardness 
testing in cases where time effects would otherwise be appreciable. 
Finally, allotropic transformations in metals usually appear on hard- 
ness-temperature curves as breaks or discontinuities. Hardness- 
temperature data have therefore been proposed (21) as a means of 
estimating phase diagrams. 


FUNCTIONAL RELATIONS 


There have been several attempts to represent the temperature 
dependence of the hardness of metals analytically—some based on 
theoretical derivations, some deduced by analogy with equations for 
elastic or plastic flow, and others strictly empirical. Many of these 
are rather simple expressions for hardness as a function of the testing 
temperature with constants unique for each metal, while other attempts 
aim for more generalized equations expressing hardness as a function 
of the melting point, crystal structure, and other fundamental con- 
stants, as well as of the testing temperature. The success of these 
efforts will be discussed briefly. Only those studies will be included 
which relate to measurements on pure metals where effects of non- 
equilibrium conditions, precipitation reactions, etc., can be presumed 
not to appear. 

The principal functions that ave been proposed for the tem- 
perature dependence of the hardness of metals are summarized in 
Table I. These date from that of Kiirth (23) in 1909, the earliest 
found by the present author in the literature, to that of Schwab (20) 
in 1949. One might well wonder at the variety of the expressions, 
not only from the standpoint of the quantitative values predicted but 
also from that of the implied functional relations. These differences 
are really not too surprising, however, when the crudity of the early 
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Table I 
Principal Functions Proposed for Temperature Dependence of the Hardness of Metals 
Experimental Tech- Implied 
nique on Which Linear Ref- 
Date Investigator Function Is Based Proposed Function Dependence erence 
1909 Kiirth steel ball H = Ho — ct L{-2)/" H~T (23) 
1916 Ludwik 90° steel cone H = Ho (: an ) H~T (19) 
mp 
1921 Waizenegger data of Kiirth H —=b (Tmp — T)*”# H%/4 ~ T (24) 
1923 Ito steel ball log H = log Ho + aT In H ~ T (25) 
where a = —— — 0.00145 
Tmp 

1930 Shishokin steel ball H = Ae-*t sc In H ~ T (21) 
1949 Schwab steel ball H=>A—B VT H ~ T*/ (20) 
1949 Schwab steel ball Etienne cent oe 


Ae-©1/T 4 Be-€2/T 


H =hardness. Ho=hardness at absolute zero. T=test temperature, °K. Tmp = 
melting point, °K. t= test temperature, °C. L = load in kgs. n, a, b, c, a, A, B, a, €2= 
constants. 





hot hardness tests is considered and when cognizance is taken of the 
limited temperature range of the data obtained by many of the ex- 
perimenters. Also, the experimental data used in deriving the em- 
pirical equations or offered in support of the theoretical derivations 
were obtained from tests that differed considerably from one another. 

Notwithstanding these objections, it is still of interest to attempt 
anew a semiempirical formulation of an expression for the tempera- 
ture dependence of hardness based on the best of the existing hard- 
ness data. It is of interest, first, because of the possibility of pre- 
dicting. with such an expression the hardness of a metal over a 
considerable temperature range from data obtained over a limited 
range, or perhaps directly from such basic properties as crystal 
structure and melting point. Secondly, a satisfactory functional re- 
lation for the temperature dependence of hardness may yield impor- 
tant implications useful in analyzing the results of more rigorous tests. 
Finally, looking ahead somewhat, it is hoped to compare the func- 
tional form of the temperature dependence of the hardness of metals 
with that for materials of other atomic bond types, provided a satis- 
factory general expression for metals can be found. 

Returning to the equations previously proposed, it may be noted 
that several of these are not so different as they might seem at first. 
If the equations of Waizenegger and Ito-Shishokin are expanded. 
polynomials of the form A — BT + CT? — DT®+....... are 
obtained. Thus Ludwik’s and Ktirth’s equations are merely approxi- 
mations embodying the first two terms of such a series. Intuitively 
one would feel that an exponential expression of the type proposed 
by Ito and independently by Shishokin is the more reasonable one. 
Support for this is found in the semiempirical equation proposed by 
Hollomon and Lubahn (26) for the flow stress of metals as a func- 
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Table I! 
~~ 
: ————- Metals Studied Temp. 
Investigator Reference Technique FCC BCC HCP Other Range 
Grossmann and (29) Brinell BCo Mo,Cr aCo —150/ 
Bain 10/3000/30*t W, Fe 500 
Ludwik (19) Steel cone Al, Cu Zn Bi, Sn, 20/ 
90°/5-1000/15 Pb Cd Sb 600 
Ito (25) Brinell Al, Ag, Zn Sn, Bi, —50/ 
10/300-1000/30 Cu, Pb, Cd Sb 150 
Ni Mg 
Shishokin (21, 22) Brinell Pb BTl1 Zn Bi, Sn 0/300 
9.52/9.9/1800 Ag Cd 
aTl 
Inokuty (30) Brinell Al, Cu Fe Zn Sn —200/ 
10/40-1000/20 200 
Engl and (31, 32, 33) Cone 120°/10-150/60 Cu, Ni Mo, W —200/ 
associates (diamond < 600 °C) 1900 
(sapphire > 600 °C) 
Bens (3) Diamond pyramid Cr, Fe, 20/ 
136°/10/15 W, Mo 900 
Schwab (20) Brinell Cu, Ag Zn 20/ 
6.5/35.6/60 Cd 450 
Schwinning and (34) Brinell Al —80/ 
Fischer 10/250/30 200 
Guillet (35) Brinellt Cu 20/ 
10/500/30 1000 
Freeman (36) Brinell Zn 20/ 
10/500/30 200 
Kessler and care. Diamond pyramid Mo 20/ 
Hansen 136°/10.47/15 900 
Kirth (23) Brinell Cu, Ag, Zn Sn —80/ 
10/20-1500/60-3600 Ni, Al 500 
Ham (49) Diamond pyramidt Mo, W, —180/ 
136°/10/15 Fe 900 
Nachtigall (50) Diamond pyramidf Mo, W —100/ 
136°/10/15 800 





*Following the convention for reporting hardness data the diameter of the ball is given 
in mm; the load in kgs. and the time of loading in secs. In'the case of cone or diamond 
pyramid tests the angle of the cone or face angle of the pyramid is given in the place of 
the ball diameter. 


tLoading data not given. Assumed to be standard Brinell values. 
tLoading data not given. Assumed to be standard Vickers values. 


tion of temperature, which states that at constant strain and strain 
rate, the logarithm of stress should vary linearly with temperature. 
They have shown that such a relation holds for the Boas and Schmid 
data for the creep of aluminum (27). Carreker (28) has found 
similar good agreement with their equation for platinum over a wide 
range of experimental conditions. 

This exponential expression was then tested with the best of 
the hardness data available in-the literature. In view of the host 
of hardness tests used in the past, some basis had to be determined 
for selection of data for this analysis. The type of test chosen was 
a static indentation test wherein the results are expressible in terms 
of the load per unit contact area of impression in kg/mm?. Even 
within this relatively narrow classification there are considerable 
variations in geometry of indenter, load, and rate and time of loading. 
These variations will be largely ignored in the following analysis, 


_ 














1953 HARDNESS OF PURE METALS 227 


since the aim is only a first-order approximation of the generalized 
behavior of metals. The sources of the selected data are summarized 
in Table II. Good straight-line plots were obtained in almost every 
instance. Several representative plots are shown in Figs. 3a to 3d. 

It may well be argued that log-hardness versus reciprocal tem- 
perature plots of the sort proposed by Schwab give equally good 
straight lines in many instances, at least over the relatively narrow 
temperature range of the available data. However, Schwab’s equa- 


Hardness-kg./mm. 








200 300 400 500 600 700 800 9300 
Temperature °K 


Fig. 3a—Typical Log Hardness Versus Temperature 
Plots of Hot Hardness Data. 


tion predicts infinite hardness at the absolute zero of temperature 
and a finite hardness at infinite temperature, which does not seem 
reasonable. The Ito-Shishokin equation, on the other hand, predicts 
finite hardness at absolute zero and zero hardness at infinite temper- 
ature. Further, several sets of data give definite curves rather than 
straight lines when plotted against reciprocal temperature. A typical 


example is shown in Fig. 4 for the data of Grossmann and Bain (29) 
on molybdenum. 
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If we now examine the breaks found in the group of plots repre- 
sented by Figs. 3a to 3d, we may attempt to determine whether these 
result from a metallurgical change in state, the deformation mecha- 
nism, or the method of plotting itself. It was first observed that the 
breaks were of two types: an abrupt vertical discontinuity or a sud- 
den change in slope with no discontinuity. Those of the first type 
may be identified in almost every case with known allotropic trans- 








Hardness ~-kg./mm.2 
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Temperature °K 


Fig. 3b—Typical Log Hardness Versus Temperature Plots 
of Hot Hardness Data. 


formations ; a typical example is given in Fig. 5. A break involving a 
change in slope always occurs at about 0.55 T,,», the absolute melting 
point. The possibility of identifying breaks of this second type with 
allotropic changes is obviated on two counts: the nature of the dis- 
continuity is unlike that usually found for such changes, and, further, 
all metals obviously do not show allotropy at 0.55 Typ. 

A correlation of these hardness-temperature plots with tensile 





5It is presumed that purity, grain size, strain rate, etc., affect the exact value of this 
homologous temperature. See further below. 


= 
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data also lends support to the deformation mechanism idea for ex- 
planation of the slope change at 0.55 Ty» and causes one to reject 
the trivial possibility of the method of plotting. For example, Fig. 6 
compares data for the variation of stress with temperature at approxi- 
mately constant strain and strain rate from tensile tests on copper 
by Nadai and Manjoine (38) with data of Ludwik (19) for the hot 


Hardness - kg./mm.® 





Temperature °K 


Fig. 3c—Typical Log Hardness Versus Temperature 
Plots of Hot Hardness Data. 


hardness of the same material. In the case of creep and tensile tests, 
such breaks frequently have been interpreted (26, 39, 40, 41) as an 
indication of two mechanisms of flow, one at low temperatures, one 
at high temperatures. This hypothesis has often [see for example 
(26)] been extended to say that the high temperature mechanism is 
probably one of grain rotation, a process which has been shown 
(41-44) to occur at high temperatures, while the low temperature 
mechanism is slipp There is not much doubt that grain boundary 
flow frequently occurs; but that it is very likely not the primary 
mechanism of high temperature deformation can be seen from Fig. 7 
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in which are replotted the data of Engl and Heidtkamp (31) for 
single and polycrystalline copper as log hardness versus temperature. 
The single-crystal data show breaks in the log hardness — temperature 
curves just as do the polycrystalline data. Engl and Heidtkamp 
sought for evidence of recrystallization in their single crystals by 
metallographic examination of sections taken through their hardness 
indentations. No such evidence was found in specimens tested below 


Hardness -kg./mm.® 
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Fig. 3d—Typical Log Hardness Versus Temperature Plots 
of Hot Hardness Data. 


about 1000 °K, although recrystallization was detected in specimens 
tested at 1050 °K and above. ~ Explanation for the observed breaks 
in the log hardness — temperature curves must lie other than in re- 
crystallization or grain boundary flow. 

The slight differences between the single and polycrystalline 
copper data of Fig. 7 are attributed by Engl and Heidtkamp to the 
fact that their single crystal contained 2% silver. The observed be- 
havior is in accord with the results of Servi and Grant (41) who 
have shown that impurities tend to raise the temperature of transition 
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Fig. 4—Comparison of the Log H Versus T and Log H Versus 
1/T Representations of the Temperature Dependence of Hardness. 


from low temperature to high temperature behavior.® 

Summarizing the findings thus far, it has been shown that the 
temperature dependence of hardness is well represented by a function 
of the form H = Ae-®T where the constants A and B have one set 
of values at low temperatures, and another set of values at high 
temperatures, possibly indicative of two deformation mechanisms. 


FUNDAMENTAL CORRELATIONS 


It is now of interest to study the data more closely and seek a 
correlation between the constants A and B and fundamental physical 
parameters. At this point we. will confine our attention to the low 


temperature region where we know the deformation mechanism and 


®Servi and Grant also find that increasing strain rate increases the transition tempera- 
ture. The effects of grain size and other variables are as yet unresolved. The effects of such 
variables on the transition temperature in hardness tests are to be explored further in other 
papers (14, 15). 
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where effects of time, atmosphere, etc., are least likely to affect the 
experimental data. The constants A and B were evaluated analyti- 
cally for all sets of data in Table II, for which at least five good 
points were available on the low temperature branch of the curve. 
The results are summarized in Table III. The constant A for this 
low temperature branch may be thought of as an intrinsic hardness, 


Hardness -kg./mm.2 
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Fig. 5—Typical Example of a Log H Versus T Plot Showing 
an Allotropic Transformation. 


i.e., the extrapolated hardness at absolute zero. The constant B de- 
termined from the slopes of this portion of the curve may be thought 
of as the thermal coefficient of hardness. 

One might expect A to be a measure of the inherent strength 
of the interatomic bond in the metal lattice. If this is so, A should 
be roughly proportional to the absolute melting point. An approxi- 
mately equivalent and more satisfying correlation might be found 
with an energy parameter. Since the flow process is one in which 
only displacement of one part of the lattice relative to another occurs 
rather than actual rupture, the “thermal energy of melting” should 
be a better measure of the- resistance to flow than would the true 
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cohesive energy. The term, “thermal energy of melting”, is used’ to 
mean the heat content of liquid metal at the melting point and will 
be designated by the symbol ®jn).7 To test this hypothesis, absolute 
values of these heat contents were calculated for the various metals 
by graphical integration from the specific heat equations of Kelley 
(45, 46) supplemented where necessary by data from Quill (47). 


100 


80 
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20 Copper 


Oo Hardness Data-Ludwik 
@ Tensile Data - Nadai 
and Manjoine 


Stress at Constant Strain and Strain Rate -lOOOpsi 





0 200 400 600 800 1000 1200 1400 
Temperature °K 
Fig. 6—Correlation Between the Temperature Dependence of 


Hardness (Ludwik) and of Tensile Strength (Nadai and Manjoine) 
for Pure Copper. 


These results are also summarized in Table III and are plotted 
against the A values for the same metals in Fig. 8. The correspond- 
ing plot of A values versus the absolute melting points is shown in 
Fig, By 

It will be observed that the two plots show practically the same 
relationships. In both cases the data fall into natural groups accord- 
ing to their crystal structure. Within each group, A tends to increase 
approximately linearly with increasing binding energy. Reasonably, 
the curves pass through the origin, those representing the least sym- 





76 is used for heat content, rather than the conventional H, to eliminate confusion with 
the hardness symbols using H. 
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metric structures having the greater slope. Of particular interest is 
the fact that the elongated c/a ratio of cadmium and zinc compared 
to the normal close-packed c/a ratio is sufficient to place these metals 
on a separate curve. The points for bismuth, antimony, and tin are 
not to be associated with any of the curves shown, for these metals 
have rhombohedral and tetragonal structures. With the exception 
of the two refractory metals, molybdenum and tungsten, the scatter 
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Fig. 7—Temperature Dependence of Hardness in Single 


and Palversetaitins Copper. Data of Engl and Heidtkamp re- 
plotted on semilogarithmic scale. 


in the data of various investigators is remarkably small, considering 
the dissimilarity in the tests and the probable variation in purity of 
the metals tested. The considerably wider scatter in the case of 
molybdenum and tungsten is not unexpected because of the difficulty 
in preparing these metals (chromium as well) in high purity form. 
The marked effects of small quantities of impurities on the hardness 
of refractory metals;can be illustrated by some data on the room 
temperature hardness values of several grades of “pure” titanium 
(48), as shown in Table IV. The only inconsistency in Figs. 8 
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Table IV 
Effect of Purity on Room Temperature Hardness of Titanium (48) 
Typical 
Approximate Purity Hardness 
Grade % VPN 
Iodide 99.95 90 
Dupont L 99.8 145 
Dupont Standard 99.6 165 
Dupont H 99.5 195 


Dupont HH 99.4 225 


and 9 for which there is no apparent explanation is the discrepancy 
between the values for antimony found by Ludwik and by Ito. 

In analyzing the data obtained for the slopes of the log hardness — 
temperature curves, we might begin with the observation of Ito (25) 
and of Shishokin (21) that an inverse relation exists between this 
slope and the melting point. Further study is required, since Ito 
did not recognize the fact that the slope changes as one crosses from 
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9—Correlation Between the Constant A (From H = 
Ac-Br} ‘and the Absolute Melting Point, Tmp. 


the region of the low temperature mechanism to that of the high 
temperature mechanism. Shishokin noted this in some cases but 
apparently did not realize the generality of the phenomenon. — In 
addition, it would be desirable to place this empirical relationship 
on a somewhat more fundamental basis than the melting point. It 
inay also be seen from Fig. 10, which plots slope versus reciprocal 
melting point from the data of Table III, that the Ito-Shishokin 
reciprocal melting point relation is not an entirely satisfactory one, 
since, if the data for the lower melting point metals are valid, the 
plot seems to indicate that metals with melting points above 1615 °K 
should show zero or positive slope. Actually, W, Mo, Cr, Co, and 
Ni all show finite negative values of slope. Hence, a somewhat more 
complex function is indicated. 

In seeking a correlation for the A values, use was made above 
of the thermal energy required for melting as a measure of the resist- 
ance to flow. One might therefore expect to find a relationship be- 
tween the slope (B) of the log hardness — temperature plot, i.e., the 
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rate at which the lattice is weakened by thermal energy, and the 
mean effective specific heat over the pertinent temperature range, 
which is a measure of the rate at which thermal energy is built up 
as the temperature is increased. Inasmuch as we are considering 
different metals, relative parameters should be devised. To this end 
we will define a thermal energy parameter P = C,/®,,,, the mean 
effective specific heat divided by the heat content of liquid metal at 
the melting point. The so-called “mean effective specific heat’? was 
computed by dividing the absolute heat content at one-half the abso- 
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Fig. 10—Correlation Between the Constant B (From H = Ae-®?) and the Re- 
ciprocal Melting Point, 1/T mp. 


lute melting point (obtained by graphical integration as above) by 
half the absolute melting point. Thus, the pztameter P is the fraction 
of the thermal energy required for melting which is added per degree 
temperature rise. Another parameter ©, designated as the slope 
parameter, will be defined as Q = slope |B|/In A. It is thus the 
fractional hardness change relative to the intrinsic hardness that 
occurs per degree temperature rise.. The various terms used in the 
computation of these two parameters are summarized in Table III. 

Fig. 11 shows the result of plotting the calculated values of P 
and © from Table III against each other. The correlation is con- 
sidered to be fairly good. Only one point falls very far from a 
smooth curve drawn through the group of points and the origin. 
The curve is drawn through the origin since it seems reasonable 
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that if there could be a case where there were no change in thermal 
energy with temperature, there should also be no change in hardness 
with temperature. The stray point is that derived from Ludwik’s 
data on antimony, which was already suspected as being anomalous 
(see Figs. 8 and 9). It is now clear that the proper representation 
of the data in Fig. 10 is a curve, concave upward, passing through 
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the origin. In other words, a hypothetical metal of infinitely high 
melting point would show zero slope in the log hardness — temperature 
plot. Fig. 10 is redrawn in this fashion in Fig. 12. 

The scatter of the points in Fig. 11 is too great to permit the 
application of curve-fitting techniques in order to establish an exact 
relation between the parameters P and Q. However, judging from 
the shape of the smooth curve as drawn in Fig. 11, it appears that a 


hyperbolic equation of the form Q = P/(a-+ bP) is more likely than 
a parabolic or logarithmic relation. 
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FutTurE Work 


The present paper using data from widely scattered sources in 
the literature on metals of varying degrees of purity has established 
some interesting though approximate correlations between the tem- 
perature dependence of hardness and certain fundamental parameters. 
We must now seek confirmation or refutation of these relations 
from new and more precise experiments on metals of the highest 
obtainable purity and over wide temperature ranges. The results 
presented in this paper indicate the desirability of selecting, for such 
experiments, metals representative of each of the common crystal 
structures. Within each group of structures the metals selected 
should cover the widest possible range of melting points. For example, 
we might choose, in the FCC group, metals ranging from Pb (m. p. 
327 °C) to Ir (m. p. 2454 °C), in the BCC group, Li (m. p. 180 °C) 
to W (m. p. 3382 °C) and in HCP, Tl (m. p. 300°C) to Re (m. p. 
3167 °C). It would be desirable, if possible, to make these tests on 
single crystals in order to avoid grain size effects. In all cases the 
temperature range to be studied would be based upon the homologous 
temperature scale. An experimental program along these lines is 
now underway; results of these studies will be published in forth- 


coming papers. £9 
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SUMMARY 


It has been shown that the temperature dependence of the hard- 
ness of pure metals is well represented by a function of the form 
H = Ae-®? where the constants A and B have one set of values at 
low temperatures, where slip is the primary deformation mechanism, 
and another set of values at high temperatures, where viscous flow 
or some as yet unidentified mechanism predominates. The transition 
between low and high temperature behavior in the indentation hard- 
ness test is related to the absolute melting point of the metal, occur- 
ring at approximately 0.55 Ty». Purity, grain size, strain rate and 
other variables presumably affect its position slightly on the temper- 
ature scale. | 

Within the low temperature range, the constant A is simply 
related to the crystal structure and the thermal energy of melting 
defined as the heat content of liquid metal at the melting point. The 
A values for a given thermal energy of melting are found to increase 
with decreasing symmetry in the crystal structure. Within the same 
temperature range, the constant B is related in a somewhat complex 
way to the rate of change of heat content with increasing temperature. 
It is thus possible to calculate (at least approximately) the hardness 
of a pure metal as a function of temperature up to about half the 
absolute melting point if the crystal structure, specific heat, and heats 
of fusion and transformation are known. A new experimental pro- 
gram based on these results is proposed. 
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DISCUSSION 


Written Discussion: By W. Chubb, Battelle Memorial Institute, 
Columbus, Ohio. 

The author is to be complimented upon his critical analysis of the 
hot-hardness data available in the literature. His selection of the log- 
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hardness-temperature representation of these data is to be especially 
commended. 

It is especially interesting to note that the author has noticed a rela- 
tion between the melting point of pure metals and the inflection point in 
the log-hardness-temperature curves. There also seems to be some rela- 
tionship between the extrapolated hardness of the metals at 0°K and the 
heat content of the molten metals at their melting point. 

While these relationships probably have some basis in the physical 
nature of metals, it should be pointed out that there are exceptions to the 
inflection point —- melting point relation. At any event, it is well known 
that zirconium (m.p. 2100°K) and titanium (m.p. 2090°K) have allotropic 
transformations at approximately 0.55 Tmp (1136 and 1158 °K respectively). 
One would not expect another basic change in the coherency of the metals 
very close to these temperatures. However, numerous hot-hardness tests 
on zirconium at Battelle Memorial Institute have established the existence 
of an inflection point in the log-hardness-temperature curve at about 
710 °K or 0.34 Tmy. It also should be noted that this point is not really a 
point on the hot-hardness curve; it is obtained by extrapolation of the 
straight-line portions of the curve which extend to within 20 or 30 degrees 
of the inflection point. Near the inflection point, there is a transition zone 
where the graph changes slope gradually. 

Another interpretation of the transition zone around the inflection 
point is that it represents a temperature range below which cold working 
takes place during the time of the hardness test and above which hot 
working takes place. Certainly, it represents a change in atomic mobility 
or freedom within the solid. If processes taking place at temperatures 
just above the inflection point cannot be associated with recrystallization, 
then at least they should be associated with stress relief during the time 
of the hardness test. 

Written Discussion: By Donald N. Frey, Ford Motor Company, 
Dearborn, Mich. 

The writer of this discussion very much enjoyed reading and think- 
ing upon the points put forth in this paper. Accordingly, he wishes to 
congratulate the author for this excellent paper. 

As a further point for discussion, are there sufficient data for any 
analysis of the temperature variation of hardness above the 0.5 Tm, transi- 
tion point? If so, what are the results? 

Written Discussion: By J. T. Waber and F. W. Schonfeld, staff mem- 
bers, Los Alamos Scientific Laboratory, University of California, Los 
Alamos, N. M. 

In his extremely interesting paper, the author rejects the tentative 
suggestion made by Hollomon and Labahn (Ref. 26) that the grain bound- 
ary rotation accounts for, or strongly affects, the high temperature be- 
havior of metals. The rejection is based on Fig. 7. The present writers 
submit the idea that highly strained single crystals behave similarly to 
polycrystalline specimens, and hence the rejection may not be necessary. 
In support of this idea, Fig. 13 illustrates the different temperature de- 
pendences (of the critical shear stress) of strained and unstrained single 
crystals, respectively. 

In an unpublished study, using Schwab plots, the present writers have 





1953 DISCUSSION—HARDNESS OF PURE METALS 245 


Al (80% Strain) 


Zn (at Failure) 


0.6 Zn (400% Strain) (a) 







m oO 
Oo Oo 


3 


l 3 5 7 9 il I3 iS 
1000/T 

Fig. 13—-Temperature Dependence of Shear Stress in Strained 

and Unstrained Crystals. (Redrawn from data of W. Boas and E. 

Schmid, Zeitschrift fiir Physik, Vol. 61, 1930, p. 767, and of E. 


Schmid and W. Fahrenhorst, Zeitschrift fiir Physik, Vol. 64, 1932, 
p. 845.) 


observed that tensile data as well as hardness data show the same changes 
in slope in the vicinity of 0.6 Tm. Fig. 13a is reminiscent of our Schwab 
plots of hardness and tensile data. 

There is independent evidence that the grain boundary slip and grain 
rotation begin to occur in the vicinity of 0.6 Tm (depending slightly on 
strain rate, etc.) and there is some evidence that these phenomena affect 
tensile and compressive strengths at test temperatures higher than this 
critical temperature when the strain is not too large. 

_ The orientation differences between subgrains in a heavily deformed 
single crystal are perhaps large enough that the further strain behavior is 
essentially “polycrystalline”. Hence it appears injudicious to dismiss grain 
rotation on the basis of Fig. 7 alone, since severe local deformation is pro- 
duced in any conventional hardness test. 
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Author's Reply 


The author wishes to express his appreciation to the several discussers 
for their kind remarks and the interest they have shown in this paper. 
Dr. Chubb describes data for zirconium and titanium which show excep- 
tions to the general rule brought out in the paper that the inflection point 
on the log hardness—temperature plots occurs at an approximately con- 
stant fraction of the absolute melting point, that is, at ~0.55 Tmp. These 
findings are interesting and will bear further study. The only data for 
titanium and zirconium available to the author show too wide a scatter for 
analysis and comparison. The situation is undoubtedly complicated by the 
occurrence of an allotropic transformation at about the same temperature 
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range. However, in contrast to Dr. Chubb’s view, the author does not be- 
lieve that the occurrence of one such change in lattice coherency would 
necessarily obviate the possibility of a change of another type. The author 
agrees with Dr. Chubb that the inflection point is not a true point, but is 
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obtained by extrapolation of straight-line segments into a transition region. 
This feature was not very clear in the particular figures included in the 
published paper. 

Both Dr. Chubb and Messrs. Waber and Schonfeld discuss the pos- 
sible mechanisms involved in the “high temperature” region of the hard- 
ness plots. All agree that this region is one of increased atomic mobility ; 
the question lies in the exact ways in which the atoms move. Although 
recrystallization must be ruled out, recovery or stress relief may play a 
major role. In rejecting the grain rotation hypothesis, the author intended 
to discard only the notion that gross movement of grains at the original 
grain boundaries is a primary mechanism. It is quite likely that subgrain 
formation or polygonization of strained grains has a considerable effect on 
the high temperature behavior. 

In answer to Dr. Frey, analysis of the hardness data for the high 
temperature region (>0.5 Tm,p) has been attempted. The slope of the log 
hardness — temperature plots in this region yielded correlations with melt- 
ing point and thermal energy of melting similar to those found for the low 
temperature region, however, with considerably greater scatter. No cor- 
relations could be established between the constant A and fundamental 
parameters in the high temperature region. It is felt that this result is 
due to differences between tests (purity, strain-rate, time, etc.) whose 
effects are much more pronounced at the high temperatures. These varia- 
tions, particularly in the case of the constant A, which establishes the 
hardness level and thus the transition temperature, are evidently sufficient 
to mask the fundamental relations. It is hoped that these will become 
clear when a sufficient amount of data has been accumulated from the 
current experimental program. 

The following analysis may serve as an indication of what may be 
expected when accurate data for several pure metals have been obtained. 
It has been established that hardness-temperature data in the low temper- 
ature range may be represented by 


H = Ae™ (1) 
We may then write 
H 
In — = — BT 2 
ny (2) 


where B was shown roughly to be a function of reciprocal melting point. 
This function is of the type 








K 
B= 
Ts” (3) 
Substituting this in (2), we obtain 
H = 
In A=7 K T.* (4) 


Thus by plotting In H/A versus T/Tmp" we should obtain a reduced plot 
in which hardness data for all pure metals fall on a single straight line. 
We can only expect good results in a plot of this sort when the effects of 
variations in testing technique have been minimized, i.e., by examining the 
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data of a single worker. Of the various previous investigators, Ito gives 
data for the greatest number of pure metals. A reduced plot was there- 
fore prepared from his data and is shown in Fig. 14. A log-log representa- 
tion was chosen because of the breadth of range of variables. While the 
logarithmic plot tends to improve the appearance of the correlation, the 
result is still interesting. 








THE EFFECT OF DISPERSIONS ON THE TENSILE 
PROPERTIES OF ALUMINUM-COPPER ALLOYS 


By R. B. SHaw, L. A. SHEpaRD, C. D. STARR AND J. E. Dorn 


Abstract 


The plastic properties of aluminum-copper alloys were 
correlated with the mean free path between the hard 
CuAl, particles dispersed in the alpha solid solution 
phase. The true stress —true plastic strain curves for the 
various dispersions formed a homologous series, the yield 
strength and the rate of strain hardening increasing uni- 
formly with decreasing mean free path between the CuAl, 
particles in the alpha solid solution. These results were 
found to be valid over the entire range of conditions that 
were examined, covering test temperatures of 78 to 295 
°K, and compositions of 3, 4 and 5% copper in high 
purity aluminum. The present observations are in quali- 
tative agreement with those made by Gensamer et al on 
the correlation between the mean free ferrite path and the 
tensile properties of heat treated steels. A small quanti- 
tative difference, however, was detected between the pres- 
ent results and those obtained by Gensamer; whereas 
Gensamer found that the flow stress decreased linearly 
with the logarithm of the mean free ferrite path in steels, 
the results on CuAl, dispersions in an alpha solid solution 
of copper in aluminum suggest that the logarithm of the 
flow decreases linearly with the logarithm of the mean 
free path between the CuAl, particles. None of the recent 
dislocation theories for plastic deformation in polyphase 
systems are in complete quantitative harmony with either 
the former observations on steels or the present observa- 
tions on aluminum-copper alloys. 


INTRODUCTION 


HE significant effect of dispersions of hard constituents em- 
bedded in a soft ductile phase on the plastic properties of poly- 
phase alloys was uncovered shortly following the introduction of 
metallurgical microscopy early in the history of scientific physical 
metallurgy. Over the intervening years, extensive practical use was 
made of the knowledge that the yield strengths of polvphase alloys 
could be improved solely by refining the dispersion of the hard con- 
A paper presented before the Eighth Western Metal Congress of the So- 
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stituent in the soft ductile phase. But in spite of the recognized 
technological importance of this subject, no systematic study of the 
effects of dispersions on the plastic properties of alloys was made 
until 1942 when Gensamer and his colleagues (1)? first reported 
their investigations on the effect of dispersions of carbides in ferrite 
on the plastic properties of steels. Since that time, several theories 
based on the concept of dislocations have been formulated to predict 


e Eutectoid Pearlitic—— 
e Spheroidal 
4 Hypo-Eutectoid Pearlitic 


Stress at 0.2 Strain -!O0Opsi 





30 34 38 42 46 50 5.4 58 
Log of Mean Ferrite Path, angstroms 


Fig. 1—The Effect of the Mean Distance 
Between Particles on the Flow Stress of Steels. 
(After Gensamer.) 


the effect of dispersions of hard particles on the plastic properties 
of alloys. Inasmuch as the current predictions based on the proper- 
ties of dislocations are not in complete quantitative harmony with 
the sole experimental data now available, the details of their formu- 
lation are highly suspect and they have no justifiable practical value. 
Apparently two types of investigations are required in order to for- 
mulate a more complete understanding of the important effects of 
dispersions on the plastic properties of polyphase alloys: (a) More 
extensive information is needed on the actual effects of dispersions 
on plastic properties and (b) a more realistic theory of the effects 


1The figures appearing in parentfieses pertain to the references appended to this paper. 
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of dispersions on the behavior of dislocations is required. The pres- 
ent research was undertaken in an attempt to help satisfy the first 
need by analyzing the effect of dispersions of CuAle on the plastic 
properties of aluminum-copper alloys. It will prove helpful, how- 
ever, to review the existing knowledge on dispersions before re- 
counting the details of the present investigation. 

A summary of the essential observations of Gensamer et al 
(1, 2) on the effect of dispersions on the deformation strengths of 
a series of steels is reproduced in Fig. 1 where the deformation 
strength at a plastic strain of 0.20 is given as a function of the 
average distance between the carbide particles dispersed in the ferrite 
phase. The recorded data apply to various steels that had about 
the same percentage of minor chemical components and differed 
principally relative to their carbon content and heat treatment. 
Whereas the pearlites were produced by isothermal decomposition 
of austenite, the spheroidites were obtained by tempering martensite. 
These data reveal that, within a rather broad scatter band, the flow 
strength of dispersions of carbides in ferritic steels decreases linearly 
with the logarithm of the mean ferrite path independent of carbon 
content or type of dispersion, be it entirely lamellar or lamellar 
islands in ferrite, or spheroidal. When the individual scatter bands 
for eutectoid pearlitic, hypoeutectoid pearlitic, and the various sphe- 
roidal dispersions are separately demarked, as shown in Fig. 1, how- 
ever, the spheroidal dispersions appear to give slightly lower defor- 
mation strengths at strains of 0.20 than is given at the same mean 
free ferrite path for the pearlitic types of dispersions. In view of 
the recognized difficulties in measuring the mean ferrite paths, this 
difference might well be attributed to scatter in the data.2 On the 
other hand, additional data will shortly be presented to illustrate 
that real differences in the plastic properties of pearlitic and sphe- 
roidal dispersions do in fact exist. Thus Gensamer’s data suggest 
that the deformation strength of steels at 0.20 strain decreases linearly 
with the logarithm of the mean ferrite path independent, within the 
scatter band, of carbon content; but the level of the deformation 
strength at a given mean ferrite path might be slightly greater at a 
strain of 0.20 for pearlitic than for spheroidal dispersions. 

It is well known that a wide variety of steels obey the empirical 
stress — plastic strain relationship 


«¢=Ase"* Equation 1 
where 
o = the true deformation stress 

e¢ = the true plastic strain 
A = the deformation stress at unit strain 
a¥ = the strain hardening index. 





*Since this investigation was completed, a report has appeared by Roberts et al (3) on 
the effects of dispersions of carbides on the plastic properties of plain carbon steels and pure 
irons. Their data for the carbon steels agreed well with the earlier findings of Gensamer. 
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Since A and n are constants for any given specimen of steel, they 
serve to characterize its plastic properties. If, for a given class of 
steels, n is a single-valued function of A, that class of materials is 
said to provide an homologous series of stress-strain curves. Although 
A might increase from specimen to specimen in that class, n will also 
change systematically so that an entire homologous family of stress- 
strain curves are obtained in the homologous series of steels. Con- 
versely, if n is not a single-valued function of A within a group of 
steels, intersecting stress-strain curves will be obtained and the group 
is nonhomologous. Obviously the plastic properties of dispersions 
can be correlated uniquely with the mean ferrite path only within an 
homologous series. 


Strain Hardening Index-n 
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Fig. 2—Correlation of Strain Hardening Index, n, With the De- 
formation Stress at a Strain of 0.20 (4). (After Gensamer.) 


Reference to Fig. 2 reveals that, in general, the strain hardening 
index decreases uniformly with increasing values of the deformation 
strength at a strain of 0.20 for a wide variety of steels. This sug- 
gests that within the scatter band obtained these steels form an 
homologous series of alloys. But upon closer inspection of the data, 
certain well-documented differences between the various types of 
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steels become evident. For example, the strain hardening index, n, 
for bainites is greater than that for manganese steel pearlites at the 
same deformation strength. Although the initial crude analysis sug- 
gested that all of the steels represented form an homologous series 
of alloys, a more refined analysis suggests that the various groups of 
steels represented in Fig. 2 are somewhat unique. 

Bain’s data (5) on the effect of dispersions on the plastic prop- 
erties of a eutectoid steel are given in Fig. 3. These data clearly 
reveal that, for the same hardness values, the proof stress, breaking 
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Fig. 3—The Influence of Structure on the Tensile 
Properties of a Eutectoid Steel. (After Bain.) 


stress and tensile strength for the pearlitic structures are distinctly 
different from those for the spheroidal dispersions. Consequently, 
the pearlitic and spheroidal dispersions cannot fall into a single 
homologous series of alloys just as the bainites and the manganese 
steel pearlites also exhibit distinctly different sets of homologous 
properties. These deductions insist that the type of structure as well 
as its dispersion must influence the plastic properties of polyphase 
alloys. Thus the plastic properties of an alloy containing a hard 
phase dispersed in a soft ductile phase cannot depend only on the 
mean path between the hard constituents in the ductile phase but it 
must also be dependent on the type of structure. The investigations 
by Gensamer et al reveal that the mean free ferrite path is the more 
important factor for correlating the plastic properties of steels, and 
that it is probably the unique factor for a given type of structure. 


Test MATERIALS 


_ Inasmuch as rather extensive data are now available on the 
plastic properties’ of steels, it seemed to be desirable to investigate 
some other polyphase alloy system in order to broaden the basis of 
our knowledge on the effects of dispersions of a hard constituent in 
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a soft ductile phase on its plastic properties. The aluminum-copper 
system was selected for this objective in view of the existing corre- 
latable data on the plastic properties of various alpha solid solutions 
of aluminum, including the aluminum-copper alpha solid solutions 
(6). Alloys containing about 3, 4 and 5% of copper by weight as 
shown in Table I were prepared from high purity aluminum cast 
into an ingot, homogenized, hot and cold-rolled to 12-inch wide sheet 
0.100 inch thick, and finally annealed.* The various dispersions of 
CuAl, in the aluminum-copper alpha solid solution were then devel- 
oped in the alloys by special sequences of heat treatments. 


Table I 
Chemical Composition of the Alloys 
Nominal ——————Per Cent Weight Alloying Component 
Per Cent Chemical 
by Weight Analysis ————S pectrochemical Analysis——————_, 
Cu Cu Si Fe Mn Zn 
3 3.05 0.002 0.002 trace 0.0004 
4 4.03 0.002 0.002 0.001 0.0004 


5 5.05 0.003 0.002 0.002 0.0006 


The heat treatments that were. finally employed to develop the 
dispersions of CuAlg were selected so that good control of auxiliary 
variables could be achieved. In addition to the degree of dispersion, 
the following factors were considered to be important in evaluating 
the plastic properties of the aluminum-copper alloys: 

1. Grain size of the alpha phase. 

2. Composition of the alpha phase. 

3. Uniformity of the dispersion, particularly the absence or only 
nominal presence of grain boundary precipitation. 

4. Single type of almost spheroidal dispersion. 

The heat treatments which were finally selected for use can be 
generalized as follows: 

A. The as-received alloys were solution heat treated and homog- 
enized for 72 hours at 540 °C (1005 °F) and water-quenched. 

B. The alloys were then cold-rolled 30% preliminary to a re- 
crystallization treatment at 540°C (1005 °F) to provide a constant 
final grain size of the alpha solid solutions. Unfortunately additional 
grain growth took place during the subsequent precipitation treat- 
ments. Consequently the time at the recrystallization and grain 
growth temperature had to be controlled for the various alloys and 
dispersions so that the final alpha solid solution grain size would be 
identical for all specimens. The grain size for the 3% very coarse 
dispersion, however, was somewhat larger than that of the other 
alloys, and therefore the data for the 3% very coarse dispersion were 
not included in the final analysis. 





8All alloys and analyses were _furnished by courtesy of the Aluminum Company of 
America Research Laboratories. 
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Fig. 4—Photomicrographs of CuAle Dispersions. Specimens a, b, c—5.05% copper- 
aluminum alloys. Specimens d, e, f—4.03% copper-aluminum alloys. Specimens g, h, i 
~3.05% copper-aluminum alloys. Specimens a, d, h—Coarse dispersion, K 573. Specimens 
b, e—Medium dispersion, X 1060. Specimens c, f—Fine dispersion, X 2227. Specimen 
g—Very coarse dispersion, X 885. Specimen i—Medium dispersion, X 2227. 


C. The recrystallization treatments were followed by appro- 
| priate aging treatments. In selecting the aging treatments it was 
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Table Il 
Heat Treatments for Dispersions of CuAl* 
Designation --Recrystallization—, -—Preliminary Aging Treatment—, Grain 
Cu ime Temp. Time Temp. ime Temp. Sizet 
Dispersion Min. . Hrs. < Hrs. °C grains/mm 
3-VC 2% 540 W.Q. 24 465 : 0.8 
3-C 2% 540 wb. 24 455 ah 2.3 
3-M 3 540 W.QO. “4 455 W.Q. and 3 350 2.4 
4-C 2% 540 WS, 24 465 a 2.4 
4-M 2% 540 W.Q. i 440 A.C. and 3 350 2.3 
4-F 1% 540 W.Q. 0.025 415 W.Q. and 3 350 2.3 
5-C 4 540 W.QO. 1 525 a 2.3 
5-M 3% 540 W.Q. 1 500 te 2.2 
5-F 2u% 540 W.Q. 0.025 525 W.Q. and 1 400 2.1 
*Symbols: VC = very coarse; C = coarse; M = medium; F = fine; W.Q. = water- 


quenched; A.C. = air-cooled. By intercept method. 





necessary to avoid conditions which would result in excessive grain 
boundary precipitation or a strongly crystallographically oriented 
plate-like precipitation, in order to obtain a fairly random dispersion 
of particles of CuAl, that approximated spheroids. Thus, special 
aging treatments had to be selected for each alloy and dispersion in 
order to approximately achieve the described results. 

D. Finally the material was given a preliminary aging treatment 
after which it was furnace-cooled to 305°C (580°F) and aged for 
2 days. Specimens were then machined from the material, and an 
additional 2-day aging at 305 °C (580°F) was practiced in order to 
remove the effects of machining and to establish the composition of 
the copper in the alpha solid solution at the limit of solubility of 
copper in aluminum at 305 °C (580°F). Precision lattice constant 
measurements on a series of the specimens suggested that the result- 
ing alpha solid solutions contained about 0.19 atomic per cent copper 
which was in fair agreement with the extrapolated results from 
solubility investigations (7, 8). Since specimens held for 1 month 
at atmospheric temperature after aging at 305 °C (580 °F) exhibited 
the same stress-strain curve as those tested immediately following 
aging, no effect of precipitation at atmospheric temperatures on the 
plastic properties was detected. Furthermore, the effect of possible 
strain aging during test was shown to be insignificant because the 
same trends of dispersions were observed from 298 to 78 °K, at 
which temperature strain aging of aluminum does not occur. The 
actual heat treatments which were used to develop the various dis- 
persions are given in Table II. 

Typical microstructures obtained by the above heat treatments 
are shown in Fig. 4. In general they exhibit only nominal grain 
boundary precipitation and fairly uniformly distributed dispersions 
of CuAl,. A few of the dispersions as shown for the 4-M dispersion, 
however, exhibited more plate-like than spheroidal type of precipitate. 
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CALCULATION OF MEAN FREE PATH 


In order to reduce the experimental tedium of actually measuring 
the mean free path in the alpha solid solution between the particles 
of CuAls, an approximate method was developed for estimating this 
quantity from easily obtained metallographic data. Two assumptions, 
that are only approximately in harmony with the observed micro- 
structures, were made for the purpose of facilitating the analysis: 
First, the dispersed phase was assumed to consist of uniform spheres, 
and secondly, it was assumed that the spheres of the intermetallic 
compound. were uniformly dispersed in the alpha solid solution. To 
a good first-order approximation, therefore, each intermetallic com- 
pound of uniform radius r can be conceived to be located at the center 
of a spherical domain of uniform radius R representing the volume 
of the particle of the intermetallic compound and its associated solid 
solution. The calculation of the volumetric mean free path between 
particles then reduces to a simple problem of geometrical probabilities 
as follows: 

(a) Frequency of Distribution of Lines in Space—As shown in 
Fig. 5 the probability that any line, /, be oriented in the range ¢ to 
¢-+d¢ to a fixed reference direction, Z, is proportional to the area 
of a unit reference sphere within the selected range of angles. Thus 
the well-known relation 


singd®@ 


ao. singd@ Equation 2 
/ singd@ 
is obtained. 


(b) Average Length of Line in a Sphere — According to 
Equation 2 the average length of a line in a spherical domain of 


radius R is given by 
7 w/2 
i= s lsingd®@ 


Since Fig. 6 reveals that 
l1=2Rcos @ 


P (¢tog+d¢) = 


the average length of a line in a sphere is 
oP w/2 
i= i 2Rceos¢singd@—R Equation 3 


(c) Probability of a Line Striking a Particle in the Center of a 
Spherical Domain—As shown in Fig. 7 the probability, P, of a line 
in a spherical domain of radius R striking a spherical particle of 
radius r at the center of the domain is equal to the area of a unit 
reference sphere included in the range of ¢ from zero to 4}. 











258 TRANSACTIONS OF THE 4.S.M. Vol. 45 


Consequently 


ou VR?— r + 
= i =l— 21 — eee = 1] — 1—{— 
P f singd®@ cos @ = J (x) 


. Equation 4 


(d) Mean Path—The number of particles intersected per unit 
length of a line is equal to the average number of domains intersected 
per unit length times the probability, P, that a line in a domain will 





Fig. 5—Frequency of Distribution Fig. 6—Average Length of Line in 
of Lines in Space. a Sphere. 





_Fig. 7—Probability of a Line Fig. 8—Average Number of Parti- 
Striking a Particle. ' cles per Unit Area of Polish. 


strike a particle. Since the average length of a line in a domain is R, 
the number of domains intersected per unit length of a line is 1/R 
and therefore the number of particles N, of radius r intersected per 
unit length is 


ee 


1 r \* : 
m= EL! '-(5) | Equation 5 
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Then the average distance between the centers of particles is 


ar rrr ee Equation 6 
Np 6% 
~~ are 
biG) | 
and therefore the volumetric mean free path between particles is 


R 1 
V.M.F.P. = ——————_ - r= rk [—_———_- = 


b-f-@} -y-@ 


Equation 7 
where r is the mean path in the particle. 

(e) Evaluation of R and r—The values of R and r for deter- 
mining the V.M.F.P. are easily established from the composition and 
metallographic inspection of the specimen. As shown in Fig. 8, for 
all sections of the domain from h = 0 to r a particle is seen, where- 
as for sections from h =r to R no particles are obtained. Thus the 
number of particles observed per unit area on a plane of polish is 


foo 

wiltlelle ands gg Go Equation 8 
- = 3 quation 
mw (R*? — h’*) dh 


Furthermore the ratio of the volume of the particle to that of 
the surrounding domain is 


N= 





nS: 
~ 4/3 » (R*— +") “e (o 


Whereas N can be determined directly from counts of the number 
of particles per unit area on a plane of polish, f can be evaluated 
from the known composition, phase diagram, and the density of the 
two phases. Assuming a density of p= 4.35 for CuAly, a density 
of 2.73 for the alpha solid solution and assuming the alpha solid 
solution contained 0.194 atomic per cent copper the values of f given 
in Table III were obtained for the present alloys. 


Equation 9 


Table Ill 
Volumetric Ratios of CuAk to the Alpha Solid Solution 


Weight % 


Copper f 
8.05 0.0323 
4.03 0.0453 


5.05 0.0595 
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Table IV 
Mean Free Path Determination 


No. Particles 


Test Mag-__—iin 5-cm. 
Disper- Tem- nifi- Diameter N V.M.F.P. P.M.F.P. 
sion perature cation Circle x 10-4 f in cm. in cm. 
5% C 78 °K 375 X 51 36.1 0.0595 0.0091 0.000502 
135 375 X 82 58.4 0.0595 0.0071 0.000395 
194 725 X 23 62.9 0.0595 0.0069 0.000381 
295 725 X 23 58.9 0.0595 0.0071 0.000389 
5% M 78 °K 573 X 71 118.9 0.0595 0.0051 0.009277 
135 573 X 65 108.5 0.0595 0.0052 0.000290 
194 725 X 62 167.3 0.0595 0.0042 0.000234 
295 725 X 60 160.6 0.0595 0.0043 0.000239 
5% F 78 °K 2227 X 302 7616.7 0.0595 0.00062 0.0000346 
135 2227 X 280 7061.8 0.0595 0.00065 0.0000359 
194 2227 X 354 8928.2 0.0595 0.00058 0.0000319 
295 2227 X 276 6960.9 0.0595 0.00065 0.0000362 
4% C 78 °K 573 X 57 95.0 0.0453 0.0065 0.000400 
135 573 X 57 95.5 0.0453 0.0065 0.000400 
194 573 X 58 96.7 0.0453 0.0064 0.000395 
295 ae x 66 106.3 0.0453 0.0061 0.000379 
4% M 78 °K 1060 x 307 1754.3 0.0453 0.00151 0.000093 
135 1060 x 262 1497.2 0.0453 0.00163 0.000100 
194 1060 x 336 1920.0 0.0453 0.00144 0.000088 
295 1060 x 306 1365.7 0.0453 0.00171 0.000103 
4% F 78 °K 2227 X 256 6456.0 0.0453 0.00078 0.0000484 
135 2227 X 256 6456.0 0.0453 0.00078 0.0000484 
194 2227 X 256 6450.0 0.0453 0.00078 0.0000484 
295 2227 X 240 6053.0 0.0453 0.00081 0.0000500 
3% VC 78 °K 855 X 36 71.9 0.0323 0.0088 0.000600 
135 855 X 32 62.9 0.0323 0.0095 0.000641 
194 855 X 28 55.9 0.0323 0.0101 0.000680 
295 855 X 26 51.9 0.0323 0.0104 0.000706 
3% C 78 °K 1060 x 93 533.1 0.0323 0.00325 0.000220 
135 1060 x 79 452.0 0.0323 0.00353 0.000239 
194 1060 < 93 532.6 0.0323 0.00326 0.000295 
295 573 X 198 330.5 0.0323 0.00413 0.000280 
3% M 78 °K 2227 X 208 5246.0 0.0323 0.00104 0.0000702 
135 2227 X 223 5624.0 0.0323 0.0010 0.0000678 
194 2227 X 241 6078.0 0.0323 0.00096 0.0000652 
295 2227 X 277 6986.0 0.0323 0.00090 0.0000608 


The various data used to calculate the V.M.F.P. in the alpha 
solid solution domain are shown in Table IV. The test temperature 
given in column 2 refers to the temperature at which the plastic 
properties were evaluated, as will be described in the next section of 
this report. The V.M.F.P. was evaluated by simultaneous solutions 
of Equations 8 and 9 following introduction of the determined values 
of-N and f shown in columns 5 and 6. 

The macroscopic plastic behaviors of isotropic polycrystalline 
aggregates are known to approach those of amorphous materials. 
To within the approximations of this analogy, the effect of dispersions 
of CuAle on the plastic properties of the aluminum-copper alpha 
solid solution should be similar to the effect of dispersions of steel 
balls in wax on the plastic properties of the wax. This analogy 
suggests that the plastic properties of dispersions in polycrystalline 
aggregates be correlated in terms of the volumetric mean free path 
between the hard particles of the dispersed phase. From the crystal- 
lographic viewpoint, however, it might be presumed that the hard 
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particles of the dispersed phase restrain the passage of dislocations. 
If the dislocations are presumed to be confined to migrate along a 
slip plane, it appears as if the plastic properties of the dispersion alloy 
should be correlated with the mean path between the dispersed par- 
ticles on that plane. Assuming that the dispersion is random, the 
mean free path between the particles on a slip plane would be iden- 
tical with the mean free path measured on any plane of polish of the 
specimen. The planar mean free path, however, will be simply re- 
lated to the volumetric mean free path, for the case of random dis- 
persions of spheroids. Consequently, when the plastic properties 
correlate with the volumetric mean free path they will correlate 
similarly with the planar mean free path. 

The estimation of the planar mean free path can be based on 
the same approximations used to estimate the volumetric mean free 
path. It will be assumed that each particle forms the center of a 
circular domain on the plane of polish. Thus from Equation 8 the 
area of this domain is 





_ 2”R° 


1 
R’? — — 
. -~ Se 


whence the average radius of the circular domain becomes 


1 ee , 
R= uk aoe J as Equation 10 


furthermore the average radius r’ of the particle on a plane of polish 
is directly obtained from the average cross sectional area of the 
spherical particle of radius r, namely 


J} x (r?—h®) dh 
fw . 


r= V2/3r Equation 11 





rr? 


whence 


As shown by analogy to Fig. 7, the probability that a random 
line through the circular domain of radius R strikes a particle of 
radius r is 


fi 
in 


2 oe ‘ 
P= ag /Q Sw aresin Equation 12 
J _ d@ 
And the mean length of a line in the circular domain of radius R’ 
by analogy to Fig. 6, is 


, 


7m 
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i 2 w/2 2 n/2 4 
v=— ldg=— 2R’cos¢dg=— R’ Equation 13 


Thus the number of particles intercepted by a unit length of line is 
given by 
r’ 1 1 sf 


R’ 4 >= ap arcsinT 





— arc sin 
TT 


Consequently the average distance between centers of particles on a 
plane of polish is 


2 R’ 


, 





arc sin R’ 
But by Equation 13 the average length of the line through a particle 
is 4r’/m whence the planar mean free path is approximated by 
~k — eo Equation 14 


wT 


P.M.F.P. = 
arc sin 





, 


In the above evaluation, R’ can be determined directly from 
the number of particles observed per unit area on the plane of polish 
as given by Equation 10. The value of r’, as shown by Equation 11, 
is equal to \/2/3r and is thus evaluable by simultaneous solutions 
of Equations 8 and 9. The planar mean free path deduced in this 
way is given in the last column of Table IV. 


STRESS-STRAIN DATA 


True stress—true plastic strain data were obtained for each 
alloy and heat treatment previously recorded over a range of tem- 
peratures from 78 to 295 °K. The tensile specimen axes from which 
these data were obtained were selected to be in the rolling direction. 
Since the details of such tests have already been reported (6) they 
will not be repeated here. The results of these tests are recorded in 
Figs. 9 to 12. In addition the true stress —true plastic strain curves 
for a supersaturated alpha solid solution of aluminum containing 
0.50 weight per cent of copper are also reported. 


DIscuUSSION OF RESULTS 


Although the true stress—true plastic strain curves for binary 
ferrites and dispersions of carbides in ferrite can be fairly accurately 
represented by the previously discussed empirical relationship 6 = 
Ae®, binary alpha solid solutions of aluminum give distinctly differ- 
ent types of stress-strain curves. The reported stress-strain curves 
for alloys consisting of dispersions of CuAl, in an alpha solid solution 
of aluminum also deviated from the proposed empirical relationship 
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in a manner that was in harmony with the behavior of binary alpha 
solid solutions of aluminum. Consequently the data for the disper- 
sion alloys could not be analyzed in terms of parameters of a simple 
empirical equation. 

A review of the stress-strain curves of Figs. 9 to 12 reveals that 
the finer dispersions exhibit higher values of the initial deformation 
strength and also slightly higher rates of strain hardening. In fact 
the initial deformation strength and the rate of strain hardening is 
appreciably greater than those of the supersaturated alpha solid 
solution containing 0.50 weight per cent copper. 


Wwt.% VMFP 
Symbol Cu Cm 
x 


°o 
an 


VUUWUrA PR AAUA AG: 


0.0071 
0.0043 
0.00065 
0.0061 
0.00171 
0.0008! 
0.0104 
0.00413 
0.00090 
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Fig. 9—Stress-Strain Curves for Aluminum-Copper 
Alloys at 295 °K. 


The uniform trends of the stress-strain curves with dispersion 
suggest that they exhibit homologous plastic properties. In order to 
check this point further, the difference in the deformation stresses 
at € = 0.10 and 0.02 was plotted as a function of the deformation 
stress at € = 0.02 as shown in Fig. 13. Similar data (6) were also 
plotted for high purity aluminum, and a series of alpha solid solutions 
of copper and magnesium in aluminum. These data reveal that the 
strain hardening of the dispersion alloys increases linearly with the de- 
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Fig. 10—Stress-Strain Curves for Aluminum-Copper 
Alloys at 194 °K. 


formation strength at o = 0.02, and that the slope of the 60.190 — 0.02 
Versus 60.92 plot is independent of the test temperature. Thus, within 
the spread of the experimental data, the various dispersions do form 
an homologous series of alloys. 

The alpha solid solutions of aluminum yield a similar trend but 
exhibit a much steeper slope for the 69.19 — 60,02 Versus 6,02 line. 
Furthermore, the slope of the line is quite temperature-dependent, 
decreasing in slope as the temperature decreases. This trend is in 
harmony with the previously reported effect of solid solution alloying 
in that the maximum effect of alloying on the rate of strain hardening 
is observed in the vicinity of room temperature. Consequently, it 
must be inferred that the strain hardening for the dispersion alloys 
is a quantitatively dissimilar function of the deformation strength 
from that which applies to alpha solid solutions. Each class of alloys, 
alpha solid solutions or dispersions, form a distinctly different 
homologous series. 

Gensamer’s data on steels might suggest that in the present 
example, also, the deformation strength at some specified strain 
should decrease linearly with the mean free path between the par- 


‘ee stint “Rta bene a 
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Fig. 11—Stress-Strain Curves for Aluminum-Copper 
Alloys at 135 °K. 


ticles. Although the qualitative trend of decreasing deformation 
strength with increasing planar mean free path between the CuAls 
particles was observed, the o versus logarithm of M.F.P. relation- 
ship was curvilinear. When, however, the data were plotted as the 
logarithm of o versus the logarithm of M.F.P., within a rather 
narrow scatter band, a linear relationship was obtained as shown 
in Figs. 14 and 15. These data suggest that the correlations between 
the plastic properties and the dispersions might be based either on 
the volumetric or the planar mean free path. In fact the slopes 
of the logarithm of the stress versus the logarithm of the mean free 
path curves are the same for both the volumetric and the planar 
measures of the mean free path. 

In a single homologous series of alloys, the deformation strength 
will be a function of any suitable measure of the dispersion. Con- 
sequently, from the purely phenomenological viewpoint, no special 
significance can be ascribed to the fact that the deformation strength 
correlates with the mean free path between the dispersed hard par- 
ticles in a given homologous series of alloys. From a theoretical 
viewpoint, however, dispersions of hard constituents might be visual- 
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Fig. 12—Stress-Strain Curves for Aluminum-Copper 
Alloys at 78 °K. 


ized as barriers to the migration of dislocations. For example, 
Orowan (9) estimates that the yield strength of a uniformly dis- 
persed system should be 


o = A’/ P.M.F.P. Equation 15 


where A’ is some constant and P.M.F.P. is the planar mean free 
path between the hard particles. The correlation between the data 
for Figs. 14 and 15 reveal that a similar relationship 


¢=A/V.M.F.P. Equation 16 


should apply to the volumetric mean free path. Of course Orowan’s 
equation might not apply to all types of dispersions, such as for 
example the pearlites, since it was predicated on the hypothesis of 
a uniform distribution of fine particles. The data obtained by Gen- 


ee 
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Fig. 13—Comparison of Strain Hardening and Deformation Strength 
of Dispersions of CuAl, and Solid Solutions of Aluminum Which Reveals 
That the Dispersion Alloys Form a Homologous Series. 


samer for steels clearly reveal that the Orowan relationship is invalid 
for pearlites. Orowan’s theory, if sufficiently representative of the 
facts, should correlate reasonably well with Gensamer’s data for 
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Fig. 14—Effect of Volume Mean Free Path on the Deformation Stress of 
Aluminum-Copper Alloys. 
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Fig. 15—Effect of Planar Mean Free Path on the Deformation Stress of 
Aluminum-Copper Alloys. 


spheroidal dispersion of carbides in ferrite as well as with the 
present data on dispersions of CuAle in aluminum. Since the data 
for the aluminum-copper alloys exhibit small quantitative differences 
from those pertaining to steels, Orowan’s theory cannot be expected 
to agree with both sets of data. Actually Orowan’s theory is in 
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Fig. 16—Effect of Temperature on the Parameter 
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Fig. 18—Effect of Temperature and Strain on 
the Parameter A (e, T). 


closer harmony with the aluminum-copper alloy data than with those 
on steels. But the aluminum-copper alloy data in Fig. 14 reveal that 
the volumetric mean free path does not enter Equation 16 in the 


Bile REE = 2. - 
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simple manner postulated, and illustrate even here a serious dis- 
crepancy between Orowan’s theory and the facts. 

The data on dispersions of CuAl, in aluminum-copper alloys 
suggest that, to a first approximation, 


o (e,T) =A (e, T) A €) Equation 17 


where A is the volume mean free path, A is a function of the strain 
and temperature and n is dependent only on strain as shown by Figs. 
16 and 17, Furthermore, the magnitude of n should approach 1 at 
the initiation of yielding (at e, 0) if Equations 16 and 17 are 
compatible. Although n does increase with decreasing strain, it 
appears to approach a limiting value of only 0.15. Consequently, 
Orowan’s theory is not quantitatively applicable to fairly uniform 
dispersions. 

The values of A as a function of the strain shown in Fig. 18 
were obtained from a series of log o versus log A plots. The magni- 
tude of A, as defined by Equation 17, is dependent on both strain 
and temperature. Whereas A increases with increasing strain, it 
decreases with increasing temperature. Furthermore, the effect of 
temperature on A is more pronounced at larger strains. 


CONCLUSIONS 


1. Alloys of aluminum-copper containing a more or less random 
distribution of CuAl, particles dispersed in the alpha phase yield a 
self-consistent family of homologous stress-strain curves. 

2. The finer dispersions exhibit higher deformation strengths 
and slightly higher rates of strain hardening. 

3. In general, the deformation strength at low temperatures is 
related to the mean free path between the particles by 


o (e,T) =A (e, T) AC) 


where o is the deformation stress at strain e and temperature T. 
\ is the mean free path between the CuAly particles. 
A (e, T) is a parameter that depends on the strain and temperature. 
n (e) is a parameter that depends only on strain. 


4, None of the existing theories for dispersion strengthening 
agree with the experimental facts. 
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DISCUSSION 


Written Discussion: By F. R. Morral, head, X-ray Department, Kaiser 
\luminum & Chemical Corp., Spokane, Wash. 

It is always encouraging to be informed that facts found for one type 
of material, such as steel, are operating in an equivalent manner for other 
engineering materials. The authors are to be thanked for this study on 
aluminum alloys. 

The explanations for the facts, however, are often challenging. A new 
approach is suggested by Skimmer in Metal Industry, Oct. 31, 1952, p. 
340. The author’s comments on this editorial, as well as the applicability 
of Réhner’s theory (Journal, Institute of Metals, Vol. 73, p. 285-321, dis- 
cussion p. 768-785, 1947), might be pertinent at this time. 

Written Discussion: By J. H. Westbrook, Metallurgy Research De- 
partment, General Electric Co., Research Laboratory, Schenectady, N. Y. 

The authors have presented a paper of fundamental significance to 
our understanding of the microstructural dependence of mechanical prop- 
erties. Their careful analysis of the mean free path and the excellence of 
the data obtained are particularly to be commended. The writer wishes to 
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call the authors’ attention to a paper by Unckel* which was apparently 
overlooked in their literature survey. Although his analysis is less elegant 
and his data somewhat less precise than those of the authors, Unckel pre- 
sents the results of quantitative experiments on the effects of microstruc- 
ture (particularly interphasal spacing) on the mechanical properties of 
many different types of alloys. The alloys which he treated include eutec- 
toid and hypoeutectoid steels, a + 8 brasses, Cu-W, copper-graphite, Al-Si 
and SbSn in tin. 

The authors have related the deformation strength, o, to the mean 
free path between particles, A, by 


= Ar" 


where A and n depend respectively on strain and temperature, and on 
strain alone. It is of no consequence: that this expression was not based 
upon a theoretical analysis or even that it does not include ail of the fac- 
tors for which the ultimate theory must account (e.g., shape, distribution, 
etc.), for empiricisms have value in their own right. However, the above 
expression, although representing the data adequately, seems somewhat 
illogical. That is, for an infinite distance between particles, i.e. pure matrix 
phase, the authors’ expression would predict zero strength. A simple semi- 
logarithmic relation as originally put forward by Gensamer et al (1) is 
apparently not correct either, for Roberts et al (3) encountered difficulty 
in fitting their datum point for high purity iron to such a function. Unckel, 
on the other hand, proposes an expression of the form 


¢@=Ae™+C 


It will be observed that this expression predicts finite strengths at both 
zero and infinite spacing. Thus, the strength of the particulate phase is 
given by A + C and that of the matrix by C. 

The writer has tested the data of Shaw et al as well as that of earlier 
workers (1), (2), (3) for conformance with Unckel’s function and finds 
that in all cases ‘the fit with this function is as good as, or better than, 
that found for the expression proposed by the original authors. The avail- 
able data, therefore, do not necessarily indicate a difference in kind in the 
microstructural dependence of strength in pearlitic steels and CuAl + Al 
alloys. The data of Roberts et al for the high purity irons are now expli- 
cable—the matrix yield strength is evidently very close to the 15,000-psi 
value shown for both “Puron” and the very high purity National Research 
iron. The data were fitted to the Unckel expression by a least squares 
analysis, temporarily omitting the datum point for the National Research 
iron. The matrix yield strength was found to be 14,650 psi as predicted, 
and that of cementite approximately 115,000 psi; a not unreasonable value. 

Fig. 19 shows the results of a similar treatment for a portion of the 
authors’ data for CuAl particles in Al (T= 78°K;e=0.10). A value of 
36,600 psi for the flow stress of CuAl is found and 27,500 psi for the solid 
solution matrix; again reasonable values. A further consequence of this 
type of analysis is the conclusion that, beyond a certain spacing, hard par- 
ticles add insignificantly to the strength of the matrix. This is intuitively 


‘H. Unckel, “The 3 rr: of Mechanical Properties on Structure in Two-Phase 
Alloys”, Metall, Vol. 
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Best Least Squares Equation 
o = 9.14e~0.0589A + 27.48 





(o -27.48) in |000 psi 


° 


CuAle in Al 
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Fig. 19—Best Least Squares Equation. 


satisfying. If the level of significance is arbitrarily set at 1% of the base 
strength of the matrix, we find the critical spacing for CuAl in Al to be 
59 u and for the steels of Roberts et al, 464. The values are surprisingly 
close together. The scatter in the data of Unckel and those of Gensamer 
was considered to be too great to warrant further analysis. The writer 
has not completed the analysis of the CuAlk-Al data to ascertain the 
dependence of the Unckel constants A, B and C on the other measured 
variables, strain and temperature. 

It is to be hoped that the present paper will stimulate further experi- 
mental studies which will permit a proper accounting of all the pertinent 
variables, both the microstructural factors—the amount, size, shape and 
distribution of the second phase; and the physical factors, the properties 
of the matrix and embedded phase—ductility, strength, work hardening 
capacity, crystallographic misfit, interfacial energy and interfacial bond 
strength. Considerable ingenuity will be required to select experimental 


systems in which these many factors can be effectively separated and 
studied. 
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Authors’ Reply 


The authors sincerely appreciate the interest Mr. Westbrook has ex- 
pressed in their paper and wish to thank him for the supplemental analyses 
he has made based on Unckel’s equation. The authors’ original analyses 
were admittedly solely empirical and their Equation 17 merely represents 
the simplest correlation they found to be valid over the range of variables 
that were examined. Obviously Equation 17 cannot be valid for either the 
pure alpha matrix or the pure intermetallic compound. In this respect 
Unckel’s equation, although also tainted with empiricism, is more accept- 
able. But there are an infinite number of empirical equations which could 
equally give the desired data for the two extreme values of the mean free 
path. 

Therefore, to test Unckel’s equation, a wider range of mean free paths 
than were subjected to scrutiny here will be required. Care must be exer- 
cised in any premature acceptance of Unckel’s equation. For example, Mr. 
Westbrook finds that the extrapolated value, obtained by using Unckel’s 
equation, for the flow stress of the alpha solid solution of copper in alumi- 
num at 78 °K and a strain of 10% is 27,500 psi, whereas the experimentally 
determined value is actually about 18,000 psi as shown in Fig. 12 for the 
0.5% copper alpha solid solution. This suggests that Unckel’s equation also 
fails for large values of the mean free path. 

As Mr. Morral suggests, there might be some relationship between the 
plastic properties of the dispersion alloys studied here and the plastic prop- 
erties of precipitation-hardened states discussed in Rohmers theory. But 
at present the authors believe that such relationships might be rather re- 
mote in view of the distinct differences in the origin of the hardening re- 
sulting from the dispersions in contrast to that arising from the coherency 
stresses in precipitation-hardened alloys. 

The authors also doubt whether the tracer technique for oxygen would 
be helpful in investigations on the effect of dispersion of oxides on the 
plastic properties of alloys since the dispersion hardening is related to the 
mean free path between the dispersed particles rather than the percentage 
of the dispersed phase. 








EFFECT OF ALLOYING ELEMENTS ON GRAIN 
BOUNDARY RELAXATION IN ALPHA SOLID 
SOLUTIONS OF ALUMINUM 


By C. Dean Starr, E. C. Vicars, A. GOLDBERG AND J. E. Dorn 


Abstract 


Small additions of zinc, silver, copper and germanium 
that form alpha solid solutions with aluminum have no 
significant effect on the resistance to grain boundary relax- 
ation. Accordingly, the activation energy, Q, for these 
alloys is the same as for pure aluminum which was found 
to be 38,000 calories per mole. The activation energy for 
Al-Mg alloys, however, increases linearly from 38,000 
calories per mole at 0% magnesium to 54,000 calories per 
mole for 1.617 atomic % magnesium. The grain boundary 
relaxation was correlated by means of the relation 

G/G, =f { A Dt »e9/** } 


where A= parameter dependent on composition; D= 
grain diameter ; v = frequency of vibration; Q = activation 
energy; R = gas constant ; T = absolute temperature. 


INTRODUCTION 


XTENSIVE investigations have already been made on grain 

boundary relaxations by Zener (1),' Ké (2), and others. Never- 
theless, little is known about the effects of solid solution alloying on the 
relaxation phenomenon. On the basis of a single damping capacity 
test, Ké (3) suggested that as much as %% copper in alpha solid 
solution does not materially alter the grain boundary relaxation in 
aluminum. Koster (4), however, has reported that the temperature 
at which grain boundaries first begin to relax in aluminum decreases 
appreciably as the purity of aluminum increases from 99.6 to 99.998% 
aluminum. The present investigation was initiated to uncover the 


effect of alloying on grain boundary relaxations in alpha solid solu- 
tions of aluminum. 


MATERIALS AND TECHNIQUES 


The shear modulus relaxation method was selected in preference 
to the damping capacity for evaluating grain boundary relaxations. 
1The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Eighth Western Metal Congress of the So- 

ciety, held in Los Angeles, March 23 to 27, 1953. Of the authors, C. Dean Starr 
and A. Goldberg are research engineers, E. C. Vicars is a graduate student, 
and J. E. Dorn is‘professor of physical metallurgy, University of California, 
Berkeley, Calif. Manuscript received March 28, 1952. 
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Fig. 1—Effect of Frequency of Vibration on Grain Boundary Relaxation in Pure 
Aluminum. 


A torsion pendulum consisting of a wire specimen (~0.036 inch in 
diameter and ~18 inches in length) was mounted in a vertical 
temperaure-controlled tube furnace. The chemical compositions of 
the alloys are given in Table I. Cold drawn wire specimens were 
recrystallized in situ in the furnace, to provide various grain sizes, 
as recorded in Table II. All grains were equiaxed and exhibited only 
normal variations from the mean grain diameter. 

The mean frequency of oscillation of the torsion pendulum was 
determined at a series of temperatures from the mean period of the 
pendulum. During any test run, the temperature of the specimen 
was maintained uniform and constant to better than +0.5 °C. 


EXPERIMENTAL RESULTS 


Typical experimental results are illustrated in Fig. 1. Two 
different inertia bars were used to obtain the two slightly different 
frequencies, ve and vs. The data were plotted as frequency squared 
versus temperature, since the shear modulus, G, is directly propor- 
tional to the square of the frequency of a given torsion pendulum. 
Thus, up to slightly above 150°C (300°F) the shear modulus was 
observed to decrease linearly with an increase in temperature in com- 
plete harmony with theory and previous investigations. Ké has 
clearly demonstrated that the abnormally high decrease in G with 
increasing temperature slightly above 150°C (300°F) and in the 
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Table I 
Chemical Analyses of Alloys 
Alloying Atomic a Weight % of Residual Impurities, 
Element % Silicon Tron Copper Magnesium Manganese 

Aluminum C 0 0.004 0.003 0.004 9.0004 0.001 
Magnesium 0.554 0.003 0.003 Ree. ene 

1.617 0.003 0.004 0.006 Sie ka keane 
Copper 0.029 0.003 0.004 nee 0.0006 0.001 

0.054 0.003 0.004 on on 0.0007 0.001 

0.101 0.003 0.003 ena 0.0006 0.001 
Zinc 0.211 0.004 0.004 0.006 0.001 

0.462 0.004 0.005 0.006 0.001 

0.755 0.004 0.005 0.006 0.001 
Germanium 0.015 0.004 0.004 0.006 0.001 

0.033 0.004 0.004 0.006 0.001 

0.082 0.003 0.005 0.007 0.001 

0.145 0.003 0.006 0.007 0.001 
Silver 0.025 0.003 0.005 0.006 0.001 

0.053 0.003 0.005 0.006 0.001 

0.100 0.003 0.005 0.007 0.001 











range of frequencies employed is attributable to anelastic grain 
boundary relaxations. 

Zener has shown that inasmuch as grain boundary relaxation 
depends upon thermal activation, 


: . 
G/G. = = = f { »eV** } Equation 1 


Vu 


for a given alloy and grain size 


where G = observed shear modulus 


Gu = unrelaxed modulus 
y* = observed frequency squared 
vu — linearly extrapolated value of the frequency squared, assuming no 


relaxation 
R = gas constant 
T = absolute temperature 
Q = activation energy 


Thus an increase in frequency causes the relaxation to first 
occur at a somewhat higher temperature. This relationship permits 
an experimental evaluation of the activation energy; for the same 
percentage relaxation (e.g., G/G, = 0.85) and two frequencies of test 


y, eVET, — yp eWRT, Equation 2 


and Q is determinable. As shown in Fig. 2, the activation energy 
for grain boundary relaxation in the high purity aluminum under 
scrutiny here was about 38,000 calories per mole. This value is 
somewhat higher than that of 32,000 calories per mole obtained by 
Ké from shear modulus studies and only slightly higher than the 
34,500 calories per mole value Ké estimated from damping capacity 
investigations. 


On the basis of damping capacity studies, Ké suggested that an 
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Table Il 
Heating Cycles and Mean Grain Diameters for Aluminum Solid Solution Alloys 


--Heat Treatment— Mean Grain 
Alloying Atomic Time Temp. Diameter 
Element % (hrs.) (°C) (cm. ) 
Aluminum C 1% 325 0.005 
400 0.010 
425 0.015 
500 0.034 
550 0.077 


325 0.008 
400 0.015 
500 0.060 
550 0.063 
425 0.021 
550 0.059 
550 0.077 
550 0.072 
550 0.077 


550 0.100 
550 0.072 
556 0.067 


550 0.056 
550 0.077 
550 0.067 
550 0.083 


550 0.091 
550 0.067 


Magnesium 
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Fig. 2—Correlation of Frequency, Energy of Activation and Temperature for 
Grain Boundary Relaxation in Pure Aluminum. 


increase in the mean grain diameter, D, shifted the relaxation tem- 
perature to higher values, consonant with the thought that 


G/G. = f (D™ ve¥®*) Equation 3 


where m=1. Actually Ké’s own data suggest that m is nearer 
1.5 than 1. In order to compare the grain boundary relaxations of 
the various alloys and grain sizes under consideration here, this am- 
biguity had to be resolved, As shown in Fig. 3, the best value for m 
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Fig. 3—Correlation of Grain Size, Frequency, Energy of Activation and Tem- 
perature for Grain Boundary Relaxation in Pure Aluminum. 
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Fig. 4—Grain Boundary Relaxation of Pure Aluminum and Pure Iron as a 
Function of the Parameter (Dve®@/B8T), (Data by Ke.) 


was observed to be about 1.86. Additional confirmation of the 
nominal validity of this choice for m will be given later in the 
discussion on relaxations in the alloy containing 0.554 atomic % 
magnesium. 

It must be recognized that Equation 3 permits analyses and 
comparisons of grain boundary relaxations in a single metal or alloy. 
A new activation energy, however, may be found for each metal or 
alloy. In addition, another factor associated with the mechanism and 
entropy of activation for relaxation will enter the analysis. There- 
fore, in general, 


G/G. =f{AD™ peV*™} Equation 4 


where Q and A are functions of the composition. This relationship is 
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Fig. 5—Rigidity Relaxation in Aluminum and Aluminum-Zinc Alloys as a 
Function of the Parameter (A D'-%ype@/RT), 
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Fig. 6—Rigidity Relaxation in Pure Aluminum and Aluminum-Silver Alloys as 
a Function of the Parameter (A D'-*yeQ/RT), 


illustrated in Fig. 4, where it is shown that Aq) is about 8 & 10! Age. 
Thus A might be very sensitive to alloying. Throughout the remain- 
der of this report, all analyses will be based on Equation 4 using 
m = 1.86 and taking A for pure aluminum to be unity. 

The relaxation data for Al-Zn, Al-Ag, Al-Cu and Al-Ge alloys 
are correlated in Figs. 5 to 8, respectively. In all cases the activation 
energy was determined by equating the argument of Equation 4 for 
the various conditions offest at G/G, = 0.85. In all of these cases 
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Fig. 7—Rigidity Relaxation of Pure Aluminum and Aluminum-Copper Alloys as 
a Function of the Parameter (A D'-yeQRT). 
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Fig. 8—Rigidity Relaxation in Pure Aluminum and Aluminum-Germanium Alloys 
as a Function of the Parameter (A D!-%yeQ/RT), 


the alloying additions had practically no effect on either A or the 
activation energy Q. It is significant to note that the relaxation band 
for Al-Ge alloys increased with increasing alloy content. In contrast, 
the relaxation bands for Al-Cu and Al-Ag appear to have contracted 
slightly with increase in the percentage of the addition element. 
Although the preceding data suggest that the activation energy 
for grain boundary relaxation and the parameter A are insensitive to 
minor alloying additions, the data obtained for the Al-Mg series 
reveal that small magnesium additions have substantial effects on 
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_ Fig. 9—Correlation of Frequency, Energy of Activation and Temperature for 
Grain Boundary Relaxation in a Solid Solution of Aluminum Containing 1.617 
Atomic % Magnesium. 





© Fine Grain (0.008 Cm.) | 
4 Medium Grain (0.015 Cm.) 
x Coarse Grain (0.060 Cm.) | 
Q = 42,000 Cal/Mole 
¥o5°C = | Cycle/Sec. 


G/gy-Rigidity Relaxation 





9 10 I l2 13 14 15 16 17 Is So @ 


Fig. 10—Correlation of Grain Size, Frequency, Energy of Activation and Tem- 
perature for Grain Boundary Relaxation in a Solid Solution of Aluminum Contain- 
ing 0.554 Atomic % Magnesium. 


grain boundary relaxations in aluminum. The series of tests on the 
1.617 atomic % magnesium alloy, recorded in Fig. 9, were obtained 
by using two slightly different inertia bars. These data reveal that 
the activation energy for this alloy is about 54,000 calories per mole. 
The series of tests on the 0.554 atomic % magnesium alloy, which are 
correlated in Fig. 10, were obtained on specimens of different grain 
sizes. This alloy had an activation energy for grain boundary relax- 
ation of about 42,000 calories per mole. As shown by the data in 
Fig. 11, magnesium increases the activation energy for grain bound- 
ary relaxation in aluminum. The consistent trends observed here 
further confirm the nomirdl vality of m = 1.86. 
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Fig. 12—Rigidity Relaxation in Pure Aluminum and Alumfhum- Magnesium 
Alloys as a Function of the Parameter (A D!-%yeQ/RT), 


A comparison of the grain boundary relaxation phenomenon in 
the Al-Mg alloys can now be made with high purity aluminum on 
the basis of the previously established activation energies, as shown 
in Fig. 12. These data reveal that A decreases precipitously as the 
magnesium content increases. Furthermore, the relaxation band ap- 
pears to increase with increasing magnesium content. Part of this 
effect is attributable to the higher activation energy exhibited by the 
higher magnesiim content alloys. The observed spreading of the 
relaxation band, however, is much greater than that ascribable solely 
to the increase in activation energy. 
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DISCUSSION 


Since zinc, copper, silver and germanium additions do not mate- 
rially alter the activation energy or parameter A for grain boundary 
relaxation in alpha solid solutions of aluminum, it might be presumed 
that these elements are also ineffectual in restraining grain boundary 
shear during creep. In contrast, the rather pronounced increases in 
activation energy for grain boundary relaxation upon additions of 
magnesium to aluminum suggest that magnesium might effectively 
restrain grain boundary shearing during creep of aluminum alloys. 
But the rapid decrease in parameter A partially nullifies the advan- 
tages of a higher activation energy. Consequently, only modest in- 
creases in the resistance to grain boundary shearing might be antici- 
pated from alpha solid solution additions of magnesium to aluminum. 
Perhaps more effectual locking against grain boundary shearing dur- 
ing creep can be secured by promoting grain boundary precipitation 
of an intermediate phase. 

The effect of alloying additions on the width of the relaxation 
band is probably ascribable to the band of activation energies opera- 
tive for grain boundary relaxation. The data shown in Table III, 
although incomplete, appear to suggest that those elements which 





Table Ill 
Effect of Alloying Elements on Width of Relaxation Band 


Change in Lattice 


Width of Relaxation Band Parameter per 
Alloy (as compared with pure Al) Atomic % Valency 
Copper contraction —0.00495 1 
Silver very slight contraction 0 1 
Zinc no effect —0.00068 2 
Magnesium increase +0.00363 2 
Germanium large increase +0.00138 4 








have greater atomic radii than aluminum expand the relaxation band, 
whereas elements having smaller atomic radii than aluminum contract 
the band. This trend, however, is not quantitative and other factors 
are undoubtedly pertinent. Furthermore, it is not yet clear as to 
why a narrower band of activation energies for grain boundary relax- 
ation should be obtained with a larger alloying element and a smaller 
band with smaller alloying elements than the host. 


CONCLUSIONS 


1. Grain boundary relaxation among alloys can be compared by 
means of the functional relationship 


G/G. =£{A D™ veY®™} 
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where G = shear modulus 
u = unrelaxed shear modulus 
R = gas constant 
T = absolute temperature 
D = mean grain diameter 


m = constant (~1.86 for aluminum and aluminum solid solution alloys 
investigated ) 


Q = activation energy for grain boundary relaxation 
A = parameter dependent on structure and composition 


2. Small additions of zinc, silver, copper and germanium that 
form alpha solid solutions in aluminum have no significant effect on 
A or Q. Thus the activation energy for grain boundary relaxation 
is about 38,000 calories per mole for these alloys as well as pure 
aluminum. 

3. The activation energy for grain boundary relaxation for Al- 
Mg alloys increases almost linearly with magnesium content from 
38,000 calories per mole for high purity aluminum to about 54,000 
calories per mole for the 1.617 atomic % magnesium alloy. 

4. Additions of zinc to aluminum do not change the width of 
the relaxation band of high purity aluminum; silver and copper 
additions narrow the relaxation band, whereas magnesium and ger- 
manium broaden the relaxation band. 

.5. Among the elements investigated, magnesium appears to be 
the most effective in restraining grain boundary relaxation in alumi- 
num alloys. 
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PROPERTIES OF SOME HYDROGEN-SINTERED, 
BINARY MOLYBDENUM ALLOYS 


By W. L. Brucxart, M. H. LACwaAnce, C. M. CRAIGHEAD 
AND R. I. JAFFEE 


Abstract 


From a study conducted on alloys representing 18 
different binary types, data are presented showing the 
effects of these additions on the fabricability, room- 
temperature mechanical properties, and hot hardness to 
800°C. Results of this investigation indicate that 
aluminum, cobalt, chromium, iron, silicon, and tungsten 
are the most effective alloying additions. 


INTRODUCTION AND SCOPE OF INVESTIGATION 


HEN properly protected against oxidation, wrought un- 
alloyed molybdenum possesses desirable strength properties 
above 1600 °F. As a result, molybdenum is becoming important as 
a structural material for very high-temperature use, and efforts are 
being made to improve the strength properties still further by alloy- 
ing. As the initial phase of an alloy-development program with this 
objective, the work reported here concerns a study of binary molyb- 
denum alloys. The effects of binary additions on the fabricability, 
room-temperature mechanical properties, and hardness to 800°C 
(1470°F) were evaluated. Protection against oxidation was not 
included as a part of this program, but was the subject of a separate 
investigation (1).1 Nevertheless, observations on the oxidation 
characteristics of the alloys were made during fabrication. When 
compared with the unalloyed base, none of the alloys had sufficiently 
better oxidation characteristics to be noticeable. In addition to the 
unalloyed molybdenum controls, a total of eighteen groups of binary 
alloys were evaluated. These include alloying additions of aluminum, 
boron, beryllium, carbon, columbium, cobalt, chromium, iron, indium, 
manganese, nickel, phosphorus, sulphur, silicon, tin, tantalum, tho- 
rium, and tungsten. 7 
Efforts to make alloys containing columbium and tantalum were 
unsuccessful because of hydrogen contamination during sintering. 
1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Eighth Western Metal Congress of the So- 
ciety, held in Los Angeles, March 23 to 27, 1953. Of the authors, W. L. 
Bruckart and M. H. LaChance are principal metallurgists, C. M. Craighead is 
assistant supervisor, and R. I. Jaffee is supervisor in the Nonferrous Physical 
Metallurgy Division at Battelle Memorial Institute, Columbus, Ohio. Manu- 
script received June 3, 1952. 
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Since alloys containing titanium, zirconium, or vanadium would 


probably behave in the same way, these additions were not studied 
either. 


EXPERIMENTAL METHODS 
Materials 


The molybdenum powder used in this investigation was pur- 
chased from the Fansteel Metallurgical Corporation. Its particle size 
ranged from 2 to 10 microns, with approximately 30% of the par- 
ticles having a diameter of 3 microns. 

All alloying powders were of high purity and were finer than 
325 mesh. The majority of the alloys were made by blending the 
elemental powders with molybdenum. In some cases, master-alloy 
powders were more desirable than the elemental additions. Such 
powders were prepared by arc melting, crushing, and sieving. 


Preparation, Sintering, and Fabrication 


The steps taken to produce the test specimens are outlined in 
Fig. 1. Pressing was done at room temperature in a single-acting 
steel die of %4 by 7-inch cavity section. Bars of %4 or Y%-inch thick- 
ness were formed. The sintering temperature was governed by the 
fusion point of the alloy, and the bars were sintered at a temperature 
just below the melting point of the alloy. Weight and density meas- 
urements were made to check the effectiveness of sintering. 

Breakdown rolling was done at 1250°C (2280°F) whenever 
possible. However, some of the alloys required temperatures as high 
as 1600°C (2910°F). After both the breakdown and final rolling 
operations, descaling was done in a nitrate-nitrite salt bath for 30 
seconds at 425 °C (800 °F). 


Evaluation 


With the exception of elevated-temperature hardness measure- 
ments, all mechanical-properties data were from room-temperature 
tests. The standard condition for testing was as-finish-rolled at 1250 
°C (2280°F) to 0.040 inch and annealed for 1% hour at 1100 °C 
(2010 °F) in hydrogen. 

A sintered bar, when reduced to 0.040-inch thickness, usually 
would produce enough metal for at least two tensile specimens. Bend- 
ductility and hardness specimens were made from the balance of the 
strip and from the undeformed ends of the tensile specimens. 


Tensile Properties 


Tensile testing was done using specimens 4 to 4%4 inches long 
by ¥% inch wide, having a reduced section 1.25 inches long by 0.250 
inch wide. Thickness was 0.040 inch, and gage length was 1 inch. 
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Weigh Molybdenum Weigh addition 


Blend 40 minutes in Tumbler 


Press at I5 tsi 


Presinter at 1200°C (2190°F), 2-4 hours in 
0.!- micron vacuum 


Weigh and measure 


Sinter in hydrogen at 1650 to 2300°C 
(3000 to 4170°F), | hour 


Weigh and megsure 


Breakdown roil at 1250 to I600°C (2280 to 2910°F), 
to O.l inch, and descale 


Homogenize 24hours at |200°C 
in O.l-micron vacuum 


Finish roll at [250°C to 0.040 inch 
and descale 


Stress-relief anneal, $ hour at 
100°C (2010°F) in Hydrogen 


Analyze 
chemically 
Examine 
metallographically 


Fig. 1—Diagram of Steps Followed in Processing Experimental Binary Molybdenum Alloys. 


Make into test specimens 


Stress-strain data were obtained with SR-4 strain gages at a strain 
rate of 0.016 inch per inch per minute. 


Vickers Hardness 


Room Temperature—Vickers 10-kg. hardness was measured on 
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both longitudinal and transverse sections of each specimen. The data 
reported are the averages of five impressions on each specimen. 

Elevated Temperature—Vickers 10-kg. hardness data were ob- 
tained from five impressions made on the surface of one specimen of 
each alloy. The temperatures were room temperature, and 200, 500, 
and 800 °C (390, 930, and 1470°F). A diamond penetrator and an 
argon-atmosphere furnace mounted on a movable anvil were used 
for this phase of the investigation. 


Bend Ductility 


A special bend test (2) was used to evaluate the formability of 
the molybdenum alloys at room temperature. Duplicate specimens 
4 inch wide by at least 34 inch long were prepared. The 105-degree 
bend was made at right angles to the rolling direction with punches 
of successively smaller radius. The results, expressed in terms of 
the thickness of the specimens, are reported as the smallest radius 
around which the specimen could be bent without cracking. For 
example, a 0.040-inch specimen bent over a ¢;-inch radius (0.0469 
inch) is said to be capable of 1.2T bend; for a 0.100-inch specimen, 
a ¢;-inch radius would be a 0.5T bend. 


RESULTS 
Composition of Test Materials 


A complete chemical analysis was made of the molybdenum base. 
The samples for analysis were taken from the strip after the final 
annealing treatment. Table I gives the amount of impurities present 
and the methods used in their determination. 


Table I 
Results of Chemical Analysis of Wrought Unalloyed Fansteel Molybdenum 


Amount Present 


Element % Determined by 
Molybdenum ......... 99.95 Difference 
PEON oy oo occ é bee 0.0002 Vacuum fusion, precision +0.0003% 
CRN 694 «bs cdccces 0.007 Vacuum fusion, precision +0.002% 
SR aig wn cits scm 0.009 Vacuum fusion, precision +0.004% 
Cas nis Gbksuews 0.009 Combustion 
ie ale as Bh u's ain 0.005 Wet analysis 
Phosphorus .......... 0.005 Wet analysis 
EE nx050004s nanos <0.01 Wet analysis 
| SOS eg pet ane 0.01 Wet analysis 
Manganese .......... <0.001 Spectrography 
ere < 0.001 Spectrography 
Chromium ........... n.d. Spectrography 
Aluminum ........... <0.001 Spectrography 
SET p6n ek Ge¥ oe uns < 0.001 Spectrography 
OE ee eas d oid n.d. Spectrography 








Table II gives the intended compositions of all of the alloys 
prepared and the results of chemical analyses where available. The 
alloys containing nickel, thorium, and tungsten were not analyzed, 
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Table Il 
Compositions and Fabrication Behavior of Alloys Prepared 


Concentration of Addition, % 











(Balance Mo) Breakdown-Rolling 
% Behavior-———----—-_---_. 
Alloy Intended Analyzed Retention 1250°C 1400 °C 1500 °C 1600 °C 
Molyb- iach... 7 eee cs Gt 
denum 
Mo-Al eR SiS; ee G aoe 
0.10 0.085 85 G Sie 
0.25 0.21ft G a 
0.50 0.43f 86 F am “as © 
1.00* 0.74f 74 ak F G 
1.50* 1.26 84 ie & G 
2.00* 1.69 85 le F 
Mo-B ee Se ae Wonates G os 
ee oi SS Ss i G A 
Re... ea pee <4 G ce 
Res ee al G ed 
0.25 0.14 56 G nie é 
0.50 0.26 §2 G rae 
1.00 0.8 80 G G G 
Mo-Be ees ct weed rps G on 
Oxted a F yea 
is hee Pee G ite 
Cae * ees : F G 
0.25 0.27 100 G aly 
Mo-C 0.10* 0.01 10 G 
0.20* 0.01 5 G 
0.40* 0.02 5 G 
1.00* 0.56 56 F 
1.50* 0.84 56 F 
Mo-Co Ce oA G 
0.10 0.09 90 G 
0.25 0.23 92 F ice 
0.30 0.27 90 oe G each ea 
0.40 0.35 88 fe G NG NG 
(1450 °C) 
Mo-Cr 0.25 0.06 25 G sh 
0.50 0.41 82 F G 
0.75 0.71 95 P G 
1.00 0.93 93 1% G 
2.00 1.81 91 ‘ G 
Mo-Fe Sa ae co F 
0.10 0.14 100 G 
0.25 0.31 100 F 
0.30 0.33 100 F 
(1450 °C) 
0.40 0.44 100 F 


*Elements added in master alloy form: Al as Mo+ Al; C as MozC; P as MoP + Mo; 
S as MoSe; Si as MoSie + Mo. 


tGood—no difficulty in rolling, no edge or surface cracks. ' 
Fair—no difficulty in rolling, slight edge or surface cracks. 
Poor—difficult to roll, specimen obtainable despite cracks. 
Bad—difficult to roll, no specimen obtainable, 
NG—complete loss. 


In Solution, % Inclusions, % 
.07 0.14 


0.25 Al . 
0.50 Al 0.18 0.25 
1.00 Al 0.64 0.A0 


because it was felt that the retention of these additions should be good. 

Although the hydrogen-sintering atmosphere was dried in all 
cases, carbon tended to be removed through decarburization from 
the traces of moisture in the sintering atmosphere. Extra precautions 
were taken to keep the atmosphere dry in the case of the two Mo-C 
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Table li—(Continued) 
Compositions and Fabrication Behavior of Alloys Prepared 


Concentration of Addition, % 











(Balance Mo) Breakdown-Rolling 
% en Behavior— 
Alloy Intended Analyzed Retention 1250°C 1400 °C 1500°C 1600 °C 
Mo-In 0.05 0.03 60 G 
0.10 0.03 30 G 
0.25 0.03 12 G 
0.50 0.03 6 G 
Mo-Mn GME ots ewes G ent 
0.10 0.014 14 F G 
0.25 0.06 24 P G 
0.50 0.24 48 ms G 
1.00 0.54 54 nae G 
1.50 0.81 54 Sas G 
Mo-Ni Re eer Sees se G 
Soe ee. Seka G 
RE Aes G 
get 0% ea i Pq 
Mo-P 0.05* <0.005 <10 NG 
0.10* 0.018 18 Os F 
Mo-S 0.05* 0.033 67 G 
0.10* 0.067 67 G 
0.25* 0.03-— G 
0.16§ 
Mo-Si ee ee eee ao G see mPa 
0.10 0.07 70 G aw bate 
0.25 0.18 72 G i5 eats 
0.30* 0.20 67 ys G soe 
0.50* 0.42 84 NG . ae B G 
Mo-Sn 0.10 0.03 30 G 
0.25 0.10 40 G . 
0.50 0.13 26 G : 
Mo-Th ee” 3. eee. G 
ime. St ole G 
moe Shes G 
RS a ay G 
We 5 ve G 
Mo-W ater iste" ae G 
FO EE Se G 
Bee 8 ot xe Sea ke G 
Sa ig aa G 
Bue cttw G 
Be 225 eo eas Pee G 
es: 8 te, a G 
ae ins te F (1300°C) 
ee a eas Ru F (1300°C) 


*Elements added in master alloy form: Al as Mo+ Al; C as MozC; P as MoP + Mo; 
S as MoSe; Si as MoSie + Mo. 


{Too brittle to test. 
§Results of chemical analysis varied widely. 


alloys containing nominally 1.0 and 1.5% carbon, and the retention 
of carbon was markedly better, as is apparent in Table II. 

In the case of indium, nearly all of the addition was lost because 
the sintering temperature was above its boiling point (about 2000 


°C). For the same reason, retentions of tin and phosphorus were 
low also. 


Sintering and Fabrication Behavior 


Vacuum présintering was done without difficulty, except for the 
Mo-2.5 Aland Mo-—5.0 Al alloys made using an elemental alumi- 
num addition. A reaction occurred in these two alloys during pre- 
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sintering which resulted in the bars becoming swollen and non- 
metallic in appearance. Use of a molybdenum-aluminum master 
alloy eliminated this difficulty in the Mo-2.5 Al alloy. The Mo- 
5.0 Al alloy was not remade. An unusual behavior was observed at 
about 1400 °C (2550 °F) in the sintering process with bars contain- 
ing 0.5% or higher silicon. These bars had an irregular surface, 
suggesting a local reaction between the components. Substitution 
of a Mo-Si master alloy eliminated this effect. 

The sintering temperature was 2040 °C (3700 °F)? for all com- 
positions except those listed below: 


Composition Sintering Temperature 
Mo-30 W 2140 °C (3885 °F) 
Mo-40 W 2240 °C (4065 °F) 
Mo-50 W 2300 °C (4170 °F) 
Mo-1 Be, Mo-C (from 0.4 to 1.5%) 1850 °C (3650 °F) 
Mo -B (from 0.5 to 1.0%) 1800 °C (3270 °F) 
Mo-2 Si 1750 °C (3180 °F) 
Mo-2B 1650 °C (3000 °F) 


All of the sintered bars were between 90 and 95% of ideal den- 
sity, and had shrunk between 10 and 14% in length and between 30 
and 40% in volume. 

The breakdown-rolling behavior of the alloys is given in Table 
II. Alloys containing between 0.25 and 0.5 silicon, between 0.25 
and 0.4 cobalt, and above 20 tungsten demonstrated erratic break- 
down-rolling behavior. Although properties have been obtained from 
these alloys, attempts to reproduce the alloys often have met with 
failure. After the 24-hour recrystallization anneal, the final rolling 
operation was conducted from 0.1 inch to 0.040 inch at 1250°C 
(2280 °F). Without exception, the alloys that could be breakdown- 
rolled could be finish-rolled at 1250 °C (2280 °F) with good results. 

Based on the data given in Table II, the range of molybdenum 
base binary compositions that can be fabricated to strip form by 
powder-metallurgy methods was found to be as follows: 


PEE 6 os naan cane ba on Up to 1.69% Al 

ONE abs os o vs be ee ee daewed Upto0.8% B 

NPS Pe eet ee eee Up to 0.25% Be 

CE cn. os ees chee ee kaka Up to 0.84% C 

CONE es ss oo eee a bee Boe Up to 0.35% Co, erratic above 0.25% Co 
ee EPPO e eee Up to 1.8% Cr 

i Up to 0.4% Fe, erratic above 0.25% Fe 
SL ss e's Saeain's 5s > deca A At least up to 0.03% In 

PE Sack bows 0 sh ba aie FEES At least up to0.8% Mn 

Es bakkie ksawenec tbe wiek +60 Up to 0.075% Ni 

NE isc kab ee eees Up to 0.02% P 

OO OO EE OE EIS. At least up to 0.1% S 

ER ss \ . olhs's 0s cen Coe Eee Up to 0.4% Si, erratic above 0.2% Si 
ER Sees cer eee At least up to 0.13% Sn 

I, so ck ones nse aaa neaeel At least up to 1% Th 

WD Foo oka Satin Fu eee Up to 40% W, erratic above 20% W 


2Surface temperature, black-body temperature would be about 2300 °C (4170 °F). 
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4- Aluminum Q-Iron 
©-Cobalt e-Silicon 
Oo x-Chromium Tungsten -No Data Re 


, \OOOpsi 


Ultimate Tensile 





100Opsi | Strength 


0.2% Offset Yield 


Strength, 









Total 
Elongation 





Uniform 
Elongation 





Cross Section VHN, 
10 kg.Load 


200 
0 02 04 06 08 10 12 14 16 18 


Alloy Addition, % 


Fig. 2—Effects of Alloying Additions on the Mechanical Properties 
of Molybdenum. 


Mechanical Properties 


Strength and Hardness—Averages of the tensile and hardness 
data obtained on molybdenum and its alloys in this study are given 
in Table III. Six of the sixteen alloying elements studied appeared 
to be superior to the others, and data on these are plotted in Fig. 2. 
A separate plot of the Mo-W alloy strength-composition data is given 
in Fig. 3 in order that the effect of tungsten may be seen over the 
full range investigated. 

The order of strengthening effect is seen to be: silicon, cobalt, 
iron, aluminum, chromium, and tungsten. Except for the Mo-Al 
alloys, the strengthening and hardening effects of these six elements 
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Strength, |OOOpsi 


Modulus, !O® psi 





Elongation % 
Vickers Hardness (lO kg.) 


ol Uniform Elongation 150 


0 10 20 30 40 
Tungsten, Intended % 


Fig. 3—Room-Temperature Mechanical 
Properties of Molybdenum-Tungsten Alloys. 


are in inverse relationship to their solid solubility in molybdenum, as 
indicated by the solubility data given below : 


So.usiLity Limits in MotyspeNuM AT 2000 °F (1095 °C) 


NE Me eee w ols ca cakes 0.2% (3) 
hee ange ipa eae aie Apap ang ae aie 0.55% (3) 
Me Ee. ck ac bok 14% (3) 
BE 6, Ba ee ais Gta obics oes 2.65% (3) 
rr ee rere 100% (4) 
OD i, dgcaulies eke 100% (4) 


Although both chromium and tungsten are completely soluble in 
molybdenum, the existence of a minimum in the solidus curve in the 
Mo-Cr system at about 75% chromium indicates a tendency to form 
terminal solid solutions. From this consideration, it is reasonable 
that chromium has a lower tendency than tungsten to form solid 
solutions with molybdenum and is a more effective strengthener. 
Concerning the effect of aluminum, a portion of the aluminum addi- 
tion was believed to be oxidized (cf. Table II); hence, the solid- 
solution strengthening effect should be greater than is indicated by 
the curves, which are based on total aluminum content. 

As would be expected, silicon, which is the most effective 
strengthener, causes the greatest decrease in ductility, as measured 
by total elongation, while tingsten has the least effect. The four 
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Table IV 
Bend Ductility of Molybdenum-Base Alloys* 
Alloy — Bend Rating tt 
Group Excellent Good Fair Poor Erratic 
Mo All 
Mo-Al to 1.0 Al 1.5, 2.0 Al 
| Mo-B All 
Mo-Be 0.05 Be All others 
Mo—C 0.1,0.15,0.2C 1.0,1.5C 0.3,0.4C 
Mo-Co _ i‘ 0.01, 0.1 Co 0.4 Co All others 
Mo-—Cr 2.0Cr All others 
Mo-Fe 0.01, 0.1 Fe 0.25, 0.3, 0.4 Fe 0.5 Fe 
Mo-In All 
Mo-Mn 0.01 Mn 0.5 Mn All others 
Mo-Ni 0.075 Ni All others 
Mo-P 0.05, 0.1 P 
Mo-S 0.258 All others 
Mo-Si 0.1, 0.25 Si 0.01, 0.3 Si 0.5 Si 
Mo-Sn 0.5 Sn 0.25 Sn 0.1 Sn 
Mo-Th 1.0Th 0.5, 0.75 Th 0.1, 0.25 Th 
Mo-W 12.5, 20 W 30, 40 W All others 


| *Compositions given are the amounts added. For actual analyses see Table III. 
i tExcellent: OT to 0.3T; Good: 0.4T to 1.6T; Fair: 2.0T to 4.6T; Poor: >4.6T; 
Erratic: bends ranging from OT to >6T within the same bar. 


| ———— 


oe a oe 
oe 


- 


Number of Tests 





Minimum Bend Radius,T ove 


Fig. 4—Distribution of Bend-Ductility Data for the 
Wrouait _Molybdenum Strip Specimens. 


remaining elements, cobalt, chromium, aluminum, and iron, show 
little difference in.their relative effects, and the total elongations fall 


more or less on a common line between the curves for silicon and 
tungsten. 
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4 Aluminum @ Silicon 


© Cobolt Tungsten- No Data 
X Chromium Points 
© lron 





0 O02 O04 O06 QO8 10 1.2 1L4@ 6 1.8 
Alloy Addition, % 


Fig. 5—Effects of Alloying a on the Hardness of Molyb- 
denum at Several Temperatures 


The initial effect of these six additions is to increase the uniform 
elongation of molybdenum. After reaching a peak, the uniform 
elongation of the alloys containing silicon, aluminum, and chromium 
tends to decrease. Those alloys containing cobalt, iron, and tungsten 
do not show such a peak in the range investigated. The fact that 
all of these materials were rolled at 1250 °C to 60% reduction, which 
undoubtedly corresponds to different levels of internal strain in the 
various specimens, probably has a bearing on this observation. 

Bend Ductility—Bend-ductility data are given in Table III. A 
classification of these data according to behavior is given in Table IV. 
Unalloyed molybdenum has erratic bend ductility at room temperature 
under the fabrication and test conditions used. It usually shows 
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either very good or poor bend ductility. Twenty bend tests on 
various runs of experimentally produced molybdenum strips pro- 
duced the distribution shown in Fig. 4. However, as shown in 
Table IV, some of the alloying additions improved the erratic bend 
characteristics of unalloyed molybdenum. These additions” were 
carbon, cobalt, iron, manganese, phosphorus, silicon, and thorium. 
Most of these elements are good deoxidizers, which may account for 
this result. 

Hot Hardness—The hardness data taken at room temperature 


and 200, 500, and 800°C (390, 930, and 1470°F) are listed in 


Mo O-----—-0) Mo- 10.0 W 

Oo—-—-—O Mo-2.5W X——-—-——x Mo- 12.5 W 
x—— -——x" Mo -5.0 W O—---—0O Mo- 15.0 W 
oo x Mo-30.0W 

o—-—--—O Mo- 40.0 W 

All intended Compositions 


Vickers Surface Hardness, IO kg. Load 





Temperature °C 


Fig. 6—Hot Hardness of Molybdenum-Tungsten Alloys. 


Table V. Hardness versus alloy concentration for those alloys con- 
taining silicon, cobalt, iron, chromium, aluminum, and tungsten is 
shown in Fig. 5. Hot-hardness data for the entire range of Mo-W 
alloys are shown in Fig. 6. 

In the temperature range from 200 to 800 °C (390 to 1470 °F), 
the maximum workable alloy concentrations produced hardening in 
the same order as was found in the strength-versus-composition 
comparison, although at concentrations of less than 0.2%, the relative 
hardening effectiveness of silicon is less than that of cobalt, iron, or 
aluminum. Fig. 6, which refers to the alloys with tungsten, is typical 
of the effect of temperature on hardness for all of the alloys. The 
greatest drop in hardness occurs between room temperature and 200 
°C. Beyond that temperature, the loss in hardness is roughly linear. 
Although the data are limited to 800 °C (1470 °F), this linear drop 
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Table V 
Average Hot-Hardness Values for Binary Molybdenum Alloys 
(Vickers Hardness, 10-Kg. Load) 


—s OO Surface Hardness——-———-— 

Intended Room 

Composition* Temperature 200 °C 500 °C 800 °C 

Molybdenum 249 189 163 128 
0.01 Al 265 203 179 137 
0.10 Al 268 221 191 148 
0.25 Al 261 215 185 149 
0.50 Al 275 234 196 163 
1.00 Al 288 248 216 182 
1.50 Al 287 255 215 193 
2.00 Al 306 265 228 203 
0.01 B 
0.025 B ae ae a aac 
0.05 B 212 141 124 99 
0.10 B 230 166 144 121 
0.25 B 234 150 130 110 
0.50 B 233 167 141 118 
1.00 B 263 220 180 155 
0.01 Be 
0.025 Be ier Ne ae wren 
0.05 Be 224 164 141 124 
0.10 Be 272 227 197 159 
0.25 Be 295 246 211 178 
0.10C 243 174 152 121 
0.20C 266 212 183 141 
0.40C 246 192 164 139 
1.00C 276 221 192 173 
1.50C 251 218 192 166 
0.01 Co 256 208 178 150 
0.10 Co 262 231 205 182 
0.25 Co 258 224 206 190 
0.30 Co 270 241 219 200 
0.40 Co 256 245 222 209 
0.25 Cr 240 194 168 142 
0.50 Cr 250 214 187 165 
0.75 <r 273 240 207 183 
1.00 Cr 281 247 222 197 
2.00 Cr 332 290 260 251 
0.01 Fe 263 206 181 145 
0.10 Fe 257 221 198 165 
0.25 Fe 279 246 218 200 
0.30 Fe 269 240 212 196 
0.40 Fe 266 248 218 199 


*Balance molybdenum. 


in hardness is believed to continue at least to the recrystallization 
range. 


Microstructure 


A metallographic examination was made on each specimen in 
both longitudinal and transverse -sections. Three general types of 
microstructure were observed: (a) single-phase elongated grain 
structures, sometimes partly equiaxed; (b) single-phase elongated 
grain structure containing scattered inclusions strung out in the roll- 
ing direction; (c) two-phase structures containing a molybdenum 
compound as the second phase in a matrix of elongated grains. 
Examples of these types are given in Figs. 7-9. 

Aluminum—Mo-Al alloys had structures similar to that shown 
in Fig. 8a. The grains were elongated, and scattered inclusions 
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Table V—(Continued) 
Average Hot-Hardness Values for Binary Molybdenum Alloys 
(Vickers Hardness, 10-Kg. Load) 





Surface Hardness—— 








Intended Room 
Composition* Temperature 200 °C 500°C 800 °C 
0.05 In 233 165 144 123 
0.10 In 230 158 126 104 
0.25 In 233 177 146 126 
0.50 In 219 166 131 117 
0.01 Mn 

0.10 Mn cee aa Sas =a 
0.25 Mn 233 173 156 129 
0.50 Mn 227 178 154 139 
1.00 Mn 233 198 176 149 
1.50 Mn 240 208 179 159 
0.02 Ni 255 196 172 145 
0.05 Ni . 245 204 181 163 
0.075 Ni 243 202 185 163 
0.05 P 249 189 164 146 
0.10 P 242 186 162 142 
0.058 232 146 126 105 
0.10S 227 141 121 106 
0.258 264 181 151 128 
0.01 Si 255 190 168 137 
0.10 Si 243 199 177 161 
0.25 Si 253 204 181 165 
0.30 Si 283 254 221 212 
0.50 Si 322 297 262 247 
0.10 Sn 230 146 130 104 
0.25 Sn 221 158 133 117 
).50 Sn 232 172 153 130 
1.10 Th 258 190 165 126 
25 Th 254 183 161 125 
50 Th 261 210 181 136 
75 Th 269 212 184 142 
00 Th 264 199 169 135 
Ww 238 170 147 122 
5.0W 249 190 160 130 
7.5 W 264 212 181 142 
10.0 W 282 221 187 145 
12.5 W 268 217 180 139 
5.OoW 286 232 197 157 
OV 289 225 183 146 
30.0 ¥ 298 254 220 173 
10.° W 341 281 237 187 


*Balance molybdenum. 


increased in amount with aluminum content. From the chemical 
analyses and metallographic study, these inclusions are believed to be 
aluminum oxide. 

Boron—Alloys containing 0.1% or less boron showed a single- 
phase structure of elongated grains. Alloys with an intended 0.25% 
or more boron showed particles of a boride phase, as shown in Fig. 
Ya. Such a structure may account for the low ductilities of the Mo-B 
alloys in the higher boron range. 

Beryllium—A second phase was observed in all alloys containing 
beryllium. This phase appeared to increase with beryllium content 
and may be an oxide (Fig. 8b). 

Carbon—The: microstructure of the 0.01% (actual analysis) 
carbon alloy consisted of a single phase with elongated grains. 
There was considerably more fibering of the grains along the surface 
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Fig. 7—Longitudinal Section of Unalloyed Molybdenum, X 250. 


of the strip than in the center. Molybdenum carbide was observed 
in the specimen analyzing 0.02% carbon. This phase is shown in 
Fig. 9b, where the carbide exists as a series of white rounded par- 
ticles strung out in the rolling direction. 

Cobalt—Evidence of partial recrystallization was observed in the 
Mo-Co alloys analyzing 0.23% or more cobalt. The typical structur: 
of these alloys is shown in Fig. 10. At 0.1% cobalt, or lower, th 
typical, elongated-grain structure of unalloyed molybdenum wa 
found. 

Chromium—All Mo-Cr alloys showed a single-phase structur 
of elongated grains. 

lron—Single-phase structures were observed in all Mo-Fe alloy 
studied. Medium-sized, elongated grains were observed in the cen 
ters of the strips, while the fibering was finer toward the surface. 

Indium—All the Mo-In alloys were composed of a single-phas« 
structure containing a mixture of elongated and equiaxed grains, 
showing partial recrystallization. 

Manganese—All of the alloys containing less than 0.54% man- 
ganese appeared to be single-phase solid solutions. However, alloys 
with 0.54 and 0.81% manganese showed some elongated inclusions 
(see Fig. 8c). The exact nature of this phase is not known, but it 
appears to be nonmetallic and possibly is an oxide of manganese. 

Nickel—All of the Mo-Ni alloys showed only a single phase 
consisting of fibered or elongated grains. 

Phosphorus—The Mo-P alloys were all partially recrystallized, 
single-phase structures. Some grain-size refinement was observed 
with an increase in phosphorus content. 
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Fig. 8—Longitudinal Sections of Molybdenum-BaselfAlloys Showing Types of Inclu- 
seek. 3 250. te) Mo 043 Al; (b) Mo 0.25 Be; (c) 00.54 Mn; (d) Mo_0.18 Si; 
(e) Mo+i.0 Th. 

Sulphur—The Mo-S alloys were composed of coarse, fibered 
grains, and showed some recrystallization along the edges of the 


section. However, as the sulphur content was increased, the re- 
crystallization became less noticeable. 
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Fig. 9—Longitudinal Sections of Molybdenum-Boron and Molybdenum-Carbon 
Alloys Showing Second Phases. X 500. (a) Mo-90.8 B showing boride phase; (b) Mo-0.02 C 
showing carbide phase. 


Fig. 10—Longitudinal Section of Mo-—0.23 Co Alloy, Showing Partial Recrystallization. 


Fig. 11—Longitudinal Section of Mo-12.5 W Alloy Showing Nonuniform Fibering. 
Both photomicrographs Xx 250. 


Silicon—Equiaxed grains increasing in amount with the silicon 
content were observed in the Mo-Si alloys. The specimens contain- 
ing 0.18% silicon, or more, were observed to contain inclusions, as 
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40 


Total Elongation , per cent 





70 80 30 100 110 120 130 140 
Ultimate Tensile Strength, 1000 psi 


Fig. 12—Tensile Strength Versus Total Elongation for Molybdenum- 
Base Alloys. 


shown in Fig. 8d. These inclusions could be a compound of silicon 
either with molybdenum or with oxygen. Silicon also was observed 
to have a grain-refining effect, which can be seen by comparing 
Fig. 7 with Fig. 8d. 

Tin—All the Mo-Sn alloys were composed of single-phase par- 
tially recrystallized grains. 

Thorium—The Mo-Th alloys were somewhat finer grained than 
unalloyed molybdenum, and contained inclusions strung out in the 
rolling direction,,. This is shown in Fig. 8e. The inclusions were 
nonmetallic appearing, and are believed to be thorium oxide. 

Tungsten—All the Mo-W alloys were composed of single- 
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0.4¢ ‘eon 20.0 w 0.25Si / 
, sasepena ty 0.25Fe 
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Fig. 13—Yield Strength Versus Uniform Elongation for Molybdenum-Base Alloys. 


Uniform Elongation % 


phased fibered grains. Most of these alloys had a nonuniform 
structure in which bands of finely fibered material coexisted with 
medium to coarse elongated grains (Fig. 11). 


Correlations 


For the six best binary alloy groups, correlation plots of strength, 
elongation, and hardness versus composition have been presented and 
discussed in a previous section of this paper. General correlations 
of strength and elongation, strength and hardness, and hardness ani- 
sotropy are given in Figs. 12 to 16 and are discussed below. 

Strength-Elongation Correlation—Since total elongation usually 
decreases as strength increases, comparisons of strength-composition 
curves or ductility-composition curves will tell little.about the alloys 
with optimum properties until the two are combined. One such 
combination is given in Fig. 12 for tensile strength and total elon- 
gation. The strength-elongation data are shown as points represent- 
ing the intended compositions. In general, there is a trend toward 
increasing strengths being accompanied by decreased elongation. The 
alloys which have highest elongation for a given strength, a position 
nearest the upper curve on the plot, are the most desirable, although 
all of those between the two curves shown may be considered as 
having satisfactory strength-elongation combinations. The best com- 
binations of tensile strength and total elongation obtained from all 
of the alloys studied are given in the tabulation on the next page 
by their intended compositjons in order of decreasing strength level: 
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"Addition Tensile 0.2% Offset Ee 
Elements, Strength, Yield Strength, Vickers Elongation, 
Weight % 1000 Psi 1000 Psi Hardness % in 1 Inch 
40 W, 0.4 Co, 30 W 120-130 100-115 300-325 14-18 
0.25 Co, 20 W, 110-120 90-100 275-300 18-20 
0.3 Co, 0.4 Fe, 0.25 Fe 
12.5 W, 15 W, 0.1 Co, 100-110 80-90 250-275 20-24 
0.1 Fe, 0.5 Th 
5 W, 0.01 C, 0.01 Co, 95-100 75-80 240-250 24-28 
0.02 Ni, 0.025 Be 
0.1 B, 0.01 B, 85-90 70-75 210-225 30-35 


140 


130 


120 


110 


100 


Ultimate Tensile Strength, 1000 psi 





0.025 B, 0.05 Be 


e Molybdenum and Binary Alloys 
in the Wrought Condition 

x Ternary Alloys in the 
Wrought Condition 


4 Molybdenum and Binary Alloys 
in the Recrystallized Condition 





Je | ‘280 | 320 | 360 


180. 220 260° 300 340 
Vickers Hardness (10 kg.), Longitudinal Section 


Fig. 14—Tensile Strength Versus Vickers Hardness. for 
Molybdenum-Base ia . 
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® Binary Alloys 


© Molybdenum Control 


Vickers Hardness, |Okg.-Longitudinal Section 





200 220 240 260 280 300 320 340 
Vickers Hardness, |Okg.- Transverse Section 


Fig. 15—Plot of Longitudinal Versus Transverse 
Hardness of Molybdenum-Base Alloys. 
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Vickers Hardness, IOkg.-Cross Section 





Fig. 16—Plot of Surface Versus Section Hardness of Molybdenum- 
Base Alloys. a 
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It is worth noting that the binary alloys with tungsten are high up 
in each strength- level group. 

Fig. 13 is a plot of yield strength versus uniform elongation of 
all of the binary alloys investigated, given as points representing the 
intended compositions. Uniform elongation and yield strength are 
two important design factors. It is surprising to note that uniform 
elongation tends to increase with the yield strength. This indicates 
that molybdenum alloys are considerably superior to unalloyed mo- 
lybdenum in this respect. Outstanding alloys, those with the high- 
est yield strengths and uniform elongations, are as follows: 0.4 cobalt, 
40 tungsten, 0.3 cobalt, 0.25 iron, and 0.25 silicon. 

Ultimate Strength — Hardness Correlation— A correlation be- 
tween hardness and tensile strength is shown in Fig. 14. Included 
in this figure are hardness —tensile strength data for some ternary 
molybdenum-base alloys, and for some binary molybdenum-base alloys 
which were completely recrystallized prior to testing. Although 
there is considerable scatter, the bulk of the points lie close to a line 
whose equation is: Tensile Strength = 400 k VHN. 

Hardness Anisotropy—No anisotropy was found to exist be- 
tween hardness measurements on longitudinal and transverse sections 
of molybdenum or its alloys. Fig. 15 shows that, within the limits 
of experimental error, all points fall fairly close to the line of no 
anisotropy (45 degrees). 

Further comparison between the surface hardness and the aver- 
age of the section hardnesses (Fig. 16) shows more scatter than was 
found in the comparison above, but no consistent anisotropy was 
detected. . 

CoNCLUSIONS AND DiscussIoN 


The data presented on molybdenum-base alloys prepared by 
hydrogen sintering permit an evaluation of their probable usefulness 
and service behavior at temperatures below the recrystallization range. 
Potency of alloying, that is, the ability of small amounts of alloying 
addition to strengthen molybdenum, has been shown to be in the 
order silicon, cobalt, iron, aluminum, chromium, and tungsten, for 
the six most effective additions. This order of potency has been 
shown to hold for Vickers hardness up to 800 °C (1470 °F), which 
is below the recrystallization range. However, for service, the merit 
of an alloy is measured by the magnitude of its properties, not by the 
economy of alloying. On this basis, tungsten, which may be alloyed 
in large concentrations, is the most effective alloying addition for 
molybdenum, despite its small unit strengthening response. Con- 
sidering the over-all strength of alloys possessing adequate ductility, 
Fig. 12 demonstrates that the most effective alloying additions® are: 
(a) 40 tungsten, (b) 0.4 cobalt, (c) 30 tungsten, (d) 0.3 cobalt, 





®*These are amounts of the additives, not retained contents. 
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(e) 0.25 cobalt, (f) 0.25 iron, (g) 0.4 iron, (h) 1 chromium, (i) 
20 tungsten, and (j) 0.25 silicon. If the alloys that are hard to 
fabricate and are erratic in their fabrication behavior are eliminated, 
the most effective alloying additions are: (a) 0.25 cobalt, (b) 0.25 
iron, (c) 1 chromium, (d) 20 tungsten, (e) 0.25 silicon, and (f) 
1 aluminum. These alloy additives all fabricate readily and have 
strengths above 110,000 psi and elongations above 10%. 
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DISCUSSION 


Written Discussion: By M. Semchyshen, Climax Molybdenum Co., 
Detroit. 

The authors of this paper are to be commended for their contribution 
to the fast-accumulating body of engineering data on molybdenum and 
molybdenum-base alloys. For the alloys that can be compared we find 
fairly good agreement between these data and data obtained in our labo- 
ratory on cast and wrought alloys produced by arc melting, although we 
have data for only a few of the alloys in comparable structural conditions. 

During the fabrication of the alloys studied by Mr. Bruckart and his 
co-workers, the alloys were rolled from 0.1 inch to 0.040 inch at 1250 °C 
(2280 °F). Subsequent stress relieving for % hour at 1100°C (2010 °F) 
did not place all of the alloys in one structural condition. Some of the 
alloys were partially recrystallized and some stress-relieved as a result of 
the heat treatment. The degree of recrystallization affects tensile prop- 
erties and hardness. For this reason we find it advisable to process the 
alloys so as to produce only one structural condition when comparing the 
alloying effects of various elements. In our exploratory evaluations of 
molybdenum-base alloys, we compared the alloys in the fully recrystallized 
condition, because molybdenum and molybdenum-base alloys are being 
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considered for service in a temperature range at which recrystallization 
may occur in service. 

We would like to comment briefly upon the alloying effects of beryl- 
lium and thorium. It is our experience that the alloying effects of these 
elements is lost to the extent that formation of stable oxides of beryllium 
and thorium occurs. In the case of beryllium, large increases in hardness 
could be obtained with beryllium contents of the order of 0.05%, if oxida- 
tion of the beryllium was largely avoided. We agree that the second 
phases described by the authors in the molybdenum-beryllium and molyb- 
denum-thorium systems could be oxide. Perhaps an analysis such as that 
made on the molybdenum-aluminum system should have been applied to 
the molybdenum-beryllium and molybdenum-thorium systems also, in 
order to bring out the alloying effects. 

In evaluating the molybdenum-tungsten alloys, it should be borne in 
mind that, although they appear in the group having the highest strength, 
the higher strength is required to offset the increased density if the mate- 
rial is to be subjected to high centrifugal forces. If we allow for the 
greater density of the 20 and 40% tungsten alloys, they are not so promis- 
ing. with respect to increased strength, as some of the other alloy systems. 

Written Discussion: By Harry B. Goodwin, Battelle Memorial Insti- 
tute, Columbus, Ohio. 

There are three important problems to be solved before molybdenum- 
base alloys can be used for construction of heat engines. These are (a) 
finding suitable means of protection against oxidation, (b) increasing 
room-temperature ductility, especially of weldments, to make fabrication 
less difficult, and (c) developing alloys which retain more strength at 
higher temperatures for longer times than unalloyed molybdenum and 
which still have satisfactory ductility. 

The authors of this paper have undoubtedly begun the most compre- 
hensive effort to date on the last problem. Since the paper does not include 
the high temperature creep and creep-rupture properties of the alloys, the 
results must be considered as preliminary. It is to be hoped that the 
authors will soon publish information on the high temperature properties. 

It would be interesting to have comparable data on similar alloys pre- 
pared by arc casting. In those few cases where enough data is available 
to make a comparison, the effects of alloys are quite similar. Yet it is 
known that the properties of arc-cast molybdenum are more adversely 
affected by oxygen than those of powder metallurgy molybdenum. 

Only a few minor points of comment can be made on the paper itself. 
The specimens were tested in a wrought condition after being finish-rolled 
at identical temperatures. Rolling specimens of different composition at 
the same temperature may produce, in effect, varying amounts of cold 
work and this may affect the properties. This difficulty could hardly be 
avoided, but it should be borne in mind when evaluating the results. The 
use of intended rather than actual compositions in the text and figures is 
somewhat confusing. Also, it would add to the value of the data if oxy- 
gen and possibly nitrogen contents of all the alloys, after rolling, were 
given. These are known.to affect the properties of pure molybdenum very 
greatly when present in.extremely small quantities and they must have 
some effect on the alloys. They could possibly explain some of the erratic 
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bend-test results. Data on bend-test strain rate would also be desirable. 

On the whole, the paper is certainly a major contribution to the metal- 
lurgy of molybdenum. An excellent job has been done of summarizing and 
organizing’ a large mass of detail into an understandable and compre- 
hensive whole, and of discovering the underlying patterns. 

Written Discussion: By J. D. Nisbet, Metallurgy Research Depart- 
ment, General Electric Co., Schenectady, N. Y. 

It might be premature to list the order of hardening caused by alloy- 
ing elements added to molybdenum, as the authors did in this paper, in 
view of the fact that several variables apparently could not be adequately 
controlled. In describing the hardening effects caused by adding one ele- 
ment to another, the following well-known factors must be recognized: 
(a) the effect of deoxidation, (b) the effect of strain hardening, and (c) 
the effect of precipitation. 

The authors talk about the possible deoxidation effect caused by small 
additions of reactive elements, and they suggest that this might have some 
effect upon the properties. The deoxidizing effect of small quantities of 
reactive elements added to base elements of the molybdenum type might 
have a greater effect upon the properties of the base material by virtue of 
removing oxygen than the effect associated with the particular alloying 
ingredient added. Lacy and Gensamer showed that ferrite could be 
softened by adding small quantities of chromium. An interpretation of 
this effect was that ferrite was softened more by removing residual oxy- 
gen than it was hardened by adding chromium in solution. Certainly the 
principle is applicable here and it is unfortunate that this effect could not 
be isolated. 

The recrystallization temperature of pure molybdenum is about 1100 
°C and seme unpublished research indicates that molybdenum-base alloys 
of the type studied might have recrystallization temperatures ranging up 
to 1500 °C. Therefore, when the alloys studied by the authors of this pa- 
per were finish-rolled at a temperature of 1250°C and lower, they would 
be cold-worked and by different amounts because of differences in recrys- 
tallization temperatures from one alloy to another. Subsequently, the an- 
nealing temperature of 1100 °C, according to the photomicrographs shown, 
did not cause recrystallization. Therefore, it is reasonable to expect that 
the alloys studied were cold-worked or strain-hardened different amounts, 
and it is suggested that the strain hardening effect might well have been 
more important than the so-called “effect of alloying”. 

According to photomicrographs in the paper, several of the alloys 
studied contained second phases. One would expect, then, a large effect 
of heat treatment on the properties of these materials because of wide 
variations in the structure, and, here again, the conditions for testing the 
alloys would not be comparable in that their response to heat treatment 
would not be the same. Work in this field has indicated that molybdenum- 
base alloys of the type studied show precipitation hardening. Therefore, 
the two-phase alloys could develop a wide range of properties, depending 
upon how they are treated. 

The three factors above, if not controlled, lead to erratic results and 
one would expect some difficulty in reproducing the properties reported 
here if slight changes were made in the melting, fabricating, or heat treat- 
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ing practices. I would like to know whether the authors agree that these 
three factors might have masked the so-called “order of hardening” listed 
for the alloying elements studied. 


Authors’ Reply 


The authors thank Messrs. Semchyshen, Goodwin and Nisbet for their 
detailed discussion. All of these gentlemen have commented on the fact 
that the alloys were compared after a common fabrication history, in 
which different degrees of strain hardening presumably were involved. 
This is true. There really is no recognized way in which cold-worked ma- 
terials can be produced with identical degrees of internal strain. Hence, 
we used the most simple method of comparison. In defense of this pro- 
cedure, we would like to point out that molybdenum and its alloys are used 
in the fibered or cold-worked condition, which possesses a considerable 
advantage in strength over the recrystallized condition both at room tem- 
perature and at anticipated service temperatures (up to 1800°F). We felt 
that the results would have greater utility if the condition of testing cor- 
responded to commercial practice. 

The correlation found between strengthening and solubility fitted the 
Lacy-Gensamer generalization found for ferrites; namely, that the greater 
the solubility for a substitutional solute the less is the lattice distortion 
and strengthening effect. This was an obvious indication from the data. 
In answer to Mr. Nisbet’s point about the effect of different strain harden- 
ability in the various alloys, we can refer to our companion paper, 
“Recrystallization of Wrought Hydrogen-Sintered Molybdenum and Its 
Alloys”. In this paper it is shown that after complete recrystallization the 
same approximate order of strengthening is found; namely, cobalt, silicon, 
aluminum, iron, chromium and tungsten. Deoxidation effects need to be 
separated from solid-solution strengthening effects, as Mr. Nisbet points 
out. We have considered that after the initial softening, presumably 
caused by deoxidation, the solid-solution strengthening effect takes hold. 
It is this latter effect that we have considered in comparing relative hard- 
ening by the various solutes. Concerning possible precipitation of the 
second phases noted by Mr. Nisbet, all of these phases with the exception 
of the boride phase are believed to be oxides of the added metal. There- 
fore, little or no precipitation based on these phases is expected. All in all, 
we believe that our data substantiate for molybdenum alloys the Lacy- 
Gensamer type of correlation with solid solubility. 

We are indebted to Mr. Semchyshen for his comments on the disposi- 
tion of beryllium and thorium in molybdenum alloys as they are ordinarily 
produced by powder metallurgy or arc casting techniques. In further sub- 
stantiation of the indication that the second phase in the Mo-Th alloys is 
probably an oxide of thorium, we have recently measured the Knoop hard- 
ness of this phase in the Mo-1 Th alloy. The phase is very hard, above 
1000 Knoop. Metallic thorium is very soft, below 100 Knoop; hence, the 
phase is probably an oxide. 

The strain rate used in the bend test was not controlled for most of 
the specimens teSted. A hand arbor press supplied the force to bend the 
specimens. For a few alloys the strain rate was controlled at 0.5 inch per 
minute, using a testing machine. This made a notable improvement in the 
consistency of the bend-test results. 
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RECRYSTALLIZATION OF WROUGHT HYDROGEN- 
SINTERED MOLYBDENUM AND ITS ALLOYS 


By M. H. LaCwance, W. L. BrucKkart, C. M. CRAIGHEAD 
AND R. I. JAFFEE 


Abstract 


The _ recrystallization characteristics of hydrogen- 
sintered molybdenum prepared from four commercial pow- 
ders are compared, Using one of these powder types as a 
base material, the effects of twelve alloying elements on the 
recrystallisation characteristics were investigated. The 
smallest recrystallized grain sizes were observed in alloys 
containing boron, carbon, cobalt, and silicon. As might be 
expected, the change in mechanical properties most defi- 
nitely associated with recrystallization was the loss of hard- 
ness and of strength. The tensile ductility of unalloyed 
molybdenum was generally higher in the recrystallized 
than in the wrought condition. Addition of elements with 
strong affinities for oxygen resulted in alloys having higher 
ductilities when recrystallised than were obtained with re- 
crystallized unalloyed molybdenum. 

The annealing temperature —recrystallisation charac- 
teristics of the various alloys were evaluated. In general, 
those alloy additions with the highest solubility most 
effectively retarded recrystallization. A notable exception 
was the Mo-—0.1 Si alloy. The solubility of silicon in 
molybdenum is very low, but this alloying addition effec- 
tively retarded recrystallisation. Nickel and cobalt addi- 
tions were observed to accelerate recrystallization. 


INTRODUCTION AND SCOPE 


HE RECRYSTALLIZATION of strain-hardened molybdenum 

alloys is accompanied by a decrease in both elevated- and room- 
temperature strengths. Because of the importance of maintaining the 
strength of molybdenum at a high level for its use as a high temper- 
ature material, an investigation was conducted to determine the alloy- 
ing elements which would increase the thermal requirements for re- 
ene most effectively. 

The effect of addition elements on the recry stallization of alloys 
io mela to their solid solubility in the base metal, to the manner in 
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which nucleation is affected by secondary or inclusion phases, and to 
the influence of such elements on strain hardenability. 

The effect of the individual addition elements on strain harden- 
ing was not known; therefore, for purposes of evaluation, all the alloys 
were given the same fabrication treatment prior to final annealing. 

Unalloyed hydrogen-sintered molybdenum (fabricated from pow- 
ders from four commercial sources) was investigated. Using one of 
these powder grades as the alloy base, the effects of twelve binary 
additions were investigated at the following addition levels : 


Alloying Addition Levels, 
Element Weight % 
ee hae 0.1, 0.5, and 1.0 
Ds, al Cel Wks ko ee ad 0.1, 0.5, and 1.0 
ee ae 0.1 
RE is iis sab sco eae ee oe ee 0.05, 0.2 and 0.4 
i oe eee 0.1 and 0.25 ; 
Cs. cues sgh e ORO 0:5 and 1.0 
a cones baneburaacen 0.1, 0.25, and 0.4 
RS oc sca ndaecanbiatcen 0.5 and 1.0 
RINE Sai "perch kts gra ielee pean wa 0.02 and 0.05 
DT a", 55d sc ho ka wo be cue ae 0.1 and 0.25 
TE a og 8 es ee eee 0.25 and 0.75 
2 doe aioe bce awn en 10.0 and 20.0 . 


*Elements added as master-alloy powders are indicated by asterisks. 


A specimen of each composition was fabricated to sheet and 
evaluated as indicated by asterisks in the following’ tabulation : 


As- ————-Final Annealing Temperature}—_—_——_—__, 
Data: . Rolledt 1000 °C 1100 °C 1200 °C 1300 °C 1400 °C 
Obtained Condition (1830 °F) (2010°F) (2190°F) (2370°F) (2550 °F) 
Metallographic a ne ° 4 an, ? 
Vickers hardness a - " ° , * 


Tensile test 3 7 : 
tRolled to 0.040-inch sheet, 60% reduction at 1000 °C (1830 °F). 
tAnnealed in hydrogen for 30 minutes. 


EXPERIMENTAL METHODS 
Materials 


The four types of molybdenum powder’ used. in. this study. are 
referred to as Types A, B,C, and.D, rather than. by trade names. 
All were of commercial peseity. Results of. chemical analyses are 
given in Table I. bg Mater se: 


The powders were finer than 325 mesh, with the following particle- 
size distribution : 





Type of Particle-Size ‘* Greatest Nutiber of Himsben 
Molybdenum Range, Diameter, - 
Powder Microns Microns of Total 
A 2-10 3 30 
B . 4-12 2 19 
Cc . 18 1 ar” 
D 1-14 2 25t 


*52% at 1 to 2 microns. 
754% at ito2 microns. 


When alloys made with elemental ‘additions failed to fabricate, 
the addition of alloying elements in the form of master-alloy powders 
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Table | 


Results of Chemical Analysis of Molybdenum Produced From Powder Obtained 
From Various Sources 
(Specimens Were Taken From Rolled and Annealed Strip) 





Type of 
Molybdenum = —————-—————_ mp rity Elements, % 
Powder H* N O» Ce St Pt Nit 
A 0.0002 0.007¢ 0.009 0.009 0.005 0.005 <0.01 
B 0.00019 0.00074 0.0025 0.01 0.005 < 0.005 n.d. 
Cc 0.0004 0.004¢ 0.009 0.01 0.006 <0.01 n.d. 
D 0.00023 0.00144 0.005 0.01 0.005 < 0.005 <0.01 
Type of 
Molybdenum - Impurity Elements, % 
Powder Sit Mneé Fee Cre Ale Cue The 
A 0.01 < 0.001 <0.001 ees <0.001 <0.001 n.d. 
B <0.01 < 0.005 < 0.005 < 0.001 < 0.005 <0.03 n.d. 
Cc 0.05 < 0.001 <0.01 <0.01 <0.001 < 0.001 n.d. 
D <0.01 < 0.005 <0.01 < 0.001 < 0.005 <0.01 n.d, 
*Vacuum-fusion analysis; precision +0.0003%. »Vacuum-fusion analysis; precision 


+0.002%. 


sion +0.0004%. 


¢Vacuum-fusion analysis; precision +0.004%. 


eSpectrographic analysis. *Wet analysis. 


4€Vacuum-fusion analysis; preci- 
eCombustion. 


proved to be advantageous. Binary master alloys were made with 
compositions chosen so as to form either intermetallic compounds or 
alloys with minimum melting points. Intended and actual composi- 
tions of the six master alloys used are as follows: 


Intended Actual Iron-Impurity 
Composition, Composition, Pickup,* 
Master Alloy % %o % 
Mo — Alf 36 Al 55.1 0.1 
Mo — Ct (MoeC) 5.9C 6.68 0.1 
Mo — Cot 63 Co 40.9 0.21 
Mo — Crt 75 Cr 74.1 0.14 
Mo — Fet 65 Fe 61.8 bs ke 
Mo — Si§ (MoSiz) 36.9 Si 30.0 4 


*From grinding process, after magnet treatment. 

+Vacuum arc-melted from presintered mixtures. 

tFused in carbon crucible under argon. 

§Ball-milled from fused ingots made by arc melting under argon. 


In this paper, intended compositions will be used to refer to all 
alloys except those containing carbon. For the Mo-C alloys, actual 
compositions will be given. Typical analyses are tabulated below. 
Except for the analyses of the Mo-C alloys, these data were’ obtained 
from another phase of the investigation (1). 






-—Composition, %—, Retention, -—Composition, %— Retention, 

Intended Actual Intended Actual 
0.5 Al 0.43 86 0.5 Cr 0.41 82 
1.0 Al 0.74 74 1.0 Cr 0.93 93 
0.1B 0.05 50 0.1 Fe 0.14 100 
0.5 B 0.26 52 0.25 Fe 0.31 100 
1.0B 0.8 80 0.4 Fe 0.44 100 
0.05 C* 0.04 80 0.5 Mn 0.24 48 
0.2 C* 0.05 25 1.0 Mn 0.54 54 
0.4 C* 0.1 25 0.1 Si 0.07 70 
0.1 Co 0.09 90 0.25 Si 0.18 72 
0.25 Co 0.23 92 





*An asterisk indicates that the alloy addition was made in the form of master-alloy 
powder. ~ F 
1The figures appearing in parentheses pertain to the references appended to this paper. 
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It will be noted that carbon retention in two of the alloys was 
only 25%. This probably resulted from the decarburizing action of 
small amounts of moisture in the hydrogen sintering atmosphere. 
Numerous oxide inclusions were observed in the microstructures of 
the Mo-Al alloys. Detailed chemical analyses confirmed that an 
insoluble constituent was present, as shown by the following results: 
Composition, % 








Actual 


ggg aaa Ce ee 
Intended Soluble Insoluble Total 
0.25 Al 0.07 0.14 0.21 
0.5 Al 0.18 0.25 0.43 
1.0 Al 0.64 0.10 0.74 


A similar type of analysis for the Mo-—0.25 Si alloy probably 
would show the presence of insoluble silica, since an inclusion phase 
was visible in the microstructure. No analyses were conducted for 
the alloys with nickel, thorium, or tungsten, but the retention of these 
elements would be expected to be high. 


Preparation of Specimens 


The steps followed in preparing the test specimens are shown 
graphically in Fig. 1. After compacting and presintering, the bars 
were sintered by resistance heating in a hydrogen atmosphere. 
Normally, a surface temperature of 2040°C (3705 °F) was main- 
tained for 1 hour. This is about 2200 °C (3990 °F) true temperature. 
Because of the lower solidus temperatures of the Mo-B and Mo-C 
alloys, they were sintered at a surface temperature of 1800 °C 
(3270 °F). Volume and weight measurements were made before 
and after sintering. When shrinkage and sintered density were lower 
than normal, the bar was resintered. The alloys, in general, had 
volume shrinkages ranging from 28 to 44%, with densities of 91 to 
99% of theoretical. 

The sintered bars were reduced to 50% of their original thick- 
ness by hot rolling. Scale was removed then by immersion in a 
nitrate-nitrite bath operated at 425°C (795°F). Following a re- 
crystallizing anneal, the bars were finish-rolled to a thickness of 0.04 
inch. These materials furnished the stock for final annealing at the 
following temperatures: 1000, 1100, 1200, 1300 and 1400 °C (1830, 
2010, 2190, 2370 and 2550 °F). The annealing time was 30 minutes 


at temperature. 
Evaluation 
Preparation for Metallographic Examination—Longitudinal and 


transverse sections were examined metallographically. A Forstmann 
cloth was used for polishing, as follows : 


First Polish Final Polish 
Abrasive _ Linde B—chromic Linde B. 
acid slurry 
Pressure: - Heavy ’ Light 


Etchant — . ‘Murakami’s Reagent 


ee 


a ee 


| 
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Weigh Molybdenum Weigh Alloy Addition 


Blend 40 Minutes in Tumbler 


' Press at 30,000psi 


Presinter at |\200°C (2190°F ), 2-4 Hours, 
in O.l-Micron Vacuum 


Weigh and Measure 
Sinter at |650-2350°C (3000-4260°F ), | Hour 
Weigh and Measure 


Breakdown Roll at |250-!I600°C 
(2280-2910°F), and Descale 


Homogenize at |200°C (2190°F), 
24 Hours in Vacuum 


Finish Roll at |OOO°C (1830°F), and Descale 


Anneal at |000-1400°C (1830-2550°F), 
> Hour in He 


Make into Test Specimens 


Metallographic Hardness Tensile Bend ; 
Examination Test Test Test 


Fig. 1—Diagram of Steps Followed in Producing Experimental 
Siclsteiebinits and Molybdenum Binary Alloys. 


M echanical-Property Tests 


Vickers Hardness—Five Vickers hardness impressions (10-kg. 
load) were made on longitudinal sections of the rolled strip. The 
data are reported as average hardnesses, 

Tensile Properties—The tensile properties were determined on 
0.04-inch thick sheet specimens having 1.0 by 0.25-inch gage sections. 
SR-4 gages were used. for strain measurements. 
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Fig. 2—Grain Size of Molybdenum Fabricated From Various Commercial Powders. 

Pretreatment: Rolled from 0.2 to 0.1 inch at 1250 °C, annealed at 1200 °C (2190 
°F) for 24 hours and finish-rolled to 0.04 inch at 1000 °C (1830 °F). 

Annealing Time: % hour at 1400 °C (2550 °F). Average grain diameter (a) Type 
A, 0.045 mm.; (b) Type B, 0.045 mm.; (c) Type C, 0.025 mm.; (d) Type D, 0.040 
mm. All «100. Etch: Murakami’s Reagent. 


Unalloyed Molybdenum 


Grain Size—The recrystallized grain sizes of the four types of 
molybdenum studied were determined by the Jefferies’ planimetric 
method (2) on specimens annealed for 30 minutes at 1400 °C (2550 
This anneal produced complete recrystallization with little or 
no visible grain growth. Photomicrographs upon which the grain 
counts were conducted are shown in Fig. 2. 


The results of the grain size determinations are as follows: 


Average 
Type of Molybdenum ‘Number of Grains Grain Diameter, 
Powder Used per Square mm. mm. 
Bs. 550 0.045 
B 488 0.045 
. 1796 0.025 
D 634 0.040 
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re. 3—Effect of Anseates Temperature on Microstructure of Hydrogen-Sintered 
Molybdenum (T A). (a) No anneal; (b) 1000 °C; (c) 1100°C; (d) 1200 °C; (e) 
1300 °C; (f) 1400°C. Annealing time: ™% hour; Etch: Murakami’s Reagent. X 100. 


Chemical analyses (Table I) showed that Type C molybdenum 
contained approximately five times as much silicon as did the other 
three grades. Since grain refinement was noted when silicon was 
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Annealing Temperature, 100°C 
Fig. 4—Effect of Annealing on Recrystallization and Mechanical Properties of 


Unalloyed Molybdenum (Hydrogen-Sintered From Powders Obtained From Four Com- 
mercial Producers). 


alloyed with Type A molybdenum, the very fine grain size of the 
Type C grade is attributed to its silicon content. 

Recrystallization Characteristics—A_ series of micrographs of 
Type A molybdenum (alloy base used for all binary alloys) is shown 
in Fig. 3. Annealing for 30 minutes at 1000 °C (1830°F) did not 
initiate recrystallization. Recrystallized grains are visible in the 
specimen annealed at 1100°C (2010°F). The structures resulting 
from annealing at 1200, 1300 and 1400 °C (2190, 2370 and 2550 °F) 
are recrystallized completely but show little or no Pe with 
increased annealing temperature. 

Data showing the degree to which the four ty pes of molybdenum 
recrystallized (when annealed for 30 minutes at various temperatures ) 
are plotted in Fig. 4, Section A. Here it is seen that the recrystal- 
lization versus annealing-temperature curves for Types A and B are 
very similar. However, Types C and D were sluggish in their re- 
sponse to annealing. 

The differences among the four grades of unalloyed metal were 
not so pronounced as were the variations in recrystallization behavior 
when effective alloy additions were made to Type A molybdenum. 

The reluctance of Type C to recrystallize fully (even at 1400 
°C), as well as its very fine grain size, is ascribed to its higher silicon 
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Fig. 5—Photomicrographs of Typical Solid Solution-Type Alloys of Molybdenum 
Showing Two. Stages of Recrystallization. (a) Mo-0.25 Co, 1100°C; (b) Mo-0.25 
Co, 1400 °C; (c) Mo— 20.0 W, 1200 °C; (d) Mo- 20.0 W, 1400°C. Annealing time: 
% hour; Etch: Murakami’s Reagent. x 100. 


content (0.05%, as compared with 0.01% for the other grades). 

Initial recrystallization of all four types of molybdenum investi- 
gated occurred between 1000 and 1100 °C (1830 and 2010 °F). Ex- 
cept for the retention of fibering at the surface of Type C, complete 
recrystallization of all four grades was observed after annealing for 
30: minutes at 1300 °C (2370°F). No grain growth was observed 
after annealing at 1400 °C (2550 °F). 

The effects of recrystallization on the tensile properties of the 
four types of molybdenum are shown in Fig. 4, Section B. Strength 
curves for Types A and B, like the recrystallization curves for these 
two. materials, are almost coincident. However, Type B, when 
completely recrystallized, had the highest ductility. In the fibered 
condition, the strengths of Types C and D molybdenum were higher 
than those of Types A and B. Type C molybdenum, with the highest 
strength and lowest ductility;~was so brittle in the recrystallized con- 
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Fig. 6—Photomicrographs of Typical Oxide-Containing Alloys of Molybdenum 
Showing Two Stages of Recrystallization. (a) Mo—0.5 Al, 1200 °C; (b) Mo-0O.5 Al, 
1300 °C; (c) Mo-—0.75 Th, 1100°C; (d) Mo-0.75 Th, 1200°C. Annealing time: 
¥, hour; Etch: Murakami’s Reagent. x 100. 


dition that tensile data could not be obtained. 
Binary Alloys of Molybdenum 


Microstructure—For purposes of discussion, the alloys may be 
divided into groups. The first group is composed of binary alloys 
of the solid solution type, namely Mo-Co, Mo-Cr, Mo-Fe, Mo-Ni and 
Mo-W. Typical microstructures representing solid solution alloys 
are those of Mo—0.25 Co and Mo-—20 W shown in Fig. 5. Each 
alloy is shown at an intermediate stage of recrystallization and at a 
stage where recrystallization essentially is completed. 

The second group of binary alloys is composed of Mo-Al, Mo-Be, 
Mo-Mn, Mo-Si and Mo-Th, which contained nonmetallic. inclusions 
presumed to be oxides. Photomicrographs of Mo-—0.5 Al and Mo- 
0.75 Th, representing the oxide-containing alloys, are shown in Fig. 6. 

Alloys of molybdenum and carbon contained a carbide phase 


a re 
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Fig. 7—-Photomicrographs of Mo-B and Mo-Si or we Peery a 
and Three Stages of Recrystallization. (a) Mo-0.5 B, (b) Mo-0O.5 B, 
1300 °C; (c) Mo-0.1 Si, 1200°C; (d) Mo-0.1 Si, 1300 * hy Mo - 0.1 Si, 4406 
Ee Annealing time: % hour; Etch: Murakami’s cee x 100. 


(MoeC), and those of molybdenum and boron contained a_ boride 
phase. The microstructure of the Mo-0.5 B alloy at two stages of 
recrystallization is shown in Fig. 7. In these photomicrographs, the 
dark areas are voids formerlyoccupied by the boride phase. Etching, 
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Fig. 8—Effect of Annealing on Room-Temperature Hardness, Tensile Strength, 


Elongation, and Recrystallization of Solid Solution-Type Alloys of Molybdenum. An- 
nealing time, 30 minutes. 
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which is destructive to this phase, was necessary in order to develop 
the grain structure of the matrix. The amount of boride increased 
rapidly with increasing boron content, and comprised approximately 
30% of the structure at the 1.0% boron level. 

The microstructure of the Mo-—0.1 Si alloy after various anneal- 
ing treatments also is shown in Fig. 7. This alloy has the greatest 
resistance to recrystallization of any composition tested. It can be 
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Annealing Temperature, |00°C 
Fig. 9—Effect of Annealing on Room-Temperature Hardness, Tensile Strength, 


Elongation, and Recrystallization of Qxide-Containing Alloys of Molybdenum. An- + 
nealing time, 30 minutes. 


seen that recrystallization, initiated during the 1200°C (2190 °F) 
anneal, begins in the center and progresses toward the edges. How- 
ever, even after annealing for 30 minutes at 1400°C (2550°F), a 
partially wrought structure may be discerned near the top and bottom 
edges, shown rotated 90° in Fig. 7e. 
Most of the alloying additions had some grain refining action on 
molybdenum. Especially effective in this respect were additions of 
0.1 and 0.25% silicon, 0.25% cobalt, and 0.05 and 0.1% carbon. 
These additions reduced the grain size to approximately 0.025 mm. | 
(1600 grains per square mm.), as compared with Type A molybde- al 
num, which had an average grain diameter of 0.045 mm. (550 grains o 
per square mm.). Slightly less effective as grain refiners were addi- ! 
tions of 0.1 to 1% boron and 0.1% cobalt. | 
Annealing the alloys at temperatures up to 1400 °C (2550 °F) 
for one-half hour did not produce grain growth. | ) 
Effects of Annealing on Recrystallisation and Properties—The 
effects of annealing the various alloys at temperatures ranging from 
1000 to 1400 °C (1830 to 2550°F) are shown in Figs. 8, 9 and 10. 
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Fig. 10—Effect of Annealing on Room-Temperature Hardness, Tensile Strength, 


Elongation, and Recrystallization of Molybdenum Alloys Containing a Second Phase. 
Annealing time, 30 minutes. 


The changes in hardness, tensile strength, elongation, and the extent 
of recrystallization are plotted as functions of the annealing tempera- 
ture. It will be noted that, in all cases, hardness and strength de- 
creased and elongation increased before any recrystallization could be 
detected metallographically. Following their initial drop, hardness 
and strength decreased markedly with increasing amounts of recrys- 
tallized structure. Once recrystallization was essentially complete 
(90% or more) there was little change in hardness. 

Figs. 11 and 12 show the relationship between alloy concentration 
and mechanical properties after three different annealing treatments : 
(a) as annealed at 1000°C (1830°F), where no recrystallization 
occurs, (b) as annealed at 1200 °C (2190 °F), where the structures 
are partially recrystallized, and (c) as annealed at 1400 °C (2550 °F), 
where recrystallization is complete. Alloys of the solid solution type 
are shown in Fig. 11 and those containing a second phase, or oxide 
inclusions, are shown in Fig. 12. 

In Fig. 11, it will be observed that the general level of hardness 
increase of the alloys over unalloyed molybdenum decreased as re- 
crystallization proceeded. Also, there was much less initial hardening 
effect of alloying in the completely recrystallized condition than in 
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Fig. 11—Effect of Annealing on Room-Temperature Mechanical Properties of 
Solid Solution-Type Alloys of Molybdenum. 
the fibered condition. The hardness-composition curves for alloys 
of cobalt, chromium, and tungsten occupy the same relative positions 
as do the strength-composition curves. 

After annealing at 1000 °C (1830 °F) (fibered condition), cobalt 
and nickel were the most effective solid solution hardeners, followed 
by iron, chromium and tungsten. This is the order of increasing 
solubility in molybdenum. In the 1400 °C-annealed condition (fully 
recrystallized), the same order of hardnesses prevails except for the 
decreased hardness of the nickel alloys. The tensile data, although 
limited, correlate reasonably well with the hardness data. Elongation 
data for the alloys in the 1000 °C-annealed condition show that cobalt, 
nickel and iron, the most effective strengtheners, produce slightly 
less ductile alloys. Chromium and tungsten produced higher duc- 
tilities commensurate with their strengthening effects. This same 
relative order of ductility prevailed for the 1200 °C (2190 °F) con- 
dition, although no tensile data were obtained for the Mo-Co and 
Mo-Ni alloys. 

For alloys containing second phases or oxide inclusions (Fig. 
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Fig. 12—Effect of Annealing on Room-Temperature Mechanical Properties of 
Molybdenum Alloys Which Contain a Secondary Phase or Oxide Inclusions. 

12), the same general effects may be noted, ie., the hardness- 
composition curves occupy the same relative positions as do the 
strength-composition curves. The most effective strengthener was 
silicon; it also produced the lowest ductilities. The hardness of the 
Mo —0.25 Si alloy as annealed and partially recrystallized appears to 
be quite low. Examination of Fig. 9, however, will show that this 
alloy was recrystallized more completely by the 1200°C (2190 °F) 
anneal than was the 0.1% silicon alloy. 

Several alloys (Fig. 12) had excellent tensile ductility in the 
1200 °C-annealed condition. Elongation data for these alloys in both 
the wrought and recrystallized conditions are as follows: 


Alloy Annealed at 1000 °C (1830 °F) Annealed at 1200 °C (2190 °F) 

Addition, % Elongation, % Elongation, 
Recrystallized % Recrystallized % 
None 0 30 100 31 
0.1 Al 0 25 85 46 
0.1 Be 0 20 90 33 
0.75 Th 0 27 95 42 
0.1B 0 23 100 47 
0.04 C 0 22 100 59 
0.05 C 0 22 100 49 
0.1C 0 22 100 43 
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When an alloy recrystallizes, improved tensile ductility is to be 
expected. It is not to be expected, however, that the ductility of an 
alloy as recrystallized should exceed that of the unalloyed base metal 


in the same strain-free condition. Thus, it is indicated that the fore- 
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Fig. 13—Relationships Between Mechanical Properties and Per Cent Recrystal- 


lization of Binary Molybdenum Alloys. 


going alloy additions react with certain impurities in the molybdenum, 


resulting in improved ductility. 


In Fig. 13, data for the 1200 °C-annealed condition have been 
replotted in order to show the relationships between recrystallization 
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and mechanical properties, as well as to classify those compositions 
most resistant to recrystallization. This figure clearly shows that 
alloys in the initial stages of recrystallization were generally harder, 
stronger, and less ductile than were alloys in more advanced stages. 
The superior ductility of the recrystallized Mo-—0.1 Al, Mo-—0O.1 B, 
Mo-0.1 Be, Mo-C, and Mo-0.75 Th alloys cited earlier can be 
observed readily. 

Taking the alloys as they appear from left to right in Fig. 13, 
the following compositions were recrystallized least by the 1200 °C 
(2190 °F) anneal: Mo-0.1 Si, Mo-—1.0 Al, Mo-—20.0 W, Mo- 
10.0 W, Mo-1.0 Cr, Mo-0.5 Cr and Mo—0.5 Al. It is of interest 
to note that tungsten, chromium and aluminum, all of which effec- 
tively retarded recrystallization, have appreciable solubility in molyb- 
denum. 

SOLUBILITY LIMITS IN MOLYBDENUM AT 1095 °C (2000 °F) 


Solubility, 
Element % 
Tungsten 100 (3) 
Chromium 100 (3) 
Iron 2.65 (4) 
Aluminum 14 (4) 
Cobalt 0.55 (4) 
Nickel 0.5 (4) 
Silicon 0.2 (4) 


The retarding effect of tungsten, chromium and aluminum on 
recrystallization became more pronounced with increasing alloy con- 
centration in a manner which is normal for solid solutions. The 
retarding effect of silicon, however, is difficult to explain, since it 
was greater at an intermediate, rather than at a higher, concentration. 
This was confirmed further by examining two additional silicon alloys, 
Mo-0.1 Si and Mo-0O.20 Si (given 90% reduction at 1050 °C 
(1920 °F) and annealed at 1000, 1100, 1200, 1300 and 1400 °C). 
The recrystallization of Mo-—0.1 Si was again definitely more slug- 
gish than that of Mo —0.2 Si. 

In another phase of the research program (1), nonmetallic 
inclusions observed with 0.25% silicon (0.18 actual) were absent 
from the microstructure when 0.1% silicon (0.07 actual) was added. 
The data indicated that a small amount of silicon in solid solution is 
extremely potent in retarding recrystallization ; however, this retarding 
effect is reduced greatly with the appearance of the inclusion phase. 

Alloys with the greatest tendency to recrystallize were those con- 
taining nickel and cobalt. There is no apparent explanation for this 
effect. 

The presence of secondary or inclusion phases appeared to have 
no consistent effect on the recrystallization behavior of molybdenum 
alloys. As mentioned previously, the inclusion phase in the silicon 
alloys may have tended to accelerate recrystallization. Increasing 
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aluminum content, on the other hand, resulted in an abundance of 
inclusions and a retardation of recrystallization. Increasing the 
thorium content from 0.25 to 0.75% increased the quantity of the 
inclusion phase, but had no apparent effect on recrystallization. The 
presence of the MoeC and boride phases had no apparent effect on 
the threshold temperature of recrystallization. 


CONCLUSIONS 


1. Silicon, tungsten, chromium and aluminum are effective in 
retarding recrystallization when alloyed with molybdenum. 

2. No growth of the recrystallized grains is apparent for anneal- 
ing temperatures up to 1400°C (2550°F). This pertains to both 
unalloyed molybdenum and the binary alloys investigated. 

3. Most of the binary additions investigated have a grain- 
refining effect. The greatest refinement is produced by additions of 
silicon, carbon, cobalt and boron. 

4. Recrystallization generally decreased strength and hardness 
and increased ductility. Small additions of aluminum, beryllium, 
boron, carbon and thorium resulted in increased ductility. 

5. The general hardness level, as well as the initial increase in 
hardness resulting from alloying, was greater in the fibered than in 
the recrystallized condition. 

6. The presence of inclusion phases had no consistent effect on 
the recrystallization of the alloys. 
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THE EFFECT OF TEMPERATURE ON THE ROLLING 
TEXTURE OF PLASTICALLY DEFORMED 
LOW CARBON STEEL STRIP 


By NorMAN P. Goss 


Abstract 


Some of the factors which influence the texture of 
cold-rolled steel strip are well recognized and have been 
adequately studied. However, the effect of temperature 
on the deformation texture has been neglected. With the 
introduction of increased rolling speeds and increased re- 
ductions, the temperature of rolling may be an important 
factor. 

A series of samples was rolled in a sequence of initial 
temperatures, ranging from 32 to 800°F, All other vari- 
ables such as number of passes and total reduction were 
kept the same throughout the entire series. X-ray dif- 
fraction patterns were taken by the “reflection” method 
with the X-ray beam transverse to the rolling direction. 
The intensity minima and maxima were measured with a 
microphotometer. The intensity measurements show that 
with decrease in the temperature of rolling, the maxima ° 
of a diffraction pattern increase in intensity while the 
minima decrease in intensity. With increase in the tem- 
perature of rolling, the reverse change takes place. At the 
higher temperature (700 °F) the original low temperature 
texture (001) [110] has been replaced by a new texture, 
(110) [001], in which the maxima and minima of the 
two textures have interchanged positions. At an tnter- 


mediate temperature the texture simulates that of random 
orientation. 


HE TEXTURE of low carbon strip steel as produced by cold 
rolling at ordinary temperatures has been adequately studied by 
X-ray methods and is fully described in the literature (1).1_ While 
some of the factors which influence the texture of cold-rolled sheet 
are well recognized, the effect of the temperature of deformation 
has been almost entirely neglected (2). However, with the intro- 
duction of the four-high rolling mill, the increased rolling speeds and 
reductions possible over that of the two-high mill, the temperature 
at which the rolling is performed may well be a very important factor. 
1The figures appearing in parentheses pertain to the references appended to this paper. 


. paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The author, Norman P. 
Goss, is consultant, The Cold Metal Products Company, Youngstown, Ohio. 
Manuscript received February 13, 1952. 
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The experimental work of Andrade and Tsien (3) has shown | 
that for body-centered metals the slip mechanism changes with rise 
in temperature, while Nadai (4) has pointed out that the slip mecha- 
nism is profoundly influenced by the temperature of deformation. 
Hanawalt (5) has shown that the preferred orientation texture of 
extruded magnesium alloys depends on the temperature of the ex- 
truded metal. 

In a study of the rolling texture of a large number of samples 
rolled on a four-high mill taken directly from production, considerable 
variation in the degree of preferred orientation was observed. This 
variation was in many instances too large in magnitude to be satis- 
factorily explained by the factors to which such variations in texture 
are usually attributed. The total reduction and the number of passes 
as well as the roll diameter and the tension applied were practically 
the same for all the samples. Initially, in the operation of a cold 
rolling mill, the temperature of the sheet. and rolls is quite low; 
however, as the rolling progresses the temperature of the strip and 
rolls rises, and, depending on the manner of cooling and the nature 
of the coolant, the temperature of the strip may attain rather high 
values. Temperatures as high as 500°F (260°C) have been re- 
ported in the literature. It was with this fact in mind that a series 
of low carbon steel strip samples was rolled in a sequence of 
temperatures. 





EXPERIMENTAL PROCEDURE 





Preparation of Samples. The material used for the samples was 
annealed hot strip with an initial thickness of 0.113 inch. The chem- 
ical composition was as follows: 


Cae 0.10% Mn ....0.35% Ni ....0.09% 
or 0.005% Cu ....0.11% Dike 0.033% 
Mo ....0.009% eee 0.009% Cr: ....08% 


All of the samples (approximate dimension 1 by 1% inches) 
were given seven successive passes with long dimension in rolling 
direction on a small laboratory mill with a total reduction of 72%. 
Previous to each pass the sample was heated or cooled to a specified 
temperature and held at that temperature for a period of 2 minutes. 
For the lower temperatures an ice bath and boiling water were used. 
while for the higher temperatures the samples were heated in an 
open furnace. These temperatures are recorded in Table I as the 
“initial temperature” of the sample. The temperature on leaving the 
rolls, designated as “exit temperature’, was measured for samples 
3, 4, 5, 6, 7 and 8. The “exit temperature” for samples 1 and 2 
was estimated. The “mean temperature” of rolling is the mean of 
the “initial temperature” of the sample on entering the rolls, and the 
temperature of the sample-on leaving the rolls, or “exit temperature”. 
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Table I 
Rolling Temperatures 
Initial Exit Mean Temperature 
Temperature Temperature of Rolling 
Sample °F °F °F 
1 70 Sire 130 
2 32 60 45 
3 212 175 180 
4 300 220 260 
5 400 265 330 
6 500 325 410 
7 600 400 500 
8 700 525 610 
9 800 630 715 








The “mean temperature” of rolling is recorded in column four of 
Table I. 

Sample 1 is a control sample which was rolled at room temper- 
ature. No attempt was made to have this sample return to the tem- 
perature of the room between successive passes, and the passes were 
made in rapid succession. 

X-Ray Diffraction Patterns. X-ray diffraction patterns were 
taken of all of the samples using the “reflection’’ method. This 
method possesses several advantages over the transmission method 
since it requires no special preparation other than a possible surface 
etch of the sample. The absorption of the X-rays by the sample 
definitely determines the thickness of the sample examined. In this 
method of obtaining a diffraction pattern, a well-defined X-ray beam 
is incident on the surface of the sample at a definitely determined 
angle, usually the Bragg angle for an important atomic plane. In 
the arrangement used, the plane of the incident and the reflected 
X-ray beam was normal to the rolling direction and the incident 
beam made an angle of 10 degrees with the surface of the sample. 
This arrangement is often known as the transverse direction and 
sometimes designated by the symbol T-10. The number 10 desig- 
nates an angle of 10 degrees as the angle of incidence for MoKa 
radiation on the (110) planes of iron. This particular arrangement 
was chosen, as the diffraction pattern shows a higher degree of pre- 
ferred orientation than in either of the so-called parallel (P) or 
normal (N) directions. It is often the most informative one for the 
study of preferred orientation. The most significant of the X-ray 
diffraction patterns are shown in Fig. 1 and are presented in the 
sequence of the rolling temperatures as listed in Table I. 

Microphotometer Data. An examination of the diffraction pat- 
terns obtained from the samples rolled at various initial temperatures 
shows quite clearly that the maxima and minima of the diffraction 
rings change in intensity and position as the temperature of rolling 
is increased. In order that these changes in intensity with temper- 
ature of rolling may be made more evident, as well as comparisons 
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Fig. 1—Most Significant Diffraction Patterns in the Se- 
quence of Rolling Temperatures as Listed in Table I. (a) 
Sample 1, rolled at room temperature; (b) Sample 2, rolled at 
32 °F; (c) Sample 5, rolled at 400 °F; (d) Sample 8, rolled at 
700 °F. All patterns were taken in the transverse direction 
with the surface of the specimen set at an angle of 10 degrees 
with direction of X-ray beam. 


at various temperatures be made more readily, the intensity of the 
diffraction rings was measured by means of a Leeds and Northrup 
microphotometer. The diffraction pattern is symmetrical with re- 
spect to a vertical line ON drawn through the center of the pattern. 
Measurements were taken at every 5-degree interval considering the 
intersection of this line with the (110) diffraction ring as the zero 
position. The region of Thaximum intensity occurs at an angle of 
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30 degrees for the patterns taken at the lower rolling temperatures. 

While such intensity measurements were made on the diffraction 
patterns of all the prepared samples, only those patterns and their 
microphotometer measurements are presented which have special sig- 


Intensity 





O 5 10 15 20 60 Uae 
Degrees From Vertical on 
(110) Diffraction Ring 
Fig. 2—Intensity of the Diffraction Ring as Meas- 
ured by the Microphotometer Plotted Against the Angu- 
lar Reading for Specimen Rolled at 32°F. Full line 
represents the intensity of the diffraction ring at vari- 


ous angles from the vertical. Dash line represents the 
intensity for specimen rolled at room temperature. 


nificance. Since the photographic density at any portion of a dif- 


fraction ring is directly related to the number of grain fragments 
properly oriented dor reflection, the microphotometer readings are a 


direct measure of the number of grain fragments oriented in a specific 
direction. 
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In the solid line curves of Figs. 2, 3, and 4, the intensity of the 
diffraction ring as measured by the microphotometer is plotted as 
ordinate against the angular reading as abscissa for the initial tem- 
peratures of 32, 400, and 700 °F. On each of the figures the dashed 
curve represents the variation in intensity for the sample rolled at 
room temperature and is presented only for comparison. 


DISCUSSION OF RESULTS 


The X-ray diffraction patterns 1 and 2 of Fig. 1 are represent- 
ative of X-ray patterns of low carbon strip steel rolled at low or 


Intensity 





0 5 10 15 20 25 30 


Degrees From Vertical on 
(110) Diffraction Ring 


Fig. 3—Intensity of the Diffraction Ring as Meas- 
ured by the Microphotometer Plotted Against the Angu- 
lar Reading for Specimen Rolled at 400°F. Full line 
represents the intensity of the diffraction ring at vari- 
ous angles from the vertical. Dash line represents the 
intensity for specimen rolled at room temperature. 


room temperatures. The maxima of the pattern make angles of 30 
degrees with the vertical. However, the intensity curves of Fig. 2 
show that the maxima for the sample 2 roiled at an initial temperature 
of 32°F is approximately twice~as large in magnitude as for the 
sample 1 rolled at room temperature; also that the minimas have 
the inverse relationship. The areas under the two intensity curves 
are approximately the same. At these rolling temperatures the (001) 
planes tend to lie in the rolling plane and the [110] direction tends 
to coincide with the rolling direction. 

The full-line intensity curve of Fig. 3 taken from the diffraction 
pattern of sample 5, which was rolled at an initial temperature of 
400 °F, has two maximas.~ One of these is in the normal position of 
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30 degrees and the other in the zero position. These maximas of 
intensity are nearly equal in magnitude though the one at 30 degrees 
from the vertical is somewhat greater. The minimum of intensity 
has shifted from the zero position to that of approximately 15 degrees, 
and is not much less in magnitude than the maximas. If the grain 
fragments were oriented at random the intensity curve would be a 
straight line. It is thus quite evident that for this rolling temperature 
(400 °F initial) the texture approaches that of a random orientation. 
The dashed curve is for the sample rolled at room temperature and 
is again included for comparison. 


Intensity 





O 5 10 15 20 25 .30 
Degrees From Vertical on 
(110) Diffraction Ring 


Fig. 4—Intensity of the Diffraction Ring as Meas- 
ured by the Microphotometer Plotted Against the Angu- 
lar Reading for Specimen Rolled at 700°F. Full line 
represents the intensity of the diffraction ring at vari- 
ous angles from the vertical. Dash line represents the 
intensity for specimen rolled at room temperature. 


The full-line intensity curve for sample 8, rolled at an initial 
temperature of 700 °F, is shown in Fig. 4. The maxima now occur 
in the 0 degree position and the minima at 30 degrees. This is a 
complete reversal of the maxima and minima from that obtained at 
room temperature as can be seen in comparing the full line with the 
dashed curve. At this temperature of rolling the (110) planes of 
the grain fragments lie predominantly in the rolling plane, and the 
[001] direction of the grain fragments in the rolling direction. This 
texture agrees with the one observed by Goss (6) in the hot rolling 
of iron, and might. well be called the “warm rolling” texture of low 
carbon steel in contrast to that obtained by the usual “cold rolling”. 

The cold rolling texture is designated by (001) [110] and the 
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“warm rolling” by (110) [001]. These textures are simply related 
since by rotation of the space lattice of the first texture through 90 
degrees around a [110] at a [110] direction as axis, the second 
texture will be obtained. The intermediate temperatures of rolling 
thus represent a transition from the (001) [110] texture to the 
(110) [001] texture. This transition satisfactorily explains why 
“warm rolling” in a definite temperature range may give a texture 
simulating that of random orientation. 


SUMMARY 


An analysis of the experimental results presented justifies certain 
conclusions : | 

1. That as the temperature of cold rolling, at a given reduction, 
is lowered below that of the “ordinary temperature” of rolling, the 
degree of preferred orientation increases. The type of orientation 
texture does not change but is only intensified. 

2. That at higher temperatures of rolling, a new type of texture 
is developed in which the diagonal plane of the elementary cube tends 
to lie in the rolling plane, and the cube edge in the direction of roll- 
ing. It is quite apparent that other planes at higher temperature are 
effective in the mechanism of deformation. 

3. That between these temperatures of cold rolling there is a 
range of temperature during which there is a transition from the 
usual cold rolling texture to that of a new “warm rolling” texture. 
During this transition range the texture obtained simulates that of 
random orientation. This observation may be of considerable practi- 
cal significance. 
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DISCUSSION 


Written Discussion: By G. L. Clark, University of Illinois, Depart- 
ment of Chemistry, Urbana, IIl. 

There seems to be no question concerning the validity of these results 
and the interpretation. This paper is illustrative of the fact that some of 
the fields of investigation, longest known and most frequently studied, still 
provide opportunity for remarkably excellent fundamental and practical 
research work. It would naturally occur to people interested in rolling 
steel to observe quantitatively the effect of temperature, but apparently 
this variable has not been previously studied except in a very incidental 
manner. 

The question naturally arises as to whether, at the intermediate tem- 
peratures where the texture simulates that of random orientation, the 
resultant rolled sheet has different properties in the sense that there can 
be considerably greater reduction without intermediate anneals. It is this 
very type of random orientation maintained during deformation that has 
been sought by application of opposed tensions and compressions, control 
of compositions and otherwise. It would of course be exceedingly inter- 
esting and valuable if the author could disclose whether or not the sheet 
with random orientation actually has any markedly different property 
form itself that displays fiber patterns by X-ray diffraction. It is gen- 
erally true in all physical chemical processes that any system will set up 
a maximum resistance to further change, in this case a preferred orienta- 
tion against further deformation. The mechanism and the energy involved 
in producing essentially random texture at intermediate temperatures are, 
therefore, of extraordinary significance. If this is true, then, further heat 
treatment should give a completely different result in terms of grain size 
and grain orientation than would be the case in a highly fibered condition. 

The author is to be congratulated for finding an important new area 
in a supposedly exhaustively-known subject. It is clearly evident that 
considerably more work on this discovery with X-rays, optical and elec- 
tron microscopy, and mechanical and chemical tests, such as corrosion, 
will be eminently worth-while. 

Written Discussion: By R. L. Davidson, associate director, Research 
Laboratories, Armco Steel Corp., Middletown, Ohio. 

This paper by Mr. Goss is an interesting addition to the knowledge 
of deformation textures. The writer would like to point out a similar ef- 
fect in which the temperature of cold reduction affects the degree of orien- 
tation in oriented silicon steel. This relationship was demonstrated in the 
writer’s laboratory a number of years ago and resulted in the issuance of 
two patents. 

One of the interesting features learned there was that the difference 
in degree of orientation produced by different temperatures of cold reduc- 
tion wes noticeable after subsequent recrystallization at elevated temper- 
ature. Another observation was that the effects of cold reduction at 
various temperatures depended in a very critical manner upon the compo- 
sition of the steel, especially with respect to manganese. 

It would be interesting to know if slight changes in manganese or 


other features of composition in the carbon steel used in this paper would 
have such a critical effect. 
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It perhaps does not need to be pointed out that the new type of orien- 
tation postulated was arrived at from a single intensity maximum on a 
single X-ray diffraction ring. While this new orientation seems to be 
compatible with the diffraction patterns shown, it would have been more 
definitely established if a complete stereographic pole figure had been con- 
structed. This would have required a number of diffraction patterns made 
with the X-ray beam at various angles to the sheet, or the newer methods 
utilizing direct-reading X-ray apparatus. It would seem worth-while to 
substantiate the new orientation by one of these more rigorous methods. 

Written Discussion: By G. M. Sinclair, Metallurgical and Ceramic De- 
partment, Westinghouse Research Laboratories, East Pittsburgh, Pa. 

Mr. Goss has clearly demonstrated a most important effect of temper- 
ature on the rolling textures obtained in low carbon steel strip. It is rather 
surprising that these considerable differences in texture may result from 
relatively small changes in the rolling temperature; this emphasizes the 
importance of close control of this variable during production. While it 
is desirable to process sheet for deep drawing purposes so as to reduce 
preferred orientation to a minimum, quite the opposite is true in the pro- 
duction of magnetically “soft” sheet, such as the silicon-irons, which one 
would expect to be similarly influenced by rolling temperature. To obtain 
optimum magnetic properties a high degree of preferred orientation is 
usually desirable, since the ease of magnetization varies with the orienta- 
tion of the crystal lattice. Mr. Goss’ work is thus of interest as a possible 
means of control for either mechanical or magnetic properties. A point 
of importance, however, is the fact that in the case of either deep drawing 
or magnetically-soft sheet the metal is normally used in the annealed or 
recrystallized condition for best results. In view of this I should like to 
ask Mr. Goss if he has been able to extend his work to include a study of 
the textures obtained after recrystallization of the rolled strip. 


Author’s Reply 


The author appreciates the fine discussions of this paper. These have 
added much to a better understanding of the subject matter. 

Dr. Clark asked whether any physical tests had been made on the cold- 
reduced strip which exhibited a substantial random orientation. So far 
very few tests have been made on the physicals of the strip plastically de- 
formed at various temperatures, in the range of 150 to over 700°F. How- 
ever, from the meager data obtained so far, it seems that certain proper- 
ties will be altered, others will not be affected. 

In reply to Dr. Davidson, I wish to say that the conclusions arrived at 
in this paper complied with all the requirements of the pole figure method. 
The method used is in line with that of De Barr and Roberts’ and J. K. 
Wood*. The method was originally proposed by Davey, Nitchie and 
Fuller.* In this method one requires only three X-ray exposures. These 


are made in the P, T and N (normal to surface) directions. The X-ray 
2A. E. De Barr and B. Roberts, ““Texture of Rolled Sheets’, Journal, Iron and Steel 
Institute, March 1950, p. 285. 
8Journal of Applied Physics, Vol. 19, 1949, p. 784. 


*“Determining Orientation of Crystals in Rolled Metal From X-Ray Patterns Taken 


b 
Monochromatic Pin Hole Method”, Tech. Pub. 243, American Institute of Mining and Metal- 
lurgical Engineers. 
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exposures in the P and T directions are made at some Bragg angle, in 
this case 10 degrees. All (110) planes which lie parallel to the surface 
of the sheet are in a position to reflect. From these P and T X-ray expo- 
sures, one can easily determine the orientations present, and the intensity 
as well. 

In this paper the X-ray patterns made in the T direction were the 
only ones presented for the reasons stated in the text. However, the 
X-ray data taken were sufficient for the construction of the complete pole 
figure. 

It was shown in another paper* that the hot and cold rolling orienta- 
tion textures are quite different; however, the transition temperature from 
the hot to the cold rolling texture was not determined at that time. 

The comments of Mr. Sinclair are indeed appreciated, especially his 
reference to the marked effect a small change in rolling temperature may 
have upon the intensity of the orientation. It may be recalled by many 
of the early workers in this field, that at times one would observe great 
variations in the intensity of the X-ray diffraction pattern of strip and 
wire given the same reduction and under the same conditions. However, 
the temperature at which the metal was worked was not taken into con- 
sideration. The case in point here is the tremendous difference in. the 
orientation texture when rolling at 32°F and room temperature. 

Some work has been done on the “temperature effect” in relationship 
to the residual orientation texture after annealing below A; (low carbon 
strip steel). The results show that a wide range of recrystallization tex- 
tures are possible. The temperature at which a metal is rolled can control 
the intensity of the residual orientation texture after annealing. Under 
certain warm rolling conditions random orientations of the grains may be 
obtained. The warm rolling technique is without question related to the 
deep drawing characteristics after heat treatment. The warm rolling of 
metals and alloys should have a marked effect upon the with and cross 
grain properties of cold-reduced strip. It is quite likely that warm rolling 


of metals will gradually find many useful applications in the field of rolling, 
drawing and forming. 








ACCELERATED STRAIN AGING OF COMMERCIAL 
SHEET STEELS 


By L. R. SHOENBERGER AND E. J. PALIWoDA 
Abstract 


The effect of natural strain aging on the hardness 
and tensile characteristics of some rimmed and stabilized 
steels was determined. Variations in the behavior of 
rimmed steels were ascribed principally to ferrite grain 
size and degree of skin rolling. In the strain aging of 
aluminum-killed and vanadium-rimmed steels, the nitro- 
gen not combined with aluminum. or vanadium assumes 
an important position as shown by its relationship to pro- 
portional limit changes. 

An accelerated strain aging test using gradient heat- 
ing was developed to predict the course of age hardening 
and to estimate the rate and severity of yield point return 
during aging. 


INTRODUCTION 


HE strain aging of sheet and strip after skin rolling has long 

been recognized as an important factor in the ultimate draw- 
ability of steel. Skin rolling is performed primarily to eliminate the 
yield point which is associated with stretcher strain markings during 
forming. Changes that occur in the period between skin rolling by 
the producer and fabrication by the consumer result in yield point 
return and embrittlement of the steel. 

A few steels have been developed in which strain aging is 
effectively inhibited, but only two—aluminum-killed and vanadium- 
rimmed—are commercially important (1, 2).4 Since both are more 
expensive to produce, control of strain aging of ordinary rimmed 
steels and development of a low-cost stabilized steel are desirable. 
Present information regarding the strain aging of skin-rolled steels 
is limited, however, and there is no satisfactory means for measuring 
the actual strain aging characteristics of temper-rolled material. 


NATURAL AGING 


Natural aging of a number of rimmed, aluminum-killed, and 
vanadium-rimmed steels was measured by means of hardness and 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The authors, L. R. Shoen- 
berger and E. J. Paliwoda, are research engineers in the Metallurgical Research 
Division, General Technical Department, Jones & Laughlin Steel Corporation, 
Pittsburgh. Manuscript receiyed April 16, 1952. 
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Fig. 1—Chariges in Mechanical Properties of Skin-Rolled Rimmed Steel During 
Natural Strain Aging. 


tensile tests. ‘Chemical composition limits of these steels are shown 
in Table I. 





Table I 
Chemical Composition Limits 
Type Cc Mn P Ss Si Al Vv 
Rimmed 0.03/0.06 0.25/0.37 0.004/0.009 0.010/0. ae? > a . 2 ee 
V-Rimmed 0.04/0.05 0.28/0.35 0. 006/0.011 0.025/0.026 0.003/0.004 0.022/0.037 
Al-Killed 0.05/0.06 0. 25/0.29 0.003/0.010 0.029/0.036 0. 00/0. 04 0. EE 0 bs sawn se 
Total Soluble Uncombined 
Type Nitrogen Nitrogen Nitrogen* 
Rimmed 0.003/0.005 0.003/0.005 0.003/0.005 
V-Rimmed 0.004/0.005 0.001/0.003 0.001/0.003 
Al-Killed 4 0.005/0.007 0.005/0.007 0.0002/0.0024 





*Nitrogen not combined as AIN or VN. 
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Fig. 1—Changes in Mechanical Properties of Skin-Rolled Rimmed Steel During 
Natural Strain Aging. 


Samples were selected from center portions of skin-rolled sheets 
and mechanical properties were determined within 8 hours after roll- 
ing. Subsequently, 10 to 20 hardness impressions and a tensile test 
were made periodically for 6 months as the steels strain-aged at room 
temperature (65 to 85°F or 20 to 30°C). Typical examples of 
the aging characteristics of several steels are illustrated in Figs. 
1 and 2. 


Factors Affecting Aging of Rimmed Steels 


Considerable variations in the aging characteristics of rimmed 
and stabilized steels were noted, and attempts were made to ascertain 
the significant variables. Chemical composition, ferritic grain size, 
and degree of skin rolling were considered to be important factors. 
However, deviations in chemical composition of the ordinary rimmed 
steels tested did not appear to influence strain aging behavior. 
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Fig. 2—Changes in Mechanical Properties of Skin-Rolled Stabilized Steel During 
Natural Strain Aging. 


Ferrite grain size measurements were made by the intercept 
method (>< 200); and where grain size differences existed between 
rim and core, consideration was given to the proportions in deriving 
an average intercept grain size. The range of average grain sizes 
in the rimmed steels varied from 4.5 to 7 by ASTM standards. 


————— 
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Fig. 3—Effect of Skin Rolling on the Amount of Natural Age 
Hardening Occurring in 6 Months Aging of Rimmed Steels. 
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Fig. 4—Effect of Skin Rolling on the Rate of Natural Age 
Hardening in Rimmed Steels. 


The general hardness levels of rimmed steels before and after 
aging proved to be mainly” a function of ferrite grain size. Smaller- 





1953 STRAIN AGING OF SHEET STEELS 349 


grained steels were relatively harder, both in the freshly skin-rolled 
and the aged conditions. 

The change in hardness during 6 months of natural aging was 
associated with the degree of skin rolling (Fig. 3). In this work, 
the amount of age hardening increased with temper rolling to 0.8%. 
Skin rolling 0.8 to 1.8% did not appear to further influence the degree 
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Fig. 5—Rate of Yield Elongation Increase Is Faster in Smaller-Grained Rimmed Steels. 


of age hardening. Faster rates of age hardening were noted in rimmed 
steels that were temper-rolled more than 0.8% (Fig. 4). 

Greater amounts of yield elongation after 6 months aging were 
observed in finer-grained material, which is in agreement with find- 
ings of other investigators (3, 4, 5). The speed of tensile testing, 
in this instance, was 0.05 inch per minute and the yield elongation 
value employed is for a standard 2-inch gage length. 

Faster rates of yield elongation return were observed in ordinary 
rimmed steels having small ferrite grains (Fig. 5). These steels 
were skin-rolled from 0.6 to 1.8%. Data for several samples of the 
same heat, which were skin-rolled various amounts, suggest a minor 
retarding action by the more severe skin rolling operations, but re- 
sults are not conclusive. Jevons, however, noted that increased skin 
rolling (1 to 10%) impeded the rate of yield elongation return (4). 

A yield point returned for all rimmed steels within 3 days after 
skin rolling. A similar observation was made by Sachs (6). Yield 
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point increased markedly during aging in a manner similar to yield 
elongation return. An increase of about 1800 psi in yield point was 
accompanied by a return of 0.010 inch yield elongation. Higher as- 
aged yield points and tensile strengths were related to finer-grained 
material. Tensile strength of the steels was comparatively unaffected 
by strain aging, the increase in strength seldom exceeding 2500 psi 
after 6 months of aging. 


e V-Rim 
© Al-Killed 


Increase in Proportional Limit During Aging 





0 0.001 0,002 
% Active Nitrogen 


_ Fig. 6—Greater Changes in Proportionai Limit 
During Natural Aging _Occurred in _ Stabilized 
Steels With Greater Active Nitrogen Contents: 


Attempts to relate elongation data with mechanical and chemical 
characteristics of the steels were not completely successful. 


Factors Affecting the Aging of Stabilized Steels 


Both ferrite grain size and degree of skin rolling are probably 
significant in the production of stabilized sheet and strip steels, but 
nitrogen assumes an important position not found in rimmed steels. 
Large portions of the nitrogen eontents of stabilized material are 
combined as aluminum or vanadium nitrides by suitable alloy addi- 
tions and heat treatment (7, 8). The remainder of the nitrogen in 
aluminum-killed and vanadium-rimmed steels is arbitrarily desig- 
nated as active or uncombined nitrogen, and is usually low. These 
active nitrogen contents varied from 0.0002 to 0.0024% in steels 
employed in this investigation (Table I). 

Since nitrogen has been regarded as one of the possible causes 
of aging (9, 10), efforts were made to ascertain the significance of 
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uncombined nitrogen in stabilized steels. Due to the apparent inter- 
dependence of a number of factors in strain aging, no clear-cut solu- 
tion was obtained. For example, higher hardness (freshly skin- 
rolled and strain-aged) was observed for stabilized materials with 
relatively high, active nitrogen contents. The influence of grain size 
on the hardness of this material could not be determined due to 
differences in grain shape (elongated versus equiaxed). Degree of 
age hardening could not be correlated with uncombined nitrogen in 
this work. 

During the periodic tensile testing of three aluminum-killed and 
three vanadium-rimmed steels, it was noted that the proportional 
limit increased with aging time, paralleling the yield point increase 
of ordinary rimmed material. Higher proportional limits in both 
skin-rolled and as-aged conditions were associated with steels having 
large uncombined nitrogen contents. More pronounced changes in 
proportional limit during aging were also observed for material with 
greater amounts of uncombined nitrogen (Fig. 6). 

A return of yield was noted for two vanadium-rimmed steels 
(3 and 6 months) despite active nitrogen contents comparable to 
those of the aluminum-killed steels tested. This behavior might be 
viewed in light of the effect of ferrite grain size on the yield point 
of ordinary rimmed material. Since the grain size of vanadium- 
rimmed steels is generally fine, it may be necessary to fix larger 
amounts of nitrogen to obtain nonaging characteristics similar to 
those of aluminum-killed steels. 

Despite differences in grain shape, test results suggested that 
higher tensile strength and lower elongation were related to finer 
ferrite grains in stabilized steels. 


GRADIENT STRAIN AGE TESTING 


The influence of strain aging on the hardness and yield point 
behavior of commercially produced sheet and strip varies and de- 
pends on a number of factors including grain size, degree of skin 
rolling and uncombined nitrogen. Consequently, it appears desirable 
to evaluate both age hardening and yield point characteristics in 
any strain aging test. The dependence of strain aging on time and 
temperature was utilized in this investigation in an effort to devise 
a quantitative accelerated aging test applicable to all grades of strip 
steel. 

Immediately after skin rolling, samples (% inch by 14 inches) 
were heated for various lengths of time in a gradient furnace similar 
to that used by Halley (11). In this furnace, Globars are located 
near the end of the muffle, and a thermal gradient is produced by 
virtue of their position. The furnace was modified slightly, in that 
closed Inconel tubes were positioned in the muffle to shield test 
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Fig. 7—Gradient Furnace Used for Acceler- 
ated Age Hardening and Strain Line Testing. 


specimens from drafts and to extend the thermal gradient. These 
tubes protruded about 8 inches as illustrated in Fig. 7. 

Thermocouples were employed to establish the temperature gra- 
dient, but this procedure did not prove satisfactory. As an alternate 
method, “Tempilstiks’” were used to obtain reference temperatures 
(Fig. 8). The temperature ranges selected were approximately 100 
to 500 °F (40 to 260°C) for rimmed steels and 125 to 600°F (50 
to 315°C) for stabilized steels, All testing was completed within 
10 hours after skin rolling. 


Age Hardening 


Three or more Rockwell T-30 impressions were made at selected 
intervals along the length of the gradient-treated sample. The aver- 
age hardness at each location was compared to the hardness of the 
same steels after natural aging for various lengths of time. Thus, 
a relationship was empirically derived between time and temperature 
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Fig. 8—Calibration of Furnace Temperature Gradient From Fusion of 
Tempilstik Markings. 
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: Fig. 9—Interpretation Graph Used to Correlate Gradient Age Hardening Data 
With Natural Age Hardening. 


of gradient heat treatment and time of strain aging at room temper- 
ature (65 to 85°F or 20 to 30°C). This correlation, shown in 
Fig. 9, was employed to predict the age hardening characteristics of 
sheet steels. For example, an estimate of the hardness of material 
aged 6 months can be obtained by heat treating at 200°F (95 °C) 
for 1% hours or at .250°F (120°C) for % hour. These values 
would be the same under ideal conditions, but in practice it is de- 
sirable to use an average of several such “equivalent” values for each 
point in constructing a predicted hardness curve. 

Comparisons of actual and predicted age hardening trends for 











354 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


Hardness - Rockwell 30 T 





“0 sb 80 100 120 i140 160 180 
Days Natural Age Hardening 
Fig. 10—Typical Predicted Age Hardening Curves (Solid Lines) 


Shown With Average Hardness Values (Points) Obtained During Natu- 
ral Strain Aging. 


several steels are indicated in Fig. 10. In about 70% of the tests 
made, the actual and predicted hardness values for 6 months of 
natural aging agreed within +1 Rockwell T-30. 


Yield Point Behavior 


A variation in test procedure was developed to measure yield 
point behavior of strip steels. Samples were cut to the dimensions 
previously mentioned, but added care was taken to obtain a %-irich 
parallel section. After gradient heating for 1 hour, these strips were 
polished with 240-grit abrasive to aid in observation of the formation 
of strain lines. The samples were deformed in tension at 0.5 inch 
per minute. 

At about 400 to 500 pounds load, a network of light strain 
markings could be seen rising from the low temperature end of the 
specimen. Shortly thereafter, this network consolidated rather 
sharply into a wave and proceeded upward. The origin of this wave 
was marked as it appeared,.and the corresponding temperature was 
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Fig. 11—Strain Wave Action During Stretching of Gradient Test in Tensile Machine. 


determined from the calibration curve. At some higher load, a strain 
wave formed at the high temperature end of the sample and moved 
downward to meet the lower wave. The appearance of the strain 
markings and action during testing are illustrated in Fig. 11. 

The average wave origination values for ordinary rimmed steels 
ranged from 120 to 205 °F (50 to 95°C). Two vanadium-rimmed 
steels, which showed a return of the yield point after 3 and 6 months 
aging, had wave origination values of 260 and 345 °F (125 and 175 
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°C), respectively. The remaining stabilized steels showed values 
ranging from 440 to 505 °F (225 to 265 °C). 

Wave origination in gradient-treated samples was believed to 
approximate some value of yield elongation, since the latter has been 
associated with stretcher straining during drawing or pressing. 
This correlation was determined empirically. It was found that the 
temperature which produced strain wave origination in gradient- 
treated specimens was related to natural aging time required for 
about 0.025 inch yield elongation in a 2-inch gage length (Fig. 12). 

The severity of yield elongation in steels after 6 months natural 
aging was associated with the wave origination temperature as shown 
in Fig. 13. It can be noted that gradient strain age testing can be 
employed to estimate yield point behavior as well as the age harden- 
ing tendencies of strip steels. 


SUMMARY 


The strain aging of a number of commercial strip steels was 
determined by means of hardness and tensile tests. Variations in 
aging characteristics of ordinary rimmed steels were attributed pri- 
marily to the effect of ferrite grain size and skin rolling. Increases 
in the latter (to 0.8%) resulted in more pronounced age hardening 
characteristics. Smaller ferrite grains were associated with generally 
higher levels of hardness, faster rates of yield point increase and 
greater yield elongation after aging. 

Both factors probably influence the strain aging of stabilized 
steels, but in this work a large portion of the heat-to-heat variation 
in strain aging was apparently governed by the amount of uncom- 
bined nitrogen. Higher hardness values in the freshly skin-rolled 
or aged conditions and larger increases in proportional limits were 
observed in stabilized steels with the greater uncombined nitrogen 
contents. 

An aging test was developed, utilizing gradient heat treated 
samples and employing time-temperature relationships to obtain 
varying degrees of accelerated aging. These time-temperature rela- 
tionships were correlated with aging at room temperature. By this 
means, accurate predictions can be made of the age hardening char- 
acteristics of freshly skin-rolled sheet and strip steels. 

The rate and severity of yield return can be predicted by deter- 
mining the aging temperature necessary to produce strain waves in 
gradient-treated samples as they are stretched in a tensile machine. 
The temperature that initiates the strain wave is a measure of the 
rate and severity of yield point return. 
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DISCUSSION 


Written Discussion: By C. W. Beattie, R. L. Kenyon and R. H. Heyer, 
Armco Steel Corp., Middletown, Ohio. 

Studies of strain aging are always of interest because of the continu- 
ing use of large tonnages of rimmed steel sheets. 

Investigations at Armco of aging of both rimmed and aluminum- 
killed steels have resulted in data which supplement those in the paper. 
These tests include various degrees of cold rolling up to 10%, room tem- 
perature aging up to 21 years, and accelerated aging at 212 and 400 °F. 

Results pertaining to stretcher straining of low carbon rimming steel 
are summarized in Table I]. These data are taken from tests which were 
reported in part in 1933.° The room temperature aging tests were carried 
further to a total time of 16 years. The elevated temperature tests were 
made in an oil bath thermostatically controlled to +2 °F. 


Table II 


Time for Return of Stretcher Straining in Tensile Test Specimens After Cold Rolling 
Low Carbon Rimming Steel 


Cold Approximate Time for Return of 

Rolling, -———Stretcher Straining at Various Aging Temperatures——_, 
% Room Temp. 212 °F 400 °F 
1 1 month 10 min. 1 min.* 
2 3 months 30 min. 1 min.* 
3 6 months 3 hrs. 1 min.* 
6 16 years 1 day 5 min.* 

10 7 3 days 10 min. 


*Immersed in 400 °F oil bath for total time of 1 minute—sample required 1 minute to 
come to temperature. 


tNo stretcher straining at 16 years. 








2R. O. Griffis, R. L. Kenyon and R. S. Burns, “Aging of Mild Steel Sheets’, Yearbook, 
American Iron and Steel Institute, 19335 p. 142. 
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In the authors’ Fig. 9, 1 month of room temperature aging is equiva- 
lent to about 30 minutes at 212°F. The Griffis, Kenyon, Burns data for 
1% temper rolling show 1 month of room temperature aging to be equiva- 
lent to 10 minutes at 212°F. It is not clear from the paper what amount 
of cold rolling was applied to the authors’ samples. Their method of 
heating the samples raises a question as to whether specific test locations 
on the specimens were held at a uniform temperature for the indicated 
lengths of time. These factors should be clarified before a direct com- 
parison of the data is made. 

The Griffis, Kenyon, Burns data for greater amounts of cold rolling 
are in agreement with a statement in the paper that increased temper 
rolling increases the time required for the return of stretcher straining. 
This agrees with years of practical experience in producing sheets for 
specific applications. .- 

The mechanical properties of the rimmed steel (results not tabulated) 
changed up to 3 months of room temperature aging, but there was little 
change between 3 months and 16 years. 

A better understanding of Fig. 5 of the paper is obtained when the 
normal relationship between grain size and yield point elongation in the 
dead soft condition is taken into account. Coarse-grained steel may have 
little more than 1.25% (0.025 inch in 2-inch gage length) yield elongation 
before temper rolling; therefore would naturally take a long time to return 
to this level after temper rolling and aging. On the other hand, a fine- 
grained steel, which may have 5.0% yield point elongation initially, would 
only have to regain one-fourth of this in order to age to the level used 
in Fig. 5; hence the time required would naturally be much less than in the 
case of the coarse-grained steel. 

Our tests of aluminum-killed stabilized steels over a period of 21 years 
have shown no change in mechanical properties from those of the fresh 
temper-rolled samples, even though accelerated aging indicated lack of 
complete stability at 400°F. We note in the authors’ Fig. 10 the slight 
increase in hardness in room temperature aging of their aluminum-killed 
steel. While we have observed a similar result in some of our tests, the 
tensile properties, including yield point, per cent elongation, and yield 
point elongation, do not show any change whatever. Typical results for 
our aluminum-killed stabilized material temper-rolled %4% are shown in 





Table Ill 


Mechanical Properties of Aluminum-Killed Stabilized Steel Aged at Room Temperature 
After Temper Rolling 424% 


Elong. 


Aging Yield Str. Tensile Str. in2Inches Y.P. Elong. 
ime psi. psi. % 0. RB 
Fresh 25,850 44,900 43.5 0.0 41 
1 week 25,700 44,200 43.5 0.0 41 
1 month 23,900 44,600 42.0 0.0 42.5 
3 months 24,800 44,550 43.0 0.0 42.5 
6 months 24,550 44,500 43.5 0.0 43 
1 year 25,750 45,200 44.5 0.0 42 
2 years 25,100 45,200 43.5 0.0 43 
5 years 24,100 45,250 44.0 0.0 43 
10 years 25,050 44,600 43.5 0.0 43.5 
15 years * | 24,400 43,600 44.0 0.0 43 
21 years 24,700 44,650 45.0 0.0 43.5 
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Table III. Similar results were obtained after rolling 1, 1%, 2, and 2’%%. 

Additional data correlating aging and yield point return for four 
aluminum-killed stabilized steels are given in Table IV. In the case of 
materials 83 and 88 which developed a slight return of yield point elon- 
gation after 15 years, no significant change in the yield point or other 
tensile properties was found, nor was there any tendency toward develop- 
ment of stretcher straining. 


Table IV 


Effect of Room Temperature and Accelerated Aging on Yield Point Return of 
Aluminum-Killed Stabilized Steels 


-—Yield Point Elongation After Aging at Various Temperatures—, 
Mate- Temper Rolling —Room Temp.—, 212 °F 00 °F——_, 


rial % Time Y.P. EL, Ty. Time Y.P. El.,% Time Y.P. El.,% 
79 1 15 yrs. 0 6 days 0 10 min. 0 
83 % 5 yrs. 0 1 day 0.7 1 min. 1.0 
% 15 yrs. 0.7 6 days 0.7 10 min. 2.6 
87 % 15 yrs. 0 6 days 0.4 1 min. 0.6 
% 10 min. 1.5 
88 ¥y, 15 yrs. 0.5 6 days 0.4 1 min. 0.8 
2 10 min. 2.6 


We do not find mention in the paper of processing variables, which 
have long been known to have a strong influence on strain aging charac- 
teristics. It was disclosed in the Hayes-Griffis patent* that annealing tem- 
perature and cooling rate were also important factors in the production 
of nonaging (stabilized) killed steels. 

Written Discussion: By N. H. Polakowski, Metallurgical Department, 
University College, Swansea, England. 

The comprehensive data presented in the paper will undoubtedly prove 
of use to those engaged in the manufacture and testing of sheet steel. It 
would be helpful, however, if the authors could specify in some detail the 
condition of their temper rolling, such as: diameter and surface condition 
of rolls, whether the material was skin-passed in sheared lengths or in 
coils, and whether it was leveled after rolling. All these factors may affect 
to a certain extent the mechanical characteristics of the sheet both before 
and after aging. 

The writer’s own experience lends support to Jevons’ statement that 
increasing severity of temper rolling retards the return of a jogged yield 
point upon aging. Unfortunately, this advantage is largely offset by the 
relatively small residual ductility of a low carbon sheet which has been 
rolled 5% or more and aged afterwards. For many purposes this will cer- 
tainly be regarded as a major defect._- 

The shape of the curve in Fig. 5 is interesting. It appears as if its 
slope is uniform as long as the grain size is less than 8, but that it becomes 
asymptotic for still finer-grained material. In this connection the writer 
would be grateful for the authors’ comment on the following points: 

(a) Was the yield point completely eliminated by temper rolling in 
all the samples, including the two lowest ones (grain 10 and 12) prior to 
the aging experiments? 


8A. Hayes and R. OQ. Griffis, U. Ss Patent No. 2,069,758, Feb. 9, 1937, “‘Ferrous Metal 
and Process for Producing Same’”’. 
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(b) Could the authors reproduce the grain size versus yield elongation 
diagram in the as-annealed condition for this batch of steels? 

It is appropriate to recall that some years ago Andrew and Lee 
(Journal, Iron and Steel Institute, Vol. 145, 1942, p. 153) have produced 
curves of a very similar shape (loc. cit. Figs. 34 and 35). The “knee” on 
their diagrams corresponds to 50/60 grains per linear millimeter, this being 
equivalent to No. 8/9 on the ASTM scale. While this agreement with the 
present results may be a matter of coincidence, it is not unlikely that it 
may contain something of importance for the understanding of the funda- 
mental nature of the yield point effect in carbon steel. 


Authors’ Reply 


We wish to express our appreciation to Messrs. Beattie, Kenyon 
and Heyer, and to Mr. Polakowski for their interesting discussions. 

The samples employed in this work were obtained from 20-inch wide 
center portions of sheets (0.030 to 0.050 inch thick) that had been box- 
annealed at 1300°F for 25 to 40 hours. The sheets were skin-rolled 0.4 
to 1.8% in a four-high mill with 20-inch diameter grit-blasted work rolls 
and roller leveled immediately upon emerging from the temper mill. 
Tensile tests were made within 6 hours after skin rolling. Several of 
the steels exhibited slight yield points including the two samples with 
intercept grain sizes of 10 and 12. We cannot state with certainty, 
however, whether the yield points had been incompletely eliminated 
by. skin rolling or had appeared during the few hours before the initial 
tensile tests were made. 

The correlations of natural and accelerated strain aging shown in 
Fig. 9 of the text and Table II of the discussion differ mainly because 
the test results in Fig. 9 are based on total heat treating time. We 
have found in calibrating the furnace that test strips of 0.030 to 0.050 
inch thickness require about 15 to 20 minutes to adequately assume the 
temperature gradient. The nature of gradient furnace heating causes 
differences in the time at which various points along test strips attain 
proper temperature. The method used at Armco is better adapted to 
precise temperature measurement. 

The alternate explanation offered by the discussers in regard to Fig. 5 
is stated in terms which might be considered capacity of yield point 
elongation or stretcher strain susceptibility. This interpretation suggests 
that slightly increased grain size of rimmed steels is desirable from the 
standpoints of degree and rate of yield elongation return. Their inter- 
pretation for Fig. 5 could also apply to Fig. 4 in which rate of age 
hardening is plotted. 

There are no data available concerning the as-annealed yield elonga- 
tion values for this series of steels. In other work, we have found that 
large yield elongation values are generally associated with rimmed steels 
having fine ferrite grains. 

The stability of aluminum-killed steels is widely recognized. Changes 
in hardness of naturally aged material are small—often insignificant. In 
the stabilized steels tested, a change in the proportional limit occurred. 
This increase appeared related to the amount of nitrogen not combined 
with aluminum or vanadium. Greater changes in the stress-strain charac- 
teristics were noted in steels with larger amounts of active nitrogen. 
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SOME PROPERTIES OF A NODULAR IRON 
AT ELEVATED TEMPERATURES 


By M. S. SAUNDERS AND M. J. SINNOTT 


Abstract 


Short-time tensile data over the temperature range 
of 800 to 1200°F (425 to 650°C) are presented for a 
typical nodular iron in two conditions: as-cast and par- 
tially annealed. Elevated temperature impact data for 
various exposure times over the same temperature range 
are presented. Stress-rupture data at 1200°F (650 °C) 
for the tron in both conditions are included. Comparison 
is made with the same properties of killed carbon steel and 
with carbon-molybdenum steel. From the data, it appears 
that the properties of the nodular iron are comparable in 
some respects to the properties of the steels. 


UBLISHED data on the high temperature properties of cast 
irons are very meager, principally because of lack of interest 
in a material which possesses negligible plasticity. This in itself is 
not too severe a drawback to its use, since in many applications the 
metal may not be required to undergo any plastic deformation during 
installation or use, but lack of good reproducibility coupled with low 
impact strength necessitates the use of low design stress which mili- 
tates against the use of cast iron. The appearance of nodular cast 
iron should change this picture to some degree because of its ability 
to plastically deform, even in the as-cast condition. Since data on the 
behavior of the nodular cast irons at elevated temperatures were not 
available, it was felt that some indication of its properties should be 
obtained for possible use in engineering applications. 

It is obvious that nodular iron is by its nature a more complex 
material than steel. Structurally, it is somewhat comparable in that 
it may consist of ferrite, pearlite, cementite, tempered structures and 
transformation products, but in addition it contains nodular graphite. 
The amount and the distribution of this graphite can and does vary 
quite markedly. In addition, the chemical analysis of this type of 
iron can be varied over considerable limits and this can be expected 
to affect the properties. In view of these facts, it should be empha- 
sized that the results presented in this paper are merely indicative 
of part of the range of values that might be obtained, and they can- 

A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, M. S. 
Saunders is a graduate student, Metallurgical Engineering, and M. J. Sinnott 
is associate professor, Chemical and Metallurgical Engineering, University of 


Michigan, Ann Arbor, Mich. Manuscript received April 8, 1952. 
- 362 








| 
| 


een ements rams 





1953 NODULAR IRON AT ELEVATED TEMPERATURES 363 


not be said to represent either the optimum or the minimum prop- 
erties for all types and treatments of nodular iron. 


MATERIAL 


All of the data presented in this paper were obtained from the 
same billet of a nodular nickel-iron. The billet shape and analysis 
are shown in Fig. 1. The billet was supplied by a commercial 
foundry, and the melting practice, method of gating, etc., is unknown. 
Prior to delivery, the billet had been slowly heated to 600 °F (315 
°C), held for 48 hours, then slowly cooled; presumably this was a 
stress-relief treatment. 
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Fig. 1—Nodular-Iron Casting. Cross-hatched areas were machined into test specimens. 


The section size of this casting is somewhat larger than sizes 
for which room temperature test data are readily available, but it was 
believed to be better to investigate material from the same casting 
rather than to try to prepare similar specimens from a series of 
smaller castings. The material used for testing was taken from the 
sections that are cross-hatched in Fig. 1. The analysis of this iron 
shows that the manganese, nickel and phosphorus contents are a 
little higher than is usual in nodular irons but not enough to invali- 
date the test results. 

The microstructure of this material, termed the “as-cast” in this 
paper, is shown in Figs. 2 and 3. It is chiefly a pearlitic structure 
with some areas of ferrite occurring adjacent to the graphite nodules. 
The casting, in spite of its size, was remarkably uniform and showed 
no excessive bull’s-eye patterns as might have been expected. 

It was initially intended to evaluate this iron in the as-cast and 
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Fig. 2—As-Cast Structure. Picral etch. X 100. 
Fig. 3—As-Cast Structure. Picral etch. X 500. 


gy ae 
i ae ME oe 5° oat 


Fig. 4—Partially Annealed Structure. Picral etch. X 100. 
Fig. 5—Partially Annealed Structure. Picral etch. X 500. 
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Fig. 6—Proportional Limit Versus Temperature. 


as the fully annealed material. To obtain a fully annealed structure 
the iron was heated to 1650 °F (900 °C), held for 4 hours, furnace- 
cooled 50°F per hour to 1200°F (650°C), then furnace-cooled to 
room temperature. This treatment produced the structures of Figs. 
4 and 5. This is only a partially annealed structure, but since the 


work was exploratory it was decided to test the material in this 
condition. | 


EXPERIMENTAL PROCEDURES 


The following tests on the nodular iron in the as-cast and par- 
tially annealed conditions were performed : 


Tensile Tests at 80, 800, 900, 1000, 1100 and 1200 °F 
(25, 425, 480, 540, 595 and 650 °C) 


Impact Tests at 80, 800, 1000 and 1200°F (25, 425, 540 and 650°C) 
for exposure periods of 1, 100 and 1000 hours. 
Stress-Rupture Tests at 1200°F (650°C). 


Tensile Tests 


All tensile tests were carried out on standard 0.505-inch diam- 
eter test specimens. The room temperature stress-strain data were 
obtained with SR-4 strain gages, while the elevated temperature test 
data were obtained by the use of a modified Martens type of optical 
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Fig. 7—Yield Stress Versus Temperature. 


Table I 
Summary of Tensile Test Data 
Prop. 0.2% % | Young’s Brinell 
Test Temp. Limit Yield Ult. Str. Elong.in % Mod. Hard- 
Material °F psi psi psi 2Inches R.A. psi xX 10° ness 
As-Cast 70 46,250 59,750 74,900 3.0 ae 25.00 245 
As-Cast 800 34,000 50,000 72,800 3.0 4.4 20.25 as 
As-Cast 900 28,000 42,000 51,000 1.0 ais 19.85 
As-Cast 1000 19,000 29,000 40,600 3.0 5.5 13.60 
As-Cast 1100 11,000 19,000 28,800 6.5 7.5 11.70 
As-Cast 1200 7,000 11,700 17,550 11.0 14.0 5.71 eae 
Part. Ann. 70 35,000 61,500 80,000 2.5 aed 25.00 216 
Part. Ann. 800 32,000 46,700 73,400 4.5 5.0 22.10 es 
Part. Ann. 900 20,500 37,700 48,200 3.0 3.0 19.55 
Part. Ann. 1000 14,000 28,000 41,100 3.5 4.5 14.70 
Part. Ann. 1100 7,000 19,200 27,300 6.0 6.0 12.45 
Part. Ann. 1200 4,000 11,000 14,900 11.0 11.0 5.70 eee 
Full Anneal 70 33,000 49,750 63,600 6.0 7.0 25.00 116 





extensometer. The sensitivity of measurement in both types is on 
the order of three millionths of an inch per inch. With minor ex- 
ceptions, the tests were carried out in accordance with the specifica- 
tions given in ASTM E-21-43 which governs the procedure to be 
used in making short-time tensile tests. 

Table I presents the pertinent data obtained or derived from 
this series of tensile tests. The various mechanical properties are 
plotted as functions of temperature in Figs. 6 to 9. For comparative 
purposes the similar data on carbon-molybdenum steel (1)* and 
carbon-killed steel (2) are included in‘these plots. 


1The figures appearing in parentheses pertain’ to the feferences appended to this paper. 








1953 


Elongation %ine 





NODULAR IRON AT ELEVATED TEMPERATURES 


N.1I. As-Cast 
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Fig. 8—Ultimate Strength Versus Temperature. 
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Fig. 9—Per Cent Elongation Versus Temperature. 
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Impact Tests 


Standard unnotched Charpy impact bars, 10 by 10 by 55 milli- 
meters, were made up for test purposes. The unnotched bars were 
used, since it has been found that this type of specimen is more sen- 
sitive to impact changes than the notched specimens. Tests were 
made at room temperature, 800, 1000 and 1200°F (425, 540 and 
650°C) on both the as-cast and on the partially annealed irons. 
The elevated temperature tests were made after exposure for 1, 100 
and 1000 hours in order to determine if structural instability would 
affect the impact strength. The tests were made on an Olsen ma- 


Partial Anneal 





Room 800 1000 1I200 Room 800 1000 -~=—s—«4200 
Fracture Temperature °F 


o | Hr.at Temp. 
0 100 Hr. at Temp. 
4 1000 Hr. at Temp. 


Fig. 10—Impact Strength Versus Temperature. 


chine set adjacent to the furnaces. The results of these tests are 
presented graphically in Fig. 10. Each point is the average impact 
strength of three specimens. 


Stress-Rupture Tests 


In order to obtain some measure of the load-carrying ability of 
the irons at elevated temperatures, stress-rupture data at 1200 °F 
(650 °C) were obtained. This is an extreme temperature for the 
irons, but for comparative purposes too high a temperature of test 
is preferable to too low a temperature, particularly in a material 
which is subject to a structural instability. 

The rupture tests were made on standard 0.505-inch diameter 
specimens in rupture machines designed for such purposes. The 
tests were conducted under conditions of constant load rather than 
constant stress. The results of these tests are presented in Table II 
and the stress-rupture cufves are given in Fig. 11. 
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Table Il 
Stress-Rupture Data at 1200°F (650°C) 
Frac. % . 
Stress Time Elong. in % Brinell 
Material psi hrs. 2 Inches R. A. Hardness 
Part. Ann. 14,900 STT 11.0 11.0 195 
Part. Ann. 8,500 $22 29.5 19.0 156 
Part. Ann. 6,000 13.7 13.0 11.5 142 
Part. Ann. 4,500 22.6 17.5 9.5 130 
Part. Ann. 3,000 284.4 19.0 73 126 
Part. Ann. 2,700 404.8 15.0 10.0 118 
Part. Ann. 2,400 1,272.0 15.0 17.2 120 
As-Cast 17,550 STT 11.0 14.0 212 
As-Cast 10,500 2.8 26.0 19.4 156 
As-Cast 9,800 7.0 12.0 16.0 160 
As-Cast 6,000 46.0 15.5 17.0 135 
As-Cast 4,900 38.0 5.7 7.5 152 
As-Cast -4,200 110.0 18.0 16.0 135 
As-Cast 3,020 830.0 8.0 5.0 135 
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Fig. 11—Stress-Rupture Curves at 1200 °F (650 °C). 


DiscussION OF RESULTS 


The data on the tensile properties of the nodular irons are some- 
what misleading. It would appear that the proportional limit and 
0.2% yield strerigths are considerably better than the same properties 
of the steels. While this is true, it should be realized that the nod- 
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ular irons are not stable and that if held for a sufficiently long time 
period, particularly at the higher temperatures, it would break down 
to graphite and ferrite and show a lower strength. None of the short- 
time tensile structures showed any indication of graphitization during 
this test, but specimens used to test impact strength and rupture 
strength did show this structural instability. 

The ductility of the material as measured by the per cent elon- 
gation in 2 inches is obviously lower than the similar values for the 
steels and appears to reach a minimum at 900°F (480°C). The 
room temperature ductility of this material is lower than the normal 
values for nodular irons, and this can be traced to the higher man- 
ganese and phosphorus content of the iron. Vennerholm et al (3) 
report that ductility is decreased if the manganese content exceeds 
0.30% or if the phosphorus content exceeds 0.04%. It is believed 
that the lower ductilities at the higher temperatures are traceable to 
this same cause. In any case a pearlitic matrix would not be ex- 
pected to show a great deal of ductility. The per cent reduction in 
area followed the same trend as that developed in the per cent elon- 
gation values. 

A metallographic examination of each of the fractures of the 
tensile specimens showed that failure was transcrystalline in nature. 
In the specimens that were partially annealed, the path of failure was 
through the ferrite network. 

The values of Young’s modulus as determined from the stress- 
strain data appear to decrease more rapidly with increasing tempera- 
ture than do similar data on steels (4). The values reported at 1200 
°F (650°C) are not of very high accuracy, due to the lack of suffi- 
cient points below the elastic limit on the stress-strain curve. 

The reproducibility of the tensile data was very good, since 
duplicate samples were run on both materials at a number of tem- 
peratures and gave very similar results. 

The impact tests were made for the purpose of determining 
whether the effect of temperature or structural instability would re- 
duce the strength to values that would make the material unsuitable 
for use at elevated temperatures. In all cases the impact strength 
of the material showed an increase over the room temperature values. 
Generally the values increased as the temperature of test was in- 
creased from 800 to 1200 °F (425 to 650 °C) and showed no mini- 
mum in the range of 900 to 1000°F (480 to 540°C) as do the 
carbon-molybdenum and carbon-kilied steel. Since these tests were 
on unnotched bars, the impact values should not be compared directly 
with the values obtained on steel notched bars. 

The time held at temperature did not seem to affect the impact 
strength of the as-cast material to any appreciable extent. This is 
somewhat surprising in yjew of the fact that the structures at the 
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Fig. 12—Fracture Structure, As-Cast Iron, 830 Hours at 1200 °F (650°C). Picral 
etch. X 250. 


end of the stated holding periods, particularly at 1200 °F (650°C), 
were different. The specimen held for 1 hour was pearlitic, the one 
held for 100 hours was mostly ferritic but did have same pearlite 
present, and the specimen held for 1000 hours was completely fer- 
ritic. The partially annealed specimens showed essentially the same 
impact strength as the as-cast material except that the specimens 
held for 1 hour at temperature did not show an increase in strength 
with an increase in temperature at the 1200 °F (650 °C) level. This 
was probably due to the ferritic network which did not have an 
opportunity to grow. 

Rupture data at 1200 °F (650 °C) are probably not of too much 
value from a design standpoint, but because the nodular iron even- 
tually reaches an equilibrium structure at this temperature it enables 
one to compare its properties with other materials. From the stress- 
rupture plots it is apparent that the partially annealed iron does not 
have the load-carrying ability of the as-cast iron, although the differ- 
ence is not great. There are two possible explanations for this be- 
havior: one is grain size and the other is the degree of structural 
instability. The prior heat treatment given the partially annealed 
iron refined the grain size and resulted in a weaker material. The 
prior treatment also produced a material which was relatively more 
unstable than the'as-cast structure and subsequent testing at 1200 °F 
(650 °C) allowed the structure to proceed more rapidly to its equi- 
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Fig. 13—Structure of As-Cast Iron Rupture Specimen, 2.8 Hours at 1200 °F 
(650 °C). Picral etch. X 100. 


Fig. 14—Structure of As-Cast Iron Rupture Specimen, 7 Hours at 1200 °F 
(650 °C). Picral etch. X 100. 


Fig. 15—Structure of As-Cast Iron Rupture Specimen, 830 Hours at 1200 °F 
(650 °C). Picral etch. X 100. 


librium during testing. Metallographic examination showed that 
both of these factors had influenced the results. 

General scaling at 1200°F (650°C) was severe in both con- 
ditions, but it was of a uniform type of attack with oxygen penetra- 
tion to the graphite nodules occurring to a minor extent. No inter- 
granular oxidation occurred, but failure was intergranular as is 
shown in Fig. 12. 


4 
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The structural instability that occurred in both conditions was 
the disappearance of the pearlite during testing at 1200 °F (650 °C). 
This occurred first in the areas surrounding the graphite nodules and 
was complete after 10 to 15 hours at temperature and under stress. 
Spheroidization of the pearlite did not occur prior to its diffusion and 
breakdown to ferrite and graphite. To indicate the process of this 
breakdown, several photomicrographs of the as-cast rupture speci- 
mens are shown in Figs. 13, 14 and 15. The rupture specimens had 
less pearlite remaining after exposure to temperature than the impact 
specimens held for the same time periods. This would indicate that 
the stress assists in the breakdown of the pearlite. This same struc- 
tural instability occurs at lower temperatures but not to the same 
degree, as could be-noted from examination of the impact specimens. 

The ductility of the materials under long-time exposure under 
stress showed considerable improvement over these same values as 
determined from the short-time tensile tests. This is due to the dis- 
appearance of the pearlitic matrix. There is some variability in the 
actual values of individual tests, but this is to be expected in a 
heterogeneous system. 


CoNCLUSIONS 


Except for ductility, the nodular iron tested has short-time ten- 
sile properties that are equal to or better than similar properties in 
carbon-molybdenum or carbon-kiiled steels. 

The high temperature impact strength of the nodular iron is 
better than the room temperature strength but is not as good as the 
steels. 

The stress-rupture strength at 1200 °F (650°C) is comparable 
to that obtainable in carbon-molybdenum or carbon-killed steels. 
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DISCUSSION 


Written Discussion: By R. E. Savage, metallurgist, Development and 
Research Division, The International Nickel Co., Inc., New York. 

The authors have presented an excellent as well as a very informative 
paper on the mechanical properties of ductile iron at elevated temperatures. 
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The data presented in this paper should do much to stimulate further re- 
search with ductile iron in the elevated temperature field of metallurgy. 

I should like to discuss the value given by the authors for the elonga- 
tion of fully annealed ductile iron at 70°F. The authors have shown the 
per cent elongation in 2 inches of the fully annealed ductile iron which they 
tested at 70°F to be 6.0%. This value is given in Table I, entitled “Sum- 
mary of Tensile Test Data”. This value is far below the average value 
normally obtained for annealed ductile iron. Large tonnages of ductile 
iron are currently being produced commercially. Extensive mechanical 
tests have been made on annealed ductile iron having the following range 
of chemical composition which includes the chemical composition of the 
ductile iron used in this investigation : 


Carbon Silicon Manganese Phosphorus Nickel 
Annealed Ductile Iron 3.3-3.8 2.2-2.8 0.25-0.75 0.10 max. 0.5—2.0 
The mechanical tests made at room temperature gave the following 
range of mechanical properties for the range of ductile iron chemical com- 
positions listed above: 


Tensile Strength Yield Point Elongation Brinell 
in psi in psi %in2Inches Hardness 
Annealed Ductile Iron 65—75,000 50—60,000 17-23% 140-180 


These data would indicate that there is some reason other than chem- 
ical composition which is responsible for the low value of elongation re- 
ported by the authors for the fully annealed ductile iron tested at room 
temperature. 

Since all test bars used in this investigation were machined from the 
same billet of ductile iron, it is quite possible that the billet was not com- 
posed of sound metal throughout its entire length. If internal porosity 
or shrinkage is present in certain areas of the billet, it would undoubtedly 
be a contributing factor to the low value of elongation of annealed ductile 
iron at room temperature as reported by the authors. Elongation is one 
of the mechanical properties which is greatly affected by small amounts 
of internal shrinkage. 

Written Discussion: By Harry Majors, Jr., California Research and 
Development Co., Livermore, Calif. 

This paper is a welcome addition to our increasing knowledge on the 
properties of nodular cast iron. As time goes by, the need will increase 
for a more systematic method of obtaining properties of new materials for 
evaluation in engineering design. 

At room temperature the optimum properties of nodular nickel iron 
are obtained with this approximate chemical composition in the as-cast 
condition: carbon, 3.25 to 3.5%; silicon, 2.0%; manganese, 0.42 to 0.80%; 
phosphorus, 0.10% ; nickel, 1.58 to 1.95%; magnesium, 0.07 to 0.10%. 

Would the authors hazard a guess if such a composition is beneficial 
for optimum properties at elevated temperatures? 

What is the influence of the nickel addition upon the elevated temper- 
ature properties? 

Written Discussion: By Charles R. Wilks, metallurgist, American 
Brake Shoe Co., Mahwah, N. J. 

With little previously published information on the properties of 
nodular irons at elevated temperatures, this paper, reporting exploratory 
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studies, should serve to stimulate further work along similar lines. 

American Brake Shoe Co. has in progress a testing program to obtain 
creep and stress-rupture properties of ferritic, pearlitic, and austenitic 
nodular irons in the temperature range of 600 to 1000°F. A technical 
paper on this work is planned for next year. 

The stress-rupture properties reported by the authors appear consist- 
ent with those which we have obtained, when due consideration is given 
to the markedly higher hot strength of pearlite in contrast to ferrite where 
temperatures are sufficiently low and/or rupture times sufficiently short 
that the pearlitic matrix remains essentially stable and graphitization is 
negligible. Under such conditions, a partially annealed (i.e. partly pearl- 
itic, partly ferritic) nodular iron would be expected to be stronger than a 
fully annealed or ferritic type, but weaker than a fully pearlitic grade. 
This is confirmed by comparison of short-term rupture strengths (such as 
the stresses to produce rupture in 10 hours or less), although little more 
than qualitative comparisons can be made because of the necessity of 
extended extrapolation of our test data to the higher temperature used 
by the authors. 

Consideration of 100-hour and 1000-hour rupture strengths of their 
partially annealed and our fully ferritic material, the latter by extrapola- 
tion, suggests however that the time required to reach the equilibrium con- 
dition completely, the result of complete graphitization of any pearlite 
present initially, may extend well beyond the 10 to 15 hours indicated by 
the authors on the basis of metallographic examination. The 100-hour 
rupture strength of the partially annealed material is still very much higher 
than we estimate would obtain for a fully annealed grade, although the 
difference is not as great as prevailed in the 10-hour rupture strengths. 
The 1000-hour rupture strengths, however, are essentially comparable, the 
extrapolated value for our fully annealed type being only slightly lower 
than that indicated for the partially annealed material. A growth test at 
1200 °F to show the progress of graphitization would be extremely en- 
lightening, provided that oxidation does not becloud the issue. 

Graphitization proceeds more slowly of course at 1000 °F as compared 
to 1200°F. Only the most incipient stages of breakdown of the pearlite 
were evident in a stress-rupture specimen which fractured in 12.8 hours 
(and, in addition, was at temperature for 28 hours before loading). After 
an 1800-hour creep test on a companion specimen, however, the matrix 
was substantially ferritic. A 1000 °F growth test now in progress suggests 
that graphitization will be nearly complete in 1200 to 1400 hours. 

The progressive weakening effect of this graphitization on the hot 
strength of pearlitic nodular iron is noteworthy. Comparison of pearlitic 
and ferritic nodular iron [both heat treated at 1650 °F, the former normal- 
ized (air-cooled) and the latter annealed (slow furnace cool with arrest at 
1300 °F), so that comparable ferritic grain sizes should obtain in both con- 
ditions] showed that at the higher stresses associated with short fracture 
times (less than 24 hours), the pearlitic matrix persists and is markedly 
stronger than the ferritic material. Where there is sufficient time for 
graphitization to be effectively completed such as occurred in the lower- 
Stress creep test that was discontinued after 1800 hours, the second-stage 
or minimum creep rate for the originally pearlitic grade differs only slightly 
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from that which obtains at the same stress for the grade which was ferritic 
at the start of the test. Graphically, there is a marked departure from 
linearity in the stress-rate plot for the pearlitic grade, and none for the 
ferritic grade. Tests are now in progress to substantiate the present indi- 
cations that at stresses which will produce rates of the order of 0.0001% 
per hour (the basis of the customary limiting creep strength values), there 
will be no significant difference in the strength of the two grades. 

At 800 °F, graphitization would be expected to proceed at a very slow 
rate. No evidence of graphitization was observed in a pearlitic specimen 
that was creep-tested at 800 °F for 1561 hours. 


Authors’ Reply 


The authors would like to thank those who have so kindly contributed 
to the discussion of this paper. 

Mr. Savage does have a point in that the ductility of the fully an- 
nealed iron is considerably less than values on such irons that have been 
published. On the other hand one of the larger commercial producers of 
this material has made a practice of casting test bars with each heat of 
this material and testing these bars in the as-cast and as the completely 
annealed material. His results show considerably lower values for ductil- 
ity than those reported by Mr. Savage and are in line with the value we 
have reported. In the foundry tests, as well as in ours, internal shrinkage 
may have been a factor since the samples were not examined in a detailed 
fashion for this defect. : 

In answer to Mr. Majors’ question the authors would say that in this 
material, as is the case with steels, the composition is only one of the 
many variables that might affect the high temperature strength. Generally 
one would not expect to find that an analysis which yields optimum prop- 
erties at one temperature level would also yield optimum properties at 
other levels; particularly if there is an appreciable difference between the 
two temperatures. On the basis of our knowledge of the behavior of nickel 
in steels we would say that nickel is a ferrite strengthener at elevated 
temperatures but in these nodular irons it also assists in the breakdown 
of the carbide and from this standpoint it undoubtedly weakens the iron to 
the extent that this occurs. 

The comments and data of Mr. Wilks are very welcome and the au- 
thors are looking forward to the publication of what is obviously a more 
extensive investigation than they attempted. 





HARDNESS OF VARIOUS STEELS AT ELEVATED 
TEMPERATURES 


By F. Garorato, P. R. MALENocK AND G. V. SMITH 
Abstract 


A hot hardness tester of the static loading type is de- 
scribed and the testing techniques developed are discussed. 
A number of different steels, including various types of 
18 Cr—8 Ni stainless, plain carbon steels and an 8 Cr— 
1 Mo steel, have been tested at temperatures ranging from 
room temperature to 1500 °F. The results appear to indi- 
cate a general relation between hot hardness and creep- or 
creep-rupture strength, which, to a first approximation, is 
independent of structure or test temperature. A similar 
relation is observed between hot hardness and the ultimate 
tensile strength in short-time hot tensile tests. 


ITH the ever-increasing demand for alloys to withstand 
higher and higher temperatures there exists a need for rapid, 
inexpensive tests to provide some indication of the probable mechan- 
ical properties and, under certain conditions, the performance of 
various materials at elevated temperatures. One such important prop- 
erty is hot hardness. The test methods which have been employed 
in determining hot hardness may be classified into two types, static 
and dynamic. The most important differences between these two types 
are rate of loading and duration of full load. In the dynamic test the 
loading is of impact nature and of extremely short duration, whereas 
in the static test, loading is much slower and the duration is at least 
of the order of seconds. Since the mechanical behavior of metals in 
the plastic range at elevated temperatures is greatly affected by the 
rate and duration of loading, it is not surprising that no correlation 
is found between results of these two methods. 

Since the beginning of the century a great deal of work has been 
done on the hot hardness of various alloys (1-10)!; however, a great 
deal of confusion has arisen because of lack of standardization of 
equipment or testing techniques. Little or no standardization has been 
achieved in dynamic hot hardness testing and it becomes impossible 
to correlate results of different dynamic hardness testers. A certain 
degree of standardization is evident in recent years among test meth- 
ods of the static loading type. 

‘ ‘The figures appearing in parentheses pertain to the references appended to this paper. 


ile paper presented before the Thirty-fourth Annual Convention of the So- 

ciety, held in Philadelphia, October 18 to 24, 1952. The authors, F. Garofalo, 
P. R. Malenock and G. V. Smith, are associated with the Research Laboratory, 
United States Steel Co., Kearny, N. J. Manuscript received April 10, 1952. 
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Various refinements in determining hot hardness by the static 
loading method have been made since the early work of Brinell (1), 
in which the specimen was heated to the desired temperature and 
tested in a hardness tester whose indenter and anvil remained at room 
temperature. Large errors were undoubtedly introduced in the results 
obtained in this manner, since the sample was not only chilled in the 
contact area by the indenter but also lost heat to its surroundings. By 
heating both sample and indenter, these errors have been minimized ; 
however, other difficulties, such as softening and scaling of the .in- 
denter, have been encountered. Tungsten carbide balls or Vickers- 
type diamond indenters have been found to give satisfactory service 
under certain conditions, while scaling of the sample has been mini- 
mized by testing under vacuum (9) or inert atmosphere (8). 

Although these refinements make it possible to determine hot 
hardness with essentially the same accuracy and degree of repro- 
ducibility as in room temperature hardness testing (8, 9), it should 
be noted that further standardization is needed, especially concerning 
the duration of load application (14). 


APPARATUS 


The present apparatus enables the determination of the hot hard- 
ness of metals by heating both specimen and indenter? to the desired 
temperature in a virtually inert atmosphere, and by means of an auto- 
matic mechanism applying a deadweight load onto the indenter while 
in contact with the specimen. Following the loading cycle of fixed 
duration, the load is removed automatically. By rotating the cylin- 
drical specimen after each loading and unloading cycle a number of 
impressions (maximum of 18) can be made at temperature while 
preserving the inert atmosphere. Following cooling to room tem- 
perature and removing the specimen from the apparatus, the hardness 
is measured as in the standard Vickers test. A photograph of the 
apparatus is shown in Fig. la and a schematic diagram in Fig. 1b. 

The screw jack assembly, Fig. 1b, has a coarse adjustment which 
serves to elevate the rotating stage and anvil supporting the specimen 
until the liquid metal* seal is formed at the lower end of the furnace 
tube. The fine adjustment elevates the specimen into testing position. 
The anvil is seated in the top of the screw jack assembly with its 
center of rotation slightly ofset from the axis of the screw jacks. 
Since the indenter is aligned with the axis of the screw jacks, a series 
of impressions can be made on the specimen about its center by 
rotating the stage. 


2A standard Vickers-t diamond indenter mounted with a high temperature binding 


y 
agent was used initially, but was replaced, for reasons discussed later, by a sapphire 
indenter of the same type. 
8Cerrolow, melting point 117 °F (see Metals Handbook, 1948 Edition, page 744), is used 
as the seal for test temperatures abeve 700 °F. Below this temperature mercury is used. 
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Fig. 1a—Photograph of Hot Hardness Tester 
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Fig. 1b—Schematic Sketch of Hardness Tester Shown in Fig. 1a. 
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The furnace utilizes a nichrome heating element wound about an 
alundum tube making up the core of the furnace or test chamber. 
Sil-o-cel is used as an insulating medium between heating unit and 
outer shell. A control thermocouple is located in a groove on the 
side of the alundum tube with its outlet through the top end plate of 
the furnace shell. Two stainless steel fins mounted above the furnace 
protect the loading mechanism and penetration indicator from undue 
radiation. The test chamber is attached to the indenter stem through 
a flexible bellows, which permits transmission of the load, without 
significant loss, to the specimen while preserving the atmosphere 
within the test chamber. 

A virtually inert atmosphere (98% helium and 2% hydrogen) 
is employed in combination with a titanium “getter” immediately sur- 
rounding the specimen. The mixture enters the heating chamber at an 
inlet above the bellows after leaving the purification train, which con- 
sists of an Ascarite* tower for removal of CO,, a furnace heated tube 
(held at 915 °F) containing copper gauze, and a dehydrating tower 
of P,O,. A flow meter which precedes the purification train indicates 
the rate of flow of gas entering the purification train. The small 
amount of hydrogen and the titanium “getter” were added because it 
was not possible otherwise consistently to preserve a bright surface 
on stainless steel, especially at lower test temperatures. The temper 
film of oxide that formed in the absence of hydrogen and titanium was, 
however, probably too thin to affect hardness, as judged from the 
absence of any difference in hardness at room temperature with and 
without such a film. It is believed that the small amount of hydrogen 
exerts no deleterious effect, except possibly on carbon steel at higher 
temperatures than that tested. It should also be noted that purified 
tank helium without added hydrogen or a titanium “getter” was 
sufficient to preserve a bright surface on plain carbon steel. 

The electrically actuated loading mechanism permits a loading 
and unloading cycle of 1 minute each, total load on the specimen be- 
ing applied for approximately 114 minutes. On depressing the starter- 
switch the timing control cam is set in motion, applying the load 
through a lever system which removes the knife-edge support from 
the loading yoke. Total load includes the weights on the loading pans 
as well as the weight of the housing assembly of the indenter and is 
applied directly onto the indenter stem. The penetration depth indi- 
cator is incorporated into the apparatus to determine when the in- 
denter has contacted the specimen, and to serve as a qualitative eval- 
uation of hardness change at temperature. 


Test PROCEDURE 


The cylindrical test specimens are 4 inch in length and 7/16 to 
*NaOH deposited on asbestos particles. 
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10/16 inch in diameter with a center hole (3/16 inch in diameter 
and 6/16 inch deep) for anchoring over the anvil pin. The test 
surface of each specimen is polished by accepted metallographic tech- 
niques to a degree suitable for microscopic examination. The test 
surface is maintained parallel to the base throughout the polishing 
operation. 

Following the surface preparation, three impressions are made 
with the hot hardness tester at room temperature, the diagonals 
measyred with the standard Vickers optical measuring unit, and three 
additional impressions, for purposes of comparison, are made with 
the standard Vickers hardness machine having a loading time of % 
minute. These impressions are made at approximately the same dis- 
tance from the center of the specimen as those made with the hot 
hardness tester. The scatter of measurements of the hot hardness 
tester is about the same as for the Vickers at room temperature, and 
somewhat less, numerically, at elevated temperatures. The specimen 
is then positioned on the anvil of the hot hardness tester and a 
thermocouple spot-welded to the test surface at a point along the arc 
formed by the room temperature impressions. This thermocouple is 
set in a groove in the anvil stem and emerges from beneath the liquid 
metal seal cup. A slit titanium tube, 54 inch in length and 11/16 
inch inside diameter, is placed about the specimen, effectively serv- 
ing as a “getter” for any residual oxygen remaining in the system. 
The anvil assembly, which includes the liquid metal seal cup and 
rotating stage, is then positioned in the recessed screw block and when 
using Cerrolow in the seal cup this alloy is melted by external heat- 
ing with a small resistance furnace before the anvil is raised by means 
of the coarse adjustment screw. For tests above 700 °F (370 °C) the 
Cerrolow alloy remains liquid during test as a result of heat flow 
along the anvil. 

The furnace chamber is flushed with purified gas mixture for 
several hours and the furnace heated to the desired temperature. The 
specimen is held at temperature for approximately % hour before 
any impressions are made. 

Following temperature stabilization the anvil is raised by means 
of the fine adjustment screw until the depth gage indicates (by 0.0001- 
inch motion) contact between specimen and indenter. The initial im- 
pression is then made without further adjustments by depressing the 
starter-switch. To maintain the desired distance between impressions 
(minimum distance usually given as 2% times the diagonal of an 
impression) (11) when testing at room or elevated temperature, the 
stage, which is indexed with numbered positions from 0 to 24 over 
360°, is rotated a fixed amount after each impression. Following the 
first impression the anvil is lowered, usually by one or more turns on 
the fine adjustment screw, the stage turned to the new position and 
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3 Table | 
Description of 18 Cr-8 Ni Austenitic Stainless Steels 
Composition—(Per Cent)* 
Other 
Code Type Heat Treatment © Mn P Ss Si Ni Cr Elements 
Al 18-8 (304L) 
Low C 1900 °F-\% hr.-W.Q. 0.030 0.65 0.010 0.019 0.54 10.22 19.50. ....... 
18-8 (304) 1900 °F-\% hr.-W.Q. 0.050 0.28 0.015 0.009 0.44 10.12 18.38 ....... 
18-8 (304) 
Low C, High N 1900 °F-44 hr.-W.Q. 0.030 1.48 0.018 0.024 0.67 7.14 19.38 0.15 N 
A4 18-8-Mo (316L) 
Low 2000 °F-—% hr.-W.Q. 0.030 1.50 0.013 0.027 0.34 10.70 17.46 2.20 Mo 
AS 18-8-Mo (316) 2000 °F-% hr.-W.Q. 0.090 1.63 0.017 0.014 0.37 12.47 17.76 2.55 Mo 
A6 18-8-Mo-Cb 2000 °F-% hr.-W.Q. 0.050 0.77 0.018 0.006 0.36 14.19 18.50 ; = _ 
A7 18-8-Ti (321) 1950°F-% hr.-W.Q., 
or 1900°F-% hr.-A.C. 0.050 0.53 0.017 0.010 0.41 10.81 17.61 0.42 Ti 
A8 18-8-Ti (321) 1950°F-\% hr.-W.Q. 0.085 0.48 0.012 0.097 0.61 11.28 18.50 ae ee 
0.1 u 
A9 18-8-Ti (321) 1950°F-% hr.-W.Q. 0.049 0.56 0.022 0.008 0.50 11.21 18.21 :.-? a 
7 u 
\10 18-8-Cb (347) 1950°F-\% hr.-W.Q. 0.080 1.27 0.015 0.009 0.61 10.83 18.04 0.69 Cb 
\11 18-8-Cb (347) 1950°F-\% hr.-W.Q. 0.060 1.61 0.016 0.006 0.57 11.10 18.12 0.78 Cb 





*Check analysis on all except Steel A8. 


the procedure repeated until at least seven impressions are made. In 
all tests a 10-kilogram load is used at room temperature and a 5- 
kilogram load at elevated temperatures. The temperature, measured 
before and during each loading, has not been observed to vary more 
than 5° during a series at any temperature up to 1500 °F. 

After completion of all impressions the specimen is allowed to 
cool to approximately 250 °F; when using Cerrolow in the seal cup 
it has now solidified and is remelted before the specimen is removed 
from the apparatus. The diagonals of each impression made at tem- 
perature are then measured with the standard Vickers optical measur- 
ing unit and an average diamond pyramid hardness computed. Very 
little error is encountered because of thermal contraction of the 

diagonals in cooling from test temperature to room temperature (9). 
It is, of course, possible to maintain a specimen at elevated tem- 
perature for an extended period, measuring the hardness at intervals. 





MATERIALS 
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The chemical composition and type of all test steels are given in 
Tables I and II. The particular heat treatment for each of the 
austenitic steels is given in Table I. These steels were annealed in the 
range 1900 to 2000 °F (1040 to 1095 °C) for % hour followed by 
water quenching except for Steel A7 which was also tested after air 
cooling from 1900 °F (1040 °C). The plain carbon steels were nor- 
malized by heating to 1650 °F (900°C) for % hour and cooling in 
air, whereas the 8 Cr—1 Mo steel (Table II) was cooled from 1700 
°F (925 °C) at a rate of 50 °F per hour. 


Tey 
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Table Il 
Description of Ferritic Steels 


Composition—(Per Cent) * 








Other Main Deoxidizer» 


Code Type Cc Mn P S Si Al Als; N Elements Lb. per Ton 
Bi Capped } 
open-hearth 6.07 ‘@:435 @.008: Bite “Oe ecdeescees. ES © |e wix'e wie None 
B2 Capped 
Bessemer 6.06 0.36 O00 O:00r C.008 ssi mr Re eee” > csvwas None 
B3 Si-Ti killed 
open-hearth 0.19 0.47 0.009 0.028 0.18 0.005 0.002 "0.006 0.002 Ti 10 FeSi, 6 FeCTi 
B4 Si-Al-Ti killed 10 FeSi, 4 FeCTi, 
open-hearth 0.16 0.48 0.008 0.022 0.20 0.004 0.002 0.005 0.003 Ti 0.5 Al | 
BS Si-Al killed 
open-hearth 0.15 0.47 0.011 0.023 0.19 0.007 0.003 0.006 0.001 Ti 10 FeSi, 1 Al ’ 
B6 Si-Al killed 
open-hearth 0.24 0.86 0.013 0.021 0.023 0.033. ..... SOS oc cs bwe 8.4 FeSi, 1.8 A! 
B7 Si-Al killed 
open-hearth 0.16 0.51 0.013 0.020 0.16 0.035 0.006 0.009 ....... 7 FeSi, 2 Al 
B8 Si killed 
open-hearth 0.27 0.52 0.016 0.025 0.22 0.006 ..... a. ns wee ane 7.7 FeSi 
B9 Si-Al killed 
Bessemer 0.14 0.54 0.074 0.022 0.18 0.025 ..... SE ao) wn Ghee 6.8 FeSi, 3.4 A! 
B10 _~——Si-Al killed 
Bessemer 0.13 0.48 0.087 0.029 0.21 Gee Saas Dee bbe eave 10 FeSi, 3 Al 
Bli__— Si-Al killed 
Bessemer 0.15 0.46 0.088 0.018 0.22 O.ee @.0068: @.088 © cs cccce 10 FeSi, 2.5 4 
Bi2~ Al killed 
Bessemer 0.18 0.51 0.077 0.022 90.03 Edna uin ee. woes 3.4 Al 
8% Cr- ie Cr 
B13 1% Mo S. BO: ae ee ee SE ve vara ke Uses. cheeea 1.06 Mo 


Check analysis on all steels; absence of value indicates no determination made. 
FeSi refers to ferrosilicon; FeCTi refers to ferrocarbon-titanium; Al to aluminum. 


oP 


Hardness tests at 1100, 1300 and 1500 °F (595, 705 and 815 °C) 
were made on the series of eleven quenched austenitic stainless steels 
described in Table I; Steel A7 from this series was also cooled in air 
from 1900 °F (1040 °C) and tested at 400, 700, 900, 1100, 1300 and 
1500 °F (205, 370, 480, 595, 785 and 815 °C). The series of twelve 
plain carbon steels described in Table II was tested at 850 °F 
(455 °C). Steels B7 and B12 were tested also at 300, 400, 500 and . 
700 °F (150, 205, 260 and 370 °C). The 8 Cr—1 Mo Steel B13 was | 
tested at 300, 500, 800, 1000, 1200 and 1400 °F (150, 260, 425, 540, ) 
650 and 760°C). A separate specimen was used for each tem- 
perature. 


HARDNESS TESTING AT Room TEMPERATURE 


As mentioned previously, the hardness of all specimens tested at 
elevated temperatures was determined initially at room temperature 
on both the hot hardness tester and Vickers hardness machine. These 
room temperature tests led to some interesting observations. 

Influence of Specimen Preparation—In a number of initial tests 
on austenitic stainless steels it was found that the hardness depends 
to a great extent on the machining operations preceding the metallo- 
graphic polish, even when the polished surface seemingly is free of 
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any disturbed metal layer. For example, when a specimen is cut with 
a band saw and the test surface faced in a lathe, the hardness after 
polishing is usually greater than when a similar specimen is first 
sectioned with a cut-off wheel and surface ground before polishing. 
Differences up to 60 DPH have been observed in some cases. Stain- 
less steels of the 18-8 type are known to harden very readily upon 
straining and therefore it is not surprising that rough machining causes 
strain hardening in these steels to an appreciable depth. Other metals 


Hardness — DPH (lO kg.) 





Oo 4 8 2 16 20 24 28 
Depth Beneath Root of Machining Marks 
(10-2mm.) 


Fig. 2—Variation of Hardness of Steel A9 (Type 
321) With Depth Beneath Root of Machining Marks 
Following Rough Machining of Test Surface. 


behave in a similar manner (12) except perhaps in degree or depth 
of strain hardening. 

Fig. 2 gives some indication of the effect of machining on hard- 
ness of an austenitic stainless steel. In this case a specimen of Steel 
A9 (Type 321) was cut with a band saw, faced in a lathe and the 
test surface ground on a lead lap until all machining marks were no 
longer visible. The sample was then alternately polished and etched 
several times and upon examination, following the final etch, no trace 
of a disturbed metal layer was observed. Hardness impressions made 
on the surface, using the Vickers hardness tester, resulted in hardness 
values for a surface just beneath the root of the machining marks. 
The average of these values is shown as the first experimental point 
in Fig. 2. The specimen was then ground on lead laps, polished, and 
etched a number of times until the additional points shown in Fig. 2 


Sa : Peete a 
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were obtained. Each point on this graph represents the average of 
three hardness values. After each polishing operation, but before 
etching the sample, the diagonals of the previous impressions were 
measured and the thickness of the metal layer removed was then 
computed from the relation: d=0.143 (D,; — De), where d is the 
thickness removed, D, the average diagonal before grinding and D» 
the average diagonal after grinding. The depth beneath the root of 
the machining marks is then the cumulative sum of d. 

The results in Fig. 2 show that approximately 20 x 10° mm. 
(0.008 inch) of material must be removed beyond the root of the 
deepest machining mark before the true hardness of the material is 
obtained. The importance of this factor in relation to hot hardness 
testing is that the hardness at temperature is also affected by prior 
machining operations, although not to as marked degree as at room 
temperature. 

In view of these observations, all austenitic stainless steel speci- 
mens for hot hardness testing are first sectioned with a cut-off wheel 
and then surface ground before polishing. The test surface is alter- 
nately ground on lead laps, polished and etched several times until 
the room temperature hardness is found to remain essentially con- 
stant. In the case of ferritic steels it was found that the depth of 
hardening is not as great as in austenitic stainless steels; thus it was 
not necessary to surface grind the test surface of ferritic steels, but 
the machined surface is alternately ground on lead laps and polished 
several times until the hardness is found to remain at essentially a 
constant level. 

Influence of Duration of Loading—A second observation of some 
interest is the finding that the room temperature hardness determined 
on the Vickers hardness machine is usually greater (see Tables III 
and V) than the room temperature hardness determined for the same 
specimen by means of the hot hardness tester. This difference is par- 
ticularly noticeable in the austenitic stainless steels. Since the dura- 
tion of full load in the hot hardness tester (114 minutes) is greater 
than in the Vickers hardness tester (% minute), this behavior is 
attributed to the greater amount of creep which may occur during the 
longer time of loading in the hot hardness tester (13). Since creep 
results in a larger impression, an apparent lower hardness value is 
observed. 

The effect of time of loading on hardness at room temperature is 
illustrated for one austenitic steel (Type 321) in Fig. 3. The hot 
hardness tester was used, since it is possible to vary the time of load- 
ing within wide limits by merely stopping and starting the actuating 
mechanism of the tester at predetermined time intervals. 

Curves I and II in Fig. 3 show the effect of loading time on two 
specimens of the same steel. In both of these samples, following 
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Table Ill 
Hardness of 18 Cr-8 Ni Stainless Steels at 75, 1100, 1300 and 1500 °F 





(Average of Seven Measurements) 


Room Temperature Hardness Hardness Hardness 
Hardness—DPH (10 kg.) at1100°F at1300°F at 1500°F 
Speci- Vickers Hot Hardness 


Code Type men Machine Tester DPH (5 kg.) DPH (5 kg.) DPH (5 kg.) 
Al 18-8 (304) 1 143 140 84.6 a a 
Al Low C 2 145 140 ache 64.5 ore 
Bee i vance a tins wh 3 139 136 bas pikes 37.2 
A2 18-8 (304) 1 134 131 76.4 5 asia 

DE Se. ai oid GRE bin wo 2 133 131 uae 65 5 ee 
ae: eebaawchae <a 3 141 136 shaw ees 43.1 
A3 18-8 (304) i 177 172 92.1 5 arte : 
A3 LowC 2 173 165 gies 77.5 Sates 
A3 High N 3 178 174 Sia iad 51.2 
A4 18-8-Mo (316) 1 i135 133 82.6 xcs 

A4 Low C 2 142 140 ue < 74.3 Kae 
ee c Seeatean es Res 3 143 136 kien es 48.5 
AS 18-8-Mo (316) 1 148 146 94.7 ee 

OMAR. ida e Sart aes 2 147 143 Ale 83.4 wh ae 
Bd inte cal 3 144 135 eee wie 57.6 
A6 18-8-Mo-Cb 1 162 161 111 itis 850 

| ES Fe ee ee 2 163 161 ee 96.1 ee 
Re: ato vie ess 3 158 156 es a itn 57 
A7 18-8-Ti (321)* 1 145 144 90.7 haa 

DP i Fixes bee oes o 2 146 140 sain a 72.9 ahha 
Bee ca Se ck eee 3 142 138 gir sia 46 
A8 18-8-Ti (321) 1 149 148 98.4 a 

Be? Gaede cennwe 2 144 143 nies 7.1 Be ais 
Be: s cuban sys 3 151 139 dail oR 48.1 
A9 18-8-Ti (321) 1 142 135 100.5 é%é% 

AD =Vicaeedwries 2 137 133 oat 79.7 lene ta 
AP. LG pe uh ace 3 140 138 pe ees 60.7 
A10 18-8-Cb (347) 1 186 181 i11 ae i. 
SOE bites) aco ch ata oon 2 189 182 te 91.4 oh as 
AG once essa an 3 183 173 Sg dice ones 53 
All 18-8-Cb (347) 1 165 162 105 ierel 

| SS ie oo Peers ee 2 163 162 ie 83.6 ance 
Rae 345 ce ives i 3 161 160 cei. overs 49.1 


*Water-quenched from 1950°F. 


facing on a lathe, enough material was removed by grinding on lead 
laps so that the test surface was just beneath the root of the deepest 
machining mark. The difference in the hardness level in the two 
curves is a result possibly of differences in amount of material re- 
moved during the grinding operation. The test results for Curves I 
and IT show that for the same time of loading (% minute) the Vickers 
tester and hot hardness tester give essentially the same hardness 
values ; however, as the time of loading is increased, a sharp drop in 
the hardness is observed before levelling-off at about 114 minutes. 
Thus an appreciable difference is found between the Vickers tester, 
employing a loading time of 4% minute, and the hot hardness tester, 
employing a loading time of 114 minutes. 

By further polishing the above two samples until considerable 
material was removed from the test surface, an appreciable drop in 
hardness resulted and in addition the hardness of the two samples for 
the various loading times was similar. These results for both samples 
are shown as Curve III. Again in this case, the Vickers and hot 
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Test Procedure 


Specimen A 
e@- Hot Hard. Tester - Test Surface Just Beneath 
Mochining Morks 
©- Vickers Machine- Test Surface Just Beneath 
Machining Marks 
Specimen B 
4 - Hot Hard. Tester - Test Surface Just Beneath 
Machining Marks 
4-Vickers Machine - Test Surface Justi Beneath 
Machining Marks 
Specimen A 
@ — Hot Hard. Tester - After Complete Removal of 
Deformed Layer 
O-Vickers Machine - After Complete Removal of 
Deformed Layer 
Specimen B 
@ - Hot Hoard. Tester - After Complete Removal of | ' 
Deformed Layer 
&- Vickers Machine- After Complete Removal of 
Deformed Layer 


Hardness - DPH (IOkg.) 





Time Interval Under Full Load - Minutes 


Fig. 3—Variation of Hardness With Time of Loading at 
Room Temperature, Steel A9 (Type 321). 


hardness testers give similar values for the same loading time, but as 
the loading time is increased the hardness drops sharply before level- 
ling-off. It should be noted that in this instance the drop is approxi- 
mately half of that shown in Curves I and II which occurred before 
removal of the strain hardened metal layer. Apparently this layer not 
only affects the hardness level at room temperature but also tends 
to magnify the effect of time of loading. It would seem that further 
standardization of hardness testing for improved precision not only 


i 
i 
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at elevated temperature but also at room temperature is indicated. 
The time of loading for room temperature testing should be constant 
for all testers, and, as indicated from the results reported here, to be 
free from the effect of loading times of short duration for loads of 5 
or 10 kilograms, should be of the order of 2 minutes. At elevated 
temperature the problem is more complex, since the loading time, to 
be within the level part of the curve, is known to vary with tempera- 
ture and material (14). Thus a constant loading time might not be 
adequate for a number of materials and test temperatures. Further 
work on this phase of hot hardness testing is indicated. Further 
standardization for both room and elevated temperature testing should 
also be concerned with the adoption of an accepted procedure for sur- 
face preparation, especially in the case of materials which strain harden 
readily. 

A similar study of several ferritic alloys in the range of hardness 
of 100 to 200 DPH showed only a slight dependence of hardness on 
testing time. Within this range, the hardness for a loading time of 
4 minute did not exceed by more than 7 DPH numbers the hardness 
for a loading time of up to 8 minutes. 


HARDNESS TESTING AT ELEVATED TEMPERATURES 


Steels Al to All, which include various types of 18 Cr—8 Ni 
stainless steels, were tested at 1100, 1300 and 1500 °F (595, 705 and 
815 °C). The test results are given in Table III. These results show 
that the hardness of the test steels at each of the three test tem- 
peratures covers a considerable range. The results for Steel A7 when 
air-cooled from 1900 °F (1040 °C) are included in Table IV. 

The initial tests on these steels at elevated temperatures were 
made with a regular Vickers-type diamond indenter cemented to its 
holder with a special high temperature binding material. The diamond 
indenter gave adequate service at 1100 and 1300 °F (595 and 705 °C), 
but not at 1500 °F (815 °C), where, after a dozen or so impressions, 
the portion of the indenter tip which penetrated the test material began 
to show signs of disintegration. The indenter tip seemingly dissolved 
away, leaving an irregular or jagged, truncated surface. It is very 
likely that the large affinity of chromium-rich austenite for carbon 
favored diffusion of carbon from the indenter to the metal in the area 
of contact. Evidently, the effect of the factors influencing this type 
of diffusion was minimized by lowering the temperature to 1300 or 
1100 °F (705 or 595°C) where no visible attack resulted. 

Various attempts to prevent direct contact between the diamond 
indenter and test material by electrodepositing on the surface a layer 
of copper on which was superimposed a silver flash coating, or cover- 
ing of the test surface with gold foil, were not successful. The in- 
denter penetrated both silver and copper coatings, while the gold foil 
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Table IV 


Hardness of Various Ferritic and Austenitic Stainless Steels at Temperatures 
Between 75 and 1500 °F 


(Average of at Least Seven Measurements) 





Hardness—D PH*—_-____-—---_--~ 

—_— ee Stelll eilntinnilisnn mil: hiaibccnsipsigien, 
Temperature, °F A7t A 10 B7 B il B 13 
75 154 179 123 143 144 
300 ce ee 113 146 132 
400 125 jie 124 156 mo 
500 ate’ cae 114 154 119 
700 109 5 102 130 od 
800 ies ak vais eis 107 
850 as oe 80.3 105 ae 

1000 aie coll a ga 88.6 
1100 93.7 111 sheets antics eis 

1200 bed ca ice Pe 49.2 
1300 70.5 91.4 Pad ag éace 

1400 : pint ae esi 20.3 
1500 44.7 53 . Cee 





a Fag load was used at temperatures except at 75°F when a 10-kilogram load 
was used. 
tAir-cooled from 1900 °F, 


broke up into small particles, offering little protection to the diamond 
indenter. 

Failure of these attempts led to the adoption of a sapphire in- 
denter. The first indenter of this type gave indications, after several 
test runs at 1500 °F (815 °C), of developing in the region of the tip 
striations or faults which were oriented in a direction favorable to a 
high resolved shear stress. The regularity of these faults suggested 
the possibility of their being along certain crystallographic planes, 
perhaps parallel to the basal or cleavage planes®. In a second sapphire 
indenter the basal planes of the crystal were found, from X-ray dif- 
fraction, to be inclined between 42 and 49 degrees to the base of the 
pyramid, an orientation for which the resolved shear stress is at its 
maximum. All tests on the austenitic steels at 1100, 1300 and 1500 °F 
(595, 705 and 815°C) were made with this indenter without any 
development of striations or faults despite the apparently unfavorable 
orientation. This indenter was also used in making all other tests 
reported. 

The results obtained on all ferritic steels are reported in Tables 
IV and V. Whereas the results indicate that hot hardness of the car- 
bon steels at 850 °F (Table V) depends on melting and deoxidation 
practices, as well as on chemical composition, and no doubt other 
factors such as grain size and microstructure, it is difficult to gen- 
eralize about individual effects because of the simultaneous variation 
of many factors. It does appear possible to state that Bessemer steels 
are harder than open-hearth steels of similar composition and deoxi- 
dation practice, presumably a consequence primarily of higher nitrogen 
and phosphorus. 





— 


5The crystal structure of sapphire (AlezOs-a) is rhombohedral. 
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Table V 
Hardness of Carbon Steels at 75 and 850 °F 


(Average of Seven Measurements) 








Room Temperature Hardness 
Hardness—DPH (10 kg.) at 850°F 
Code Type Vickers Machine Hot Hardness Tester DPH (5-kg.) 
Bl Capped open-hearth 87.8 88.2 61 
B2 Capped Bessemer 116 113 88.1 
B3 Si-Ti killed open-hearth 116 120 87.1 
B+ Si-Al-Ti killed open-hearth 108 111 81.4 
BS Si-Al killed open-hearth 113 112 82.6 
B6 Si-Al killed open-hearth 146 143 94,2 
B7 Si-Al killed open-hearth 118 120 80.3 
B8 Si killed open-hearth 135 132 97.7 
B9 Si-Al killed Bessemer 129 126 91.6 
B10 Si-Al killed Bessemer 130 128 93.8 
Bil Si-Al killed Bessemer 143 140 : 105 
B12 Al kiiled Bessemer 126 126 90.3 


RELATION BETWEEN HARDNESS AND STRENGTH AT ELEVATED 
TEMPERATURES 


The hardness test at room temperature has been used not only 
as a research tool but has been employed extensively as a material 
control test. In the latter role it has proved of great value as a time- 
saving as well as nondestructive test for estimating the strength of 
various alloys. It would seem that a similar relation might exist be- 
tween hardness and “short-time” strength at elevated temperatures. 
Recent results (9) indicate the existence of such a relation which may 
lead to the use of the hot hardness test as an important sorting tool 
for high temperature alloys. 

Further evidence of the existence of a relation between hardness 
and strength at elevated temperatures is given in Figs. 4, 5 and 6. In 
Fig. 4 is shown a plot of the hardness against the stress for rupture® 
in 1, 100 or 1000 hours for several of the stainless steels tested at 
1100, 1300 and 1500 °F (595, 705 and 815 °C), and for all of the 
carbon steels tested at 850°F (455°C). These results seem to in- 
dicate that the relation between hardness and strength is independent 
of structure or temperature within the limits investigated. It should 
be observed that the amount of scatter seems to be least for the 1-hour 
rupture strength results and increases as the time to rupture increases. 
Moreover, as creep-rupture time decreases, the concave curve tends to 
straighten out, approaching a linear relationship. This is not sur- 
prising since, as the time to rupture approaches that of the short-time 
tensile test, the creep-rupture strength approaches the ultimate tensile 
strength, which, when plotted against hot hardness, as in Fig. 5, re- 
veals a linear relationship with little scatter. The experimental points 
in Fig. 5 correspond to all the hardness values reported in Table IV. 
These results indicate that the linear relationship between ultimate 





®*The creep-rupture results for some of the stainless and all of the carbon steels have 
been reported previously (15, 16). 
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Hardness - DPH (5kg.) 





Ss Material 
70 "18-8 Stainless Steels |5OO°F 
° " ” . 1\300°F 
50 — ” “ ” 11O00°F 
30 4& Carbon Steels 850°F 
OQ 8 16 24 32 40 48 56 64 
Stress to Cause Rupture in |, \OO and !000 Hours 
(1000 psi) 


4—Relation Between Hot Hardness and Creep-Rupture Strength for 18 Cr-8 N 
Sinise and Carbon Steels. 


Hardness -DPH 


Symbol Code — Type Temp. Limits 
. A 7 18-8-Ti (32!) Room-|500°F 
Vv Alo 18-8-Cb(347) Room-|500°F 
e B 7 Bess.-Si-Al-Killed Room- 850°F 
° Bil O.H.-Si-Al-Killed Room- 850°F 
o BIZ. 8%Cr-I% Mo Room -|400°F 


Oo 20 40 60 80 100 120 140 _ 160 
Uitimate Tensile Strength - 1000 psi 





Fig. 5—Relation Between Hot Hardness and Ultimate Ten- 
sile Strength for —- Ferritic and Austenitic Steels. 
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tensile strength and hot hardness is independent of structure or tem- 
perature within the limits investigated. In Fig. 6 is shown a plot of 
the hardness against the creep strength (stress causing a creep rate 
of 1% per 10,000 hours) for all stainless steels tested at 1100, 1300 
and 1500 °F (595, 705 and 815 °C) and all carbon steels tested at 
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3 Material Test Temp. 

5 18-8 Stainless Steels 15O0°F 

= \" " " 1300°F 
" " " 1100°F 

Carbon Steels 850°F 
0 4 8 12 6 20 o4 28 32 
Stress to Cause Minimum Creep Rate of 0.000! % per Hour 

(1000psi) 


Fig. 6—Relation Between Hot Hardness and Creep Strength of 18 Cr - 8 Ni 
Stainless and Carbon Steels. 


850 °F (455°C). The relation in Fig. 6 is very similar to that 
observed in Fig. 4. The curve is again concave downward. 


SUMMARY 


A static loading type, hot hardness tester of new design is de- 
scribed in this paper, and the testing techniques, including several 
observations on specimen preparation and effect of duration of load- 
ing, are discussed. A number of different steels including various 
types of 18 Cr—8 Ni stainless, capped and killed open-hearth and 
Bessemer steels, and one ferritic 8 Cr —1 Mo steel have been tested at 
temperatures ranging from 75 to 1500 °F (24 to 815°C). The test 
results indicate a relationship between hot hardness and the stress to 
cause rupture in 1, 100 or 1000 hours (Fig. 4). The scatter of ex- 
perimental points is least for the 1-hour rupture time and greatest 
for the 1000-hour rupture time. A linear relationship between hard- 
ness and ultimate tensile strength is found for test temperatures up 
to 1500 °F (815 °C) (Fig. 5). A relationship between hot hardness 
and stress to cause a creep rate of 1% per 10,000 hours (Fig. 6) has 
also been observed. In all cases the relationship appears to be inde- 
pendent of strticture as well as temperature within the limits in- 
vestigated. 
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DISCUSSION 


Written Discussion: By Philip C. Miller, The Babcock & Wilcox Co., 
Research and Development Dept., Alliance, Ohio. 


O 


ne of the most interesting findings of the authors is that they have 


observed a relationship between hot hardness and the stress to cause rup- 
ture in 1, 100, or 1000 hours ag well as between hot hardness and stress to 
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cause a creep rate of 1% per 10,000 hours. In this connection it is perti- 
nent to point out that a relationship between hot hardness and what is 
described as long-term stability has also been reported by Russian inves- 
tigators.” 

Similar studies were conducted at the Research and Development Cen- 
ter of The Babcock & Wilcox Co. at Alliance, Ohio. Instead of employ- 
ing hot hardness per se as criterion of high temperature behavior, we used 
the depth of penetration versus time under a given load at various tem- 
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Fig. 7—Graph Showing the Depth-of-Penetra- 
tion Curves at 1200 °F for the Following Materi- 
als: Armco 17-14 CuMo, AISI 316, AISI 310, 


AISI 347, 2.25 Cr-—1 Mo, 5 Cr-0.5 Mo, and 
5 Cr-—1.5 Si-—0.5 Mo. 


peratures. For this purpose we modified a standard Rockwell hardness 
testing machine by equipping it with a suitable furnace operating in a puri- 
fied argon atmosphere. Specimen and indenter temperature was controlled 
within 0 to +3°F. A standard diamond penetrator, mounted on a stabi- 
lized zirconia shaft, was used. Testing was carried out by applying a load 
of 60 kg. in the usual manner and taking a first dial reading on the Rock- 
well A scale, which was used as “zero minute” point. Subsequent readings 
were taken every following minute for a total period of 15 minutes. At the 
end of 15 minutes, a final reading was taken and the load removed. The 
dial setting after removal of the load was used for calculating the depth 
of penetration from “zero minutes” to 15 minutes. One division change 
of the Rockwell scale equaled 80 x 10° inch lineal movement of the 
indenter. 

We studied in this manner various high temperature alloys generally 
used in steam plant service and obtained a remarkable correlation between 
the depth of penetration versus time curves and the corresponding creep 
and stress-rupture curves. This is illustrated by Fig. 7, showing the depth- 
of-penetration curyes at 1200°F for the following materials: Armco 17-14 
CuMo, AISI 316, AISI 310, AISI 347, 2.25 Cr-1 Mo, 5 Cr-0.5 Mo, and 


"I. L, Mirkin, et al, Zavodskaya Laboratory, 1949, No. 9, p. 1080; see also Metallurgia, 
September 1950, p. 207 and 208. 
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5 Cr-—1.5 Si-0.5 Mo. The stress-rupture and creep strength properties of 
these alloys, given in Table VI, are seen to arrange themselves in the same 
order as the depth-of-penetration curves. 


Table VI 


Stress-Rupture Strength Creep Strength 
at 1200 °F at 1200 °F 
(10,000 hours) (1% El. in 10,000 hours) 
17-14 CuMo 25,500 19,0007 
12,0007 
11,400 


Croloy 2% 
Croloy 5 
Croloy 5 Si 


*R. F. Miller and J. J. Heger, ASTM Special Technical Publication No. 100. 
+W. F. Simmons and H. C. Cross, ASTM Special Technical Publication No. 124. All 
other values were determined by The Babcock & ilcox . Co. 








The high temperature depth-of-penetration versus time curves may 
eventually lend themselves for screening of high temperature alloys, but 
much more work remains to be done before this and similar methods can 
be looked upon as reliably reproducing and indicating the sustained load- 
carrying ability of high temperature materials. 


Authors’ Reply 


Mr. Miller’s results are a welcome addition to, as well as confirmation 
of, our findings. 





MICROCONSTITUENTS IN HIGH TEMPERATURE 
ALLOYS 


By H. J. Beattig, Jr., AND F. L. VERSNYDER 


Abstract 


With the complementary use of microstructural stud- 
ies and X-ray diffraction analysis of electrolytically sepa- 
rated residues, the microconstituents of iron-base, cobalt- 
base and nickel-base high temperature alloys were studied. 
The techniques used are described in detail. The results 


show, in particular, some of the effects of titanium and 
molybdenum as alloying additions. 

The occurrence and suggested mode of formation of 
titanium carbonitride in a nickel-base age-hardenable alloy 
were determined and are described in detail. Conclusions 
ipplicable to most air-melted titanium-containing alloys 
are drawn. 

The intermetallic compounds M,Ti and Fe,Al were 
identified and discussed. 

A new phase CrMoN, was observed and identified. 
Its crystallography 1s discussed. 

The second Brillouin zone is considered for the com- 
plex carbides M.C and Mo3C, with the resulting determi- 
nation of the ratio of electron to metal atom capacity of 
about 7:1 for these two carbides. 


INTRODUCTION 


N recent years much excellent research work has been done on 

the ternary and quaternary systems on which most high tempera- 
ture alloys are based. Reference to the transactions of the technical 
societies in the last three years will yield papers too numerous to list 
here. However, the researches have not as yet reached the stage of 
determining much more complex systems, nor has much work been 
published on the effects of the multitude of minor alloying additions 
to high temperature alloys. Therefore, it becomes important to study 
the complex commercial alloys as possible sources of information 
regarding the microconstituents to be expected, the phase relation- 
ships involved, and the effect of the minor alloying additions on high 
temperature alloys. Work has been done in this field (1-3)*; how- 

‘The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, H. J. Beattie 
1s physicist, and F. L. VerSnyder is metallurgist, Thomson Laboratory, General 
Electric Company, West Lynn, Mass. Manuscript received April 9, 1952. 
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ever, it is the purpose of this paper to present information gained 
from the study of other commercial alloys. Of particular interest is 
the titanium age-hardenable-type alloy. Considerable work was done 
on such an alloy (M252) developed by the Thomson Laboratory of 
the General Electric Company. 

Since current high temperature alloys are usually based on cobalt, 
nickel or iron, at least one commercial alloy of each of the three base 
elements was studied. 


EXPERIMENTAL PROCEDURE 


The method of study was the complementary use of X-ray dif- 
fraction and metallography. Samples were first studied microscopi- 
cally to determine the number of microconstituents present, and to 
estimate the number and possibly the identity of the phases present 
in the microstructure. The samples were then electrolytically 
digested to separate the microconstituents from the matrix as an 
insoluble residue. Drying of the collected residue resulted in a 
powder suitable for subsequent X-ray diffraction analysis using the 
Debye-Scherrer powder method. Both a photographic camera and 
an X-ray spectrogoniometer (G.E. XRD-1 and XRD-3, respectively ) 
were used in obtaining the diffraction patterns. 

Subsequently, correlation between the microstructure and the 
X-ray diffraction results was accomplished on the basis of total 
number of constituents observed, and a semiquantitative determina- 
tion of their relative amounts present. Further correlation was ob- 
tained by the use of metallographic techniques. 


Electrolytic Separation 


Rosenbaum’s work (2) indicates that electrolytic digestion of 
the matrix in 10% HCl solution was the most successful single tech- 
nique to accomplish the concentration of the minor constituents. 
Using this technique throughout, the authors have found that those 
constituents which are observable in the microstructure as being in- 
soluble in the matrix are also insoluble in the electrolyte. 

The electrolytically attacked matrix is usually soluble ; however, 
matrix particles in some specimens are often separated from the 
anode before dissolving, and these remain insoluble in the electrolyte. 
Separated residues which were known to contain a relatively large 
amount of matrix particles were screened through 200 mesh for fur- 
ther concentration of the minor constituents from the larger matrix 
particles. This residual undissolved matrix appeared in some of the 
X-ray diffraction patterns. 

Each electrolytic cell consisted of 2000 ml. of 10% HCl electro- 
lyte in a 3000-ml. beaker. The anode was the specimen alloy, and 
the cathode was a copper strip. The pH of the electrolyte was re- 
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stored at regular intervals by replacing 3 ml. of concentrated HCl 
per ampere-hour, this having been computed as the necessary amount, 
assuming that the electrolyte-to-cathode current went solely into 
forming Hg. 

After electrolytically digesting an alloy for 100 to 200 ampere- 
hours, depending on the size of the specimen, the insoluble residue 
was collected in three ways: 

(a) The residue adhering to the anode was scraped off and 
washed. 

(b) The upper part of the electrolyte containing fine particles 
in suspension was decanted through a fine-porosity fritted-glass filter 
‘rucible. 

(c) The balance of the residue was separated by suction filtra- 
tion through No. 41H, 11.0-cm. filter paper in a Buechner funnel. 

In several cases, the particles were too small to be separated 

v filtration. These were separated by the use of a centrifuge. 

After washing, each of these samples was dried, using alcohol 

llowed by ether. | 


X-Ray Diffraction 


The X-ray diffraction patterns were made on a General Electric 
-RD-3 Spectrogoniometer. This apparatus permits accurate meas- 
rements of interplanar spacings at low angles. It also gives direct 
cadings of scattered X-ray intensities under simple experimental 
nditions, which do not require complicated and approximate cor- 

rections for absorption. 

The Geiger counter is 90% efficient for Cu Ka radiation. A 
i ickel foil filter is placed between the detector slit and Geiger counter 
whenever copper radiation is used. This radiation is found to be 
satisfactory, and no difficulties are encountered with fluorescent ra- 
diation from the specimens. 

A signal proportional to the logarithm of the counting rate is 
automatically recorded as the detector scans at a rate of 12 degrees 
per hour. The positions of the diffraction peaks can usually be 
determined from the recorder chart within an accuracy of a few 
hundredths of one degree. Whenever accurate readings of relative 
intensities were desired for determining structure factors, the goniom- 
eter was set at the proper angles and the scaling unit was used to 
time the intervals required to count 16,384 quanta. 

The X-ray tube was operated on a stabilized full-wave rectified 
potential of 49 KVP and on a stabilized current of 16 MA. 

Before each run, the X-ray tube was energized for at least 30 
minutes to allow the focal spot to reach its equilibrium position, after 
which the main protractor of the goniometer was zeroed on the axis 
of the direct beam. 
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Powder specimens were mixed with a Zapon binder and spread 
flat on microscope slides over an area large enough to cover the 
X-ray beam completely when mounted in the specimen holder set 
at the lowest angle of the run. 

Photographic diffraction patterns were also made on most speci- 
mens, using a powder camera with a 72-mm. radius. This was done 
in order to detect very weak reflections which are indistinguishable 
from the statistically fluctuating background counting rate in the 
spectrogoniometer recordings. 

Interplanar spacings were computed in Angstrom units (Cu Ka, 
= 1.5405A). The X-ray patterns could then be compared with the 
1950 issue of the ASTM X-Ray Diffraction Data Cards, including 
the original set and the first and second supplements. 


Metallography 


Samples for metallographic examination were taken directly 
from the sample which was ultimately electrolytically digested for 
X-ray diffraction analysis. 

The samples were prepared using standard metallographic prep- 
aration techniques. The samples were studied in the unetched con- 
dition, then immersed in an etchant? which delineated all of the 
constituents present. The sample was then subjected to selective 
etching techniques to differentiate where possible among the con- 
stituents present. Polarized light and microhardness were also used 
to differentiate and identify constituents. 


Chemical Analysis 


Standard quantitative chemical analysis was determined on each 
heat of the various alloys studied in this investigation. Nitrogen 
analyses were made by the vacuum-fusion technique. Results of the 
analyses are listed in Table I. 


RESULTS 
X-Ray Diffraction Analysis 


Specimens from the various heats of the different alloys were 
examined in the cast, wrought and heat treated conditions. The 
thermal history for each of the alloys is given in Table II, and this 
is then correlated with the main results listed in Table III. The 
results are discussed here, taking each of the five structure types 
found in this investigation separately. These types are: (a) spinel- 
type oxides, (b) the complex cubic carbides, (c) the carbonitrides 
isomorphous with NaCl, (d) a double nitride, (e) Laves compounds 
isomorphous with MgZnp. 





2The etchants used, their chemical composition and their effect on the various micro- 
constituents are listed in Table VIII, 
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Table Il 
Heat Treatments 


Alloy M252 
Symbol Treatment 
(A) Preheat at 1650 °F for 5 hours, 1975 °F for 3 hours. Forging at 
1975 to 2050 °F to size; 3-inch, l-inch or #%-inch square or 
round bar stock. 
15-minute soaks employed throughout forging. 
(B) Heated to 1650 °F for 1 hour, furnace-cooled. 
(C) Heated to 2100 °F for 3 hours, air-cooled. 
1500 °F for 24 hours, air-cooled. 
1300 °F for 20 hours, air-cooled. 
(D) Heated to 1950 °F for 4 hours, air-cooled. 
1700 °F for 72 hours, air-cooled. 
(E) Heated to 1950°F for 4 hours, air-cooled. 


1500 °F for 200 hours, air-ccoled. 
Alloy 16-25-6 


(F) As-received billet stock—exact treatment unknown. 


(G) Preheat 1500 °F raised to 1950 °F for less than 1 hour. Forging 
at 1950°F, three reheats. Cold-worked 20% at 1350 °F, 
strain-relieved at 1200 °F, 8 hours, air-cooled. 


(H) 1200 °F for 96.5 hours, air-cooled. 

(1) Heated to 2300 °F fer 2 hours. Charged directly into a 1500 °F 
furnace and held 8 hours, followed by an air cool. 

(J) 2000 °F for 15 hours, air-cooled. 


Alloys 1336 and 1336 Nb+ Ta 


(K) Preheat at 1650°F for 5 hours, 1975 °F for 3 hours, forging at 
2000 to 2100 °F to size; 3-inch, l-inch or #-inch square or 
round bar stock. 


15-minute soaks employed throughout forging. 


Turballoy 13 


(a) Although the forged and heat treated specimens had been 
descaled by pickling prior to electrolytic separation, the residues of 
several heats of M252 showed the presence of a spinel structure, 
presumably NiCr2O4. This most probably is due to scale which was 
folded in during forging. None of this oxide was found in the resi- 
dues of “as-cast’’ samples. 

(b) The carbide M¢C appears to be the principal carbide for 
normal compositions of M252, 16-25-6, and 1336. The latter two 
alloys may sometimes form MosCg as a secondary carbide. These 
results may be seen in Table III. 

Two X-ray patterns of M¢C are shown in Figs. la and 1b, each 
using a different radiation source. They show that the use of copper 
radiation produces patterns whose clarity is not reduced by fluores- 
cent radiation, whose complexity is reduced by virtual elimination 
of K@ radiation, and whose completeness is increased by the appear- 
ance of reflections from smaller lattice spacings. Table IV lists X-ray 
data on both types of carbides, giving interplanar spacings (d), 
relative intensities (1) Miller indices (hkl) and squares of structure 
factors (F*) computed from intensities: The structure factors for 
Mo3Cg were computed from intensity measurements made on a 
standard powder of Cro3C¢; all other determinations were made from 
electrolytically separated residues. 
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Table III 
Microconstituents 
Alloy M252 : 
-—————Laattice Parameters in Angstrém Units, 
--Titanium Carbonitride—, Oxides 
Heat Nitrogen- Carbon- (Spinel- 

Heat Treatment* Rich Medial Rich McC Type) Other 
M477C **As-Cast”’ Siping 4.27 pe ce ae ime tie PAS Tick eee } 
M477C **As-Cast”’ 4.25 ih as 4.30 10.99 nit 2 wa eee ee 
M477C **As-Cast”’ 4.25 4.30 10.99 eae el! ae eo 
M477C (A) 4.25 a: See tee See ee 
M477C (A) plus (B) 4.25 4.30 10.99 Ler Tee aie er ie. 
M477C (A) plus (C) 630 Ce RE en ae oa 
M253 (A) eee eA Das 10.99 cot ie a a 
M253 (A) plus (B) eake pic yey 10.99 ane: * Seine ae ae kies 
M253 (A) plus (C) Seaeye Bee sees 10.99 Bae tO se eet. stole 
M432 (A) 4.245 ee % ee 10.97 Rae id ke ee 
M432 (A) plus (B) - 4.245 aes im oss 10.97 Bowe fs ee oe ee es 
M432 (A) plus (C) Sie maa ai 10.99 si 4.734, 7.696 
M432 (A) plus (D) or MoTi (MgZne Type) 

(A) plus (E) Soa aie eos aca sas. > Oe ere sees 
M491 **As-Cast”’ 4.25 sgh i 10.99 soi Aan ea a rss eae aa a 
M492 (A) 4.25 4.30 10.99 ibe bee ON ae Sina Salle 

K294 (A) 4.25 4.31 11.00 egies 3 ea a ean 
7382A2 4.25 4.31 11.00 peer srecic lS iar a ate 
31 Vacuum-Cast St 4.311 10.99 Be A os, ae eeu 

“As-Cast”’ 
43186 (A) Pe 4.28 oii ke 10.99 Se 
R358 **As-Cast”’ atace inte d 4.315 10.98 “a 4.734, 7.696 
MeTi (MgZne Type) 
M660 (A) 4.25 ea atic Get oe eee ah CrasCe 
CriCs, CraCe 
Alloy 16-25-6 
Heat -————-Lattice Parameters in Angstrom Units——--——————_, 
Heat Treatment* MeC MasCe Nb(C,N) TiC Ti(C,N) Other 

K17403-4 (G) plus (H) 10.98 Baie atlas oc ape Soe Cake eg) ToS kaa wee 
K17403-6 (G) plus (H) ee ee gas teen aes eke Le ig EE eae a 
a? CE yom G8) eye 10.68 eat OS ee a Se es Hex., 2.84, 4.57 

CrMoNx 

19903 (F) 11.03 bik be 6: ORS SS On OI Al igh ee ORES Se Se 
10010 (PF) BR Sve ce “Sethe US ee Ree A aes 
Turballoy 13 
R360 Te: |. ie <.  ee ae ts ee 4.327 4.28 4.76, 7.70 

Fe2Al (MgZnez Type) 
(J) eal i alaiaaing innink ae DOD inka eeeras 

Alloy 1336 
“ie (K) 11.00 10.64 C46: eco eked oo See ES. 
Alloy 1336 Nb +- Ta 
42858 (K) 11.02 a aka CS 0 a.0 ks ee a ae wae 


*See Table II for heat treatment corresponding to symbols above. 








(c) From a study of the chemical compositions (Table I) and 
microconstituents identified (Table III) of alloys containing titanium 
and niobium, it will be seen that both will form their respective 
carbonitrides. 

Special attention was given to the titanium carbonitride because 
of the increasing use of titanium, and the problems resulting from its 
— as an age-hardening alloying constituent in high temperature 
alloys. 

Pure synthetic powders of TiC and TiN were obtained from 
A. D. Mackay, Inc., and Metal Hydrides, Inc., respectively. Lattice 
parameters determined by the spectrogoniometer are listed below 
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Fig. 1b—Spectrometer Recording of MeC From Alloy 16-25-6, Heat 19903, Using 
Unfiltered Chromium Radiation. Miller indices of the McC are listed above the reflec- 
tions on the chart. Gamma refers to the austenitic matrix found in the residue. The 
angles given in the chart; are two-theta. 
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! Table IV 
X-Ray Diffraction Patterns of Complex Carbides 
————MeC————, 9 ————MasCo——_—__,__ Relative 
Cu Ka Cr Ka Cu Ka Cu Ka Structure 
1336 Ht. 19903 Ht. “X” 1336 Factors 
ao=11.00A ao=—11.03A ao—10.68A ao=10.64A —— 
(hkl) d I d I d I d I McC MasCe 
\ UP sence? tk tee AS 1S 2 PS. 
(0) S76 9 2908 FS Ae ia a 19.5 
(9 GO AO RO Desde eat ees ss 2 ine. 
(420) ..... oe. ile ee) a ons Ba 
(422) 2.241 43 2.252 46 2.18 MW 2.174 VW 53.8 27.0 
(511) (333) 2.113 100 2.122 100 2.053 M 2.047 W 100.0 100.0 
(440) 1.942 25 1.950 30 1.885 W 1.883 W 97.2 52.0 
OE cece tas Sees he eae eae bees. 3 nice ae 
(442) OD 1800 7 BGO Pe be ste ¥ 11.0 14.3 
CP sett te Cote: ee Renee we 6.56 18.9 
(551) ee ee ee Re SA aS ee 7 RB nck « 
(553) 31). 1402 8 Bs Os  ® 6.94 
(798). 1.348 34. SS % ee Tide utes 
(660) (822) 1.296 34 1.301 57 1.259 W 1.255 W 68.8 50.0 
| (555) tae 9: ee a, BE 8. 11.1 14.9 
(840) ..... so, aoa fe oe aes : SS 7 27.4 
(753) Cee 52-44 oo! Ra Re ease ate 1.173 W 1.66 9.5 
SS eee Be ee eR es ‘i S38 a 
. a ee ae ae ae ee scene) ae 
(755) (771) (933) 1.106 13 1.108 12 ..... .. : eared 3.64 12.3 
es Me RN Foy uae cae es Sa buns g 8 ake 
(773) (951) 1.0636 7 
. (10,60) (866) 0.9438 7 
oY ee Se <a eee. 
. IT. ORBAY WOO LF sere ce 
CRAY CIR A ise dao | Send cae dates phe | ee 
. (993), (13,1,1)— 0.8418 7 ..... “ee. ee eee eabuar ae 
(11,5,5)  (11,7,1) 
and compared with those obtained by Hume-Rothery, Raynor and 
; Little in their studies of titanium steels (4). 
Present Work Hume-Rothery et al 
| WO oe ee cae 4.327 A 4.325 A 
ES, a 0k50 34060 i-cekeas 4.240 A 4.233 A 


Fluorescent X-ray spectra made on the synthetic powders dis- 
closed small amounts of zirconium which, if present in the lattice of 
a titanium compound, will tend to enlarge it. 

The relative intensities of the diffraction peaks were determined 
accurately using the scaling unit. The structure factors computed 
from these intensities are plotted in Fig. 2. The odd-indexed struc- 
ture factors are seen to fall on a lower curve than the even-indexed 
ones. This shows that the carbon and nitrogen atoms lie in the 
| octahedral interstices of the face-centered cubic lattice formed by the 
i titanium atoms ; i.e., the structures are isomorphous with NaCl. Had 
H they formed at the tetrahedral interstices as has been suggested as 
‘i another possible structure (isomorphous with ZnS), a different group 


Se. 


| of structure factors would lie on the lower curves. 
i All structures identified as titanium carbonitride Ti(C,Ni-x), 
f or more simply Ti(C,N), have lattice parameters which lie between 


1 
i 
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Structure Factors 


0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 
Sin 6/d A"! 


Fig. 2—Structure Factors of TiC and TiN, Showing That the Carbon and 
Nitrogen Atoms Occupy the Octahedral Interstices. 


those of TiC and TiN, the specific value depending on the C/N 
ratio. 

The latest references report lattice parameters for the niobium 
compounds as 4.470 A for NbC and 4.379A for NbN (5). The 
structures identified as Nb(C,N) have lattice parameters lying be- 
tween these values (Table III). 

(d) Heat treatment (1), Table II, of Alloy 16-25-6 has been 
observed to produce a phase which could not be matched with any 
data in the literature. 

Its X-ray pattern, given in Table V, shows conformity with a 


hexagonal lattice whose unit cell dimensions are given at the top 
of the table. 
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Table V 


CrMoN«x from 16-25-6 


Hexagonal ;ao = 2.84 A 
Co = 4.57 A 
Co/ao = 1.61 
Cu Ka Radiation 

d I (hkl) 
2.49 A mw (100) 
2.25 m (002) 
2.18 s (101) 
1.670 Ww (102) 
1.522 vw (003) 
1.421 Ww (110) 
1.300 w (103) 
1.209 w (112) 











Fig. 3—Diffraction Fringes Around the CrMoNez Needles Sug- 
gest That the Widths May Approach Optical Wave-Lengths. 
Polarized light. Etchant (c). Xx 500. 


This constituent occurs in the microstructure in the form of thin 
needles. When the microstructure is viewed under polarized light 
and the microscope stage is rotated, the optical anisotropy of this 
constituent is noted. From an examination of Fig. 3, it is to be 
expected that X-ray reflections from planes nearly parallel to the 
axes of the needles will suffer some broadening. In the X-ray pat- 
tern, the greatest line broadening was seen to occur for planes nearly 
parallel to the c-axis of the hexagonal lattice indicated by the X-ray 
pattern. 

The unit cell dimensions lie between those of the similarly 
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shaped unit cells of Cr2N and Mo.C, and the a-axis is nearly equiva- 
lent to that of MoN. 

The X-ray extinctions and relative intensities from the various 
lattice planes closely follow those of the hexagonal close-packed 
structure, except for the appearance of a weak (003) reflection. In 
an ordered hexagonal close-packed structure, consisting of alternate 
basal sheets of two kinds of atoms which differ appreciably in atomic 


Mo () 
Cr Q 


N ®@ 


Fig. 4—Proposed Atomic Arrangement 
of the Saturated Double Nitride CrMoNz. 


number, the (003) reflection would be a prominent superstructural 
line. 

The observed lattice dimensions are just large enough to accom- 
modate alternate basal sheets of chromium and molybdenum with 
nitrogen in the interstitial holes (Fig. 4). Since up to one-half of 
the interstitial holes may be vacant without appreciably altering the 
lattice parameters, the formula for this constituent should be given 
as CrMoN,, with x lying between 1 and 2. 

(e) Two intermetallic Laves compounds were found in this 
investigation, both of which are isomorphous with MgZn, (6). 
Their X-ray patterns are given in Tables VI and VII. Their lattice 
parameters are close to those of Fe2W (7) and Fe2Ti (8), which 
are also isomorphous with MgZng. 

These are hexagonal structures having 12 atoms per unit cell. 
The packing principle in this structure occurs for a composition 
having one large atom for every two small atoms, the atomic size 
ratio being about 1.2. The two small atoms need not be the same 





ee ee 


2 st eer epeenee 


410 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


Table VI 


Intermetallic in M252 (MeTi) 
Saegeen MgZnz 

ao = 4.734 

Co = 7.696 A Co/ao s=.1.625 


Cu Ka Radiation 

















d I (hkl) 
2.367 A 45 (110) 
2.174 100 (103) 
2.049 22 (200) 
2.017 95 (112) 
1.980 73 (201) 
1.924 13 (004) 
1.742 7 (104) 
1.527 7 (211) 
1.438 9 (212) 
1.367 12 (300) 
1.327 27 (213) 
1.284* as" (006) 
1.231 18 (205) 
1.184 17 (220) 

*Interference from McC. 
Table Vil 





Intermetallic in Turballoy 13 
FeeAl 


Hexagonal, MgZne 
ao = 4.760 
co = 7.700 A Co/ao = 1.617 


Cu Ka Radiation 


d I (hkl) 
2.38 A 25 (110) 
2.176 57 (103) 
2.058 15 (200) 
2.020 100 (112) 
1.990 74 (201) 
1.925 9 (004) 
1.816 15 (202) 
1.743 6 (104) 
1.442 3 (105) 
1.411 6 (204) 
1.370 9 (300) 
1.330 18 (213) 
1.211 6 (214) 
1.190 12 (220) 
1.043 12 (313) 
1.020 6 (401) 
1.010 6 (224) 


element, but must have nearly the same size. 

In alloy M252, titanium and/molybdenum could take the role 
of “large’’ atoms, while chromium, iron, cobalt and nickel are all 
nearly the same size “small” atoms. In other high temperature 
alloys, niobium, tantalum, wolfram and possibly aluminum could 
serve as large atoms. 

Since the intermetallic occurs prominently in Alloy M252 when 
the titanium content is doubled (Heat R358), it is likely that titanium 
is the large atom in this phase. This is further supported by the fact 
that the phase forms after-a prolonged aging treatment in a low 


or 
4 oe 
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carbon heat (Heat M432), there being little opportunity for the 
titanium to precipitate in the form of TiC. The intermetallic in 
Alloy M252, therefore, is identified as MzTi, where the M’s can be 
any of the small atoms. 

A similar structure of slightly different lattice dimensions, iden- 
tified as Fe2Al, was observed in Turballoy 13, about which more will 
be said in the studies of microstructure. 





Fig. 5—Cast M252. Nitrogen-rich Ti(C,N) as found in most heats 
of this alloy. Unetched.  X 500. 


Microstructure 


The two minor microconstituents found in Alloy M252 by X-ray 
diffraction studies were titanium carbonitride and the complex car- 
bide M,C. 

Microscopically, the titanium carbonitride constituent changes 
its shape and color as its lattice parameter changes. Studied in the 
unetched condition and using brightfield illumination, the nitrogen- 
rich (a, = 4.25 A) particle appears as an angular idiomorphic crystal, 
which is golden in color. Fig. 5 shows typical particles as found in 
cast M252. Two crystals at high magnification (Figs. 6a and 6b) 
illustrate the marked tendency for this nitrogen-rich particle to occur 
in angular form. The carbon-rich particles (a, = 4.30 A), on the 
other hand, are irregular in shape and lavender-gray in color when 
viewed under the same conditions (Fig. 7). The nitrogen-rich par- 
ticles, when present in large amounts, frequently segregate to form 
clusters and chains’ (Fig. 8). Chaining of the carbon-rich Ti(C,N) 
may also occur and has been observed in a low carbon modification 
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Fig. 6a-6b—Cast M252. Nitrogen-rich Ti(C,N) crystals at high magnifications. 
Unetched. X 1500. 





i M252. Carbon-rich Ti(C,N) as found in some heats of this alloy. 
Uneichd x5 


Fig. in M252. Nitrogen-rich Ti(C, N) as found in heat which was seriously 
contaminated with nitrogen from the air during melting and casting. Unetched.  X 100. 


of the N155 analysis (9). Microhardness was obtained on a heat 
of Alloy M252 which yielded nitrogen-rich particles, whose particle 
size varied up to 0.002 in. The larger particles were suitable for 
sustaining a 100-gm. load using the Knoop microhardness tester. 
Five readings obtained on the larger particles varied between 2100 
and 2380 Knoop hardness number. The microhardness of the carbon- 
rich particles was not determined but would presumably be very 
close to the hardness of the pure TiC. 
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Examination of the microstructures of M252 samples after each 
step of the heat treatments listed in Table II revealed no change in 
the size, shape, or general distribution of the N-rich Ti(C,N). Fur- 
ther, a series of samples, examined after vacuum annealing for 1 hour 
in 100-degree steps from 1900°F (1040°C) to the solidus of the 
alloy at approximately 2300 °F (1260°C), led to the same obser- 
vation. The C-rich Ti(C,N), on the other hand, was markedly 
affected, changing in both size and shape. 





Fig. 9—Cast M252. Microstructural appearance of the complex carbide MeC. Etch- 
ant (a). X 500. 


Examination of specimens taken from cast ingots of Alloy M252 
revealed a more dense concentration of the N-rich Ti(C,N) in the 
up-end of the ingot, as compared to the base or down-end. 

The preceding observations suggest that the nitrogen-rich par- 
ticles (4.25 A) are solid in the liquid melt. The carbon-rich particles 
(4.30 A) appear to behave much as the pure TiC would be expected 
to behave. Those particles which would have intermediate lattice 
parameters pattern their behavior as regards their N-rich or C-rich 
characteristics. 

The complex carbide MgC appears as a “Chinese script” con- 
stituent in the cast M252 (Fig. 9), having a slightly pink color. In 
wrought M252 the Me¢C appears as spheroids directionally distributed 
in accordance with the hot working or rolling direction. _Differen- 
tiation between the Ti(C,N) and the MeC in Alloy M252 was quite 
straightforward, there being the differences in color and hardness as 
well as etching characteristics. The MeC was stained brown, using 
etchant (b), Table VIII, while the Ti(C,N) retained its character- 
istic range of colors:' The difference in hardness evidenced itself in 
the polishing of the samples, the Ti(C,N) of all C-N ratios tending 
to polish in relief prominently whereas the M¢C did not. 





See 


an ie 
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Table VIII 
Table of Etchants 
Etchant Composition Technique Use 

(a) 92-5-3 HCl 92 ml. Add HeSOs« to HCl General structure. 
HeSO« 5 mi. slowly. Use fresh 
HNOs 3ml. solution. Etch by 

immersion. 
(b) Alkaline- 4% Aqueous solu- Immerse 3-4 seconds, Selective etch for 
Permanganate tion of NaOH clean with water Fe and Ni-base al- 
plus saturated and dry with blast loys. MeC stained 
solution of of air. brown and out- 
KMNOs. lined. No effect 
1-1 ratio. on MC Mi&C or 
matrix. 

(c) 10% Chromic 10% Aqueous so- Use electrolytically 5- General structure. 
lution of chro- 10 seconds. 
mic acid. 

(d) HeSO.« 20% Aqueous so- Immerse or swab 30  Fe-Al intermetallics. 
lution of H2eSOx.. seconds at 70 °C. 

Quench. 
(e) Chromic- 2% Aqueous solu- A light etch, electro; Selective etch for 
stain etch tion of chromic lytically, 2-3 seconds. Co-base__ alloys. 


acid. 


Follow by an imme- 


diate etch in alka- 
line potassium per- 


manganate (20% 
KMNO.,s,8% NaOH) 
for 7 seconds. 


MaC (CraC, or 

CrosCe) is etched 
brown. McC var- 
ies between red 
and green tints. 
Occasionally may 


have blue tints. 





Microstructures of four variations of the composition of M252 
were studied, 

(a) Heat M253, absence of titanium and aluminum. 

(b) Heat M432, low carbon. 

(c) Heat R358, low carbon, double the nominal titanium con- 
tent. 

(d) Heat M660, absence of molybdenum and cobalt. 

No titanium carbonitride was observed in Heat M253; however, 
the complex carbide MegC was observed both in the microstructure 
and by X-ray diffraction analysis. 

A marked reduction of the amount of Me¢C present was noted 
in Heat M432 in the cast and wrought structures. Fig. 10 illustrates 
the microstructure after heat treatments (a) and (c), Table II. In 
addition the absence of the carbon-rich Ti(C,N) was noted, although 
the nitrogen-rich Ti(C,N) was present in the amount usually found 
in Alloy M252. Subjecting samples of this heat to heat treatment 
(d), Table II, resulted in agglomeration of such M¢C as was present 
at the grain boundaries and the appearance of an acicular constituent 
as seen in Fig. 11. X-ray diffraction identification reveals this con- 
stituent to be the phase Mo2Ti. 

The acicular phase, M2Ti, and M¢C are both observed in the 
cast structure of Heat R358. The presence of Me¢C is most probably 
due to nonequilibrium conditions. Efforts to convert this ingot to 
wrought stock were unsuccessful, due to its hardness and brittleness. 
This extreme hardness (Rockwell C-40) can well be expected from 
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Fig. 10—Heat M432. Heat treatments (a) and (c). Etchant (a). X 500. 


Fig. 11—Heat M432. Heat treatments (a) and (d). Agglomeration of the McC at 
the grain boundaries; the acicular phase is MeTi. Etchant (a). X 500 


a consideration of the fact that not only is the hard intermetallic 
MeTi present but it appears to have some coherency with the matrix 
(Fig. 12). Microscopically, Ti(C,N) was observed in the structure. 

The carbide found in Heat M660 appeared much different in 
color and particle size, the particle size being much smaller than that 
usually observed for the Me¢C and the color tending more toward 
the red. X-ray diffraction results indicate the absence of the MeC 
and the presence of chromium carbides, these results being supported 
by the foregoing microscopic observations. Once again the Ti(C,N) 
was observed in the microstructure. 

Alloy 16-25-6 is normally composed of two phases, austenite 
plus carbide, as a result of the standard commercial heat treating 
practices. X-ray diffraction evidence indicates that the carbide phase 
is the complex carbide M¢C, and studies of the microstructure using 
selective etchant (b) also indicate that the carbide phase is M¢C. 
[t must be noted that this alkaline-stain etch has not been found to 
be too reliable in distinguishing among carbide phases. Specimens 
of Alloy 16-25-6 from many commercial heats, examined after various 
heat treatments and operating conditions, indicate that particle size 
plays a role in the color-staining characteristics of the etchant, even 
when the composition and etching time are carefully controlled from 
sample to sample. ‘Notwithstanding this limitation, all of the carbide 
phase found in 16-25-6 stained brown in color, as prescribed, in most 
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(a) ae R358, As-Cast. Islands of MeC amidst the acicular MzTi. Etchant 
a) X f 


Fig. 13—Heat “X”, Alloy 16-25-6, Heat Treatment (I). Acicular constituent is 
eg 2, the grain boundary constituent being the complex carbide MasCs, Etchant (c). 
x ; 


specimens studied, so that coupled with X-ray diffraction results it 
seemed apparent that all of the carbide present was MgC. The etch- 
ant, as described in Table VIII, was found to be very helpful in 
distinguishing grain boundary agglomeration of the carbide, in order 
that low magnification studies might disclose the general carbide 
distribution. The carbide distribution varies from random dispersion 
to banding of the carbide, to carbide solely at the grain boundaries 
and all variations between. The carbide distribution is largely de- 
termined by the cold working and thermal history of the piece, 
although differences were noted for samples with the same history. 

In the history of the use of 16-25-6 at the Lynn River Works 
of the General Electric Company, only the phases austenite plus MeC 
had been observed until recently when samples of 16-25-6 were sub- 
jected to thermal treatment (1). This heat treatment resulted in a 
three-phase condition identified by combined X-ray diffraction and 
metallographic techniques as austenite plus Mo3Cg plus CrMoNsz. 
The crystallography of the two minor microconstituents and their 
optical behavior when rotated under polarized light made the cor- 
relation of microstructure with X-ray diffraction results quite 
straightforward. The complex carbide MosC, appears at the grain 
boundaries (Fig. 13). 


Ps 








1953 HIGH TEMPERATURE ALLOYS 417 


In the austenitic Turballoy 13 three minor microconstituents 
were detected by X-ray diffraction analysis, TiC, Ti(C,N) and a 
Laves compound identified as Fe2Al. In an attempt to identify the 
grain boundary constituent (Fig. 14a), etchant (d) was employed as 
a selective etchant. The phase was quite strongly attacked, indicating 
an Fe-Al phase. This information supports the X-ray diffraction 
identification results of this phase as FeeAl. Subsequent thermal 
treatment (J) caused the solution of this phase, indicating that its 





Fig. 14a—Turballoy 13, As-Cast. Irregular shaped particles, gray in color, are TiC; 
S. “7 er phase is FezAl. Note severe attack at edges of this phase. Etchant 
x 
Fig. 14b—Turballoy 13, Cast Plus Heat Treatment ). The FeeAl is absent; the 
TiC particles have increased. in size. Etchant (d). xX 500 


formation most probably was the result of casting inhomogeneities. 
Fig. 14b illustrates the microstructure after heat treatment. Note 
also here the growth of the TiC particles during this thermal treat- 
ment. The identification of the TiC and Ti(C,N) was made using 
previously described techniques. 

The cobalt-base alloys, 1336 and 1336 Nb+ Ta, were studied 
and the minor microconstituents, MgC, Moa3Cs and Nb(C,N), were 
identified by X-ray diffraction. The carbonitride was readily recog- 
nized, due to its hardness and color, and the complex carbides MgC 
and Mo3Cz. were distinguished on the basis of acid-stain etchant (c). 
The limitations affecting stain etchant (b), as discussed earlier, are 
equally applicable to this stain etching procedure; however, with 
adequate care in, technique and examination, a distinction can be 
made between carbide phases. Distinction of the two complex car- 
bide phases in Alloy 1336 may be seen in Fig. 15. Niobium carbo- 
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Fig. 15—Alloy 1336, Heat Treatment (K). Selective etching, to distinguish between 
carbides. Light particles are MesCe, darker particles are MeC. The etchant stained the 
we particles (MesCse) tan and the darker particles (MeC) red-green. Etchant (e). 
x ‘ 


Fig. 16—Alloy 1336 Nb+ Ta, Heat Treatment (K). Small spheroids are MeC; 
the larger particles are yellow colored Nb(C,N). Etchant (a). > 500. 


nitride and MgC may be seen as they occur in the structure of 
1336 Nb + Ta in Fig. 16. 

Heats listed in Table III but not discussed are duplicates of 
heats of the various alloys which were discussed. These duplicates 
were examined and included as supplementary confirmation of the 
data obtained on the original heats. 


DISCUSSION OF RESULTS 


The matrix phase of the high temperature alloys studied in this 
investigation, and indeed in most high temperature alloys, is face- 
centered cubic. This matrix phase is rich in some or all of the 
following elements: chromium, iron, cobalt and nickel, which have 
nearly equal atomic radii. The lattice parameter of this face-centered 
cubic matrix is governed not only by these elements but also by the 
solid solution of varying amounts of aluminum, titanium, vanadium, 
niobium, molybdenum, tantalum and wolfram, when any of these 
elements are present. 

The lattice parameter of the matrix is most affected by changing 
atomic percentages of the latter group of elements which have com- 
paratively large atomic radii. 

This latter group of elements when dissolved in the matrix will 
distort the lattice in their immediate vicinity, creating high energy 
fields in the lattice. Other sources of high energy fields in the lattice 
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are the carbon and nitrogen atoms occupying interstices, which, in 
the undistorted lattice, are too small to accommodate them. 

Therefore, it would appear that those elements found in high 
temperature alloys having relatively large atomic radii and conversely 
those having very small atomic radii would be involved in the for- 
mation of nonmatrix phases. 

In the high temperature alloys studied, these large metallic atoms 
are involved in the formation of intermediate phases in three ways: 

First, they may form intermetallic compounds, whose governing 
factor is atomic size. 

Second, they may form hexagonal or cubic close-packed lattices 
whose large interstices may accommodate carbon and nitrogen atoms. 
These compounds may be called Hagg compounds, as it was G. Hagg 
(10, 11) who pointed out that their formation occurs whenever the 
ratio of the radii of nonmetal to metal atoms does not exceed 0.59. 

Third, they may participate in the formation of the complex 
carbides. 

The elements involved in intermediate phases which received the 
most attention in this investigation are molybdenum and titanium. 
The effects of each of these minor alloy additions are discussed here 
separately. 


Titanium 


Titanium in the high temperature alloys studied was found as 
a participating element in the formation of two microconstituents: 
(a) Hagg compounds and (b) a Laves intermetallic. 

The results in Fig. 2 prove that the two Hagg compounds TiC 
and TiN are completely isomorphous, since carbon and nitrogen 
occupy the same interstices. This isomorphy favors the existence 
of a continuous solid solution of the TiC and TiN. 

The work of Hume-Rothery, Raynor and Little (4) and Duwez 
and Odell (5), as well as the results of this investigation, demonstrate 
the existence of the binary solid solution system TiC-TiN. 

Alloy M252 usually contains both a nitrogen-rich and a carbon- 
rich phase of this system. Metallographic evidence suggested that 
the nitrogen-rich Ti(C,N) is present in the liquid melt, since exam- 
ination of cast billets revealed many of the near-nitrides to have 
segregated at the up-ends of the billets, as well as the other obser- 
vations mentioned in Results. The carbon-rich Ti(C,N) appears to 
form after the nitrogen-rich phase in some instances, since micro- 
structural studies reveal the carbon-rich phases often appended to or 
surrounding the nitrogen-rich Ti(C,N). This would indicate that 
the latter served as a nucleation center for the former, as would be 
expected from théir isomorphy. Such a duplex-particle, after a 
sufficient time-temperature diffusion period, should become a particle 
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of medial composition and eventually a carbon-rich Ti(C,N). Micro- 
structural evidence from this investigation revealed particles having 
a continuous color variation from the center to the surface of the 
particles. Also, the residue of Heat 43186 gave broad X-ray dif- 
fraction peaks whose maxima belong to a medial lattice parameter 
(Table III). It is possible, therefore, that the length of time the 
melt is held at temperature, after the titanium addition, until it is 
poured or until the melt solidifies, may be sufficient time for such a 
process to occur. 

It is suggested from these data that the nitride forms in the 
liquid melt either through contact with air, or contamination from 
the type of titanium alloying addition. 

The effect on the physical characteristics of a titanium age- 
hardenable high temperature alloy by the presence of Ti(C,N) 
inclusions is quite marked, depending on the amount and C/N ratio 
of the Ti(C,N). The most undesirable effects are noted when the 
N-rich Ti(C,N) is present, particularly when it is present in suffi- 
cient amounts to form “chains” or “sheets” of this hard constituent. 
Forgeability of the alloy is seriously impaired, the material becomes 
very difficult to machine, and surface defects on finished parts become 
plentiful. 

The formation of Hagg compounds such as Ti(C,N) and 
Nb(C,N) occurs even when the amounts of the metal elements in- 
volved in the alloy are very low; e.g., 1% niobium in Alloy 1336, 
1.37% titanium in Turballoy 13. On the other hand, in order to 
form a Laves intermetallic such as MeTi in some of the M252-type 
heats, the solubility limit of the large atom in the matrix must be 
exceeded. 

If the ratio of atomic radii does not depart too much from the 
ideal Laves ratio of 1.225, the Laves packing principle occurs in 
regions where the local composition has one large atom for every 
two small atoms. When the solubility limit of the large atom in the 
matrix is exceeded, there is a finite probability that such local regions 
will occur sufficiently large to start nucleation of a Laves phase. The 
atomic radii ratio for M2Ti is 1.182. When there is very little carbon 
in the alloy, prolonged aging (1500°F for 200 hours) effects the 
precipitation of M2Ti in a heat containing 2.41% titanium. When 
the titanium content is increased-to 5% as in Heat R338, the MoTi 
appears prominently in the cast structure. It seems likely, there- 
fore, that in both cases the solubility of titanium in the matrix has 
been exceeded. 

The Laves compound identified as Fe,Al in Turballoy 13 ap- 
peared in the cast structure; however, subsequent solution treatment 
caused its disappearance. Its instability may arise from an unfavor- 
able atomic radii ratio, this being 1.135, or alternatively from thermal 
considerations. - 
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Molybdenum 


In the high temperature alloys studied, molybdenum was found 

as a participating element in two types of microconstituents: 
(a) A Hagg-type double nitride. 
(b) Complex cubic carbides. 

Alloy 16-25-6 has 0.15% nitrogen by weight dissolved intersti- 
tially in the matrix. 

The CrMoN, was formed as the result of treating a specimen 
of as-received billet stock of 16-25-6 as described by heat treatment 
(I), Table II. Duplication of this treatment with an intermediate 
air cool, after the 2300 °F (1260 °C) solution treatment, also caused 
the formation of the CrMoN». The structure was observed and 
identified in a 16-25-6 part when sections were examined after a 
certain amount of service life. The time-temperature conditions of 
the part are not accurately known so that data on this heat were not 
included in this presentation. 

Both molybdenum and chromium have favorable atomic size 
ratios with respect to nitrogen for the formation of Hagg compounds. 
Molybdenum has a favorable size with respect to carbon, but chro- 
mium does not. As a result, the nitrides of molybdenum and chro- 
mium, and the carbides of molybdenum (MoC, MosC) are hexagonal 
Hagg compounds, while the carbides of chromium (Cr7C3, CrosCe) 
are more complicated structures. 

Evidence indicates that the metallic framework of the CrMoN, 
lattice, Fig. 4, is an ordered hexagonal close-packed structure whose 
interstitial holes are large enough to accommodate nitrogen atoms up 
to a saturated composition of CrMoNe. Both molybdenum and 
nitrogen obviously have a lower energy environment in this structure 
than they have in the matrix. This low energy configuration is 
approximated when, during diffusion, alternate molybdenum-rich 
(111) planes of the matrix chance to occur in the presence of much 
interstitial nitrogen. The (111) matrix planes then may transform 
into the basal planes of CrMoN,. This is suggested by the acicular 
structure of this nitride seen in Fig. 13. 

For the range of compositions covered by the alloys in this 
investigation, molybdenum also precipitates in the form of double 
carbides, these having complex but highly symmetrical cubic 
structures. 

By virtue of their high degree of symmetry, Westgren and his 
associates were able to solve the atomic arrangements of Mo3Ce. and 
MeC (12). The resulting configurations indicate that Cros3Cg can 
dissolve molybdenum (or wolfram) up to a limit of Cro;MoeCe, 
while Me¢C can range in composition from M’,MoeC to M’sMos;C, 
where M’ is a combination of chromium, iron, and cobalt. Thus, we 
should expect that if Mo3Cg forms in low molybdenum alloys, an 
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increase in molybdenum would result in an increasing tendency to 
form MgC. This tendency has already been noted experimentally 
Cay Oi 

Table III indicates that Alloy 16-25-6 has a composition which 
would ordinarily result in the formation of MgC. There is an ex- 
ception, however, in the case where the formation of the nitride 
CrMoN, has presumably resulted in a depletion of molybdenum 
from the matrix. The lattice parameter of the Mo3Cg formed in this 
heat suggests the composition type Cre;(Cr,Mo) Cz. 

As may be expected, the complex carbides were the low melting 
constituents in the alloys investigated. 

These carbon-poor carbides may be governed by electron con- 
centrations as well as by atomic size factors. The structure factors 
of these carbides (Table IV) indicate two prominent Brillouin zones. 
The outer one, bounded by the (660)—(822) planes, has a capacity 
for a total of approximately 7 electrons per metal atom. This zone 
has the identical shape and eight times the volume in k-space as the 
(330)-—(411) Brillouin zone for gamma-brass, which contains 84 
electrons per unit cell (13). If it be assumed that the (660)—(822) 
zone in MgC is filled to the same extent, the number of electrons 
per unit cell is 8 X 84=6/72. The electrons-per-metal atom ratio 
for Me¢C, then, is 672: 96, or 7:1. This is about right for the total 
number of electrons in the outer d and s bands. 


CONCLUSION 


The results of applying the techniques involved in identification 
of the microconstituents in the high temperature alloys investigated, 
as well as studies of their behavior, have led to these conclusions: 

(a) The carbonitrides of titanium and niobium will usually be 
found in the microstructures of alloys where these elements are used 
as alloying additions. 

(b) The nitrogen-rich Ti(C,N) is a mechanically included con- 
stituent whose formation is dependent on nitrogen contamination of 
the melt. 

(c) One mode of formation of higher C/N ratios of the 
Ti(C,N) is diffusion of carbon into N-rich particles resulting in 
medial and ultimately C-rich crystals of the Ti(C,N). 

(d) The N-rich Ti(C,N) is relatively insensitive to heat treat- 
ments below the solidus of Alloy M252, while the C-rich Ti(C,N) 
responds to heat treatment. Other compositions of the Ti(C,N) re- 
spond as regards their C/N ratio. 

(e) Increasing titanium above its nominal composition in Alloy 
M252, or extended thermal treatment of low carbon heats of this 
alloy, causes the formation of a Laves compound M,Ti, isomorphous 
with MgZno. 


_ 
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(f) An unstable Laves compound, Fe:Al, isomorphous with 
MgZne, may appear in cast Turballoy. 

(g) An ordered hexagonal close-packed Hagg-type double 
nitride, CrMoN,, may form in Alloy 16-25-6. 

(h) It is notable that molybdenum or tungsten is present in 
excess of 5 weight per cent in the alloys in which the complex carbide 
M,C is found. 

(i) The second Brillouin zone of the MgC and MogC¢ struc- 
tures has a capacity for about 7 electrons per metal atom. 
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DISCUSSION 


Written Discussion: By Rolf Nordheim and Nicholas J. Grant, De- 
partment of Metallurgy, Masachusetts Institute of Technology, Cambridge, 
Mass. 

The authors report precipitation of a MeTi phase in M432 annealed at 
1500 °F and in R358 in the as-cast condition. This is in agreement with our 
observations on straight nickel-chromium alloys (80-20 base) with 2 to 4% 
titanium. With respect to the needle-like structure of the annealed alloy, 
Fig. 11 (electrolytically etched in an aqueous solution of 5% hydrofluoric 
acid and 10% glycerin), the needles grew thicker; their length, however, 
remained practically unchanged. Finally, the wide needles or plates al- 
most occupied the entire surface. It thus seems that the acicular “constit- 
uents” shown in Fig. 11 may be etch-grooves rather than needles or plate- 
lets which are unattacked by the etching reagent. This view is also held 
by Dr. L. Servi, at Union Carbide and Carbon Research Laboratory, on the 
basis of electronmicroscopic examinations. 

The authors did not observe, in any of their alloys, Ni-Al or Ni 
(Ti, Al) intermetallic compounds. We have studied the aging b<chavior in 
two alloys of the following composition: 


Cr % Ti% Al % C% Ni% 
Alloy A 19.5 2.1 0.5 0.03 Balance 
Alloy B 19.5 2.2 1.0 0.03 Balance 


In Alloy A we found a strong aging effect at 1250 and 1350 °F, but at 
1450 °F the hardness remained unchanged after aging for 90 hours. Alloy 
B showed strong aging effects at temperatures from 1250 to 1500°F. It 
was very difficult, however, to detect any precipitate in the microstructure. 
For aging times up to 90 hours at the temperatures listed, the only effect 
of the etchant, viewed at xX 500, appeared to be a general attack of the 
grains. This effect was not observed on alloys solution-treated at 2000 °F 
and quenched. After 540 hours at 1450°F, Alloy B showed a very fine 
precipitate at x 500. Beattie and VerSnyder had subjected their Alloy 
M432 (2.4% Ti, 1.1% Al, and 0.04% C) to the following three individual 
heat treatments: 


(a) T2Zhours at 1700 °F 
(b) 24hours at 1500 °F + 20 hours at 1300 °F 
(c) 200 hours at 1500 °F 


No trace of Ni-(Ti, Al) compound is reported for any of the treat- 
ments. On the basis of our results we would expect this constituent to be 
present, at least after heat treatment (c). The reason why Beattie and 
VerSnyder did not find this constituent may be due to failure of their 
etching reagent to develop the precipitate. Probable explanations are that 
cobalt and molybdenum (10% of each) increase the solubility of titanium 
and aluminum, or that large amounts of titanium and aluminum are tied 
up by nitrogen, although these explanations are less likely. 

Written Discussion: By P. K. Koh, Research Laboratory, Allegheny 
Ludlum Steel Corp., Brackenridge, Pa. 

Nickel-base titanium-bearing high temperature alloys, such as Wasp- 
aloy, and M252, have experienced troubles connected with nonmetallic in- 
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clusions on hot working from ingot phase to finished blade sections. Quite 
often a moderately severe hot cogging would cause cracking originating 
from segregation streaks at the center of a billet (Fig. 17). Efforts have 
been made at the Allegheny Ludlum Steel Corp. laboratories to identify 
the inclusions in the titanium-bearing high temperature alloys. Our find- 
ings check well with those of the authors except for the following points. 

A transverse section from a square billet of a production heat of 
Waspaloy was extracted electrolytically in an FeCl; aqueous solution. The 
Debye diffraction pattern of the extract with Co-K radiations showed lines 
of a face-centered cubic structure, a= 4.32 A, and another face-centered 
cubic structure, a= 424A. The extract was then analyzed by vacuum 
fusion and showed 0.827 weight % nitrogen, 9.68 weight % oxygen, and 
1.12 weight % hydrogen. Considering TiO as face-centered cubic, a= 
4,235 A*; TiN as face-centered cubic, a = 4.235 A*; TiC as face-centered 
cubic, a = 4.320 A*; TiHe as cubic, a = 4.42 A,* it is very likely that besides 
the Ti(CN) phase in the M252 alloys which the authors investigated, there 
is a possibility of existence of TiO and TiHbs, although the TiHs lines did 
not appear in the Debye pattern mentioned above. 

Written Discussion: By Constance B. Craver, Research Laboratory, 
Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

The authors are to be complimented for their fine work on nickel- 
base alloys of the titanium age-hardenable type, and such data as pre- 
sented in this paper will be of great help in their production. 

For the most part, our X-ray and metallographic work on these alloys 
oncur very well with that of the authors. A few comments are included 
vhich we think may be of interest. 

In reference to the formation of Laves compound Ms2Ti in low carbon 
M252, it is interesting to observe that prior aging treatment may affect 
the amount of MeTi precipitated at 1700 °F. 

One of our experimental nickel-base alloys (Heat A509)* was solution- 
treated at 1950 °F and aged 16 hours at 1400 °F prior to a 1700 °F, 72-hour 
iging treatment. In this case very few needles of MeTi were formed (Fig. 
18). The composition of the authors’ Heat M432° is comparable to the 


Table 1X 


Heat No. C Mn Si Cr Co Ti Mo Al Fe Ni 


A509 0.04 1.19 0.57 17.71 10.13. 2.57 9.40 0.92 2.26 55.21 
M432 0.04 0.90 0.71 18.98 9.90 2.41 10.05 1.07 3.50 52.44 
A702. 0.04 0.48 0.78 17.98 ..... 2.66 10.72 1.09 0.91 65.34 
A6SS 0.04 0.46 0.59 18.14 ..... 2.60 10.32 0.99 11.63 55.23 


above-mentioned Heat A509, but M482 precipitates considerably more 
MeTi upon aging directly at 1700°F for 72 hours after solution treating. 
We wonder if this has been observed or can be explained by the authors. 

The acicular phase M:Ti was observed in two experimental alloys of 
the M252 type in which the cobalt was replaced either with nickel (A702)° 
or with iron (A655)*° (Fig. 19). Samples of both alloys which had been 


van W. G. Wyckoff, Crystal Structure, Vol. I, Interscience Publishers, New York, 


*ASTM Diffraction Card Index. 
®The composition of all alloys discussed is listed in Table IX. 
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Fig. 17—-Waspaloy, Bright Segregated Area in Center of a Billet. Fine grains and 
nonmetallics within the segregated area. Aqua regia etch. X 250. 

Fig. 18—Nickel-Base Alloy (Heat A509). Aging treatment: 1400 °F—16_ hours, 
plus 1700 °F—48 hours. Etchant: 92 cubic centimeters HCl, 5 cubic centimeters H2SOu, 
3 cubic centimeters HNOs. X 500. 

Fig. 19—Aging Treatment: 1400 °F—16 hours, plus 1700 °F—48 hours. Etchant: 
92 cubic centimeters HCl, 5 cubic centimeters HaSO«, 3 cubic centimeters HNOs. X 500. 

; (a) Heat A702. (b) Heat A655. 
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Fig. 20—Heat A509. Etchant: Alkaline permanganate. 500. (a) 1400 °F—16 
hours. (b) 1500 °F—84 hours. (c) 1700 °F—72 hours. ' 


Fig. 21—Heat A509. Etchant: 92 cubic centimeters HCl, 5 cubic centimeters 


H2SOs, 3 cubic centimeters HNOs. X 500, (a) 1400°F—16 hours. (b) 1500 °F—84 
hours. (c) 1700 °F—72 hours. 
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solution-treated and aged at 1400°F showed a considerable amount of 
MsTi after holding at 1500 °F for 100 hours (Fig. 2). On the other hand, in 
Heat A509 which contains 10% cobalt, practically none of this phase is 
apparent after 84 hours at 1500°F. Referring to the authors’ data which 
indicate that the solubility of titanium in: the matrix is a factor in the 
formation of MeTi, it appears that the presence of cobalt increases this 
solubility limit. : 

Fig. 20 is included to show the effect of aging on the McC carbide in 
the low carbon M252 (A509). These specimens were etched with the alka- 
line permanganate stain etchant which stains or outlines MeC. A fine net- 
work of MC appears at the grain boundaries after 16 hours at 1400 °F and 
it increases in size with increasing temperature. The temperatures in this 
case were 1500 °F for 84 hours and 1700 °F for 72 hours. 

In M252-type ailoys with carbon content varying from 0.04 to 0.17%, 
it has been noted that a more or less continuous grain boundary phase 
always forms with the 1400 °F aging treatment, but apparently disappears 
at 1700°F (Fig. 21). In some cases, as in Heat A509, this same continu- 
ous phase is present to a greater degree at 1500°F. We have not identi- 
fied this grain boundary phase. 


Authors’ Reply 


The authors wish to thank the discussers for their interest and con- 
tributions. With respect to Nordheim and Grant’s comments on the needle- 
like structure in Fig. 11, it may be said that the verity of this constituent, 
as a constituent in Heat M432, had been supplementarily established by 
examination of other specimens and other etching techniques. 

In reference to the nickel — (titanium, aluminum) compound, it should 
be emphasized that Heat M432 contains such alloying elements as molyb- 
denum and cobalt not present in Nordheim and Grant’s Alloys A or B. 
The presence of these additional alloying elements is undoubtedly a first 
source of difference, marked enough to cause expectation of phases other 
than those found in the more simple nickel-titanium-aluminum ternary. 
It is indeed possible that the etching and electrolytic separation techniques 
used in this work were insensitive to the detection of order-disorder phases. 

The authors agree with Dr. Koh that titanium monoxide could be in 
solid solution with titanium carbonitride. However, it is not present as 
an additional constituent, because only the titanium carbonitride was ob- 
served and well established by close correlation between metallography 
and diffraction. 

Titanium hydride was not present as a separate constituent for the 
reason just mentioned. It is net likely that it could be in solution with 
titanium carbonitride, because it-has“the calcium fluoride structure rather 
than that of sodium chloride; that is, the hydrogen atoms occupy the 
tetrahedral rather than octahedral interstices. 

We find the data on the titanium age-hardenable-type alloys, pre- 
sented by Mrs. Craver, extremely interesting; however, the precise nature 
of the precipitation reactions was beyond the scope of this paper. We 
feel there is much to be learned in regard to this type of alloy since the 
phase reactions appear to be reasonably complicated. 
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SIGMA FORMATION AND ITS EFFECT ON THE IMPACT 
PROPERTIES OF IRON-NICKEL-CHROMIUM ALLOYS 


By A. M. Ta.sot anp D. E. Furman 


Abstract 


The approximate sigma phase boundaries over the 
temperature range 1200 to 1650 °F (650 to 900°C) have 
been located by metallographic means for iron-nickel- 
chromium alloys of relatively high alloy content and of 
simulated commercial quality. For conditions approach- 
ing equilibrium, the limiting sigma boundary was found 
to extend from about 21% chromium at 20% nickel to 
24% chromium at 35% nickel. The effectiveness of 
silicon in moving the sigma area to lower chromium con- 
tents has been shown. Also it has been indicated that in 
certain compositional ranges the comparatively stable cast 
structure may resist the formation of sigma under the 
conditions that sigma would appear in a similar wrought 
Structure. 

Embrittlement as measured by room temperature im- 
pact properties increased rapidly with the first few per 
cent of sigma formed, regardless of the base composition. 


T has been the purpose of this investigation to locate a practical 
and useful sigma phase boundary in the iron-nickel-chromium 
illoys of simulated commercial purity and, in addition, to evaluate 
the embrittling effect of sigma as measured by the room temperature 
impact properties. The need for such information has been apparent 
for some time. Most of the previous investigations have been made 
with high purity alloys or with alloys of different quality than would 
be obtained with present-day alloying materials. As a result, it has 
often been observed in service examinations of commercial materials 
that sigma was present in alloys that were reputedly fully austenitic. 
Therefore, the approximate location of the sigma area in the iron- 
nickel-chromium alloys of commercial quality is of considerable inter- 
est. A related problem is the maximum amount of sigma that may 
be present in a particular type of alloy without causing serious em- 
brittlement. It was with the desire of shedding some light on these 
two phases of the sigma problem that iron-base alloys of interme- 
diately high alloy content were studied. 
A paper presented before the Thirty-fourth Annual Convention of the So- 
ait held in Philadelphia, October 18 to 24, 1952. The authors, A. M. Talbot 


and D. E. Furman, are‘associated with the Research Laboratory of the Interna- 
tional Nickel Company, Inc., Bayonne, N. J. Manuscript received May 15, 1952. 
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REVIEW OF LITERATURE 


An extensive review of the sigma literature was made by Foley 
(1),1 so it is not necessary to include here more than a brief refer- 
ence to a few of the more closely related investigations that have 
been reported. The iron-nickel-chromium equilibrium diagram as 
published by Schafmeister and Ergang (2) in 1939 has been the 
most widely used source of information as to the composition of the 
sigma-containing alloys. The numerous discrepancies with this dia- 
gram that have been noted from time to time have usually been 
attributed to variations in the minor constituents of a particular 
alloy. In 1949, Rees, Burns and Cook (3) published data on alloys 
of extraordinarily high purity. The sigma boundary as established 
in this work is at considerably lower chromium contents than the 
previously mentioned investigation placed it, and it has been observed 
to be in closer agreement with commercial material than might be 
expected. Nicholson, Samans and Shortsleeve (4) were among the 
first to recognize the need for making a systematic determination 
of the sigma boundary using alloys of simulated commercial quality. 
Their work published in 1951 is a practical guide for the occurrence 
of sigma at 1200 °F (650°C) in alloys containing 12 to 24% chro- 
mium and up to 20% nickel. This is useful information in the range 
of the commercially important 18-8 type of alloys. It is also of inter- 
est that the results were in good agreement with those obtained by 
Rees, Burns and Cook on high purity iron-nickel-chromium alloys. 


MATERIALS AND PROCEDURE 


The compositional range of interest in this investigation is rep- 
resented by such commercial alloys as Type 310, 20% nickel and 
25% chromium; Type 330, 35% nickel and 15% chromium; and 
Incoloy,? 35% nickel, 20% chromium. It is the range of the rela- 
tively high alloy iron-base materials. The actual alloys used con- 
tained from 20 to 35% nickel and 15 to 30% chromium. Alloys 
were chosen to cover a definite area of interest and not to locate a 
boundary with any exacting degree of accuracy. Approximate 
boundaries are of more interest in considering commercial alloys that 
vary quite widely in composition. The incidental alloying elements 
were controlled to the following approximate limits: carbon less 
than 0.1%, manganese 1.8%, silicon 0.7%, and phosphorus, sulphur 
and nitrogen were taken at the levels obtained. Two of the alloys 
were repeated as 3% silicon variations and one of the alloys was 
repeated with as low a silicon content as practical to obtain. The 
compositions of all alloys are listed in Table I. 

The alloys were made in a high frequency induction furnace 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2Trademark, the International Nickel Co., Inc. 
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Table I 
Compositions of Alloys Investigated 





——————Allloy Analysis—— ——-—-——-____—_——.. 

No. Type Ni Cr Cc Si Mn S P N 
1 20 Ni, 25 Cr 20.23 24.66 0.06 0.61 1.84 0.010 0.014 0.071 
1A 20 Ni, 25 Cr, Low Si 20.24 23.79 0.07 0.20 2.04 0.007 0.016 0.094 

2 25 Ni, 20 Cr 25.16 19.74 0.08 0.76 1.94 0.008 0.011 £0.11 
2A 25Ni, 20 Cr, High Si 24.42 19.50 0.05 3.09 1.77 0.006 0.014 0.046 
3 25 Ni, 25 Cr 25.09 25.25 0.05 0.74 1.90 0.007 0.014 0.041 
4 25 Ni, 30 Cr 24.99 28.95 0.06 0.75 1.98 90.006 0.013 0.058 
5 35 Ni, 15 Cr 34.25 14.15 0.05 0.60 1.76 90.007 90.019 0.028 
6 35 Ni, 20 Cr 34.93 19.95 0.05 0.78 2.05 0.006 0.022 0.047 
6A 35 Ni, 20 Cr, High Si 33.79 19.47 0.04 2.96 1.82 0.005 0.011 0.035 
6B 35 Ni, 20 Cr, High Si 34.02 19.44 0.05 3.04 1.86 0.005 ' 0.015 0.053 
0.05 0.63 1.72 0.006 0.021 0.048 


7 35 Ni, 25 Cr 34.03 23.83 


using armco iron, electro nickel, and low nitrogen ferrochromium. 
Vo deoxidation was used other than the manganese and silicon ad- 
tions. Ten-pound ingots were cast in 2 by 2-inch chill molds with 
‘e sand hot-tops that held about 25% of the metal. The head of 
the ingot was removed before forging and hot rolling to 34-inch 
rounds. The 34-inch bars were cold-rolled to %4-inch square bars 
with an intermediate anneal in order to obtain a final cold reduction 
of 23%. Half of each heat was kept in the cold-rolled condition 
and the rest was annealed for 1 hour and water-quenched. The 
nealing was carried out in the temperature range from 1900 to 
175 °F (1040 to 1080 °C) in an effort to have approximately the 
some grain size in all heats. The grain size was limited to a maxi- 
num ASTM value of 4. 
Using the above procedure, material was available from each 
mposition in three conditions. The cast structure was represented 
\y the ingot head. The wrought material was in the annealed and 
3% cold-worked conditions. 

The presence of sigma was determined metallographically in all 
hree conditions after exposure for various times at 1200, 1475 and 
'650 °F. The exposure times were 100, 500, 1000 and 3000 hours. 
Charpy keyhole-notch impact values were obtained on the annealed 
and 23% cold-worked materials after the same periods of exposure. 
Rockwell “B” hardness values were obtained on the broken halves 
of the Charpy specimens. 

Identification of sigma was based chiefly on comparative metallo- 
graphic examination. While various etchants were explored, the 
most satisfactory one was mixed acids in glycerin of the following 
proportions: 3 parts glycerin, 2 parts concentrated HCl, 1 part 
concentrated HNOs. In general, this etchant when freshly mixed 
and swabbed on the specimen will etch the sigma particles in 15 to 
20 seconds while taking about a minute or more to clearly outline 
the carbides. If the reagent is allowed to stand for more than about 
an hour, it etches more rapidly and it becomes difficult to differen- 
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Fig. 1—Microstructure of a Moderately Cold-Worked 35% Ni, 20% Cr, 3% Si 
Alloy After 3000 Hours at 1200°F (650°C). When etched for 20 seconds with HCl 
and HNOs in glycerin, (a), sigma particles are revealed but carbides are only faintly 
visible. Fig. 1 (b) shows the same area etched for 90 seconds to bring out the carbides. 





Fig. 2—Moderately Cold-Worked 25% Ni, ag Cr Alloy After Heating for 3000 
Shales 2 at 1650 °F ( °C). Large sigma particles (a) are visible after etching for 20 
with HCl and HNOs in igiycerin. An etching time of 90 seconds (b) was re 


seconds 
quired to define the smaller ide particles, 
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tiate between the two phases. An illustration of this method of 
sigma identification is given in the two photomicrographs of each 
of Figs. 1 and 2. The method has proved reliable when used on the 
simple ternary alloys treated under known and controlled conditions. 
Routine service investigations have shown, however, that the method 
may be misleading if molybdenum is present or if the sigma was 
formed under fluctuating temperature conditions. 

The percentage of sigma in any particular specimen was esti- 
mated by comparison with area charts drawn up for different per- 
centages of different size particles. The location of sigma boundaries 
was estimated by the relative amount of sigma present in alloys within 
the sigma field. All boundaries are approximations, but their accu- 
racy is sufficient when dealing with commercial quality alloys. 


THE SIGMA BOUNDARIES 


The specimens exposed for 3000 hours at the three temperatures 
were examined metallographically in determining the sigma bound- 
iries for each of the three conditions. The results are listed in 
(able II and shown in Figs. 3 and 4. 

From the boundaries plotted in Fig. 3, it can be seen that the 
igma area extends to the lowest chromium levels in the case of the 

\i\d-worked materials, whereas the relatively more stable cast struc- 
ires are indicated to have a sigma boundary located at higher chro- 
ium contents. The annealed materials were found similar to the 
ist materials at 1200°F (650°C) but almost identical to the cold- 
orked alloys at 1475 and 1650°F (800 and 900°C). At 1200 °F 
650 °C) the spread of the three conditions represents the lack of 
juilibrium, but at the two higher temperatures there appeared to be 
real difference between the cast and the wrought structures. There 
vas no indication that any changes had taken place between 1000 
ind 3000 hours exposure, which would indicate a reasonable ap- 
roach to equilibrium. 

The fact that the cast structure is more reluctant to ferm sigma 
than the wrought structure of the same alloy composition is a little 
surprising. With the coring effects expected in castings, it would 
not be unusual to have certain areas rich in sigma-forming elements. 
This would result in sigma being present at lower chromium levels 
than in the more homogeneous wrought alloys. However, the oppo- 
site effect was observed consistently and no significant differences in 
chemical analysis could be found between the cast and wrought parts 
of any particular heat to explain it. The greater reluctance of the 
cast structure to form sigma with increasing chromium contents at 
the higher nickel levels evidently is due partially to the stability of 


the cast structure and partially to the increased sluggishness of the 
higher alloy materials. 
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Fig. 3—Sigma Boundaries Determined at 1200, 1475 and 1650°F (650, 
800 and 900°C) for Commercial Quality Iron- Nickel-Chromium Alloys. 
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g. 4—Sigma Boundaries Obtained at 1200 and pie °F (650 and 800 
°C) rig Iron-Nickel-Chromium Alloys Containing 3.0% Silicon. 





EFFEcT oF SILICON ON THE SIGMA BOUNDARIES 


Higher silicon contents are often desired for improved resistance 
to carburization and oxidation. The sigma-forming tendencies of 
silicon are well known and some measure of this effect was obtained 
by increasing the silicon to 3% in two of the alloys. The results ob- 
tained are shown in Fig. 4. While the differences among the three 
conditions were small, there were consistent differences shown. The 
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cold-worked material contained more sigma than the annealed, and 
the annealed more than the cast. At 1200°F (650°C) the sigma 
boundary with 3% silicon is at about 19% chromium, with nickel 
contents of 25 and 35%. At 1475 °F (800°C) the boundary moves 
to slightly higher chromium contents at the 35% nickel level, and 
at 1650 °F (900 °C) no sigma was observed in either alloy. 





Table Il 
Estimated Percentages of Sigma Present After 3000 Hours Exposure 
at Three Temperatures of Alloys in the As-Cast, Annealed 
and 23% Cold-Worked Conditions 








Alloy ————— on ne -—1475 4 war -—1650 °F (900 °C)— 


old- old- An- Cold- 

No. Type Cast nealed Worked Cast wmtad Worked Cast nealed Worked 
1 20 Ni, 25 Cr 0 1 10 7 7 10 1 3 5 
iA 20 Ni, 25 Cr, Low Si 0 0 3 <1 5 4 0 0 0 
2 25 Ni, 20 Cr 0 0 0 0 0 0 0 0 0 
2A 25 Ni, 20Cr, High Si <1 3 3 1 3 5 0 0 0 
3 25 Ni, 25 Cr 0 0 10 3 10 8 <1 3 3 
4 25 Ni, 30 Cr <i 3 20 8 25 23 5 15 17 
5 35 Ni, 15 Cr 0 0 0 0 0 0 0 0 0 
6 35 Ni, 20 Cr 0 0 0 0 0 0 0 0 0 
6A 35 Ni, 20 Cr, High Si vie ae 4 ee $s 0 Ks 0 
6B 35 Ni, 20 Cr, High Si <1 3 ie 0 0 4 0 0 

35 Ni, 25 Cr 0 0 <1 0 0 0 0 0 0 


The propensity of the 20% nickel, 25% chromium alloy, Type 
310 stainless steel, to form sigma is well known. It was of interest 
o know whether this sigma-forming tendency could be overcome by 
ceeping the silicon at its lowest practical limit. In Table II, the 
normal, 0.6% silicon alloy, No. 1, is shown to have formed sigma 
it all three temperatures. Alloy 1A with 0.2% silicon formed less 
sigma but an appreciable amount at both 1200 and 1475°F (650 
and 800°C). The low silicon alloy has other compositional advan- 
tages such as lower chromium and higher manganese, but it may be 


concluded that sigma is readily formed at the 20% nickel, 25% 
chromium alloy level. 


COMPARISON OF SIGMA BOUNDARIES BY DIFFERENT INVESTIGATORS 


In Fig. 5 a comparison is made of the sigma boundaries at 1200 
and 1475 °F (650 and 800°C) as determined by various investiga- 
tors. The boundaries established with the cold-worked materials 
were used to represent the present investigation. The line drawn 
in the 1200 °F (650 °C) diagram to represent the data of Nicholson, 
Samans and Shortsleeve was taken as the top chromium level sug- 
gested by them. It is interesting that the agreement between their 
work and the present work is reasonably good; one could be a con- 
tinuation of the other. 

The boundary is appreciably lower than that established by 
Schafmeister and Ergang at both.1200 and 1475 °F (650 and 800 
“C). When compared with those of Rees, Burns and Cook, it is 
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Fig. 5—A Comparison of the Sigma Boundaries Estab- 


£ 
lished at 1200 and 1475 °F (650 and 800 °C) for the Moder- 
ately Cold-Worked Alloys With Those of Other Investigators. 


slightly higher at 1200°F (650°C) but identical at 1475°F (800 
°C). It would appear that the presence of carbon, manganese and 
nitrogen in the amounts used in the present work is counteracted 
by the silicon content, so the end effect is about the same as obtained 
with high purity alloys. 


LIMITING COMPOSITIONS FREE OF SIGMA 


It is of practical significance to establish the limiting boundaries 
for sigma-free alloys of commercial quality. The minimum chromium 
values obtained throughout the range from 1200 to 1650 °F (650 to 
900 °C) for each condition were used to represent the limiting values 
given in Fig. 6. The limiting values for the cast and annealed con- 
ditions are those established at 1475°F (800°C), while the cold- 
| worked values were obtained at 1200°F (650°C).. The boundary 
given for the cold-worked condition is extended to lower alloy con- 
tents by using the data of Nicholson, Samans and Shortsleeve. The 
boundary of the 3% silicon alloys in the cold-worked condition is 


; sae 5 
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Nickel, % 
Fig. 6—Limiting Sigma Boundaries Determined Over the Tem- 


perature Range 1200 to 1650 °F (650 to 900 °C) for Commercial Qual- 
ity Iron-Nickel-Chromium Alloys. 


also given for comparison. These boundaries are thought to be good 
approximations that will vary to a. certain extent, depending upon 
minor alloying elements, but they should serve as suitable guides. 

At 20% nickel, it is indicated that with a chromium content of 
more than about 21%, sigma can be expected. At the 35% nickel 
level, freedom from sigma is indicated in the presence of as much as 
24% chromium. In the case of silicon, it can be estimated that a 
25% nickel, 20% chromium alloy can tolerate 1.3% silicon, and a 
35% nickel, 20% chromium alloy can tolerate 2.2% silicon without 
orming sigma. 


EFFECT OF SIGMA ON THE IMPACT PROPERTIES AND HARDNESS 


Impact tests were made on the annealed and cold-worked con- 
litions only. There was not sufficient cast material to include it in 
ihe impact tests. The keyhole-notch impact values obtained on the 
pieces exposed 3000 hours are given in Table III along with Rock- 
well “B” hardness values. 

The extent of the embrittlement accompanying the formation 
of sigma is shown in the set of diagrams of Fig. 7. The impact value 
obtained for each alloy along with its position in relation to the sigma 
area is given for both conditions at three temperatures. Embrittle- 
ment appears substantial within the sigma field, although the closer 
to the boundary the less severe is the embrittling effect. At 1200 °F 
(650 °C) there is some apparent embrittlement within the fully aus- 
tenitic field. This is due to finely precipitated carbide. The effect 
of nickel or chromium on the impact properties can also be obtained 
from the values plotted in Fig. 7. 

An illustration of the embrittling effect of sigma is obtained by 
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Table Ill 


Effect of 3000-Hour Exposure at Three Temperatures on Impact Properties 
and Marduees of hancclal an DE Cele Worked Aleys 


Annealed Plus 3000 Hours at Tem atur 
-——As Annealed——. ——1200°F—~ ——1475°F—. -——1650°F— 




















Allo Charpy* Hard. C Hard. Charpy Hard. Charpy Hard. 
. No. ype Ft-Lb. Rs Ft-Lb. Rs Ft-Lb. Rs Ft-Lb. Re 
1 20Ni,25Cr 79 78 34 82 9 87 15 82 
; 1A 20 Ni, 25 Cr, Low Si 82 79 45 84 20 83 51 83 
2 25 Ni, 20 Cr 67 88 27 87 28 81 43 84 
2A 25 Ni, 20 Cr, High Si 73 78 14 93 13 82 33 76 
3 25 Ni, 25 Cr 73 74 43 78 10 80 28 75 
4 25 Ni, 30 Cr 69 79 17 85 2 98 4 94 
5 35 Ni, 15 Cr 65 67 43 73 45 67 59 68 
6 35 Ni, 20Cr 75 74 33 78 39 73 61 74 
6A 35 Ni, 20 Cr, High Si stb an ws na << ae ws os 
6B 35 Ni, 20 Cr, High Si 70 82 16 85 a 80 46 77 
: 7 35 Ni, 25 Cr 71 74 37 78 41 76 59 77 
————Cold-Worked 23% Plus 3000 Hours at Temperature-————. 
All “_ a Che 1200 ‘Hard, —— tase. Pn _—? 
oy Vv ard. harpy Har harpy Har y Hard. 
j No. Type Ft-Lb. Rs Ft-Lb. Rs Ft-Lb. Rs Ft-Lb. Rep 
1 20 Ni, 25 Cr 39 102 7 . 98 7 92 21 82 
1A 20 Ni, 25 Cr, Low Si 43 102 13 100 20 86 58 80 
2 25 Ni, 20 Cr 35 107 19 99 36 82 50 84 
2A 25 Ni, 20 Cr, High Si 41 104 9 100 16 85 53 76 
3 25 Ni, 25 Cr 36 102 12 97 9 90 26 79 
4 25 Ni, 30 Cr 32 106 5 101 3 101 6 95 
5 35 Ni, 15 Cr 37 101 31 92 55 70 61 70 
6 35 Ni, 20 Cr 48 101 29 95 52 75 63 75 
6A 35 Ni, 20 Cr, High Si 33 104 il 98 48 80 Si 76 
6B 35 Ni, 20 Cr, High Si pis pits 7 ee pti .. oh aes 
7 35 Ni, 25 Cr 37 104 26 97 51 78 59 76 


*Charpy keyhole notch. 


Annealed Alloys 
1475°F 1650°F 





| 


io 20 30 40 ic 20 © 2 BD 4° 6&0 
a 


Cold-Worked Alloys 





io 20 30 40 O- 20 36 -40..50 
Nickel, % 


Fig. 7—Impact Values of Commercial Quality Iron-Nickel-Chromium Alloys 
tained After Heating for 300Q-Hours at 1200, 1475 and 1650 °F (650, 800 and 900 °C). 
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plotting the percentage of sigma against the impact value. This re- 
lation is shown in Fig. 8, and it was found to hold true regardless 
of the base composition. It is evident that as little as 5% sigma may 
cause serious embrittlement and, with more than 5%, the embrittle- 
ment is certain and becomes progressively worse. 

Unlike the impact results, the hardness values were rather in- 


50 


© 1200°F 
® 1475°F 
© 1650°F 


40 


30 


20 


° 


Charpy Impact -Keyhole Notch, Ft-Lb 





0 5 10 15 20 25 30 
Sigma, % 
Fig. 8—Correlation of the Effect of Sigma on the Im- 


pact Resistance of Commercial Quality Iron+Nickel-Chro- 
mium Alloys. 


Table IV 
Effect of Exposure Time on Impact Properties of Four of the Alloys 





Charpy Impact Values—Ft-Lbs. 
Annealed Alloys Cold-Worked Alloys 
Hours at Temp. Hours at Temp. 





——Alloy———. Temp. 














No. Type °F 0 100 500 1000 3000 0 100 500 1000 3000 
i 20 Ni, 25 Cr 1200 79 53 44 41 34 39 32 22 13 7 
1475 79 33 14 11 9 39 il 7 7 7 
1650 79 48 27 20 15 39 30 21 21 21 
2 25 Ni, 20 Cr 1200 67 43 28 26 27 35 24 21 20 19 
1475 67 29 31 25 28 35 26 27 40 36 
1650 67 43 50 49 43 35 $2 52 51 50 


wn 


35 Ni, 15 Cr 1200 65 58 49 47 43 37 38 35 32 31 
1475 65 53 45 45 45 37 48 56 56 55 
1650 65 58 55 57 59 37 63 62 59 61 
6 35 Ni, 20Cr 1200 75 55 43 38 33 48 35 32 29 29 
1475 75 40 36 35 39 48 45 47 52 52 
1650 75 54 57 58 61 48 62 61 67 63 








sensitive in that they gave little indication as to the extent of sigma 
formation. Differences in hardness were not indicative of the relative 
amounts of sigma, although in a given alloy there was always an 
increase in hardness with the appearance of sigma. 

The effect of time of exposure on the impact properties of several 
of the alloys may be'seen in Table IV. The data have been included 
here only for those compositions most commonly used commercially. 
The results were useful in estimating the approach to equilibrium 


* 
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with time. In most cases, very little additional loss in impact resist- 
ance would take place after the first 500 hours of exposure. The 
exceptions to this behavior were usually confined to the 1200 °F 
(650 °C) treatments and the annealed condition. 


SUMMARY 


By the use of microscopic examination, impact and hardness 
tests, a study has been made to locate approximately the sigma 
boundaries and to appraise the embrittling effect of sigma in iron- 
nickel-chromium alloys of simulated commercial quality in the range 
from 20 to 35% nickel and 15 to 30% chromium. The investigation 
covered a temperature range from 1200 to 1650 °F (650 to 900 °C) 
with materials in three conditions: cast, wrought annealed and 
moderately cold-worked. For conditions approaching equilibrium, 
that is, exposing cold-worked material to the sigma-forming condi- 
tions for 3000 hours, the limiting sigma boundary was found to 
extend from 21% chromium at 20% nickel to 24% chromium at 
35% nickel. With the more stable and sluggish structures found in 
annealed or as-cast materials, the boundary was moved to somewhat 
higher chromium contents. Increasing the silicon to 3% moved the 
sigma boundary to about 19% chromium with 25 or 35% nickel. 
The sigma boundary as determined in this investigation is a reason- 
able extension of the-boundary as determined by Nicholson, Samans 
and Shortsleeve for similar materials of lower alloy content. Em- 
brittlement as measured by room temperature impact properties in- 
creased rapidly with the first few per cent of sigma formed, regardless 
of the base composition. Serious embrittlement is apt to be effected 
by as little as 5% sigma. 
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DISCUSSION 


Written Discussion: By P. M. Unterweiser, senior metallurgist, Heat 
Treat, Process Control Unit, Curtiss-Wright Corp., Wright Aeronautical 
Division, Woodridge, N. J. 

Messrs. Talbot and Furman are to be congratulated for this very inter- 
esting study of sigma phase embrittlement and especially for the useful 
sigma phase boundary data which they have derived. 

However, it is of interest to note their surprise that the cast structure 
of a given alloy composition is more reluctant to form sigma than the 
wrought material of similar composition. - This phenomenon has been re- 
ported by a number of other investigators although, in most instances, no 
attempt was made to provide an explanation. The present investigators 
suggest one explanation for certain types of alloys, namely: “The greater 
reluctance of the cast structure to form sigma with increasing chromium 
contents at the higher nickel levels evidently is due partially to the sta- 
bility of the cast structure and partially to the increased sluggishness of 
the higher alloy materials.” 

The fact that the forged specimens used in this investigation were 
probably forged and hot-rolled at temperatures approaching, if not actually 
vithin, the “solution treating” range seems to me to be of some signifi- 

ance. The authors do not indicate these temperatures, but it can be esti- 
mated that they probably exceeded 2000°F. Subsequently, the forged 
specimens were cold-rolled. 

Dealing with cast 25% chromium — 12% nickel alloys in a recent inves- 
igation, it has been our experience that solution treating as-cast specimens 
| the range 2200 to 2300 °F for periods of from 1 to 4 hours proved ex- 
remely deleterious upon subsequent sensitizing. Where clearly delineated 
errite islands were observable in the material quenched from 2200 to 2300 
F, these apparently provided the nucleus for rapid carbide precipitation 
(iter a 4-hour sensitizing treatment at 1300°F. Cold working tended to 
urther promote the carbide-forming tendency (and resultant sigma phase). 
‘onfirming the authors’ experience, this condition was especially appli- 
able to alloys containing in excess of 1% silicon. 

Written Discussion: By E. J. Dulis, Research and Development Lab- 

oratory, United States Steel Co., Kearny, N. J. 

From a practical point of view, this paper serves a useful purpose in 
establishing sigma boundary limits for some commercial austenitic alloys 
not heretofore studied. 

The authors compare the effect of cold working versus annealing 
(1900 to 1975 °F, water quench) on subsequent sigma formation at 1200 °F 
and attribute the sigma boundary at higher chromium contents for the 
annealed alloys to be due to the nonattainment of equilibrium; this differ- 
ence is shown in Figs. 3 and 6 of the paper. However, it is believed that 
variations in annealing treatments would cause marked shifts in the non- 
equilibrium sigma boundary for the annealed steels heated for 3000 hours 
in the sigmatizing temperature range. 

Retardation in the establishment of equilibrium by a suitable treat- 
ment, so that the formation of sigma is impeded, could serve as a practical 
means to avoid or minimize sigma occurrence. A study of the effect of 
prior heat treatment on precipitation of sigma phase in a 25% chromium — 
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20% nickel alloy was made at the U. S. Steel Research Laboratory several 
years ago.* It was found that temperature of annealing and rate of cooling 
therefrom have a great effect on sigma formation. For example, specimens 
annealed at 1900°F and water-quenched, air-cooled or furnace-cooled 
therefrom developed equilibrium amounts of sigma in 1000 hours at 1300 
°F; whereas, the same steel furnace-cooled from 2100°F showed little 
sigma after 3000 hours at 1300°F. In general, higher annealing tempera- 
tures and slower rates of cooling therefrom retarded sigma formation. 

Written Discussion: By Howard M. German, Driver-Harris Co., 
Harrison, N. J. 

In the paper presented, the authors discussed iron-nickel-chromium 
alloys which contained a greater percentage of chromium than nickel. They 
did not discuss alloys having a greater percentage of nickel than chro- 
mium. We have examined many specimens of 35% nickel-16% chromium 
and 60% nickel-—15% chromium and have not found the presence of sigma. 


Authors’ Reply 


We wish to express our appreciation to Messrs. Unterweiser and Dulis 
for their comments which appear to lend further support to the idea that 
the sigma phase boundary is somewhat migratory in nature. 

In relation to Mr. Unterweiser’s remarks, it would have been more 
appropriate for us to have expressed our surprise as to the magnitude of 
the difference in sigma-forming tendencies between the wrought and cast 
structures at the higher alloy contents rather than about the fact that the 
cast structure is more reluctant to form sigma. 

It is interesting that Mr. Unterweiser reports a high temperature an- 
nealing treatment to be effective in promoting the formation of sigma in 
cast 25% chromium —12% nickel alloys, while Mr. Dulis reports the oppo- 
site effect for wrought 25% chromium — 20% nickel alloys. At first glance 
these might seem to be contradictory statements, but they may well be 
indications of the effect of segregation. The treatment used on the 25% 
chromium-—12% nickel alloy was within the two-phase region for this 
alloy and, consequently, resulted in the formation of additional ferrite. 
The effect of forming a second phase is to cause segregation, as the com- 
position of the second phase is different from the matrix from which it is 
formed. This is a segregation that would be expected to aid the formation 
of sigma. In the case of the 25% chromium —20% nickel alloys used by 
Mr. Dulis the high temperature treatment is one of homogenization, as the 
alloy is completely within the austenitic field at the temperatures involved. 
Such a treatment, therefore, retards the formation of sigma which in itself 
requires segregation. An optimum annealing temperature is indicated for 
alloys that might contain both ferrite and austenite if it is desired to re- 
tard the formation of sigma, while for alloys incapable of forming ferrite 
the higher the annealing temperature the greater will be the effect of 
retarding sigma. 

It is well to recognize that mechanical and thermal treatments as well 
as composition affect the sigma boundary and we are indebted to the above 
discussions for emphasizing these points. 


%G. V. Smith, E. J. Dulis and H, S. Link, “Effect of Prior Treatment on Precipitation 
of Sigma Phase”, The Welding Jourhal Supplement, August 1951. 


** 


Tor 








THE ELECTROLYTIC SEPARATION AND SOME 
PROPERTIES OF AUSTENITE AND SIGMA 
IN 18-8-3-1 CHROMIUM-NICKEL- 
MOLYBDENUM-TITANIUM STEEL 


By T. P. Hoar anp K. W. J. Bowen 


Abstract 


Austenite and sigma have been extracted from 18-8-3-1 
chromium-nickel-molybdenum-titanium steel, heat treated 
for various times.at 1560 °F (850 °C), by selective anodic 
dissolution in 25% w/w sulphuric acid at 0.4 amp./in2? 
and in>50% v/v hydrochloric acid at 30 amps./in.* re- 
spectively. 

The extracted austenite partially transforms to a, at 
room temperatures, the transformation being the greater 
the longer the previous heat treatment. There ts no fur- 
ther transformation at —321°F (—196°C). This con- 
trasts with the behavior of the austenite in the massive 
material, which does not transform at room temperature 
but does so at —321°F (—196 °C); the easier transfor- 
mation of the extracted austenite 1s probably due to the 
release of internal microstresses. 

The extracted sigma is ferromagnetic at low temper- 
atures. It is much higher in chromium and molybdenum, 
higher in titanium, and much lower in nickel, tron and 
manganese than the corresponding austenite. 

Electrode potential measurements of compacted aus- 
tenite and sigma residues in sodium chloride and hydro- 
chloric acid. solutions show that sigma has a greater tend- 
ency to become passive, and has a more noble passive po- 
tential than the corresponding austenite. 


INTRODUCTION 


REVIOUS investigations of the constitution of 18-8-3-1 
chromium-nickel-molybdenum-titanium steel (1, 2, 3)! have 
been concerned with the phases austenite, ferrite and sigma as they 
exist together. The present paper describes the electrolytic separation 


1The figures appearing in parentheses pertain to the references appendéd to this paper. 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, T. P. Hoar 
is associated with the Department of Metallurgy, University of Cambridge, 
England, and K. W. J. Bowen was formerly with the Department of Metallurgy, 
University of Cambridge, and is now associated with the Research Department, 


Metals Division, Impérial Chemical Industries, Birmingham, England. Manu- 
script received May 15, 1952. 
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of austenite and sigma by selective anodic dissolution, and some of 
their chemical and physical properties. 

Electrolytic extractions of phases have previously been made 
from a variety of alloys, with varying success. In the discussion 
of the work of Franks, Binder and Bishop (4) on chromium-nickel 
steels containing molybdenum, mention is made of the anodic sepa- 
ration of sigma from association with austenite, using hydrochloric 
acid as electrolyte. Kirkby and Morley (5) have described attempts 
at phase extraction made with a steel of similar composition to the 
one used in the present work, but they give no details of experimental 
technique or of the purity of the residues obtained. A method of 
electrochemical extraction was used by Raynor and Wakeman (6) 
for the isolation of intermetallic compounds in the aluminum- 
manganese system. Many techniques used to isolate carbides from 
steel have been reviewed by Blickwede and Cohen (7). More re- 
cently, Blickwede, Cohen and Roberts (8) have described the inves- 
tigation of phases in a high speed steel, and Gilman (9) has sug- 
gested that an estimate of the partition of elements between ferrite 
and austenite may be obtained by preferential electrolytic dissolution, 
although he gives no specific results. 

The electrolytic separation of austenite and sigma as residues 
from specimens subjected to a range of heat treatment is described 
below. Observations on the composition, magnetic properties and 
electrochemical behavior of the separated phases are also reported. 


EXPERIMENTAL TECHNIQUE 


Materials—The steel was in %-inch and 1l-inch diameter bars 
and had the following analysis: carbon 0.04%, manganese 0.43%, 
silicon 0.56%, chromium 18.4%, nickel 8.45%, molybdenum 3.40% 
and titanium 0.47%. Specimens were cut in the form of disks, 
1 inch in diameter and 0.125 inch in height, and rods, 0.5 inch in 
diameter and 6 inches long. 

Heat Treatment—This was carried out in an air atmosphere 
at a reduced pressure of one micron or better. After a standard 
preliminary heat treatment of 1 hour at 2100 °F (1150 °C) followed 
by water quenching, the specimens consisted of austenite and ferrite 
in approximately equal amounts together with a little titanium car- 
bide. On reheating at 1560 °F (850 °C), ferrite transformed to sigma 
and austenite (3), and when the reheating time was long enough, a 
structure consisting solely of austenite and sigma could be retained 
at room temperature after quenching. 

Determination of Phase Volumes—As in previous work (3), 
the point-counting method and “ferrometer” magnetic measurements 
were used to obtain the volumes of phases present. 

Electrolytic Extraction. of Phases—Two designs of cell were 
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used in the development of extraction techniques. In both, the 
cathodes were similar in size to the anodes and were of 18-8-3-1 steel 
heated at 2100 °F (1150°C) and water-quenched. 

Cells as shown in Fig. 1A were used in preliminary experiments 
with disk-shaped specimens, both the anodes and cathodes being half 
immersed in electrolyte held in 250-ml. beakers. Experience gained 
with this arrangement led to the adoption of the cells of the type 
shown in Fig. 1B, in which the anode and cathode in the form of 
rods fitted inside a 600-ml. beaker. The residue from the anode was 





Dropping 
Funnel 


Canvas Bag 


Bath 
Glycerine 


Fig. 1—Cells Used in Extraction Experiments. 


llected under glycerine to protect it from attack. With the smaller 
‘il, the whole of the electrolyte was added at the beginning of the 
xperiment, but with the larger cell it was added gradually from a 
iropping funnel so that only a small portion of the anode was ex- 
osed to electrolyte at a time, and the current density on the dis- 
olving anode could be kept steady. Several cells were held in a tank 
ontaining refrigerant to counteract the heating effect of the current. 

Anodes for extraction were cleaned and weighed. At the end 
of an extraction, the anode was washed, dried and reweighed, so 
that the loss in weight could be obtained. The residue from the 
anode was filtered off, washed, dried and weighed. 

Previous experiments had shown that a 25% w/w sulphuric 
acid/water electrolyte leads to preferential attack on ferrite and 
sigma; it was therefore used for austenite extraction. A 50% v/v 
hydrochloric acid/water electrolyte, which leads to ‘preferential 
attack on ferrite and austenite, was used for sigma extraction. 

X-Ray Examination—X-ray powder photography was used for 
residue identification and to indicate the presence of the a2 body- 
centered cubic phase in the various “austenite” residues. 

Magnetic Analysis—The ferrometer (1, 2, 3) was used to follow 
changes in ferromagnetism. For measurements below room temper- 
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ature, a specially designed vacuum flask was fitted to the instrument ; 
this allowed specimens immersed in refrigerants to be examined. 

Photomicrography and Electronmicrography—Photomicrography 
was used to determine and to record the structures and the varieties 
of selective attack that were found in specimens given different heat 
treatments, while electronmicrography was used to determine the 
shape of the residue particles and to provide additional aid in their 
identification. 

Chemical Analysis—To determine the manner and extent of the 





Water pare poe coc 
Pump | 3 Pump 
2 Mohr 
Clip 
A B 


Fig. 2—Apparatus Used for Potential Measurements. 


partition of elements between the phases present, some of the sepa- 
rated residues were analyzed by chemical methods applicable to 18-8 
class steels, after preliminary spectrographic analysis. 

Electrode Potential Measurements—Some measurements were 
made on the extracted residues of sigma and austenite from specimens 
heated at 1560°F (850°C) for 69.5 hours and water-quenched, 
which had consisted of these two phases only. For this purpose the 
residues were pressed at 112,000 psi into disks, 0.72 inch in diameter 
and 0.08 inch in height. Since the austenite residue contained some 
G2, after compression the disk was heated at 1560°F (850°C) for 
20 minutes in vacuo and water-quenched, in which condition it was 
completely nonferromagnetic and consisted of austenite only. 

Fig. 2 shows the apparatus ‘used for potential measurements. 
Deaeration of solutions was carried out in flask A, and measure- 
ments were made in flask B. Disks of austenite and sigma were 
mounted separately in Perspex (Lucite) so that one flat surface was 
exposed in each case. Glass tubes were inserted in the back of the 
mounts and sealed in position. Platinum wires, a and c, passed in- 
side the glass tubes and made contact through mercury with the rear 
flat surfaces of the disks. These arrangements constituted the elec- 
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trodes d and e, and were held in position through conical glass joints 
as shown. The central connection to flask B carried a reference elec- 
trode; in the diagram, the arrangement for the quinhydrone electrode 
is shown. The tube ended in a capillary close to the austenite and 
sigma electrodes; at its upper end it carried tap 4, above which 
quinhydrone crystals and a cleaned degreased platinum wire b were 
placed. For a silver/silver-chloride reference electrode a slightly 
modified arrangement was used. The whole apparatus was immersed 
in a water thermostat maintained at 77°F (25°C). Taps 2 and 3 
were connected to a supply of nitrogen (passed over heated copper 
at 1110°F (600°C) before entering the apparatus) while taps 1 
and 5 led to a water pump. 

The solution to be used was placed in flask A. Initially, taps 
2, 4 and 5 were closed and the Mohr clip was opened. When tap 3 
was opened, admitting nitrogen to the apparatus, flask A was con- 
nected to the water pump by opening tap 1 ; deaeration of the solution 
commenced and the Mohr clip was adjusted so that maximum tur- 
bulence was produced. Deaeration was continued for 1 hour, after 
which tap 1 and the clip were closed and tap 5 opened. This pro- 
vided deaeration of flask B, which was continued for % hour, during 
which time the three glass joints and tap 4 were opened in turn, 
to allow nitrogen to sweep out air pockets. Tap 3 was then closed 
and tap 2 and the clip opened so that sufficient solution was trans- 
ferred into flask B. Tap 5 was then closed and tap 4 opened, so 
that some of the solution was forced up the tube of the reference 
electrode and around tap 4 to connect the reference electrode to the 
solution. Tap 4 was then closed, and finally tap 2 and the clip. 
The potentials of sigma and austenite against the reference electrode 
were measured alternately, at regular intervals, by means of a Mar- 
coni pH meter.” In each experiment, after a suitable interval, air 
was admitted to the apparatus and further measurements were made. 


RESULTS AND INTERPRETATION 
Extraction of Residues 


Extraction experiments were of two kinds, in which either the 
heat treatment of the specimens or the value of initial current den- 
sities was varied. 

Austenite Extraction With 25% w/w Sulphuric Acid—In pre- 
liminary experiments with cells as shown in Fig. 1A, specimens 
heated at 1560 °F (850°C) for 63 hours and water-quenched were 
used ; they consisted of austenite and sigma only. The yield of aus- 
tenite residue, which was generally low, decreased with increase in 
current density in the range 0.2 to 4.2 amps./in.? 

In further experiments with the larger cells (Fig. 1B), the cur- 
rent density was held constant at 0.4 amp./in.? and specimens heated 
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at 1560 °F (850°C) for 5 minutes, 2.5 hours, 69.5 hours, and 102 
hours were used; a standard, nonreheated specimen was included for 


comparison purposes. 
77 °F (20 and 25 °C). 


cases. Table I gives details of these experiments. 
In both series of experiments, ferrite-free anodes yielded mag- 
netic residues, which X-ray analysis showed to be mixtures of aus- 


tenite and dp. 


The bath temperature varied between 68 and 
Oxygen was evolved at the anodes in all 


This is further evidence of the transformation of 


austenite in this steel, which we have already reported (3). 


All specimens first heated for 1 hour at 2100 °F (1150 °C) and water-quenched 





Table I 


Residues Obtained by Electrolytic Extractions 


Extraction with 25% w/w 


Extraction with 50% v/v 


H2SO, at 0.4 amp./in.? HCI at 30 amps. /in.? 
Yield 
of Res- Amount Yield of 
Time of Amount idue, % of anode Residue, 
heating of anode of orig- dissolved, % of 
at 1560 °F Volume % = dissolved inal g./ original 
(850 °C) of phases g./amp.-hr. Residue* phase amp.-hr. Residue* phase 
Nil Austenite 45 0.53 Austenite 0.72 Nil 54 
Ferrite 55 (Fig. 13) 
(Figs. 3, 4) and trace 
6-ferrite 
5 min. Austenite 47 RG See he i eg i caigly cane 
ae e and 
igma 
(Figs. 5, 6) (Fig. 14) 
2.5 hr. Austenite 71 0.43 Austenite 14.2 0.39 Austen- 
Ferrite 14 and az ite (Fig. 
— 15 (Fig. 15) 17), a2 
(Figs. 7, 8, 9) and sigma 
69.5 hr. Austenite 86 0.40 Austenite 10.3 0.38 (i)t Sigma 34 (i)7 
Sigma 14 and a2 0.47 (ii) 54 (ii) 
(Figs. 10, 11, 12) (Fig. 16) (Fig. 18) 
102 hr. Austenite 86 0.40 Austenite 10.3 0.48 Sigma 20 
Sigma 14 and az 
*By X-ray, magnetic measurement and electronmicrography. 
tSee text. 


Sigma Extraction With 50% v/v Hydrochloric Acid—In pre- 
liminary experiments with the smaller cells, specimens heated at 
1560 °F (850°C) for 63 hours and water-quenched, consisting of 
austenite and sigma only, were again used; the current density was 
varied from 0.3 to 30 amps./in.? 

In all hydrochloric acid extractions, the bath temperature varied 
from 77 °F (25 °C) for the lowest current density to 150 °F (65 °C) 
eventually reached for the high current densities. Oxygen was evolved 
at all anodes. At a current density of 0.3 amp./in.”, the residue was 
similar to that obtained with the sulphuric acid bath under the same 
conditions of anode heat treatment, consisting of austenite and de. 
With a current density of 30 amps./in.? a residue of sigma alone was 
obtained. At intermediate current densities, viz., 1.5, 10, 12, 16 and 
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30 amps./in.”, the residues became decreasingly ferromagnetic as the 
proportion of sigma in them increased, and that of partially trans- 
formed austenite decreased. 

Further extraction experiments, at a current density of 30 
amps./in.? with cells of the larger type, were carried out with vari- 
ously reheated specimens, with the results given in Table I. The 
calculation of the residue yields given therein is based on the assump- 
tion that the densities of austenite and sigma are the same, a suffi- 
ciently close approximation (10, 11, 12) in view of the other possible 
experimental errors. Two sets of results (i and ii) for specimens 
heated at 1560°F (850°C) for 69.5 hours are shown; results (1) 
were obtained under normal cell operating conditions, while results 
(ii) were obtained after a complete change of electrolyte had been 
made twice during the experiment. This alteration in technique 
increased the yield of sigma from 34 to 54%; evidently dissolved 
metal in the electrolyte reduces the efficiency of the separation process. 
A yield of 49% was obtained for a similar condition of heat treatment 
with the much smaller specimen and cell as in Fig. 1A; in that in- 
stance, the cell was operated for a much shorter time, so that dis- 
solved metal in the electrolyte would not be expected to influence 
the yield obtained to the same extent. 


Examination of Residues 


Magnetic Examination—2.5-gram portions of the powders ob- 
tained as residues from the sulphuric acid extractions listed in Table I 
were placed in weighing bottles, and ferrometer readings were taken 
at room temperature, then in liquid nitrogen at —321 °F (—196 °C), 
ind then again at room temperature. Similar measurements were 
made on the residues from the hydrochloric acid extractions listed 
in Table I; in this case the residues were first readily freed from 
any contaminating iron particles derived from the cathodes during 
electrolysis by means of a magnet, and were compacted at 112,000 psi 
into disks 0.72 inch in diameter and 0.08 inch thick. 

The ferrometer results are given in Table II. Each residue 
from sulphuric acid extraction shows a constant degree of ferro- 
magnetism, unaltered by low temperature; this indicates (a) the 
presence of a2 formed by transformation of the austenite during or 
after extraction (in the first residue the ferromagnetism is probably 
caused by a small amount of 8-ferrite extracted with the austenite), 
(b) the increasing tendency of austenite to transform on extraction 
as the time of its formation at 1560°F (850°C) is increased (this 
is in harmony with our previous work), (c) the stability of the un- 
transformed austenite to low temperature treatment, (d) the absence 
of sigma of composition that becomes ferromagnetic at low temper- 
atures (2). The residues from hydrochloric acid extractions each 
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Table Il 
Magnetic Examination of Residues 


All specimens first heated for 1 hour at 2100 °F (1150 °C) and water-quenched 


Residue From H2SO« Extraction Residue From HCl Extraction 
-~Ferrometer Reading— --Ferrometer Reading—, 
Time of 2ndat 3rdat 2nd at 3rd 
Heating Istat —321°F room Istat —321°F at 
at 1560 °F room (—196 temper- room (—196 room 
(850 °C) Type temp. "9 ature Type temp. °C) temp. 
Nil Austenite 2 2 2 Nil AS ofa aR 
and 
6-ferrite 
5 min. Austenite 7.5 7.5 BE Here h es 
and az 
2.5 hr. Austenite 11.5 11.5 11.5 Austenite, 11 14 11 
and ae a2 and 
sigma 
69.5 hr. Austenite 13 13 13 Sigma 0 15 0 
and az 
102 hr. Austenite 15 15 15 Sigma 0 15 0 
and az 


show a transient increase of ferromagnetism at low temperatures, 
because sigma of certain compositions becomes ferromagnetic at 
around —171 °F (—113 °C), as we have previously shown (2, 3). 

Photomicrographs and Electronmicrographs—Figs. 3 through 12 
inclusive are photomicrographs of the original specimens listed in 
Table I, and Figs. 4,.6, 8, 9, 11 and 12 also illustrate the several 
kinds of selective attack found on the specimens after electrolytic 
extraction ; they were obtained by mounting suitable pieces in bake- 
lite and sectioning. Figs. 13 through 18 are electronmicrographs 
obtained from the residues listed in Table I. 

Chemical Analysis—The residues listed in Table I and others 
similarly obtained were analyzed chemically by personnel familiar 
with the special techniques used for 18-8 class steels. The residues 
were usually slightly contaminated with titanium carbide present as 
particles in the steel (and containing substantially all the 0.04% of 
carbon), with silicon that separated from the phase or phases going 
into solution, and with oxygen unavoidably taken up as surface oxide 
film. It was not possible to estimate the elementary silicon of the 
residues, and consequently the distribution of the total 0.56% of 
silicon between the phases cannot be calculated. The amounts of 
the elements chromium, nickel, molybdenum, titanium, manganese 
and iron in each residue, as weight percentages of the total of these 
elements in the residues, are given in Table III. The figures for 
ferrite composition are calculated from the corresponding austenite 
analysis, the over-all steel analysis, and the volumes of the phases 
present, on the approximate assumption that the ferrite and austenite 
densities are equal. The figures for titanium are calculated from the 
analytical determinations of titanium and carbon, by subtraction of 
the amount of titanium equivalent to the carbon in titanium carbide. 
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Table Ill 
Chemical Composition of Residues 
All snecimens initially heated for 1 hour at 2100 °F (1150°C) and water-quenched 
Residues described as ‘‘Austenite’’ contain some a2; they were all extracted 
with 25% w/w H2SO. 


Time of 
Heating at Weight of Element as 
1560 °F Residue --Percentage of Weight of Cr + Ni + Mo+ Ti+ Mn-+ Fe— 
(850 °C) Analyzed Cr Ni Mo Ti Mn Fe 
Nil Austenite 13.2 10.0 a5 0.42 73.9 
Ferrite 22.7 7.2 4.1 0.44 63.6 
2.5 hrs. Austenite 14.4 10.0 2.1 0.40 73.1 
25 hrs. Austenite 13.3 10.0 2.3 0.50 73.9 
48 hrs. Austenite 16.7 9.7 2.1 ea 0.43 71.1 
Sigma 28.6 3.7 7.8 0.8 0.05 59.2 
69.5 hrs. Austenite 15.8 9.7 2.8 0.43 ge 
Sigma 27.5 4.0 8.8 


0.5 0.05 59.2 








The salient features of these results are: 

(a) For the nonreheated specimen containing only austenite 
and ferrite, the ferrite is (by calculation) higher in chromium and 
molybdenum, and lower in nickel and iron, than the extracted aus- 
tenite, in harmony with accepted knowledge of ferrite- and austenite- 
forming elements. 

(b) For the reheated specimens, the composition of the ex- 
tracted austenite remains remarkably constant as the time of heating 
at 1560°F (850°C) is increased, except for a tendency for the 
-hromium content to increase (mainly at the expense of the iron 
content). The increased tendency of the longer heated austenite to 
transform to a: may be associated with this increase of chromium. 

(c) The sigma residues are much higher in chromium and 
molybdenum, higher in titanium, and much lower in nickel, iron and 
manganese than the corresponding austenite residues from the same 
specimens. This illustrates the known sigma-forming tendencies of 
chromium and molybdenum. The alteration of the chromium and 
molybdenum contents in the austenite caused by sigma formation is 
not very great, however, and indeed the chromium content of the 
austenite in contact with sigma is greater than that of the austenite 
in the nonreheated austenite-ferrite structure, since this contains 55% 
of ferrite while the austenite-sigma structure contains only 14% of 
sigma. Consequently corrosion weakness of the austenite caused by 
chromium impoverishment need not necessarily be expected in sigma- 
containing structures. 

Electrode Potential Measurements—Austenite and sigma disks, 
prepared as described above from residues obtained from specimens 
containing 86% austenite and 14% sigma, were abraded with 00 
emery paper and inserted in flask B (Fig. 2); the time between 
abrasion and immersion in electrolyte was noted. Measurements 
were usually first nade in deaerated nitrogen-saturated solutions ; then 
air was admitted to the system and measurements were continued. 

Typical potential/time curves of sigma and austenite in 0.5 M 
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Fig. 3—1 Hour at 2100 °F (1150°C), Water Quench. Austenite and ferrite. x 650. 


Fig. 4—1 Hour at 2100 °F (1150 °C), Water Quench. Selective attack on ferrite in 
sulphuric acid at 0.4 amp./in.2 x 450. 


Fig. 5—1 Hour at 2100 °F (1150 °C), Water Quench, 5 Minutes at 1560 °F (850 
°C), Water Quench. Austenite, ferrite and sigma. X 650. 


Fig. 6—1 Hour at 2100°F (1150°C), Water Quench, 5 Minutes at 1560 °F (850 
°C), Water Quench. Selective attack on ferrite in sulphuric acid at 0.4 amp./in.2 X 650. 
All etched in aqua regia. 
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Fig. 7—1 Hour at 2100 °F (1150°C), Water Quench, 2.5 Hours at 1560°F (850 
°C), Water Quench. Austenite, ferrite and sigma. X 650. 


Fig. 8—1 Hour at 2100 °F (1150°C), Water Quench, 2.5 Hours at 1560 °F (850 
ee = Selective attack on ferrite and sigma in sulphuric acid at 0.4 
amp./in x 


a Fig. 9—1 Hour at 2100°F (1150°C), Water Quench, 2.5 Hours at 1560°F (850 
C), Water Quench. Selective attack on ferrite in hydrochloric acid at 30 amps./in.2 X 650. 
1 etched in aqua regia. 


sodium chloride solution are given in Fig. 19. Both phases showed 
potential values characteristic of passivity, changing little with time 
or with the admission of air ; sigma was throughout some 0.4 to 0.6 v. 
more noble than austenite. Evidently both phases carried protective 
oxide films throughout, that on sigma being superior, as might be 


expected from the higher chromium -and molybdenum contents of 
sigma. 
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Fig. 10—1 Hour at 2100 °F (1150 °C), Water Quench, 69.5 Hours at 1560 °F (850 
°C), Water Quench. Austenite and sigma. X 650. 
Fig. 11—1 Hour at 2100 °F (1150 °C), Water Quench, 69.5 Hours at 1560 °F (850 
°C), Water Cuench. Selective attack on sigma in sulphuric ecid at 0.4 amp./in.2 x 650. 
Fig. 12---1 Hour at 2100 °F (1150 °C), Water Quench, 69.5 Hours at 1560 °F (850 
ae Quench, Selective attack on austenite in hydrochloric acid at 30 amps./in.? 
x , 


All etched in aqua regia. 


Fig. 20 shows a series of potential/time curves for sigma and 
austenite in 0.1 M hydrochloric acid, obtained in experiments in 
which the time of air exposure between abrasion and immersion in 
the deaerated solution was varied. With an abrasion — immersion 
period of 2 hours both sigma and austenite were active in solution 
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Figs. 13 to 18—Electronmicrographs of Residues Obtained in Extraction Experi- 
ments, X 1500. Figs. 13 to 16 are concerned with extractions in sulphuric acid at 0.4 
amp./in.2 Figs. 17 and 18 are concerned with extractions in hydrochloric acid at 30 


amps./in.” 
Fig. 13—Austenite From Austenite and Ferrite (See Figs. 3 and 4). 
Fig. 14—Austenite and Sigma From Austenite, Ferrite and Sigma (See Figs. 5 and 6). 
Fig. 15—Austenite From Austenite, Ferrite and Sigma (See Figs. 7 and 8). 
Fig. 16—Austenite From Austenite and Sigma (See Figs. 10 and 11). 


at potentials of approximately —0.66 and —0.72 v. (N-hydrogen 
scale) respectively. With abrasion—immersion periods of 4 and 6 
hours, both phases showed initially high potentials, quickly became 
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Figs. 13 to 18—Electronmicrographs of Residues Obtained in Extraction Experi- 
ments. X 1500. Figs. 13 to 16 are concerned with extractions in sulphuric acid at 0.4 
amp./in.2 Figs. 17 and 18 are concerned with extractions in hydrochioric acid at 30 
amps./in.? 

Fig. 17—-Austenite From Austenite, Ferrite and Sigma (See Figs. 7 and 9). 
Fig. 18—Sigma From Austenite and Sigma (See Figs. 10 and 12). 


active, and then showed sudden rises in potential indicating passiva- 
tion, the rises occurring sooner with specimens that had been air- 
exposed for the longer time. With an abrasion — immersion period 
of 16 hours, passive potentials were found throughout, and results 
in an aerated solution for an abrasion — immersion period of 24 hours 
were similar. In no case did the admission of air have an appre- 
ciable influence on potentials found in deaerated solutions. 

Results for a series of experiments in 0.5 M hydrochloric acid 
are given in Fig. 21. With a period of 2 hours between abrasion 
and immersion, sigma was active and austenite passive in this solution. 
With the admission of air to the system the potential of austenite 
was unaltered, but sigma rapidly became passive and some 0.45 v. 
more noble than austenite. Both phases were passive throughout 
after an abrasion — immersion period of 24 hours, sigma being some 
0.2 v. the more noble; corresponding measurements for deaerated 
and aerated solutions here showed no significant differences. 

In 5 M hydrochloric acid, the potential of sigma was up to 0.4 v. 
more noble than that of austenite, and sigma appeared passive ; how- 
ever, austenite, although showing a fairly noble potential, was evi- 
dently active as shown by the colored corrosion products coming 
from it. 

These results illustrate clearly the tendency of sigma to be con- 
siderably more noble than the corresponding austenite in sodium 
chloride and hydrochloric acid solutions, when both phases are in the 
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Fig. 19—Potential/Time Curves of Sigma 
and Austenite in 0.5 M Sodium Chloride Solu- 


tion. 
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~~. ap eventiol/ Tine Curves for Sigma and Austenite in 
0.1 M Hydrochloric Acid 

Note: In Figs. 1 19, 20 and 21, experiments shown as full lines 
were conducted with air present. " throughout. Those shown with 
broken portions were ucted in nitrogen at first, with air ad- 
mitted over the latter periods shown by the broken portions. 
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passive state, which was usually the case in the present experiments. 
When both phases are active, the difference is much less marked. 
The more noble potentials of passive sigma are clearly bound up 
with its higher contents of the passivating elements chromium and 
molybdenum, which lead to the formation of a better protective film. 
The greater tendency for sigma, as compared with austenite, to be- 
come passive (most notable in 5M hydrochloric acid) is also un- 
doubtedly due to its higher chromium and molybdenum contents. 






4 Hours a> 
0-0-—-0 


24 Hours | 










---@Austenite 24 Hour 





0.2 F 
Austenite 24 Hours 
i 
me - Austenite 2 Hours 
= -_#--@ 
o | 
> 
x | 
W-o2 | 
| 
! 
-0.4 | 
| 
| 
-0.6 he o-O-O-0 hi : Beainci O 
-0.8 | 
0 0.25 0.5 0.75 1.0 1.25 LS: fre 


Time - Hours 


Fig. 21—Potential/Time Curves for Sigma and Austenite in 0.5 M 
Hydrochloric Acid. 


DISCUSSION 


In every extraction experiment where a residue was obtained, 
oxygen was evolved at the anode. This shows that at least one 
phase of the anode material was passive or partly so, in the usual 
sense of providing an inert basis for the discharge of oxygen rather 
than itself dissolving in accordance with Faraday’s law. Further- 
more, in every case in which a residue was obtained, the amount of 
anode material actually dissolved was around 0.4 to 0.5 g./amp.-hr. 
(Table I). An iron anode dissolving to bivalent ions in accordance 
with Faraday’s law does so to the extent of 1.05 g./amp.-hr. and if 
dissolving to trivalent ions, of 0.70 g./amp.-hr.; and although the 
anode material contains substantial amounts of metals other than iron, 
its Faraday dissolution, in the absence of parallel oxygen discharge, 
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would certainly be much greater than the observed experimental 
amounts. 

It thus appears likely that the phase found as residue is passive 
or partly passive under the particular extraction conditions: It is 
also likely, from the low figures of metal dissolved, that the other 
phase or phases are partly passive, either over part of their area or 
for part of the time, during the anodic treatment. It is significant 
that the yields of austenite extracted at low current density in sul- 
phuric acid are much smaller than the yields of sigma extracted at 
high current density in hydrochloric acid: this general result implies 
that the austenite passivity is much less nearly complete than is the 
sigma. This greater tendency of sigma toward passivity during ex- 
traction is no doubt partly caused by the higher operating current 
density, but may also be an inherent tendency of sigma, associated 
with its higher chromium content. 

The appearance of a2 in the extracted austenite residues is of 
nterest. We have previously shown (3) that austenite in specimens of 
| 8-8-3-1 steel heated at 1560°F (850°C) does not transform at 

.om temperature but partially transforms to a2 on immersion in 
‘quid nitrogen, although austenite in specimens heated at 1380 or 
470 °F (750 or 800°C) does transform at room temperature, to 
n extent that increases with increase of time of heat treatment until 

constant extent is reached. It is clear that the present austenite, 
1 material heated at 1560°F (850°C), is intrinsically unstable; it 
's probably prevented from transforming at room temperature when 
n the massive material by the system of internal microstresses, which 
re released when the individual grains are extracted. Just as with 
he 1380 and 1470 °F (750 and 800 °C)-treated austenite in massive 
pecimens, the transformation tendency of the 1560°F (850 °C)- 
ireated extracted austenite increases with increase of heating time; 
this effect may well be caused by the increase of chromium content 
in the austenite as heating is prolonged, shown in Table ITI. 

It is also notable that no further transformation to a», takes 
place when the austenite residues from specimens heat treated at 
1560 °F (850°C) are cooled to —321 °F (—196 °C); in the ab- 
sence of the microstresses present in the massive alloy, transformation 
has already occurred at room temperature. 

The chemical analysis of the present residues has given the 
definite qualitative results already indicated. More refined purifi- 
cation techniques, especially the removal of titanium carbide and 
silicon particles from the residues, have recently been perfected, and 
future work may provide phase analyses of the present and similar 
alloys that can be used for a quantitative discussion of the complex 
phase diagrams and of the movement of elements during the attain- 
ment of equilibria. 
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The electrode potential experiments were not carried on for long 
enough times to determine what eventual breakdown of passivity, 
with corrosion, would occur, and further work is needed to elucidate 
this. They show, however, that in an initially passive austenite- 
sigma structure, the passive sigma will be cathodic toward the passive 
austenite, in sodium chloride or hydrochloric acid solutions. At first 
sight, this seems to suggest that the anodic austenite would be the 
phase first to show breakdown—which indeed may in some cases 
occur, with subsequent preferential austenite corrosion. But, espe- 
cially under acid and/or oxygen-free conditions, the cathodic action 
at the passive sigma may well cause the reduction and removal of its 
oxide film, so that the sigma becomes active while the austenite re- 
mains passive, and if this should occur the sigma will be corroded 
preferentially. 

The relatively small differences in electrode potential noted in 
cases where both phases were active suggest that, when general cor- 
rosion of an austenite-sigma structure occurs, neither phase will be 
corroded preferentially. 


SUMMARY 


1. Austenite, containing varying amounts of the transformation 
product a2, has been extracted anodically from specimens of 18-8-3-1 
chromium-nickel-molybdenum-titanium steel consisting of austenite 
and ferrite, austenite, ferrite and sigma, and austenite and sigma, 
using 25% w/w sulphuric acid and a low current density (0.4 
amp./in.”). 

2. Sigma has been extracted anodically from specimens consist- 
ing of austenite and sigma using 50% v/v hydrochloric acid and a 
high current density (30 amps./in.?). 

3. Magnetic analysis of the extracts has provided further evi- 
dence of the tendency of austenite to transform to a2, and has con- 
firmed that sigma of certain compositions possesses a Curie point at 
low temperatures. 

4. Chemical analysis of the extracted phases has shown that 
ferrite and especially sigma are richer in chromium and molybdenum, 
and poorer in nickel and iron, than the austenite with which they 
are associated. Sigma has a very low manganese content. 

5. Electrode potential measurements in sodium chloride and 
hydrochloric acid solutions have shown that sigma is usually more 
noble than the corresponding austenite in these electrolytes, and 
shows a greater tendency to remain or to become passive. 
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This paper is a welcome addition to the series by which these authors 
are contributing valuable information on the nature and occurrence of 
sigma phase in corrosion resisting alloys. While the alloy composition 
studied is not one in regular production in this country, it seems likely that 
some of the basic information will be applicable to the American alloys in 
which sigma is found—especially with respect to the probable distribution 
of alloys among phases and the mechanisms by which corrosion resistance 
may be affected. 

Special significance must be attached to the observation that with 25% 
sulphuric acid as the electrolyte, the sigma phase is attacked in preference 
to austenite, while with hydrochloric acid it is the austenite that is attacked 
in preference to sigma. Presumably, this behavior would hold as well for 
normal corrosion without any impressed current, but it would be interest- 
ing if data could be provided to disclose any effects of anodic polarization 
on the distribution of corrosion between these phases. It would also be of 
interest if some data could be added with respect to behavior in the stand- 
ard boiling 65% nitric acid test (ASTM Designation A-262-44T) and in the 
acid—copper sulphate (Strauss) test, since the presence of sigma phase 
has been proposed as the cause of excessive corrosion of alloys that con- 
tain molybdenum and titanium in the nitric acid without similar attack 
being noticed in the acid—copper sulphate solution. 

The interpretation of the data in Table III would have been facilitated 
if the treatments used to extract the residue had been indicated definitely 
in the table—for example, with the specimen heated for 69.5 hours at 1560 
°F it must be presumed that the austenite residue came from treatment 
in sulphuric acid and the sigma residue from treatment in hydrochloric acid. 

It is noted that one interpretation of the data in Table III indicates 
that since the alloy content of the bulk austenite associated with sigma 
approximated the alloy content of the bulk austenite associated with fer- 
rite in the original structure, chromium impoverishment of the surrounding 
phase need not necessarily be a cause of corrosion weakness in alloys that 
contain sigma. This apparently assumes substantial uniformity of compo- 
sition of all phases without regard to distance from the phase boundaries. 
But, it is possible, for example, that a narrow zone of austenite in imme- 
diate contact with sigma phase might suffer a considerable depletion of 
alloying elements—chromium and molybdenum—which would not be re- 
flected in the bulk analyses of these phases in the form of residues. Per- 
haps a chemical analysis for chromium and molybdenum of the electrolytes 
used for extracting the phases and of what remained of the immersed por- 
tions of the specimens would throw further light on this question. 

The data from the potential measurements were interesting but, un- 
fortunately, inconclusive, as the authors noted, in view of the possibility 
of reversals of potential relationships between sigma and austenite. The 
inference is that galvanic effects between the phases are not likely to occur 
in any fixed pattern and that, depending on circumstances, either phase 
may-be attacked preferentially. However, in view of these possibilities, 
one could conclude that such duplex structures are not particularly de- 
sirable in corrosion resisting alloys and one might suggest that a balancing 
of the alloy composition to achieve and maintain a single phase would be 
a desirable step corrosion-wise. 


—_ 
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We hope that the authors and their associates will continue their 
studies along these lines and thereby provide additional valuable informa- 
tion applicable to the many questions that remain. 

Written Discussion: By P. K. Koh, research engineer, Allegheny 
Ludlum Steel Corp., Brackenridge, Pa. 

The authors have made a distinct stride toward the sigma phase iden- 
tification in chromium-nickel-molybdenum-titanium austenitic stainless 
steel by being able to isolate the sigma phase completely. During the past 
several years, careful observations have been made at our laboratories in 
attempting to achieve a complete isolation of sigma or other minor phases 
in various alloys. Especially in austenitic steels, matrix contamination has 
always been a’ source of trouble. Even though conditions were pains- 
takingly duplicated with the same metallic specimen, various degrees of 
contamination of matrix were observed in diffraction patterns of extracts. 
On several occasions, due to some obscure minor differences in either 
experimental setup or operating conditions, results of anodic extraction 
‘rom the same specimen between two of our laboratories were not con- 
rruent. We are curious to know the smallest amount of matrix contami- 
iation which can be detected by the authors’ X-ray, magnetic and electro- 
nicroscopic methods. Occasionally we have obtained extracts from aus- 
enitic stainless steels, the diffraction patterns of which showed sigma lines 

nly, but we cannot be sure of a complete isolation based upon X-ray 
esults alone. 

In the Allegheny Ludlum Research Laboratories we have adopted an 
ectrolytic extraction procedure for minor phases in alloys with 10% NaCl 
jueous solution. This electrolyte is used in place of FeCl; aqueous solu- 
n in extraction of sigma and chi phases from stainless steels because of 
; efficiency, lower resistivity and convenience in preparation. The recov-. 
y rate of sigma and carbides with the NaCl electrolyte equals or is better 
an with the FeCl, electrolyte, a higher current density can be used with- 

cut excessive heating of the electolyte, and also there is no attack on the 
siainless steel cathode as with the FeCl, electrolyte. In fact, this 10% 
NaCl electrolyte is also being used successfully for the extraction of minor 
phases in ferritic alloys and nickel-base alloys. For carbide extraction in 
tool steels this NaCl electrolyte eliminates the stench usually associated 
with the generation of hydrocarbon gases. 

To compare the 50% HCl electrolyte proposed by the authors for 
sigma extraction with the FeCl; and NaCl electrolyte in use in our labora- 
tories, a chromium-manganese-nickel steel (0.058% C, 0.47% Si, 19.85% 
Mn, 16.78% Cr, 0.79% Ni, 0.062% N—1 hour 2350 °F and 16 hours 1400 °F) 
known to contain sigma was subjected to extraction by the method de- 
scribed by the authors. From the Debye diffraction pattern taken on the 
residue extracted by the authors’ procedure, only FeO and SiOz were ob- 
served. During the extraction by the authors’ proposed procedure the 
following phenomena were observed: 

(a) Strong chemical reaction between the metallic alloy and electro- 
lyte during the brief interval before the current of cell was switched on. 

(b) Violent effervestence of oxygen gas and acid fumes around anode, 
probably due to such a high current density of 30 amperes per square inch, 
necessitates a good ventilation system. The oxygen gas and the heat 
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generated by the current oxidized the alloy rapidly. This probably ac- 
counted for the FeO lines in the diffraction pattern of the extract. 

It is interesting to mention that in his Doctor of Science thesis work 
at the Carnegie Institute of Technology, Dr. Adolph Lena, now at the 
Allegheny Ludlum Research Laboratories, adopted a 50% boiling HCl 
aqueous solution as a sigma and also general etching reagent for stainless 
steels with very good results. 

Written Discussion: By M. T. Simnad, Metals Research Laboratory, 
Carnegie Institute of Technology, Pittsburgh. 

The authors are to be congratulated for their interesting study of the 
transformation products in these alloys. The are especially to be com- 
mended for the advantage they have taken of the various techniques that 
are available for attacking the problem. This discussion is an attempt to 
appraise the aspects of the subject that are still not quite clear to me and 
to suggest the possibility of further developments. 

1. The technique of separating the various products of phase trans- 
formations by electrolytic methods and then studying their characteristics 
could be applied to many alloy systems. The question arises as to what 
are the principles that govern the choice of electrolytes, current density, 
etc.? For example, what led the authors to their choice of 25% w/w 
sulphuric acid or to 50% v/v hydrochloric acid/water electrolytes? 

2. The authors have estimated the compositions and electrode poten- 
tials of the separated constituents. However, it is important to know 
what are the concentration gradients at the boundary regions between 
these different phases and to chart the variations in electrode potentials 
at the depleted areas around the new phases. Similarly, the effect of the 
microstresses on the electrode potentials of the phases could be found by 
measuring the electrode potentials of the phases “in situ”, and comparing 
with the values obtained when separated. This could perhaps be done by 
means of a micro-capillary technique for scanning the electrode potentials 
of minute areas. Also, the variations in composition and crystal structure 
at the phase boundaries, and of the phases when “in situ”, may be meas- 
ured by means of the micro-beam X-ray technique developed in the Caven- 
dish Laboratory. Furthermore, radiotracers and autoradiography may be 
applied to this case. 

3. The results of electrode potential measurements are most instruc- 
tive. Further light may be thrown upon the properties of the surfaces if 
corollary experiments were carried out as follows: Stainless steels are 
attacked by a solution of bromine in methanol if the protective oxide films 
are removed; e.g., by abrading under alcohol. These steels may be abraded 
and then immersed in such a solution after various periods of pre-exposure 
to air. The time in air necessary for passivity in this solution may be 
compared with the time-potential curves, and would furnish useful infor- 
mation upon the relationship between passivity and electrode potentials. 
I have found, with the aid of radiochromium and the bromine-methanol 
technique, that oxide formation on abraded stainless steel is quite rapid 
at room temperature. The authors’ statement, that there is a tendency 
_ for sigma to be considerably more noble than the corresponding austenite 
when both phases are in the passive state and that the difference is much 
less marked when both phases are active, does not appear to be borne out 
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by the figures; e.g., in 0.56 M HCl austenite is active, yet the potential 
difference is 0.4 v, whereas in 0.1 M HCl, and in 0.5 M HCl after 24 hours 
exposure to air, when both are passive, the sigma is only 0.2 v more noble 
than the austenite. 

4. What are the authors’ views on the degree of protectiveness and 
composition of the oxides? It seems to me that this is a field which has 
not been adequately studied in the past. It is a moot point as to why the 
relatively small increase in chromium content of the sigma should confer 
such a marked improvement in passivity. There does not appear to be 
any direct correlation between the chromium contents of the alloys and 
the composition of the corresponding oxide films formed on them. 

5. The authors make the debatable suggestion to the effect that 
cathodic action at the passive sigma may cause the reduction and removal 
of its oxide film, so that the sigma may become active while the austenite 
remains passive, and that if this should occur, sigma will be corroded 
vreferentially. I have not found it possible to reduce cathodically the 
xide film present on stainless steel. This can be demonstrated by heat 
inting a specimen; and upon making it cathode in acid solution, the 

lored oxide remains visible for very long periods of time. 

It is more likely that the attack will take place in the boundary region 
‘tween the phases, where depletion and favorable crystal orientation will 
- the factors which can lead to breakdown of passivity, as found with 
irbide precipitation in 18-8 stainless steels. 

6. The striking effect of easier transformation of the extracted aus- 
nite that had been quenched from 850°C is ascribed to the release of 
ternal microstresses. The question arises: Why do microstresses not 
ve a similar effect on specimens quenched from 800°C or 750°C? This 
latively small difference in temperature should not cause a marked differ- 
ce in the magnitudes of the internal stresses. It may be somewhat diffi- 
ult to estimate the magnitude of the stresses arising in the separation of 
ew phases, although this has been done for a 5% copper-aluminum alloy 

Zakharova and Lashko (Bull. Acad. Sci. U.R.S.S. Classe Sci. Tech., p. 
\015, 1946). They took into account the stresses arising in diffusion proc- 
esses due to the concentration gradient present around the nucleus of the 
iiew phase. The residual stress in the immediate neighborhood of the pre- 
cipitate was estimated at 34 kilograms per square millimeter, while at a 
distance equal to ten times the radius of the nucleus it fell to 0.3 kilogram 
per square millimeter. Thus it is quite plausible to expect stresses of high 
magnitude to be present in such situations. 

I think that the authors have made outstanding contributions to the 
subject, and their work should lead to further advances in the study of 
similar problems. 

Written Discussion: By C. Edeleanu, Brown-Firth Research Labora- 
tories, Princess Street, Sheffield, England. 

The study of phase diagrams by analyzing the various phases of an 
alloy after their separation by electrochemical means is very elegant. The 
authors must be congratulated for having found suitable reagents, which 
is often one of the main difficulties. The analysis results are, however, 
somewhat surprising, since it is difficult to understand the very high cor- 
rosion resistance of this particular type of steel in the fully soft condition 
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if the chromium content of the austenite is as low as they indicate. It 
would be interesting to know whether a steel having the composition they 
suggest for austenite is in fact near the two-phase region of the diagram. 

I am also uncertain that the assumption that the gas evolved from 
the anode is always oxygen is correct. This is certainly so in the case of 
sulphuric acid but in hydrochloric acid, many electrodes (e.g. aluminum, 
zinc) evolve hydrogen and I have found that this is so for stainless steels 
under conditions somewhat similar to those described in the paper. In 
other words, while in sulphuric acid the conditions at the anode are strongly 
oxidizing, they are not so in hydrochloric acid. It is, therefore, possible 
to explain why the two reagents act differently, since we have found that 
under strongly oxidizing conditions (e.g. nitric—chromic acid mixtures) 
the higher chromium steels are less resistant than the intermediate com- 
positions,* while it is known from experience that the chances of passivity 
under somewhat reducing conditions increase with chromium content. 

The efficiency of the anodic reaction in sulphuric acid is not as small 
as might appear, since in this case the chromium is oxidized to the hexa- 
valent state and it was found that at somewhat lower current densities 
it is in fact 100% if the calculations are based on the oxidation of the 
nickel, iron and chromium to the di, tri and hexavalent states respectively. 
The inefficiency of the anodic reaction in hydrochloric acid in four of the 
experiments is surprising, since, if in this case the gas evolved is in fact 
hydrogen, more steel should have dissolved than could be predicted from 
Faraday’s laws. 

Written Discussion: By Adolph J. Lena, Research Laboratory, Alle- 
gheny Ludlum Steel Corp., Brackenridge, Pa. 

The authors are to be commended on their ability to use electrolytic 
extraction techniques in a quantitative manner. This method of isolation 
of minor phases in stainless steels has been of great value for the qualita- 
tive identification of phases, but repeated attempts to apply the technique 
for a quantitative determination of either the amount of an individual 
phase or the distribution of alloying elements between phases has not been 
too fruitful. This can be attributed to contamination of the extracted 
phase, either with the matrix or with other phases that might be present 
in the steel. For instance, diffraction patterns of residues obtained by 
electrolysis in ferric chloride solutions from sigma-containing nonstabilized 
stainless steels will in general show the presence of chromium carbide as 
well as sigma. It is pertinent, therefore, that we should recognize that 
the quantitative application of the extraction technique used by these 
authors may be limited to the stabilized type of steel they employed. In 
this case, the carbon can be accounted for as titanium carbide and, there- 
fore, no serious error arises in the determination of the chromium content 
of the austenite and sigma as long as the extraction technique adequately 
separates these phases, as it does in this work by Hoar and Bowen. If 
the titanium were not present, however, we should expect the formation 
of chromium carbide, and this contamination could introduce serious errors 
in the quantitative determination of the chromium content of sigma and 
possibly the austenite unless, of course, further steps were taken to sepa- 
rate the individual phases. 


*Unpublished work by J. E. Trtiman and C. Edeleanu. 
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Treatment Nitric Acid Corrosion Rate (in./mo.) 
Y Annealed 0.0012 
Fig. 22—Annealed + 1 Hour at 1400 °F 0.0055 
Fig. 23—Annealed + 100 Hours at 1400 °F 0.0015 
Fig. 24—Annealed + 1 Hour at 1200 °F 0.0450 
Fig. 25—Annealed + 100 Hours at 1200 °F Disintegrated 


All Photomicrographs < 500. 


The data in Table III on the chemical composition of residues is not 
definite proof that chromium impoverishment of the austenite may not be 
sufficiently great to cause a marked decrease in corrosion resistance, for 
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the analyses found in the table apply only to the gross austenite compo- 
sition and tell us nothing of localized conditions adjacent to the sigma 
during the course of its formation. This point can be illustrated by con- 
sidering the case of carbide precipitation in Types 302 (18-8) and 310 
(25-20). If the carbon content of each of these steels were 0.1%, then the 
maximum chromium depletion assuming a CraC. carbide would be 1.8% 
in both steels and this would leave the nominal chromium content of the 
austenite in Type 310 after precipitation at a greater value than the Type 
302 before precipitation. On this basis we should not expect Type 310 to 
be sensitive to corrosion deficiencies due to carbide precipitation; but, as 
we well know, both 302 and 310 are equally susceptible to intergranular 
corrosion as a result of carbide precipitation. The chromium impoverish- 
ment theory is based on the assumption that the chromium depletion ad- 
jacent to the grain boundary carbides is very extensive but the over-all 
depletion is quite small. We should not, however, expect the impoverish- 
ment to be as great in the case of an equivalent amount of sigma forma- 
tion, for this phase is an iron-rich as well as a chromium-rich phase and 
the ratio of chromium to iron atoms in solid solution would remain higher 
in the vicinity of the precipitating phase in the case of sigma than in the 
case of carbides where only chromium is being removed from solution. 

The influence of sigma on the corrosion resistance of stainless steels 
has not been thoroughly investigated and many of the available data are 
inconclusive because of the presence of carbides. The staff of our Re- 
search Laboratory at Brackenridge has been interested for some time in 
the poor nitric acid corrosion resistance of extra low carbon Type 316 
(18-8 Mo). We have found that the presence of sigma alone does not 
mean that the corrosion resistance will be impaired but that the time of 
holding at the sigma formation temperature and perhaps the distribution 
of the sigma are of importance. This conclusion may be obtained by cor- 
relating the following data with the accompanying photomicrographs (Figs. 
22, 23, 24, 25) for a steel containing 0.024% C, 18.79% Cr, 11.68% Ni, 2.78% 
Mo and 0.045% Na. 

The precipitate observed in these photomicrographs has been identi- 
fied as sigma by X-ray analysis of extracted residues. The diffraction pat- 
tern also showed weak lines of silica and strong lines of austenite. After 
1 hour at 1400 °F, the corrosion rate is almost four times as great as in 
the annealed condition, but after 100 hours at 1400°F the rate has de- 
creased to a low value, regardless of the presence of a much greater quan- 
tity, of sigma. A similar effect occurs in the case of carbide precipitation 
in higher carbon steels, and the most common explanation is that diffusion 
of chromium after longer times destroys the depleted areas. After 1 hour 
at 1200 °F, the corrosion rate is very high (although no precipitate can be 
observed in the microstructure) and increases with time such that disinte- 
gration occurs after either 8 or 100 hours at temperature. Even 100 hours 
at 1200°F is not sufficient time to cause coalescence of the sigma. It is 
worth noting that none of these specimens failed to pass the Strauss test, 
which they most assuredly would have done had the high nitric acid rates 
been due to carbide precipitation. 

Written Discussion: By J. I. Morley, Brown-Firth Research Labora- 
tories, Princess Street, Sheffield, England. 
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The authors are to be congratulated on their efforts to obtain quan- 
titative data regarding the partition of elements between the austenite and 
ferrite in 18-8-3—Ti-bearing steels. 

There is, of course, no question that the delta ferrite present in this 
steel after quenching from 1150°C is richer in chromium than the sur- 
rounding austenite. Our experience of the nitric acid resistance of the 
steel, however, does not accord with the conclusion indicated by Table III 
in the paper, that the equilibrium austenite at 1150°C has a chromium 
content of only 18.2%. We should expect such a low chromium content 
to be associated with inferior nitric acid resistance. 

It would be possible to estimate the composition of this austenite by 
taking a series of homogeneous steels of varying chromium content having 
10% nickel and 2.5% molybdenum and noting the chromium content at 
which delta ferrite first appeared in the microstructure. Although we have 
not done this, we have found that for delta ferrite to be eliminated in 
18-8-3-Ti-bearing steels the nickel content must be increased by 4 or 5%. 
The similar delta ferrite contents of one titanium-bearing steel containing 
18% chromium, 8% nickel and another containing 23% chromium, 18% 
nickel suggest that, over this range, 2% of nickel has an equivalent ferrite- 
forming tendency to 1% of chromium. Therefore the chromium content 
at which a steel with 10% nickel and 3% molybdenum would just be free 
‘rom ferrite should be approximately (18 — 5/2) or (18 — 4/2), i.e. 15.5 to 
16.0%. 

This and some other evidence of a similar kind suggests an equilibrium 
value of about 16% chromium for the austenite in 18-8-3-Ti-bearing steels 

vater-quenched from 1150°C. This would be more in keeping with its 
iitric acid resistance than the figure of 13.2% suggested. 

Another result which appears to need further consideration before 
cceptance is the breakdown of the residue austenite to az during electro- 
ytic separation. It is suggested in the paper that this is due to the re- 
lease of internal stresses. Are the authors satisfied that this is not the 
result of surface changes in the chemical composition of the finely divided 
residue, having in mind the oxidizing conditions of the HsSO, extraction? 
for instance, little loss of carbon would be needed to account for such 
transformation, as many of these austenites owe their apparent stability 
at room temperature to very low carbon contents. For a given loss of 
carbon during extraction, the extent of transformation would be expected 
to increase, as it did, with the time of prior heating at 850°C, owing to 
carbide precipitation. Increasing amounts of ae occur in solid specimens 
of 18% Cr-—%7.5% Ni-—Ti-bearing steels at room temperature as the heating 
times and amount of carbide precipitation increase. 

Written Discussion: By F. H. Keating and A. Prince, Imperial Chem- 
ical Industries Limited, Billingham, England. 

The contribution of Messrs. Hoar and Bowen has advanced consider- 
ably our appreciation of the complex reactions involved in the thermal 
treatment of highly alloyed steels of the type which they have studied. 
We are led to hope that the substantial results produced by this investi- 
gation will inspire therauthors to undertake, along similar lines, the even 
more important study of the partition of elements between the major 
phases in the normal duplex steels in the austenitic range. 
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One-of the most interesting parts of the paper is that where analyses 
of particular residues are given. The figures quoted by the authors are in 
weight percentages. Equivalent figures calculated in atomic percentages 
are given below for the original W. Q. 1150 °C specimens (a + Y) and the 
69% hours at 850°C specimen (a+). 


Cr Ni Mo Fe Volume % 
W.Q. 1150 °C v 14.3 9.6 1.5 74.6 45 
a 25.0 7.0 2.5 65.5 55 
69% hours at v 17.2 9.3 1.6 71.9 86 
850 °C Co 30.4 3.9 5.3 60.5 14 


In every 100 atoms of each sample there would be the following num- 
ber of atoms of the individual elements: 


Cr Ni Mo Fe 

W.Q. 1150 °C vy 6.4 4.3 0.7 33.6 
a 13.8 3.9 1.4 36 

69% hours at vy 14.8 8.0 1.4 61.8 

$50 °C o 4.3 0.5 0.7 8.5 


Microscopically there is seen a transformation during the 69% hours 
treatment at 850°C. The original a+ ¥ structure is transferred to avy+o 
structure, i.e. the a disappears after the 850°C treatment. 

Let us consider the a phase as W. Q. from 1150 °C. 

Cr Ni’ Mo Fe Cr Ni Mo Fe 


a 13.8 3.9 1.4 36 + o 4.3 0.5 0.7 8.5 
residual ‘‘a’”’ 9.5 3.4 0.7 27.5 


The figures here show that, in the transformation of a to oa, a residual 
“a’ phase is left which resembles the original y phase except that it has 
increased chromium content. This higher-chromium yY will be unstable 
with respect to the original y and, if interdiffusion with equalization of 
concentrations is not achieved, it is suggested that it is this higher- 
chromium austenite which may be the unstable phase described by the 
authors. Microstresses have no need to be invoked then to account for 
the instability of a portion of the y phase. 

On the other hand, if we admit the authors’ suggestion that the un- 
stable austenite resulting from sigma formation transforms on progressive 
release of the local internal stresses by solution of individual grains, 
several interesting possibilities follow. While Messrs. Hoar and Bowen 
do not indicate the origin of the system of microstresses, it may be con- 
cluded that the system develops during cooling, since the duplex mass will 
be substantially stress-free after soaking at 850°C for 69% hours. The 
stress system will, therefore, develop from the differential contraction of 
the two cooling phases, y and ¢. Similarly we wouid expect a similar stress 
system to develop on the cooling of a specimen containing austenite and 
ferrite. Could it be that this is the origin of the stresses responsible for 
the puzzling cases of stress corrosion cracking in duplex austenitic steels? 
Can the suggestion be extended to indicate that cracking will only develop 
when selective solution provides an increase in the local stresses by local 
transformations in the austenite, or by the significant mechanical concen- 
tration of stress provided by the partial or complete removal of individual 
grains? These extensions of the authors’ theory are purely speculative 
but are based on a considerable number of practical cases with which one 
of the writers has had to deal. One of the more interesting practical cases 
may be cited in support of this extension. Thick-walled tubing in 18-8 
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molybdenum-titanium chromium-nickel steel was used to cool an innocuous 
product, the cooling medium being water heavily contaminated with in- 
organic chlorides. The metal temperature was around 100°C. After a 
few months service, savage pitting had developed on the water side. The 
pits were packed hard with a powder which proved to be a mixture of 
corrosion product and unattacked ferrite grains. In this case, it was 
clearly shown that the austenite was selectively attacked, but at the bot- 
tom of each pit was a family of fine cracks of the type generally observed 
in cases of stress corrosion cracking. 

If the authors’ suggestion can be followed up to throw some light on 

the mechanism of such failures, considerable practical benefit will result. 

One rather disappointing omission from the authors’ paper concerns 

the probable mechanism of diffusion involved in the transformation of 
a to o by the 850 °C treatment. No doubt the authors would like to com- 
ment on this. 

Written Discussion: By R. H. Aborn, assistant director of research, 
‘nited States Steel Co. Research Laboratory, Kearny, N. J. 

From long acquaintance with stainless steels I find this paper a very 
orthwhile contribution to our knowledge. It would be very helpful if 
he authors could convert the magnetic data in Table II into the approxi- 
ate amount of az or martensitic ferrite formed on cooling from 850 °C. 

The authors show that increasing the heating period at 850°C in- 

-ases the tendency of austenite to transform on cooling, and propose 
increase of chromium content as a probable cause. This seems unlikely 
ause any increase in dissolved chromium in austenite actually increases 

; temperature range of stability by lowering M,; in fact, it is the prin- 
al cause of 18-8 made austenitic at high temperature remaining so on 
ling unless cold-worked. 

More probable causes of this decreased stability of austenite appear 

be: (a) Longer heating time robs austenite of more carbon by forma- 
n of more titanium carbide and possibly molybdenum carbide. (b) 
nger heating time agglomerates sigma, allowing larger uninterrupted 
istenitic regions which retain greater stresses and so induce more trans- 
rmation on extraction. (c) The highest rate of sigma formation parallels 
highest rate of increase of ferromagnetism, suggesting chromium 
cpletion in austenite rather than chromium enrichment. 


Authors’ Reply 


We are grateful to the contributors to the discussion for the many 
interesting points they have raised, and we shall attempt to reply com- 
prehensively. 

We agree with most of Mr. LaQue’s remarks, and we have amended 
Table III in the sense he suggests. We do not think, however, that the 
selective attack on the various phases under our extraction conditions is 
at all likely to be paralleled under natural corrosion conditions, because 
in the latter case the anodic current densities are much smaller and passi- 
vation is unlikely ; it is’ Selective passivation that leads to selective attack. 


With regard to Mr. LaQue’s third paragraph, and also in reply to Dr.: 


Lena’s second paragraph, we would emphasize that in our 18-8-3-1 


ii in i ni dtd a ears 
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chromium-nickel-molybdenum-titanium steel the high-chromium sigma is 
all produced within 18 minutes at 850°C from the high-chromium ferrite 
originally present, as shown in our previous paper;*? thus chromium im- 
poverishment of the grain margins of the austenite cannot occur during 
sigma formation. Furthermore, the austenite formed from ferrite after 
all the sigma has formed is higher in chromium than is the original aus- 
tenite. Finally, the suggestion that single-phase alloys are desirable from 
the corrosion point of view, although fundamentally sound, is not always 
practical or economical; and indeed the several well-established duplex 
stainless alloys appear to have the advantage over the single-phase in the 
matter of susceptibility to stress-corrosion cracking. 

In reply to Dr. Koh, we would not of course suggest that the presence 
of <5% of a contaminating phase could be detected by X-rays alone. The 
ferrometer technique is, however, considerably more sensitive in the de- 
tection of small amounts (1% carbon) of a ferromagnetic phase. We are 
most interested in the alternative extraction methods outlined by Dr. Koh 
and hope to be able to try them. Certainly the 50% hydrochloric acid 
electrolyte seems quite unsuitable for the chromium-manganese-nickel 
steel mentioned by Dr. Koh, perhaps because of the high content of the 
very reactive manganese. Incidentally, we think that the diffraction pat- 
tern of Dr. Koh’s residue from this steel must have been misinterpreted— 
it seems extremely unlikely that FeO could be present in a residue left in 
50% hydrochloric acid, because both metastable wiistite and the finely 
divided iron + magnetite eutectoid to which it tends to decompose below 
570 °C are very readily soluble in warm 50% hydrochloric acid. 

Dr. Simnad’s substantial contribution is most welcome. In answer to 
his numbered points, we would comment: (a) We chose the extraction 
media from previous ad hoc experiments and knowledge of the etching 
of these steels. We do not doubt that they could be bettered, and that, 
as noted above, they may not be suitable for other steels; (b) We look 
forward to the application of specialized techniques to the determination 
of phase characteristics in situ, but would warn intending experimenters 
of the difficulties of interpretation of electrode potential results on two- 
phase electrodes; (c) In the experiment that gave the results shown in 
our Fig. 9, the sigma electrode was passive, so that Dr. Simnad’s objection 
does not apply; (d) We think that much more work is required before 
the composition of an oxide film and the degree of passivity it confers can 
be satisfactorily related—at present, only speculative hypotheses can be 
advanced; (e) Dr. Simnad may well be right that cathodic reduction of 
passive films on many stainless steel phases cannot be effected; (f) Heat- 
ing at 800 or 750°C produces, in our steel, austenite that partially trans- 
forms to az in the bulk at room temperatures, to an extent depending on 
time of heating and on rate of cooling.” We see no reason why the dif- 
ferences in microstresses and (presumably) austenite composition caused 
by the difference in heating temperature should not be sufficient to cause 
the somewhat greater instability of this austenite as compared with that 
produced at 850 °C. 

Dr. Edeleanu is right in saying that hydrogen may be evolved under 


*K. W. J. Bowen and T. P..Moar, “Proceedings of the First World Metallurgical Con- 
gress’, American Society for Metals, 1952, p. 695. 
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some conditions by local action at stainless steel anodes, but in our case 
of very high anodic current density the gas evolved was in fact oxygen, 
as stated in the paper. We did not assume oxygen evolution. Thus the 
inefficiency of the anodic dissolution is not surprising—on the contrary, 
it is confirmatory evidence of the anodic discharge of oxygen. 

Concerning the nitric acid resistance of the 18-8-Mo-Ti class of steels, 
mentioned by Mr. LaQue and discussed by Dr. Lena, we have no data on 
the present material. We think that the view that sigma formation im- 
pairs nitric acid resistance may be incorrect, and that the real trouble in 
such steels (softened at 1050 to 1150 °C, water-quenched and then heated 
in the 700 to 800°C region) may be carbide precipitation. The matter is 
under study by our friends at Imperial Chemical Industries, Billingham,® 
and it would be premature for us to say more. Meanwhile we are inter- 
ested in Dr. Lena’s results for his 18-12-Mo steel, which we take to have 
been fully austenitic in the softened, water-quenched condition: here 
sigma forms from austenite, not from ferrite as in our case, and may well 
lead to grain margin chromium depletion in the austenite in the early 
stages of precipitation, the effect disappearing after long heating when 
diffusion equilibrium has been reached. 

Mr. Morley’s calculations are interesting, but we prefer our experi- 
mental figure of 13.2% chromium for the equilibrium austenite at 1150 °C 
for our steel. We are by no means certain that a phase with 13.2% of 
chromium also containing 10% of nickel and 2.5% of molybdenum would 
necessarily have poor nitric acid resistance or indeed that its general cor- 
‘osion resistance would be poor (as suggested by Dr. Edeleanu). We 
gree that the matter could be settled by metallographic evidence on a 
series of such steels with varying chromium content. With regard to the 
partial transformation of residual austenite to a2 during and after extrac- 
tion, Mr. Morley’s suggestion that it may be due to removal of carbon 
by oxidation seems to us less likely than our hypothesis of the release of 
microstresses, because (a) such carbon removal could be but superficial 
owing to the minutely small diffusion rate of carbon at room temperatures, 
(b) the austenite can be partially transformed while still in the bulk metal 
by treatment at —196 °C? 

Messrs. Keating and Prince suggest that the austenite formed from 
ferrite at 850 °C (after sigma formation) is, owing to its higher chromium 
content, the part of the austenite that transforms to az on extraction. This 
may well be so; we should also point out that the degree of transformation 
to az of austenite in the bulk metal cooled to —196°C is increased with 
material that has been heated for longer times at 850°C. This may mean 
that some of the original (1150 °C, water-quenched) low-chromium austen- 
ite is destabilized by gain of chromium from the high-chromium austenite 
produced at 850°C, on prolonged heating. We think that the microstress 
explanation of the az transformation is in any case necessary to explain 
why austenite is metastable at room temperatures in the bulk metal yet 
transforms when extracted. The highly interesting speculations of Messrs. 
Keating and Prince concerning stress-corrosion cracking, which follow 


from the same hypotheSis of internal microstresses in these duplex steels, 
should be followed up. 


*F. H. Keating, private communication. 
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Concerning the diffusion mechanism of the ferrite —> sigma transfor- 
mation (rapid in the present steel at 850 °C, as shown in our earlier paper’), 
we cannot offer Messrs. Keating and Prince much helpful comment, except 
to point out that the concentration changes of the component elements 
are not very great, so that no very large transport of matter is involved. 

In reply to Dr. Aborn, we did not determine the absolute extent of 
the az transformation in the austenite residues. With regard to the sta- 
bility of austenite toward the as transformation, while we agree that loss 
of carbon rather than gain of chromium might be a reason for the de- 
creasing stability of the austenite with increase of time of heating, we are 
not at all convinced that increase of chromium content tends to stabilize 
austenite of the present composition. Even in the straight chromium- 
nickel steels, increase of chromium beyond about 17% tends to destabilize 
austenite, an increase of nickel being simultaneously required if the sof- 
tened, water-quenched material is to remain fully austenitic;* and in a 
steel also containing 3% of molybdenum and 1% of titanium (both ferrite 
formers) it is probable that increase of chromium above about 13% tends 
to destabilize austenite. We believe that the whole question of the relative 
stability and ease of transformation of the austenitic and ferritic phases 
in complex high chromium-nickel steels needs re-examination, quite apart 
from the matter of sigma formation. 





‘ Monypenny, “Stainless Iron and Steel’, Chapman and Hall, London, 3rd 


J. G. H. 
edition, 1951, Vol. 1, p. 69. 





=e a 


=e hese 


EFFECT OF CARBON CONTENT ON 18-4-1 
HIGH SPEED STEEL 


darde Sz 


By ArtHur H. Grose AND GeorGE A. ROBERTS a 


Abstract 


Complete hardness data, for hardening and temper- 
ing, are reported for five 18-4-1 high speed steels with 
carbon contents varying from 0.52 to 0.78% and one steel 
with 0.57% carbon and 1.21% vanadium. The steels were 
austenitized for 0.1 to 300 minutes at temperatures of 1800 
to 2350°F (980 to 1290°C). For four austenitizing 
conditions of 30 seconds at 2200, 2300, 2350 and 2400 °F 
(1205, 1260, 1290 and 1315 °C), followed by oil quench- 
ing, tempering studies were conducted for times of 0.1 tc 
100 hours at temperatures of 200 to 1300°F (95 to 
705 °C). 

The data on the effect of austenitizing time and tem- 
perature on the oil-quenched hardness are presented as 
iso-hardness lines on time-temperature plots for each steel. 
The tempering data are recorded as master tempering 
curves where hardness is plotted against the tempering 
parameter T(c + log t) for each austenitizing temperature 
for every steel. 

Unnotched Izod impact tests were made using five 
steels otl-quenched from 2200°F (1205°C) and three 
steels from 2350°F (1290°C). These specimens were 
double tempered at 950 to 1200 °F (510 to 650°C). The 
relative increases in toughness obtained by lowering the 


austenitizing temperature or by decreasing the carbon 
content are discussed. 


INTRODUCTION 


T'OR many years 18-4-1 tungsten high speed steels have been pro- 

duced with a variety of carbon contents, ranging from 0.50 to 
0.80%. Thirty years ago cutting tools were normally produced from 
steel with 0.60 to 0.70% carbon, but have been in more recent years 
made with 0.68 to 0.80% carbon. The increase in carbon content of 
consumer and producer specifications has been accompanied by a is 
companion increase in vanadium content from the range 0.75 to 
1.00% to the range 0.90 to 1.25%. i 
_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, Arthur H. 


Grobe is research metallurgist, and George A. Roberts is chief metallurgist, 
Vanadium-Alloys Steel Co., Latrobe, Pa. Manuscript received March 28, 1952. 
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At the same time lower carbon 18-4-1 high speed steels continue 
to be produced for special purposes. These steels now contain 0.90 
to 1.25% vanadium. For hot working dies of maximum hot hard- 
ness, 18-4-1 high speed steels with 0.50 to 0.55% carbon have proved 
popular. Steels with 0.55 to 0.70% carbon are employed for cutting 
tools requiring high resistance to breakage. This carbon range is 
also often chosen when high speed steel, because of its high wear 
resistance and good edge strength, is desired for cold work applica- 
tions, such as blanking, trimming and forming dies. The majority 
of cutting tools made from 18-4-1 steel have in recent years contained 
0.70 to 0.75% carbon, and a limited amount of this steel in a carbon 
range of 0.75 to 0.80% has been used for broaches and single-point 
cutting tools where higher hardness and wear resistance are desired. 

Recent publications have outlined in detail the metallurgical 
characteristics and mechanical properties of 18-4-1 high speed steel 
in the standard 0.70 to 0.75% carbon range (1, 2, 3).1 The harden- 
ing and tempering reactions have been accurately followed by hard- 
ness measurements and these have been related to the mechanical 
properties obtained with bend tests and unnotched Izod impact tests. 
Basically it is desired to evaluate the differences in mechanical prop- 
erties, particularly in ductility, that will cause or permit differences 
in performance on actual applications. That high speed steel of vary- 
ing carbon content has been selected for different applications attests 
to the somewhat improved ductility of lower carbon grades, but there 
has always been debated the question of whether the same benefits 
with respect to toughness could not have been obtained by the use 
of standard high speed steels treated from lower austenitizing tem- 
peratures. It has been shown, for instance, that the impact strength 
(roughly proportional to ductility at the same hardness, i.e., at the 
same yield strength) can be raised at least fourfold in 0.72% carbon 
18-4-1 by a decrease of 300 °F (150°C) in the hardening tempera- 
ture. Does lowering the carbon content by 0.20% provide a greater 
improvement ? 

Since, as the carbon content is lowered, the maximum obtainable 
hardness is limited in 18-4-1 high speed steel, it becomes necessary 
to first study the hardening and tempering characteristics of the 
series of steels in question. Comparisons of properties should only 
be made at equivalent hardness levels and between equivalent metal- 
lurgical structures. Therefore, the hardening and tempering reactions 
in six high speed steels with carbon contents from 0.52 to 0.78% 
were investigated and metallographic comparisons were made prior 
to the impact strength determinations. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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MATERIALS 


Five 18 (% W) -4 (% Cr) -1 (% V) high speed steels were 
selected from regular production lots of arc-melted steel to be as 
closely similar in all important elements, except carbon, as possible. 
These steels, Table I, had carbon contents of 0.52, 0.58, 0.67, 0.72 
and 0.78%. An additional steel (Steel D, Table 1) was chosen with 
0.57% carbon but with higher than normal vanadium to show the 
influence of vanadium content itself upon the hardening and temper- 
ing reactions. All steels were rolled to approximately 14-inch square 
bar stock and annealed. 


Table I 
Composition of Steels 


Steel € Si Mn S Cr V Mo 
A 0.78 0.27 0.23 0.009 0.016 18.12 4.02 1.00 0.39 
B 0.72 0.34 0.25 0.008 0.015 18.08 4.04 1.05 0.33 
© 0.67 0.25 0.23 0.009 0.015 17.55 4.02 1.04 0.40 
D 0.57 0.32 0.23 0.012 0.014 18.00 4.06 1.21 0.37 
E 0.58 0.28 0.24 0.008 0.016 18.26 4.04 0.99 0.36 
F 0.52 0.31 25 0.008 0.018 17.60 3.89 1.06 0.38 


EFFEcT OF AUSTENITIZING TEMPERATURE 


Samples % inch long from each steel were austenitized in a 
barium chloride internal electrode salt bath at temperatures of 1800, 
i900, 2000, 2100, 2200, 2250, 2300 and 2350°F (985, 1040, 1095, 
1150, 1205, 1230, 1260 and 1290 °C). Individual austenitizing times 
used were 0.1, 1, 5, 15, 30, 60, 150 and 300 minutes at temperature. 
Samples were quenched in oil to room temperature, and after grind- 
ing to remove all traces of decarburization, the Rockwell C hard- 
nesses were determined. 

The results of the quenched hardness studies are presented in a 
series of six iso-hardness charts (Figs. 1 to 6 inclusive), in which | 
points of equivalent hardness are connected as a function of austen- 
itizing temperature and time. For instance, Steel E, hardened from 
2200 °F (1205 °C), has as-quenched hardnesses as follows: 


Hardness Austenitizing Time 
Rockwell C Minutes 
58-59 : 0.1- 0.4 
59-60 04- 1 
60-61 l1- 2 
61-62 2- 10 
62-61 10-— 70 
61-60 70 — 150 
60-59 150 — 300 


It should be noted that as the austenitizing time exceeds a certain 
value, the hardness decreases, an indication that retained austenite is 
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Fig. 1—Oil-Quenched Hardness of Steel A (0.78% Carbon) as a Function of 
Austenitizing Time and Temperature. 
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Fig. 2—Oil-Quenched Hardness of Steel B (0.72% Carbon) as a Function of 
Austenitizing Time and Temperature. 
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now present in sufficient volume to counter the effect of increased 
martensite hardness caused by added carbide solution. This effect, 
surprisingly, can occur at hardnesses as low as Rockwell C-49 (see 
Steel F, hardened from 1900°F or 1040°C). It should not be 
inferred that this decrease in-hardness with austenitizing time and 
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Fig. 3—Oil-Quenched Hardness of Steel C (0.67% Carbon) as a Function of 
Austenitizing Time and Temperature. 
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4—Oil-Quenched Hardness of Steel D (0.57% Carbon —1.21% Vanadium) 
as a Tonto of Austenitizing Time and Temperature. 


the attendant turning up of the iso-hardness curves is related to a 
fixed quantity of retained austenite. The amount of austenite re- 
quired will depend upon the carbon content and hardness of the 
martensite and thus will vary with the carbon content of the steel 
and the austenitizing temperature. This becomes so intense at higher 
carbon contents and higher temperatures that a limited field of time 
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5—Oil-Quenched Hardness of Steel E (0.58% Carbon-0.99% Vanadium) 
as a Panelion of Austenitizing Time and Temperature. 
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Fig. 6—Oil-Quenched Hardness of Steel F (0.52% Carbon) as a Function of 
Austenitizing Time and Temperature. 





and temperature completely encloses the maximum hardness for the 
steel, as in Steel A (0.78% carbon) at hardness between Rockwell 
C-66.0 and 66.5. | 

A comparison of Steels D and E permits an evaluation of the 
effect of higher vanadium contents at constant carbon content on the 
carbide solubility or response*to hardening in these steels. Steel E, 
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with 0.58% carbon and 0.99% vanadium, is approximately 1 to 1.5 
Rockwell C points harder than Steel D, with 0.57% carbon and 
1.21% vanadium, as shown in the tabulation below: 


Austenitizing Austenitizing Quenched Hardness—Rockwell C 
Temp., °F Time, Min. Steel E Steel D 
2300 1 63 — 64 62 -— 63 
2100 10 59 58 
1900 3 53 51-52 
As described later, these differences are not maintained after 
tempering. 


Intercept grain size determinations were made on each of the 
as-quenched samples which showed a definite grain size after nital 
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Fig. 7—Range of Intercept Grain Size for All Steels Hardened From 
2250 and 2350 °F (1230 and 1290°C) as a Function of Austenitizing Time. 


etching. Grain growth occurred as expected with time and temper- 
ature of austenitizing but did not appear to be affected in a regular 
or consistent manner by carbon content. The results for all steels 
have been plotted in two bands (Fig. 7) representing the growth as 
a function of time when austenitized at 2250 and 2350°F (1230 
and 1290 °C), respectively. At short times the curves for both tem- 
peratures overlap. Samples held at 2350°F (1290°C) start to 
coarsen after 1 minute, while those held at 2250°F (1230°C) do 
not coarsen until after about 20 minutes. 

During the course of metallographic examination, two distinctly 
different and interesting as-quenched structures were observed in 
addition to the usual structure of excess carbides in a light-etching 
matrix. One of these occurs in all steels after quenching from low 
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austenitizing temperatures and the other occurs in the lower carbon 
steels quenched from high temperatures. 

Fig. 8 is a photomicrograph of the former structure in Steel A 
after quenching from 1900 °F (1040 °C) (1 minute at temperature). 
Under these conditions the chromium carbides, MosCg (4), are not 
completely dissolved and at high magnification appear as small black 
dots throughout the structure. Larger black areas evident in Fig. 8 





Fig. 8—Microstructure of Steel A Oil-Quenched After 1 Minute at 1900 °F (1040 
°C). Nital etch. x 500. 


Fig. 9—Microstructure of Steel F Oil-Quenched After 1 Minute at 2350°F (1290 
°C). Nital etch. X 1500. 


are presumed to be a high temperature transformation product 
formed on quenching the inhomogeneous austenite. This product is 
probably analogous to the fine pearlite often formed at the knee of 
the “S-curve” when plain carbon steels are quenched. It appears 
in all steels of the 18-4-1 type, regardless of carbon content, within 
the range of this investigation, and disappears at higher austenitizing 
temperatures and times. 

Fig. 9 depicts the structure of Steel F austenitized at 2350 °F 
(1290 °C) for 1 minute. This 0.52% carbon 18-4-1 steel on heating 
at temperatures of about 2100 to 2300°F (1150 to 1260°C) has a 
normal austenite plus carbide structure. Existing phase diagrams 
of the Fe-C-W system would indicate that ferrite might exist in such 
steels at all temperatures up to the melting point. Metallographic 
evidence fails to reveal any ferrite at this intermediate temperature 
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range. On further heating, however, delta-iron (ferrite) is formed 
from the austenite and, on quenching, such areas will either trans- 
form completely to 2 dark-etching transformation product or, if 
large, will so transform only at their interfaces with the austenite. 
Such ferrite areas and transformed zones are clearly seen in Fig. 9. 
These structures are typically apparent in decarburized high speed 
steel of normal carbon content and have been discussed in the litera- 
ture in connection with such a phenomenon. Their formation is not, 
however, a sufficient criterion for decarburization, since they will 
occur only if the decarburization has been conducted at a sufficiently 
high temperature, or if previously decarburized steel is so heated. 


oh eee ld td 
eee ee EP LP ee 
Ad A kkk cl i bk bk 
BEEP 
tt tt | 
PEE REBSABEE Sas aS 
BEE 
HHH ttt 
PEL ey eee 
ee ert ee Lk 
i bokeimeee, lo ol eae ae 
Lt 8 ee AC Te Eb eee 
Ae oe el ol Lk ed 
bee See ot eo 
ee dade kt dd bo eg 
oh rar rae wr aa as ever en eae ESTEE 


Bap 84 598 602 ene 610 G14 Cla 652 606 680 634 ESB 642 2 646 650 654 658 662 666 
Hardness — Rockwell "C" 
























Fig. 10—Distribution Curves of Quenched Hardness for Steels A and F Oil- 
Quenched After 30 Seconds at 2300 °F (1260 °C). 


EFFECT OF TEMPERING 


The experimental technique employed to investigate the effect 
of tempering on this series of steels was identical with that previously 
recorded. It should be noted that the specimens were treated in a 
semimuffle gas-fired furnace and held at the austenitizing temperature 
30 seconds. The as-quenched hardness was determined on each of 
the 120 specimens per steel for each austenitizing temperature. The 
distribution of the hatdnesses so obtained for Steels A and F 
austenitized at 2300 °F (1260°C) is plotted in Fig. 10. The con- 
stancy of the quenched hardness readings is less for the lower carbon 
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material (Steel F). Causes for this are probably the greater sensi- 
tivity of low carbon martensite to slight changes of carbon content 
and the inherent lack of sensitivity of the Rockwell C hardness scale 
at higher hardness values. 

The as-quenched hardness for each steel from the four austeni- 
tizing temperatures is shown in Fig. 11. Here again the difference 
between Steels D and E with varying vanadium contents at constant 
carbon content is apparent. 


Hardness — Rockwell "C" 














2200 2300 2400 
Austenitizing Temperature—°F 
Fig. 11—Effect of Austenitizing Tempera- 


ture on the Quenched Hardness of All Steels 
Investigated. 


The tempering cycles included temperatures of 200 to 1300 °F 
(95 to 705 °C) and times of 0.1 to 100 hours. While complete data 
are available for all combinations of these cycles, those presented here 
are primarily limited to the practical range of commercial heat treat- 
ing on high speed steel. Thus, all data for tempering temperatures 
below 600 °F (315 °C) and for final hardnesses lower than Rockwell 
C-45 achieved by high temperature tempering are eliminated. Four 
sets of master tempering curves, one for each of the austenitizing 
temperatures 2200, 2300, 2350 and 2400 °F (1205, 1260, 1290 and 
1315 °C), are shown in Figs. 12 to 15 inclusive. On each of these 
charts, curves for all six steels of varying carbon content are included. 

Master tempering curves relate hardness to the tempering 
parameter 

T (c + logt) 
where T is the absolute temperature of tempering in °R 


c is a constant arbitrarily assigned a value of 20, and 
t is the tempering time in hours. 
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Fig. 12—Master Tempering Curves for All Steels Oil- 
Quenched After 30 Seconds at 2200 °F (1205 °C). 


From previous data on tempering of high alloy tool steels, it was 
determined that the constant “c” varied appreciably with composition 
and hardening temperature (1). In the discussion of (1), it was 
suggested independently by both Jaffe and Cohen that, because of 
the inexplicable variation of “c”, an average value be calculated and 
used so that all master tempering curves would be directly com- 
parable and so that the effect of changes in composition, heat treat- 
ment or other variables could be studied from such curves. To this 
end a constant of 20 has been assigned to the data of this paper,. 
following the practice previously established (5). 

The curves of Figs. 12 to 15 are plotted for tempering cycles 
giving a parameter between 22,000 and 36,000. Also shown at the 
top of each curve are tempering temperatures for a cycle in which 
the total tempering time is 5 hours. With respect to hardness, the 
time of tempering during multiple tempering is additive, so that the 
5-hour period is equivalent to double tempering for 2% hours plus 
2% hours, and represents average commercial practice. For ease in 
converting to other tempering cycles providing equivalent hardness, 
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Steel A 0.78C 
B 0.72 
Cc 067 
D 0.57 
E 0.58 
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Fig. 13—Master Tempering Curves for All Steels Oil- 
Ouintiad After 30 Seconds at 2300 °F (1260 °C). 


Fig. 16 has been prepared relating tempering temperature to the 
tempering parameter for a variety of tempering times. The actual 
data in this paper include times of tempering of 0.1 to 100 hours, 
and an extrapolation to the longer times of 1000 or 10,000 hours is 
feasible. Such extrapolations of short-time data are valuable in 
studies of steels exposed to elevated temperatures for long times, as 
in hot work tooling. Such curves again apply only to data based on 
a constant “‘c’”’ equal to 20. 

Danie the fact that Steels D and E have quenched hardnesses 
which differ by 1 to 1.5 points Rockwell C, they are equally hard 
when tempered above 600°F (315°C). One master tempering 
curve has been drawn for both. 


Impact STRENGTH 


Experimental procedure for the unnotched Izod impact tests was 
identical with that previously reported (3). Steels A, B, C, E and F 
were hardened from 2200 °F-(1205 °C), and Steels A, B and E 
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Table II 
Impact Strength for Five 18-4-1 Steels Oil-Quenched From 2200 °F (1205 °C) 
Samples Tempered 2%4 Hours Plus 2% Hours at Indicated Temperatures 
Impact Strength Average of 10 Samples 
Intercept Tempering Impact 
Grain Temp. Strength 3 ox Rockwell C 
Steel Size = Foot-Pounds Foot-Pounds Hardness 
A 14.7 950 35.5 2.8 64.0 
1000 39.4 2.9 63.1 
1050 40.8 2.2 61.1 
1100 41.8 2.9 59.6 
1150 47.6 2.8 55.3 
; 1200 48.7 4.5 48.5 
B 13.8 950 42.1 2.4 62.6 
1000 44.2 2.6 62.0 
1050 48.5 5.1 60.5 
1100 47.2 3.5 58.6 
1150 52.1 3.5 54.7 
1200 53.9 2.8 47.8 
Cc 15.0 950 56.0 6.9 61.4 
1000 64.3 7a 60.9 
1050 67.5 8.4 59.6 
1100 70.4 8.8 58.1 
1150 66.6 4.8 53.2 
E 16.4 950 66.3 7.2 59.7 
1000 66.4 10.7 59.4 
1050 61.1 8.2 57.9 
1100 68.0 11.3 56.7 
1150 58.4 14.1 51.2 
1200 59.6 6.2 47.5 
F 16.2 950 70.4 18.7 57.4 
1000 78.3 11.8 57.2 
1050 60.1 14.6 56.0 
1100 73.4 11.6 54.2 
1150 66.6 6.9 50.2 
Table Ill 
Impact Strength for Five 18-41 Steels Oil-Quenched From 2350°F (1290 °C) ls 
Samples Tempered 2% Hours Plus 2% Hours at Indicated Temperatures 
Impact Strength Average of 10 Samples 
Intercept Tempering Impact 
Grain Temp. Strength 3 ox Rockwell C 
Steel Size °F Foot-Pounds Foot-Pounds Hardness 
A 11.9 950 27.6 ym 65.0 
1000 20.6 4.8 65.9 
1050 20.7 2.7 64.8 
1100 20.1 2.0 63.0 
1150 23.1 2.8 58.6 
1200 37.2 3.4 50.4 
B 10.9 950 29.8 1.8 65.0 
1000 27.8 2:3 65.0 
1050 28.7 1.3 64.2 
1100 28.2 1.4 61.8 
1150 30.2 1.8 57.7 
1200 45.7 1.9 49.7 
E 11.2 950 51.8 3.8 63.6 
1000 52.2 6.6 63.4 J 
1050 52.0 3.2 61.4 } 
1100 57.8 tia 60.0 ‘: 
1150 53.4 8.2 55.2 ‘ 
1200 45.9 3.3 51.4 a 
from 2350°F (1290°G). Samples were tempered for 2% hours e 
plus 2% hours at 950 to 1200 °F (510 to 650 °C) in 50 °F intervals. 
Ten specimens were treated for each treating cycle, and the results Md 
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Fig. 14—Master Tempering Curves for All Steels Oil- 
Deine After 30 Seconds at 2350 °F (1290 °C). 


in Tables II and III are the average of each group with the 
calculated 30, values. 

Fig. 17 illustrates the effect of hardness on the impact strength 
of the three steels quenched from 2350°F (1290°C). As shown 
previously (3), there is little effect of hardness on the impact strength 
at hardness levels over Rockwell C-60 for Steel B with 0.72% carbon. 
Steel A at 0.78% carbon is less ductile and Steel E (0.58% carbon) 
is considerably more ductile. At hardnesses below Rockwell C-60 
both Steels A and B exhibit a significant improvement in ductility 
similar to the behavior of the 8.00% molybdenum high speed steels 
(3), but the lower carbon type, E, suffers a loss in impact strength. 
At approximately Rockwell C-50, when hardened from 2350 °F 
(1290 °C), therefore, there is little difference in the impact strength 
of 18-4-1 high speed steel with 0.72 and 0.58% carbon. 

No curves are presented for the steels hardened from 2200 °F 
(1205 °C) because there is no statistically significant difference in 
impact strength at equivalent hardnesses between Steels C, E and F. 
It will be noted from Table TI that the spread of data is great (high 
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Fig. 15—Master Tempering Curves for All Steels Oil- 
Queneiad After 30 Seconds at 2400 °F (1315 °C). 


values of 30;) for these three steels. This is a result of the fact that 
with energy absorption values greater than 60 foot-pounds on un- 
notched Izod tests, the indicated impact strength depends upon the 
exact physical nature of the break and its relation to the holding 
hxture. Although it is impossible to state with assurance that one 
of these steels is equal in ductility to another at a given hardness, 
it is believed that they are not essentially different. If plotted against 
hardness, the two steels between 0.50 and 0.60% carbon (E and F) 
show dips in impact strength between Rockwell C-55 and 60 that 
are similar to those previously noted for the tungsten-molybdenum 
high speed steels between Rockwell C-60 and 65. The reasons for 
these changes are not clear but they may well be associated with a 
precipitation phenomenon during the tempering process. 

The following conclusions are evident: 

1. When hardened from the same hardening temperature and 
compared at the same hardness level, a decrease in carbon content 
increases the impact strength. 

2. In general, lowering of carbon content is more effective in 











490 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


PTT tT TT | | ot nous A 5A 
HHH 















EB4ZZ44 
Vk WL Ao 
Y 1A, 


Parameter - T(20 + log t) 


Fig. 16—Relation Between Tempering Temperature and Tem- 
pering Parameter for Various Tempering Time Assuming the 
Tempering c = 20. 





Hardness - Rockwell "C" 
17—Impact Strength of —_ 
After F Austenitiing for 30 Seconds at 2350 Me rey ech 
and Double Temperin¥ at 950 to 1200 °F (510 to 650 °C). 





1953 EFFECT OF CARBON ON HIGH SPEED STEEL 491 


obtaining high impact strength than is lowering of the hardening 
temperatures in any one steel. 

For example, let it be desired to produce a tool at Rockwell 
C-60 because of considerations of wear. The impact strength data 


obtained from the foregoing and from previous publications are shown 
in the following tabulation : 


Impact STRENGTH—UNNOTCHED Izop—Foot-PouNpDS—ROCKWELL C-60 
Carbon Content 





Hardened From—————"- 


of 18-4-1 Steel 2350 °F 2300 °F 2200 °F 2100 °F 
0.78 ee . aeons See ae 
0.72 28-33 38-43 43-48 55-60 
Oe ae ca er eas Gre 2 ae 
0.58 ee Loewe 60-70 


All samples treated to Rockwell C-60 by double tempering 2% 
plus 2%4 hours at appropriate temperature. 


SUM MARY 


1. Iso-hardness curves relating austenitizing temperature and 
time to the quenched hardness are presented for six 18-4-1 high 
speed steels of varying carbon content from 0.52 to 0.78%. 

2. Metallographic studies have shown the presence of ferrite 
delta-iron) at high austenitizing temperatures in the lower carbon 
teels. Such ferrite is not evident at lower austenitizing temperatures. 

3. Master tempering curves are presented for each of the steels 
rom four hardening temperatures, along with a chart permitting 
itilization of these data to determine equivalent tempering cycles to 
roduce any desired hardness above Rockwell C-45. 

4. The effect of carbon content, austenitizing temperature and 


ardness on the impact strength of 18-4-1 high speed steel has been 
nvestigated. 
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DISCUSSION 


Written Discussion: By A. E. Nehrenberg and J. G. Y. Chow, Re- 
search Laboratory, Crucible Steel Company of America, Harrison, N. J. 

The present paper should be welcomed by both manufacturers and 
users of high speed steels, for it clarifies questions which constantly arise 
concerning the relative merits of low carbon 18-4-1 high speed steel versus 
the standard analysis austenitized at lower temperatures. The data have 
been so concisely presented that it is easy to lose sight of the fact that the 
paper is the result of the heat treatment and examination of a tremendous 
number of specimens. We should like to congratulate the authors on the 
excellence of their comprehensive paper. 

Our comments will pertain to the dark-etching structure illustrated 
by Fig. 9 of the paper. This structure is commonly observed not only in 
the decarburized zone of standard 18-4-1 high speed steel, but in certain 
other high alloy steels as well. The authors commented in general that 
this structure is the result of the transformation during the quench of the 
delta ferrite formed during heating of the low carbon 18-4-1 to tempera- 
tures above about 2300° F. The authors did not discuss this transformation 
in any detail and since work which we recently have completed in our 
laboratory has suggested that this transformation is an unusual one not 
heretofore clearly interpreted in the literature, we have prepared several 
photomicrographs to illustrate some of our observations concerning the 
nature of the transformation. 

The material used for our photomicrographs happens to be a 0.40% 
carbon, 11.5% tungsten, 2.0% chromium, 0.4% vanadium commercial hot 
work steel, but our work has indicated that the transformation is the same 
as the one observed by the authors in their low carbon high speed steel. 
It will be noted that tungsten is present both in the low carbon high speed 
steels studied by the authors and in the steel selected for our photomicro- 
graphs, but it should not be inferred that the transformation depends upon 
the presence of tungsten. We have found that the same transformation 
occurs in straight chromium steels such as Types 430 and 446, for example. 

Fig. 18 is comparable to the authors’ Fig. 9 and illustrates the micro- 
structure resulting from a water quench of the 0.40% carbon, 11.5% tung- 
sten, 2% chromium steel from 2400°F. The sample was tempered so that 
the martensite would be readily distinguishable from the delta ferrite. The 
large white structure in the center of the photomicrograph is delta ferrite 
which has been retained by the rapid quench from 2400°F. The dark- 
etching structure appears in areas which were delta ferrite at 2400 °F. 

The dark-etching structure forms only during a quench from this high 
temperature. If a sample of this steel is heated to 2400 °F, furnace-cooled 
to 2250°F and water-quenched from this lower temperature, the dark- 
etching structure is absent and there is no evidence that delta ferrite had 
existed at the high temperature. 

The effect of cooling from 2400 to 2250 °F at a rate considerably faster 
than that of a furnace cool is shown in Fig. 19. The sample photographed 
was heated at 2400 °F for 5 minutes, transferred to a furnace at 2250 °F, 
held 2 minutes, water-quenched, and tempered to darken the martensite. 
The area at the center of the-micrograph outlined with grain boundary 
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Fig. 18—Dark-Etching Transformation Product in 11.5% Tungsten— 2% Chromium 
Steel Heated 5 Minutes at 2400 °F, Water-Quenched, and Tempered 2 Minutes at 1300 
°F. Etched in 5% picral plus 0.01% HCl. xX 2500. 


Fig. 19—Carbides in Former Delta Ferrite —- Austenite Grain Boundaries Resulting 
From Retarded Cool From 2400 to 2250°F. Sample was heated 5 minutes at 2400 °F, 
transferred to furnace at 2250°F, held 2 minutes, water-quenched, and tempered 2 
minutes at 1300 °F. Etched in 5% pical plus 0.01% HCl. xX 2500. 


carbides was presumably delta ferrite at 2400 °F and transformed to aus- 
tenite during the retarded’ cool to 2250°F. Associated with this transfor- 
mation there has been a precipitation of carbides predominantly at the old 
delta ferrite —-austenite grain boundaries. 
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Fig. 20—Effect of Faster Cooling Rate at Very High Temperatures Than That Em- 
ployed for Fig. 19. Sample was heated 5 minutes at 2400 °F, transferred to a furnace at 
1800 °F, held 2 minutes, water-quenched, and tempered 2 minutes at 1100 °F. Tempered 
martensite is underetched and appears light-etching. Etched in 5% picral plus 0.01% 
HCl. X 2500. 

Fig. 21—Effect of Faster Cooling Rate Between 2400 and 1800 °F Than That Used 
for Fig. 20. Sample was heated 5 minutes at 2400 °F, transferred to lead bath at 1800 
°F, held 2 minutes, water-quenched, and tempered 2 minutes at 1300°F. Tempered 
<r, so eee and appears light-etching. Etched in 5% picral plus 0.01% 

— b 


A sample heated 5 minutes at 2400°F, transferred to a furnace at 
1800 °F for 2 minutes, water-quenched and tempered was found to have 
the microstructure illustrated by Fig. 20. In this photomicrograph, and 
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in the one to follow, the martensite areas are light-etching, though tem- 
pered, because we were unable to develop darkened areas without over- 
etching the areas containing mixed lamellar and spheroidal carbides. These 
carbides occupy areas which were delta ferrite at 2400°F. The matrix 
structure is martensite. Thus, at the time of quenching, the delta ferrite 
areas had transformed to an aggregate of austenite and precipitated car- 
bides. The martensite in the final structure formed during the quench 
from 1800 °F to room temperature. 

Finally, a sample heated at 2400 °F and transferred to a lead bath at 
1800 °F instead of a furnace, in order to get a faster cooling rate down to 
1800 °F, held 2 minutes and water-quenched, was found to have the fine, 
lamellar structure shown in Fig. 21. The finer structure is the result of 
the increase in cooling rate in the temperature range 2400 to 1800 °F. 

These and many other obse.vations we have made in a variety of high 
alloy steels indicate that in certain steels, in which delta ferrite reverts to 
austenite during cooling, the areas of delta ferrite may transform at very 
high temperatures to an aggregate of austenite and carbides in the manner 
illustrated by our photomicrographs. As far as we have been able to 
ascertain, the precipitation of the carbide and the transformation of the 
delta ferrite to austenite occur practically simultaneously. Thus, the 
transformation appears to be one involving the formation of an aggregate 
of austenite plus carbides from delta ferrite. The transformation occurs 
at high temperature, in this case above about 1800°F. At these temper- 
atures austenite is an equilibrium phase. The effect of increased rates of 
cooling in the temperature range down to about 1800 °F is to produce finer 
aggregates of carbide in the austenite. 

We would be interested in the authors’ comments concerning our 
interpretation of the transformation responsible for the dark-etching 
structure observed in their low carbon high speed steel. 


Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt and 
Whitney Division, Niles-Bement-Pond Co., West Hartford, Conn. 

The authors are to be commended on one of their usual laborious and 
painstaking investigations. The information presented in this paper with 
reference to hardening characteristics and the effect of tempering as por- 
trayed by the master tempering curves is very valuable and will be helpful 
in the production heat treating and applications of the tungsten-type high 
speed steels. The curves shown in Fig. 16, relating tempering temperature 
and time to the tempering parameter, are especially helpful in making use 
of the master tempering curves. 

We feel somewhat disappointed, however, in the meagerness of the 
data presented on impact strength of the various steels studied in this 
paper. For example, while the authors first studied the effect of eight 
different austenitizing temperatures, together with a variety of time cycles, 
on the as-quenched hardness, then selected four hardening temperatures, 
together with an extensive series of tempering temperatures, to study the 
effect of tempering on steels of various carbon contents, they used only 
two hardening temperatures for their study of impact strength and only 
included three steels for ‘dne of these hardening temperatures (2350 °F). 

In the authors’ introduction it was stated that one of the objects of 
this investigation was to determine whether lowering the carbon content 
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in 18-4-1 high speed steel would provide greater improvement in impact 
strength than would lowering the austenitizing temperature some 200 to 
300 degrees. We would question whether the amount of impact data 
shown in the paper is sufficient to support the authors’ conclusion that 
lowering the carbon content is more effective than lowering the hardening 
temperature in improving toughness. 

Analyzing the tabulation of impact values given on the seventeenth 
page of the paper, we would point out the following: First, when Steel B 
is hardened from 2350 °F and tempered to Rockwell C-60, an impact value 
of approximately 30 foot-pounds is shown, and when this same steel is 
hardened from 2100 °F and tempered to Rockwell C-60, an impact value of 
approximately 57 foot-pounds is developed, an increase of 27 foot-pounds. 
Now to compare Steel B, hardened from 2350 °F, with a lower carbon steel, 
hardened from the same temperature, we find Steel E showing an impact 
strength of approximately 55 foot-pounds, which is an increase of only 25. 
Or if we were to take the extreme condition shown in this tabulation, we 
might compare Steel B, hardened from 2350°F, with Steel E, hardened 
from 2200°F. Here we find an increase of 35 foot-pounds, but this is 
partly brought about by lowering the austenitizing temperature 150 °F, so 
is only partly due to the lower carbon content of Steel E. 

Another point which merits consideration is the effect of the lower 
carbon content on such properties as wear resistance and red hardness. 
If we should produce two tools having the same hardness and approxi- 
mately the same high impact strength, one made from a 0.72% carbon steel 
and the other from a 0.58% carbon steel, might it not be found that the 
tool having the lower carbon content would have lower wear resistance 
and red hardness? 

We would also like to ask why the authors used salt-bath hardening 
for the series of specimens on which they reported the as-quenched hard- 
ness and then changed to a muffle furnace for the specimens used for 
tempering and impact studies. 

There is a well-known differential in effective temperature between 
these two methods of hardening which does not seem to be taken into 
account in this paper. 


Authors’ Reply 


The authors are indebted to Messrs. Nehrenberg and Chow for their 
comments on the existence of delta ferrite in a low carbon, high tungsten 
hot work die steel and its transformation on cooling. Particularly do 
we wish to compliment them on the excellent photomicrographs which 
accompany their comments and form.a valuable supplement to this paper. 

We did not discuss this transformation in great detail because we 
were unable to decide which of the several possible theories were best. 
In low carbon high speed steels the limited amount of ferrite and the 
fine structure make resolution difficult. We feel that additional evidence 
is required to prove that the transformation involves a change of delta 
ferrite to austenite plus carbide at high temperatures. 

More likely the transformation is complex and its nature depends on 
both the cooling rate and the temperature of holding. Thus, Nehrenberg 
and Chow prove by Fig. 19-that the gamma-to-delta transformation is 
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reversible between temperatures of 2250 and 2400°F. Figs. 20 and 21, 
however, do not clearly prove that the delta-to-austenite plus carbide 
reaction is a reality. A zone of minimum ferrite stability between 1800 
and 2300°F is probable (of the gamma-loop type). Time is required 
to completely reverse the ferrite-to-austenite transformation and this 
is only possible in a limited temperature zone. One can preserve delta 
ferrite by fast cooling through this zone to a temperature where ferrite 
is again stable — though now capable of holding less carbon in solution. 
In answer to Mr. Bancroft’s comments, while we appreciate the 
fact that more impact data would be desirable, the object was to 
determine if the lower carbon high speed steels would provide higher 
impact strengths than had been obtained in past investigations with 
standard carbon material hardened from low temperatures. In this light 
the data show that values of 60 to 80 foot-pounds are possible with the 
lower carbon steels, while the maximum obtained with 0.72% carbon 
18-4-1 was 55 to 60 foot-pounds. The increase is not great and would, 
naturally, be accompanied by some sacrifice of wear resistance and hot 
hardness. 
With regard to the type of heating equipment used in these tests, 

ve would prefer to use salt baths for all experiments, since a more 

ccurate knowledge of bath temperature is possible. However, where 

irge numbers of samples are to be treated together, it is more convenient 

1r us to use semi-muffle furnaces. Samples can be readily observed at 

| times during the heating, and furnace capacity is greater. It is not 

<pected that the austenitizing conditions indicated by the nominal temper- 

ures are exactly reproducible by others. For this reason we generally 

iploy a series of austenitizing temperatures by means of which other 

vestigators may interpret their results. 
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THE EFFECT OF SILICON ON THE TEMPERING 
OF MARTENSITE 


By A. G. ALLTEN AND P. Payson 


Abstract 


Evidence that silicon affects hardness during the tem- 
pering of steels led to an investigation of the tempering of 
0.6% carbon-base and 0.4% carbon, 3% nickel-base steels 
which contained up to 2.2% silicon. -Hardness, dilato- 
metric, specific volume, electrical resistivity, and X-ray 
diffraction measurements were used. 

The results demonstrate that the temperature at which 
cementite forms, on heating of the martensite of steels at a 
definite rate, is raised in relation to the silicon contents of 
the steels. The temperature at which cementite formed 
in the 3% nickel-base steels was raised about 250 °F 
(140°C) by an increase of silicon from 0.5 to 2.2%. 
Epsilon iron carbide was detected in the 0.6% carbon 
steels after tempers at lower temperatures than those 
required to produce cementite. 

The softening of the 2.2% silicon steels was retarded 
in the tempering range of 400 to 600 °F (205 to 315 °C). 
The hardness after a given temper in the 400 to 600 °F 
(205 to 315°C) range was found to depend only on the 
silicon and carbon contents of the steels. A mechanism 
which involves coherency hardening is postulated as the 
cause of the retarded softening of the high silicon steels. 

The notch impact properties of the tempered steels 
were affected by the presence of silicon. The transforma- 
tion of retained austenite was retarded as a result of the 
presence of silicon in the 2.2% silicon steels. Silicon did 
not precipitate as a compound or in the carbides during the 
various stages of tempering. 


INTRODUCTION 


N the study of the properties of HY-Tuf (1) it was found that 
this medium alloy steel when hardened by an oil quench, and sub- 
sequently tempered, did not soften during tempering over the range 
300 to 700°F (150 to 370°C) as other medium alloy steels did. 
For some time the reason for the anomalous behavior remained elu- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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sive, but eventually it was established that the high silicon content 
of the steel, namely about 1.5%, was responsible for the unexpected 
resistance of the hardened steel to tempering. 

A review of the literature gave little indication that silicon re- 
tarded softening in the tempering of martensite. Bain’s curves (2), 
which have been referred to repeatedly, show the higher silicon steels 
to be harder over the whole range of tempering temperature, but they 
do not show any discontinuous effect in the tempering range 300 to 
700°F (150 to 370°C). Furthermore, Bain states, “One may 
assume, since silicon is not present in any large proportion in the 
carbide, that its effect is to strengthen the ferrite in which the gradu- 
ally coarsening carbides are dispersed.” 

On the other hand, the well-known silico-manganese steels, 
AISI 9260 and its modifications, have been used for at least 50 years, 
and their tempering curves which are not simple straight lines have 
long been reported in the data sheets published by steel manufacturers. 
Gill and his associates (3), however, dismiss the unusual behavior 
£ the silicon steels with the statement, “These (silicon) steels resist 
empering to a somewhat better degree than do plain carbon steels.”’ 

The present authors believe that this long-neglected phenomenon 

as considerable academic interest, and some practical value as well. 
\ccordingly, some work was done to try to establish the mechanism 
y which silicon retards the softening of martensite during tempering. 


MATERIALS 


It has been established in the laboratory with which the authors 
re associated, by the study of a wide variety of compositions in which 
licon has been consistently varied from low to high amounts, that 
ie effect of silicon on the tempering of martensite is the same in all 
‘eels. Most of the work to be reported here was done on only 4 steels 
-a 0.6% carbon, 0.8% manganese-base composition with 0.4 and 

2.2% silicon; and a 0.4% carbon, 3.0% nickel-base composition with 
0.5 and 2.2% silicon. However, for the sake of completeness, data 
on a few other steels have been included. 

All of the steels were made in small induction furnace melts, and 
were forged to 54-inch square bars which were annealed by a furnace 
cool from 1450°F (790°C). The analyses of these bars are given 
in Table I. In the discussion, the steels will hereafter be referred to 
by the “type designation” shown in Table I. 


EXPERIMENTAL METHODS 


All the steels, except for the 3.0% silicon, and 3.7% silicon, 3% 5 
nickel steels, were austenitized at 1600 °F (870°C) for 1 hour, for : 
hardening. This treatment was sufficient to produce a homogeneous 
austenite in the lower silicon steels. The two highest silicon steels 
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Table I 
Analyses of Experimental Steels With Varied Silicon 
Steel Type Atomic 
No. Designation* Cc Mn Si Ni % Si 
1 0.4% Silicon, 0.6% Carbon 0.60 0.79 0.38 oe 0.7 
BE ee a ne a aa 0.63 0.85 0.87 a ra 
No Sa aes, es 0.61 0.86 1.53 ae 2.9 
4 2.2% Silicon, 0.6% Carbon 0.62 0.87 2.25 ay 4.2 
5 0.5% Silicon, 3% Nickel 0.40 0.82 0.46 3.44 0.9 
6 0.8% Silicon, 3% Nickel 0.40 0.81 0.80 3.41 3.5 
7 1.5% Silicon, 3% Nickel 0.40 0.83 1.47 3.30 2.8 
8 2.2% Silicon, 3% Nickel 0.38 0.86 2.18 3.41 4.1 
9 3.0% Silicon, 3% Nickel 0.34 0.74 3.01 3.07 5.7 
10 3.7% Silicon, 3% Nickel 0.36 0.73 3.67 3.07 6.8 





*Steels are referred to by this designation in the text of the paper. 





were austenitized at 1675 °F (915 °C), but even after this treatment 
these steels contained a small amount of residual ferrite. 

In the preliminary work, the steels were quenched in water from 
the austenitizing temperatures, but, because some cracking was en- 
countered, subsequent hardening was done in oil. It was found that 
the 0.6% carbon steels, as well as the higher alloyed steels, could be 
hardened through uniformly in %-inch sections in an oil quench. 
When it was desired to minimize the amount of retained austenite 
which would otherwise have been present in the steels, the test pieces, 
after they had been cooled to about 300 °F (150°C) in the quench, 
were transferred immediately to liquid nitrogen and allowed to cool 
to the temperature of the refrigerant, about —320°F (—195 °C). 

Tempering was generally carried out in liquid baths held to 
+5°F. For the hardness surveys, separate samples were used for 
each temperature. In the study of the effect of time in tempering, 
the same sample was heated repeatedly, being cooled to room tem- 
perature periodically for measurements of hardness. 

Hardness measurements were made on a calibrated Rockwell 
hardness tester. Most of the measurements were made by the same 
skilled operator. The measurements are believed to be good within 
+0.5 Rockwell C hardness point. 

Specific volume was determined by a method previously de- 
scribed (4) which is accurate to +0.00002 cubic centimeter per gram. 

Length changes in %-inch diameter by 4-inch samples of the 
hardened steels were observed in a dilatometer during heating of the 
samples at carefully controlled rates. The samples were heated to 
1000 °F (540 °C), cooled to room temperature, and reheated in the 
dilatometer to 1000 °F (540 °C) to check the cooling curves obtained 
during the initial run. A dilatometer of the type described in ASTM 
Designation B95-39 (5) was used. Measurements are believed accu- 
rate to +0.0001 inch per inch. 

A set of %4-inch diameter samples of the hardened 0.5 and 2.2% 
silicon, 3% nickel steels were given cumulative 2-hour tempers at 
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100 °F intervals in the range of room temperature to 1000 °F (540 
°C), and were measured for resistivity after each temper. 

Several X-ray diffraction techniques were employed, viz.: 

a. Qualitative determinations for retained austenite were made 
on hardness test pieces of the 0.6% carbon silicon steels. A series 
of successive etches and grindings was used to eliminate errors due 
to surface preparation. Samples were exposed in a 20-centimeter 
diameter asymmetric-type focusing camera. The presence, or ab- 
sence, of the (111) austenite line was noted. Chromium radiation 
with a vanadic oxide “beta”’ filter in front of the film was used. No 
quantitative determinations of retained austenite were made. 

b. The broadness of the (211) ferrite line as a function of 
tempering temperature was observed on samples of the 0.4 and 2.2% 
silicon, 0.6% carbon steels which had been tempered for 2-hour pe- 
riods at 100 °F intervals in the range 300 to 700 °F (150 to 370 °C). 
The samples were ground to the radius of a 10-centimeter diameter 
cylindrical back-reflection focusing camera. Chromium radiation, 
without a filter, was employed. The line width at half intensity was 
determined by means of a microphotometer. 

c. Residues were obtained by electrolytic extraction of 4% by % 
by 4-inch samples of quenched and tempered 0.5 and 2.2% silicon, 
3% nickel steels. A special electrolyte (6) designed for quantitative 
carbide extraction was used. This electrolyte consists of 160 grams 
of citric acid and 60 grams of ammonium chloride dissolved in water 
to make a liter of solution. The residues were washed in water, 
alcohol, and ether, and were mixed with collodion, while still wet, 
and formed into 0.5-millimeter diameter rods. The rod-shaped sam- 
ples were exposed in a 114.6-millimeter diameter Debye camera. 
Chromium radiation with a suitable beta filter in front of the film 
was used. 

d. The nature of the carbides in solid samples of the 0.6% 
carbon silicon steels was determined after various tempering treat- 
ments. Flat samples were mounted at a grazing angle of 60 degrees 
to the incident radiation in the 114.6-millimeter Debye camera, and 
radiation from the slit of a pentaerythritol monochromator was per- 
mitted to enter the camera. Both chromium and iron radiations were 
employed. 

RESULTS 


Figs. 1 and 2 show that in the tempering of two steels of differ- 
ent base compositions to which silicon has been added, the following 
facts may be observed: 

1. There is an almost parallel drop in hardness from the as- 
quenched value to that after a 2-hour temper at 300°F (150°C), 


in the steels of the same base composition, regardless of silicon 
content. 
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2. The effect of silicon becomes apparent after tempers between 
300 and 400 °F (150 and 205°C). The rate of softening with tem- 
pering temperature decreases in the steels between 300 and 500 °F 
(150 and 260 °C), and the magnitude of this decrease in softening 
rate is related to the silicon contents of the steels. In fact, the rate 
of softening becomes nil at about 500 °F (260 °C) in the steels which 
contain 1.5 and higher percentages of silicon. 

3. The rate of softening begins to increase again at about 600 °F 
(315 °C) in the 0.6% carbon steels, and at 550 °F in the 3% nickel 
steels. 


% Silicon 
2.25 
1.53 
0.87 
0.38 


Rockwell C Hardness 





0 200 400 600 800 1000 
Tempering Temperature °F 
Fig. 1—Effect of Silicon on the Tempered Hard- 
ness o 0.6% Carbon Steels—Hardened 1600°F (870 
°C), Water-Quenched, Cooled to —320°F (—195 °C); 


Tempered for 2-Hour Periods at Indicated Tempera- 
tures. 


4. Finally, the rate of softening at about 800°F (425°C) is 
actually greater in the highest silicon steels of each series than in 
the lower silicon steels. The latter phenomenon is most readily seen 
in Fig. 1. However, the hardnesses of the steels of each series after 
a 900 °F (480 °C) temper are greater with increasing silicon content. 

Hardness is a complex mechanical property in that it can be a 
resultant of several processes which affect the resistance to flow of a 
metal. Jack (7) has recently described three recognized hardening 
processes and three softening reactions as applied to the tempering 
of martensite. Data, such as those of Figs. 1 and 2, suggest that 
some hardening process occurs in high silicon steels to decrease the 
rate of softening at tempering temperatures between 400 and 600 °F 
(205 and 315 °C). 

It is well known that silicon produces solid solution hardening 
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Fig. 2—Effect of Silicon on the Tempered Hardness of 
3% Nickel Steels—Hardened a x (845 °C), Water- 
Quenched, Cooled to —320°F (— "Ss Tempered for 
2-Hour Periods at the Indicated cornered 


of ferrite. However, it seemed obvious that such solid solution hard- 
ening was not the only cause of the hardness differences between the 
low and high silicon steels of Figs. 1 and 2. The solid solution hard- 
ening of ferrite by dissolved silicon might be a major cause of the 
hardness differences shown for the 900°F (480°C) temper. The 
hardness differences attributable to silicon content after a 600°F 
(315°C) temper are greater than those after a 900°F (480 °C) 
temper, and therefore the solid solution hardening effect cannot be 
the sole cause of the hardness differences after the 600 °F (315 °C) 
temper. 

Dispersion hardening by precipitation of a compound of silicon 
seemed, from the first, to be unlikely. The structural compositions 
of nickel steels containing up to 5% of silicon were investigated long 
ago by Guillet (8) and no structural inhomogeneity due to silicon 
was found. Also, silicon in the quantities present in the steels of 
Figs. 1 and 2 should be completely soluble in iron, even in the pres- 
ence of the other alloying elements in the steels. 

Recent work (9) has shown that silicon does not enter into 
cementite in combination with carbon and iron, and therefore such a 
relationship cannot be the cause of the above-mentioned retarded 
softening. 

A plot of hardness after a 600 °F (315 °C), 2-hour temper ver- 
sus atomic per cent of silicon was made for the steels of Figs. 1 and 2. 


The curves are shown in Fig. 3, and it is evident that equal additions - 


of silicon produce equal increases in the hardness after the 600 °F 
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Rockwell C 
Hardness 





0 | 2 3 a 5 6 
Atomic % Silicon 


Fig. 3—Effect of Silicon on the Hardness 
After a 600°F (315°C) Temper of Steels of 
Varying Base Compositions—Hardened 1600 °F 
(870°C). Water-Quenched, Cooled to —320 °F 
“we °C); Tempered at 600°F (315°C), 2 

ours. 


Rockwell C Hardness 


o—o Water Quench, 
Cooled to Minus 320°F 


xX--=x QOil-Quenched 





0 200 400 600 800 _ 1000 
Tempering Temperature °F 
Fig. 4—Effect of Retained Austenite on the Tempered 
Hardness of 0.6% Carbon-Base Silicon Steels—Hardened 


From 1600 °F (870 °C); Tempered 2 Hours at the Indicated 
Temperatures. 


(315°C) temper in steels of the 0.6% carbon-base composition of 
Fig. 1 and the 3% nickel-base composition of Fig. 2. 

The curves of Fig. 3 also indicate that the hardnesses after a 
600 °F (315 °C), 2-hour temper cannot be increased appreciably by 
silicon additions of over 4 atomic per cent. 

The effect of retained austenite is shown in Fig. 4 in which are 
plotted the hardnesses obtained on tempering of the 0.4 and 2.2% 
silicon, 0.6% carbon steels as refrigerated, and as quenched to room 
temperature. All of the retained austenite was not eliminated from 
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the 0.6% carbon steels by the cooling to —320°F (—195 °C), and 
it is probable that only about 30% (10) was so removed, as compared 
with the amount which would have been present on a water quench 
to room temperature. However, the curves of Fig. 4 show that the 
retained austenite is effective in reducing the hardnesses in the 2.2% 
silicon, 0.6% carbon steel after 2-hour tempers in the 400 to 600 °F 
(205 to 315 °C) range. 

Also Fig. 4 indicates that the presence of retained austenite de- 
creases the rate of softening in the latter steel at 700 °F (370°C). 
X-ray tests indicated that the retained austenite was partially trans- 
formed in the latter steel after a 700°F (370°C), 2-hour temper. 


Table Il 


Effect of Tempering Temperature and Time on the Hardness of 0.60% Carbon-Base 
Silicon Steels 


\% by &% by %-inch disks of the following steels were heated to 1600°F 
for 1 hour, oil-quenched and tempered cumulatively as indicated. 


Rockwell C 
Steel Hardness 
No. Si As Quenched 
1 0.4 63.5 
4 aaa 64.5 
Steel Tempering —————————-Rockwell C Hardness As Tempered——-——————-~ 
No. Temp., °F 5 Minutes 10 Minutes 30 Minutes 1 Hour 2 Hours 

1 150 63.5 63.5 63.5 63.5 64 

4 150 64.5 65 65 65 65 

1 200 63.5 63.5 63.5 63.5 63.5 
4 200 65 65 65 65 65 

1 300 63 62.5 61.5 61 61 

4 300 64 64 63 62.5 62.5 
1 400 60.5 60 58.5 58 58 

4 400 61.5 61.5 61 60 60 

1 500 58 58 57 56 56 

4 500 60 60 59.5 59 59 

i 600 55 54 53 53 53 

4 600 59 58.5 58.5 58.5 58.5 
I 700 51.5 51 50 49 49 

4 700 58 58 57 57 57 

1 800 48 47.5 46.5 46 45.5 
4 800 55.5 55.5 53.5 51.5 50 

1 900 44 44 43.5 43 43 

4 900 49.5 48.5 47 45.5 46 

1 1000 42.5 42 40 39 39 

4 


1000 47 45.5 43.5 42.5 42.5 


The changes in hardness with tempering time are shown in 
Tables II and III for the 0.6% carbon silicon steels and the 3% 
nickel-base, silicon steels. The former steels contained retained aus- 
tenite, but no retained austenite could be found in the 3% nickel 
steels after refrigeration. 

Tables II and III show that most of the change in hardness at 
tempering temperatures in the range 80 to 600 °F (25 to 315 °C) 
takes place in the first hour of tempering, in both high and low silicon 
steels. Some of the data of Table III have been plotted in Fig. 5. 
Fig. 5 shows that 88-hour tempers of the 2.2% silicon, 3% nickel 
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Table Ill 
Effect of Tempering Temperature and Time on the Hardness of 3% Nickel Silicon Steels 


Steel 
No. 


oC wn omn om amnam am au 


Vol. 45 


\% by \ by 1-inch samples of the following steels were hardened 1600 °F 
for 1 hour, oil-quenched, cooled to -320°F and tempered 


Tempering 
Temp., °F 
200 
200 


$8 83 88 8 88 55 


B 


cumulatively with respect to time as indicated. 








Rockwell C 
Steel Hardness 
No, Si As Quenched 
5 0.5 59 
8 2.2 61.5 
Rockwell C Hardness As Tempered 
5 10 30 1 2 5 10 20 
Min. Min. Min. Hr. Hrs. Hrs. Hrs. Hrs. 
0.5: 8.5 39.35 8.35 32S @ 58 58 
61.5 60.5 61 61 61 60.5 60 60 
3.3: 34 37 56.5 56 56 55 54.5 
59 3.5 33.5 .3 58 58 Bie ta 
56 8 6 62. oe 53 53 52 52 
58 57 57 56.5 57 nye ~6  S.S . S75 
53 52.3. *33 52 52 52 51 50.5 
$6.5 56.5. S37 56 7S See BF 57 
51 es” 50 49 48.5 49. 48 47.5 
57 ee 56.5 56 56 56.5 56 56 
48 47.5 46 45 45 
55 55 55 54.5 54.5 eka Pais. ora 
44 43.5 43 42 42 42 41 41 
53 52.5 51 49.5 49.5 49.5 48.5 48.5 
39 see's 38 37 36 35.5 34 33 
44.5 we it 43 41.5 41.5 41 39.5 39 
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8 — 2.18 
a -—— 0.46 


Time 
x 5 Minutes 
¢ 2 Hours 
4 88 Hours 
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Temperature °F* 


Fig. 5—Effect of  mpering Time on the 
Hardness of 3% Nickel Steels of 0.5 and 2.2% 
Silicon Contents—Hardened 1600°F (870°C), 
Oil-Quenched and Cooled to —320 °F (—195 °C); 
Tempered as Indieated. 
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steel at temperatures of 400, 500 and 600 °F (205, 260 and 315 °C) 
produce relatively little change from the hardnesses of 2-hour tempers 
at the corresponding temperatures. A slightly greater hardness de- 
crease was found after an 88-hour temper at 300 °F (150°C) than 
after similar tempers in the 400 to 600°F (205 to 315°C) range. 
It seems evident from Fig. 5 that some process occurred to maintain 
hardness during the 400 to 600 °F (205 to 315°C) tempers in the 
2.2% silicon, 3% nickel steel since, with the same tempering con- 
ditions, the hardnesses of the 0.5% silicon, 3% nickel steel decreased 
to a greater degree. 





Microstructure in 3% Nickel Steels Containing 0.5 and 2.2% Silicon 


Fig. 6a—0.5% Silicon Steel Tempered 2 Hours at 600°F (315°C). Hardness 
Rockwell C-48.5. Fig. 6b—2.2% Silicon Steel Tempered 2 Hours at 600 °F (315 °C). 
Hardness Rockwell C-56. Steels were oil-quenched from 1600 °F (870°C) and cooled 
to minus 320°F. Etched 45 seconds in picral plus 0.04% HCl. X 1000. 


Examination of the microstructures of the 0.6% carbon and 3% 
nickel-base silicon steels revealed that the development of the-usual 
tempered structures in the 2% silicon steels was, like the hardness 
decrease, “retarded” in the tempering temperature range between 
400 and 600 °F (205 and 315°C). Figs. 6a and 6b illustrate the 
differences in microstructure in the 3% nickel-base steels caused by 
silicon content. The fact that the microstructures in the 2% silicon 
steels were much lighter etching than those in the 0.4% silicon steels 
of 0.6% carbon and 3% nicke!-base compositions, after tempers at 
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400, 500 and 600 °F (205, 260 and 315 °C), is an argument against 
dispersion hardening by precipitation in the higher silicon steels. If 
particles of an iron-silicon compound or an iron-silicon carbide pre- 
cipitated in the 400 to 600 °F (205 to 315 °C) tempering temperature 
range, one would expect the higher silicon steels to etch at least as 
rapidly as the lower silicon steels after tempers in the latter range. 

The austenitic grain size in the higher silicon steels was con- 
siderably smaller for a given austenitizing temperature than in the 





Microstructure in 3% Nickel Steels Containing 0.5 and 2.2% Silicon 


Fig. 7a—0.5% Silicon Steel Tempered 2 Hours at 800°F (425°C). Hardness 
Rockwell C-42. Fig. 7b—2.2% Silicon Steel Tempered 2 Hours at 800 °F (425 °C). 
Hardness Rockwell C-49.5. Etched 45 seconds in picral plus 0.04% HCl. X 1000. 

Steels were oil-quenched from 1600 °F (870°C) and cooled to minus 320 °F. 


low silicon steels. The martensite needles were smaller in the high 
silicon steels than in the low silicon steels, probably in consequence 
of the smaller austenitic grain size of the former steels. 

The microstructures of the 0.5 and 2.2% silicon, 3% nickel steels 
as tempered at 800 °F (425 °C), showed outlining of the prior aus- 
tenite grain boundaries (Fig. 7a and 7b). The grain boundary out- 
line was more pronounced in the latter steel, which also showed traces 
of a discontinuous grain boundary network after a 700 °F (370°C), 
2-hour temper. It is interesting to note that the minimum value of 
notch impact strength, as given in Fig. 14, occurred in the 2.2% 
silicon, 3% nickel steel after an 800°F (425°C) 2-hour temper, 
coincident with the above-noted grain boundary condition. However, 
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a grain boundary condition is also present in the 0.5% silicon, 3% 
nickel steel after the 800 °F (425°C) temper, and none is present 
after the 600 °F (315 °C), 2-hour temper which produces the lowest 
impact strength in the low silicon steel (see Fig. 6a). 

The structures produced in the low silicon steels, after 2-hour 
tempers at temperatures over 800 °F (425 °C), showed coarser car- 
bides and more light-etching, acicular patches of ferrite than seen in 





Microstructures in 3% Nickel Steels Containing 0.5 and 2.2% Silicon 


Fig. 8a—0.5% Silicon Steel Tempered 2 Hours at 1000°F. Hardness Rockwell 
C-36. Fig. 8b—2.2% Silicon Steel Tempered 2 Hours at 1000°F. Hardness Rockwell 
C-41.5. Etched 45 seconds in picral plus 0.04% HCl. 1000. 

Steels were oil-quenched from 1600 °F (870°C) and cooled to minus 320 °F. 


the high silicon steels. The net effect is a “darker etching”’ structure 
n the high silicon, as compared with the low silicon steels. This 
‘tching effect is illustrated by Figs. 8a and 8b for the 0.5 and 2.2% 
silicon, 3% nickel steels after tempers of 1000 °F (540 °C), 2 hours. 

Examination of the 2.2% silicon, 3% nickel steel and the 2.2% 
silicon, 0.6% carbon steel after tempers of 88 hours at 1000 °F (540 

C) showed no evidence that graphitization had taken place in these 
steels. 

The data obtained from dilatometer runs on the 0.6% carbon 
steels of 0.4 and 2.2% silicon contents are shown in Fig. 9. The 
length changes during the first stage of tempering (up to 400 °F) 
were the same in all samples. There was a slight expansion starting 


at about 425 °F (220°C) in the 0.4% silicon steel which is attrib- 





510 


Change in Length, in./in. x 10°* 
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0 
-10 
Sample %Silicon Heating Rate 
0.38 5°F/min. 
-20 2.25 5°F/min. 


2.25 20°F/ min. 
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Fig. 9—Dilation on Ones of 0.6% Carbon Steels Containing Silicon— 
Hardened 1600 °F (870 °C), Oil-Quenched and Tempered in the Dilatometer. 


utable to the transformation of retained austenite. There was no cor- 
responding expansion in the samples of the 2.2% silicon steel. 

There was a marked contraction which started at about 550 °F 
(290 °C) in the 0.4% silicon steel, and at 750°F (400°C) in the 
2.2% silicon steel, as shown by the curves for the 5-degree-per-minute 
heating rates. A 20-degree-per-minute heating rate caused the con- 
traction to be noticeable only after a temperature of 775 °F (415 °C) 
had been reached in the 2.2% silicon steel. The temperature range 
over which the contractions occurred was greater in the 0.4% silicon 
steel than in the 2.2% silicon steel. 

The contractions described above are mainly associated with the 
formation of cementite during the third stage of tempering, as demon- 
strated by the studies of Antia, Fletcher and Cohen (11). 

It is interesting to note that the high silicon steel of Fig. 9 had 
a slightly greater coefficient of contraction on cooling from 1000 °F 
(540 °C) than the low silicon steel. These slight differences in con- 
traction coefficients are thought to be attributable to a slightly greater 
degree of completion of the third stage of tempering in the low silicon 
steel. 

Fig. 9 indicates that the high silicon steel underwent a greater 
degree of contraction during tempering than the low silicon steel. 

There is no expansion indicated in the curve for the 2.2% silicon 
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Change in Length, in./in. x \o~* 


Sample % Silicon 
0.46 
0.80 
1.47 
2.18 





0 200 400 600 800 1000 
Temperature °F 
Fig. 10—Effect of Silicon on the Dilation on Tempering of 3% Nickel Steels 


—Hardened 1600°F (870°C), Oil-Quenched, Cooled to —320°F (—195 °C); 
Heated and Cooled in Dilatometer at Rate of 5 °F per Minute. 
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Change in Length, in./in.x 1074 


-10 ; % Silicon 
2.18 
3.01 
3.67 





0 200 400 600 800 1000 
na Temperature °F 


Fig. 11—Effect of Silicon on the Dilation on Tempering of 3% Nickel Steels 
—Hardened From 1600 °F (870 m2 for the 2.2% Silicon Steel, 1675 °F (915 °C) 
for the 3.0 and 3.7% Silicon Steels, Cooled to —320°F (—195 °C); Heated and 

led in the Dilatometer at 5 °F per Minute. 
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steel of Fig. 9, to correspond with that for the transformation of 
retained austenite in the lower silicon steel. Since no retained aus- 
tenite was found by X-ray methods in the 2.2% silicon steel sample 
after the dilatometer test, it seems evident that the retained austenite 
transformation occurred during, and is obscured by, the general con- 
traction caused by the third-stage reactions. 

Figs. 10 and 11 show the dilatometer curves obtained for hard- 
ened and refrigerated samples of the 3% nickel-base composition 


Atomic % Silicon 


e 3.0% Nickel Base 
x 0.6% Carbon Base 





400 500 600 700 800 900 1000 
Tempering Temperature °F 
For Start of Third Stage Contraction 


Fig. 12—Effect of Silicon on Temperature 
for Start of Third Tempering-Stage Contraction 
—Samples of 0.6% Carbon and 3% Nickel-Base 
Compositions Were Oil-Quenched Frem 1600 °F 
(870 °C), Cooled to —320°F (—195°C) and 
Heated at 5 °F per Minute in the Dilatometer. 


silicon steels. The curves for the 0.80, 1.47, 3.01 and 3.67% silicon 
steels of this series do not show the contraction exhibited by those 
for the 0.46 and 2.18% silicon steels during the first 400 degrees of 
heating. It is believed that this lack of first-tempering-stage con- 
traction is accounted for by tempering at room temperature, since 
the samples of the steels which did not show the contraction had 
been permitted to remain for several weeks in the as-quenched con- 
dition prior to the dilatometer tests. The 0.46 and 2.18% silicon 
steels, in contrast, were tested within one or two days after the 
hardening treatment. 

The most important feature of the curves of Figs. 10 and 11 is 
that an increase of silicon produces an increase in the temperature 
at which the third-stage contraction can be detected. The latter tem- 
peratures are plotted in Fig. 12 as a function of atomic per cent of 
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silicon. Also tabulated and plotted are data obtained from dilatometer 
curves (not shown) of the hardened and refrigerated 0.4 and 2.2% 
silicon, 0.6% carbon steels. The samples of the 3.01 and 3.67% 
silicon, 3% nickel steels contained streaks of ferrite after the harden- 
ing treatment. The latter condition was due to segregation as well 
as to the high silicon contents of the steels. However, the presence 


of ferrite in the latter steels did not affect their third-stage reaction 
temperatures. 


Fig. 12 shows a definite relationship between silicon content and 


Table IV 


Effect of Tempering on the Electrical Resistivity of Silicon Modifications of 3% 
Nickel Steel 


Samples 4 inch diameter by 4 inches long were tested for resistivity at 80°F; as 
hardened 1600°F for 1 hour, oil-quenched and cooled to —320°F; and after 
the indicated tempers. 


Electrical Resistivity, 











Microhm Cm Difference Between 
As Cumulatively Tempered in Resistivity 
-—————2-Hour Perinds—————-~ -—As Hardened and As Tempered — 

Tempering Steel 5 Steel 8 Steel 5 Steel 8 

Temp., °F 0.5% Si 2.2% Si 0.5% Si 2.2% Si 
\s Hardened 37.5 54.8 0.0 0.0 
200 36.6 54.1 0.9 0.7 
300 35.2 53.1 2.2 Re 
400 34.1 52.4 3.4 2.4 
500 33.0 51.7 4.5 3.1 
600 32.2 50.9 5.3 3.9 
700 at. 49.8 6.3 5.0 
800 31.1 48.7 6.4 6.1 
900 30.7 48.1 6.8 6.7 
1000 30.1 47.6 7.4 7a 





the temperature at which the contraction due to the third stage of 
tempering can be detected in the dilatometer at a definite heating rate. 
\lso, Fig. 12 indicates that there is a limit, with respect to tempera- 
ture, beyond which the third stage of tempering cannot be suppressed 
by additions of silicon. 

Electrical resistivity data obtained on tempered samples of the 
0.5 and 2.2% silicon, 3% nickel steels are given in Table IV. If 
silicon had left its condition of solid solution in the matrix of the 
steel, either as an iron-silicon compound, or a carbide, some dispro- 
portionate decrease in the resistance would be expected. On the 
contrary, it was found that the decrease in resistance with tempering 
up to about 800°F (425°C) was greater in the low silicon steel 
than in the high silicon steel. Thus the data indicate that there is 
no decrease in the amount of silicon in solid solution in the steel at 
any tempering temperature. 

The dimensional changes caused by tempering of the 0.5 and 
2.2% silicon, 3% nickel steels were studied by means of specific 
volume measurements, The results are given in Table V, which 
shows that the contractions that accompany the first stage of temper- 
ing of both low and high silicon nickel steels take place largely within 
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the first 5 minutes of tempering in the range 200 to 500 °F (95 to 
260 °C). 

There are inconsistent variations, beyond the usual limits of 
error for specific volume determinations, in the data of Table V. 
These variations occur, for the most part, in the measurements repre- 
senting the tempers in the range 200 to 500 °F (95 to 260°C). Also, 
it is curious that the contractions in the low silicon, 3% nickel steel 
are not greater with increasing time at 400 and 500°F (205 and 


Table V 


Effect of Tempering Temperature one. a a! > Specific Volume of 3% Nickel-Base 


% * % by 1-inch annealed samples of the following steels were hardened 
600 °F for 1 hour, oil-quenched, cooled to —320°F and tempered 
cumulatively with respect to time, as indicated. 





Steel No. Si Annealed Sp. Vol. 
5 0.5 0.12768 Cubic Centimeter per Gram 
8 2.2 0.12941 Cubic Centimeter per Gram 
Specific Volume Decrease From As-Hardened Specific 
ce. per Gram Volume Caused by Tempering 
Steel Tempering as -———————cc. per Gram 
No. Temp., °F Hardened 5 Minutes 2 Hours 10 Hours 
5 200 0.12839 0.00009 0.00011 0.00004 
8 200 0.13026 0.00011 0.00018 0.00010 
5 300 0.12839 0.00019 0.00020 0.00021 
8 300 0.13024 0.00020 0.00022 0.00022 
5 400 0.12838 0.00019 0.00020 0.00024 
8 400 0.13024 0.00015 0.00025 0.00023 
5 500 0.12839 0.00023 0.00031 0.00026 
8 500 0.13024 0.00026 0.00020 0.00020 
5 600 0.12835 0.00031 0.00041 0.00052 
8 600 0.13020 0.00024 0.00022 0.00028 
5 700 Oe gas a ee CA eee 
8 700 O.2aeee > eS eet G.ueeeea- > 2 7 eae. 
5 800 0.12833 0.00058 0.00069 0.00065 
8 800 0.13021 0.00039 0.00068 0.00073 
5 1000 0.12833 0.00068 0.00066 0.00068 
8 1000 0.13021 0.00080 0.00083 0.00085 


260°C), for X-ray diffraction results show that a considerable 
contraction should occur because of cementite formation at these 
temperatures. 

However, the fact that the specific volume of the high silicon 
steel of Table V does not decrease appreciably with 2-hour tempers 
at increasing tempering temperatures between 300 and 600°F (150 
and 315°C) is significant. The contraction from the as-hardened 
specific volume with time at 600 °F (315 °C) between 5 minutes and 
10 hours is practically constant. These data indicate that the com- 
position of the martensite which is in equilibrium with the first- 
stage precipitate does not change much either with tempering tem- 
peratures in the range 200 to 600 °F (95 to 315°C), or with tem- 
pering times of 5 minutes to 10 hours at these temperatures. If the 
composition of the martensite does change in this tempering range, 


‘ 
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some process which.can cause volume changes must take place to off- 
set any contraction. 

It is interesting to note that the 2.2% silicon, 3% nickel steel 
undergoes a greater contraction from the as-hardened specific volume 
when tempered at 1000 °F (540 °C) than does the 0.5% silicon, 3% 
nickel steel. As indicated in Table V, both steels have contracted 
about the same amount from the as-hardened condition after 2-hour 


0.46 % Silicon Steel 
IGO00°F Oil Quench 
Annealed + 0.00066 cc./gm.—* Cooled to Minus 320°F 
Sp. V. = 0.12768 cc./gm. Sp.V. =0,12833 cc./gm. 


+0.00003 cc./gm. -0.00068 cc./gm. 
Tempered lOOO°F, |0 hr. 
Sp. V.=0.12765 cc./gm. 


2.18% Silicon Steel 


I600°F Oil Quench 
Annealed +0,00080 cc./gm.—* Couled to Minus 320°F 


Sp.V. =0.12941 cc./gm. Sp.V. — cc./gm, 


ie 
+ 0.00005 cc./gm. -0.00085 cc./gm. 


Tempered |OOO°F, |0 hr. 
"—— $p.v.= 0.12936 ce./gm. 





Fig. 13—Specific Volume Changes Due to Hardening and Tempering of 
3% Nickel Steels of 0.5 and 2.2% Silicon Contents. 


tempers at 800 °F (425°C). Additional contraction, therefore, takes 
place in the high silicon steel during the temper at 1000 °F (540°C), 
while the low silicon steel is seen, from Table V, to have retained the 
specific volume of the 800 °F (425 °C) temper. 

Examination of the specific volume changes caused by martensite 
formation in both high and low silicon, 3% nickel steels showed that 
the high silicon steel expanded more than the low silicon steel on 
hardening. This was also found to be true of the 0.4 and 2.2% 
silicon, 0.6% carbon steels. 

The diagram of Fig. 13 shows the relative volume changes occur- 
ring in hardening and tempering of the high and low silicon, 3% 
nickel steels. The difference between specific volumes for the as- 
annealed and tempered high silicon steel of 0.00005 cubic centimeter 
per gram may have no significance, since a deviation from the mean 
of +0.00002 cubic centimeter per gram may be associated with each 
measurement. The téason for the greater expansion of the high 
silicon steels on hardening is not clear. It is hardly possible that 
retained austenite differences can account for the anomaly. It is 








it 
y 


i 


516 TRANSACTIONS OF THE A.S.M. Vol. 45 


possible that the presence of considerable numbers of silicon atoms 
in the steel may produce strains in the martensite which are not re- 
lieved until after the 800 °F temper. 

Much time was spent in an attempt to obtain electrolytic extrac- 
tions of the carbides from the tempered 3% nickel-base silicon steels 
for identification by means of X-ray techniques. 

Initially, the extraction samples were not refrigerated to —320 
°F (—195 °C) after a quench from 1600°F (870°C). Patterns 
obtained from residues of samples of the 0.5% silicon, 3% nickel 
steel, as tempered at 500°F (260°C), 2 hours, showed lines of 
cementite which corresponded to the indices given by Jack (7) for 
the “platelets” of cementite found in martensite which had been tem- 
pered 12 days at 480 °F (250°C). (See Table VI.) 

Patterns obtained from residues of samples of the 2.2% silicon, 
3% nickel steel as quenched, but not refrigerated, and tempered at 
500 °F (260°C) for 2 hours did not contain any cementite lines; 
instead, they showed a surprisingly strong pattern of austenite. 

Tempering temperatures and times much different from the 
500 °F (260°C), 2-hour temper did not permit extraction of the 
retained austenite from the 2.2% silicon, 3% nickel steel, even though 
X-ray patterns from solid samples showed that austenite was present. 

The extraction of retained austenite provided a very sensitive 
test for the presence of this constituent. Since retained austenite 
could not be extracted from quenched and refrigerated samples of 
the 2.2% silicon, 3% nickel steel as tempered at 500°F (260°C), 
2 hours, it was concluded that the refrigeration had transformed 
practically all of the austenite in the nickel steels. 

A few lines of cementite were detected in the residues obtained 
from the quenched and refrigerated 0.5% silicon, 3% nickel steel 
after a temper at 400 °F (205°C) for 2 hours, but the pattern ob- 
tained after a 500°F (260°C), 2-hour temper of a sample of this 
steel showed all of the lines characteristic of the “two-dimensional” 
or plate-like cementite referred to above. A similar pattern to that 
obtained from residues of the 500°F (260°C), 2-hour temper of 
the 0.5% silicon, 3% nickel steel was obtained from the residues of 
the 2.2% silicon, 3% nickel steel as tempered at 800°F (425 °C), 
2 hours. No pattern of a carbide was obtained from the residues of 
the low silicon nickel steel obtained after 2-hour tempers at 300 °F 
(150°C), or below, or from residues of the high silicon nickel steel 
obtained after 2-hour tempers at 700 °F (370°C), or below. How- 
ever, some lines were detected which were attributable to manganese 
sulphide and probably other inclusions. 

The results of the X-ray diffraction work on phases present in 
the solid samples of the 0.6% carbon silicon steels are given in Table 
VI. The carbide-phase diffraction lines which were obtained with 


-_ 
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the 0.6% carbon steels were very faint, and the contrast between lines 
and background in the films was low. Therefore, it was not possible 
to obtain good reproductions of the patterns by photographic printing. 
Differences between films, accountable to differences in the nature 
of the carbides present, were, however, unmistakable, although the 
lines were often so faint that reliable estimates of relative intensities 
could not be made. 

Table VI shows that the same X-ray reflections were found in 
both the 0.4 and the 2.2% silicon, carbon steels after tempers of 
5 days at 250°F (120°C). The same reflections were found in the 
2.2% silicon steel after 2-hour tempers at temperatures up to 700 °F 
(370 °C), and after an 85-hour temper at 600°F (315°C). The 
latter X-ray reflections, as shown by Table VI, correspond to those 
observed by Jack (7) in the martensite of 1.3% carbon steels after 
long tempers at 250°F (120°C). Jack demonstrated by X-ray 
methods that the carbide responsible for the above reflections was a 
coherent precipitate of close-packed hexagonal structure. He called 
the carbide epsilon iron carbide and believed that it was a transition 
structure of composition FesC which could decompose by structural 
changes into orthorhombic FesC (cementite). There is controversy 
(12) as to whether the epsilon carbide dissolves in favor of cementite 
vhen the latter is nucleated, or whether the epsilon carbide decom- 
oses as postulated by Jack. 

The properties and nature of coherent precipitates have been 
lescribed by Geisler (13). 

The X-ray reflections from the silicon steel samples, which cor- 
espond to the indices given by Jack for the epsilon carbide reflec- 
ions, are probably attributable to a coherent transition precipitate 
fa carbonitride (7) similar in structure to the epsilon carbide. This 
s suggested because of the fact that the steels which were studied 
ontained small amounts of nitrogen, up to about 0.02%. For all 
ractical purposes the precipitate may be considered as the epsilon 
carbide. The reflections referred to cannot be attributable only to 
nitrides since, as indicated in Table VI, they vanish in the low silicon 
steel on the formation of cementite at 500°F (260°C) but persist 
to 700 °F (370°C) in the high silicon steel. 

Cementite lines were found in samples of the 2.2% silicon, 0.6% 
carbon steel, as indicated in Table VI. The cementite produced at 
800 °F in the high silicon carbon and 3% nickel steels, and at 500 °F 
(260°C) in the low silicon steels, was imperfect as to crystalline 
form. Other investigators (7) have noted such imperfections in the 
structure of the cementite first formed on tempering. All of the re- 
flections given for crystalline cementite in Table VI were found in 


a pattern from a solid' Sample of the annealed 0.4% silicon, 0.6% 
carbon steel. 
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Table VI shows that retained austenite lines were present in the 
2.2% silicon, 0.6% carbon steel after a temper of 85 hours at 600 °F 
(315°C). The diffraction pattern of the 0.4% silicon, 0.6% carbon 
steel, as tempered at 600 °F (315°C), 5 minutes, contained no re- 
tained austenite lines. Further investigation showed that retained 
austenite was present in the latter steel after a 400°F (205 °C), 
2-hour temper, but not after a 500 °F (260°C), 2-hour temper. The 
2.2% silicon, 0.6% carbon steel, as tempered at 700°F (370°C), 
2 hours, gave a diffraction pattern which contained austenite lines 
(albeit of diminished intensity from those observed after a 600 °F 
(315°C) temper). A temper of 2 hours at 800°F (425°C) was 





Table VII 
Width of (211) Ferrite Line After 2-Hour Tempers of 0.6% Carbon-Base Silicon Steels 





Tempering Line Width at Half Intensity, mm. 


Temp., °F 0.4% Silicon 2.2% Silicon 
300 Peas 10.2 
400 10.0 11.5 
500 8.4 10.0 
600 8.0 10.1 
700 6.4 8.3 


required to produce a pattern containing no evidence of austenite 
lines. 

Further study is required before more can be said about the 
transformation of retained austenite in the silicon steels. 

The results of the X-ray line width measurements are shown in 
Table VII for the 0.4 and 2.2% silicon, 0.6% carbon steels as tem- 
pered 2 hours at temperatures in the range of 300 and 700 °F (150 
and 370°C). Measurements of the very broad lines present after 
tempers at below 300°F (150°C) could not be made, but these 
lines were wider than those present after the 300°F (150°C) 
temper. 

The line widths given in Table VII probably represent primarily 
the degrees of tetragonality of the martensite remaining in the steels 
after the various tempers. The microphotometer tracings, however, 
showed little evidence of a double peak in intensity which would 
indicate tetragonality. 


DISCUSSION 


The above results show that silicon, in the steels which were 
studied, retards the processes involved in the formation of cementite, 
which constitutes the third stage of tempering. How silicon effects 
this retardation is a question which was not answered by the experi- 
ments described. The data presented in Fig. 12 suggest that greater 
amounts of energy, in the form of increased tempering temperature, 
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must be supplied to initiate the nucleation of cementite as the silicon 
contents of the steels are increased. 

The resistance of the retained austenite to transformation on 
tempering in the high silicon steels may be directly related to the 
formation of cementite. 

While silicon may reduce the activity of carbon in martensite 
and thus retard the entire tempering process, the first-stage processes 
which occurred on heating between 80 and 300 °F (25 and 150 °C), 
do not appear from the above results to have been much affected 
by the presence of silicon. The formation of the coherent epsilon 
carbide apparently does not require large-scale movement of carbon 
atoms in contrast to the formation of cementite (7). 

Whatever the mechanism by which silicon retards the tempering 
processes, it remains of interest to examine the tempering of the 3% 
nickel-base silicon steels of 0.5 and 2.2% silicon contents with respect 
to several properties as measured at room temperature. 

Fig. 14 shows the effect of 2-hour tempers in the range 80 to 
1000 °F (25 to 540°C) on certain properties of the latter steels. 
Both high and low silicon steels decrease in hardness and specific 
volume at about the same rate with tempers up to 300 °F (150 °C). 
Epsilon carbide or carbonitride probably forms in both steels over 
this temperature range, and the hardness of the martensite decreases 
due to partial loss of tetragonality and stress relief. Cementite 
forms in the low silicon steel, as determined by X-ray methods, at 
about 400 °F (205 °C), and the hardness and specific volume of this 
steel decrease steadily with increasing tempering temperature. The 
formation of cementite appears to be nearly complete in the low sili- 
con steel after a 2-hour temper at 700 °F (370°C), as indicated by 
electrical resistivity and specific volume tests. The hardness declines 
steadily, however, probably because of changes in the size and degree 
of dispersion of the cementite. 

It is reasonable to assume, from the X-ray work on the 0.6% 
carbon silicon steels, that the coherent transition precipitate persists 
in metastable equilibrium with carbon dissolved in martensite, to tem- 
peratures as high as 700 °F (370 °C) in the high silicon steel. 

The electrical resistivity curves of Fig. 14 show that there is a 
decrease in resistivity in both high and low silicon steels throughout 
the 400 to 600 °F (205 to 315°C) tempering range. The rate of 
resistivity decrease is less in the high silicon steel than in the low 
silicon steel, but the decrease indicates a loss of carbon from solid 
solution in both steels. Furthermore, it is probable that there is a 
slight stress relief of the martensite in the high silicon steel on tem- 
pering at 400 °F (205 °C), and above, which might produce changes 
in resistivity. 


Since cementite does not ‘cen with 2-hour tempers of the high 
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silicon steel until a temperature over 700 °F (370°C) is reached, 
carbon lost by the tetragonal martensite must produce further growth 
of the coherent epsilon phase. The growth of the coherent precipitate, 
as outlined above, would tend to strain the matrix and harden the 
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steel against the softening processes involving loss of carbon and 
stress relief. Such a hardening process would be intensified, accord- 
ing to the ideas of Geisler (13), by the presence of an element such 
as silicon which normally produces solid solution hardening of ferrite. 

The specific volume changes are somewhat difficult to account 
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for by the latter hardening mechanism. It is well known that a 
marked contraction takes place when the epsilon carbide forms from 
freshly quenched martensite with tempers at about 200 °F (95 °C). 
Whether expansion or contraction would accompany the growth 
of the coherent precipitate would probably depend on the nature of 
the strains set up by precipitation. The lack of change of specific 
volume after 2-hour tempers at 400, 500 and 600 °F (205, 260 and 
315°C) in the high silicon steel of Fig. 14 does not prove that 
coherency hardening is absent. 

The decrease in hardness on long tempering at 700 °F (370 °C) 
may be attributable to loss of coherency caused by rapid growth of the 
transition precipitate. 

Fig. 5 showed that the hardness of the 2.2% silicon, 3% nickel 
steel decreases slightly with time at tempering temperatures of 300 
and 400 °F (150 and 205°C). The decrease in hardness may be 
attributable to formation of the transition precipitate with time, but 
without sufficient growth to promote much coherency hardening. 

Fig. 4 showed that the presence of a small amount of retained 
austenite decreased the hardness of the 2.2% silicon, 0.6% carbon 
steel, as tempered in the range of 400 to 600°F (205 to 315 °C). 
The decrease in hardness may be interpreted by the above coherency 
hardening hypothesis as due to partial relief of the coherency strains 
by the deformation of austenite. 

In summation, the above results indicate that the differences in 
hardness between high and low silicon steels, as shown in Figs. 1 and 
2, are attributable to the following three effects of the silicon dissolved 
in the steels: 


a. The solid solution hardening effect of silicon in the ferrite, or 
martensite of the steel. 

b. The effect of silicon in retarding cementite formation and 
thereby maintaining a larger amount of carbon in the martensite. 

c. The coherency hardening due to growth of the epsilon transi- 
tion precipitate in the higher silicon steels. 

Izod impact tests were made on tempered samples of the 0.5 and 
2.2% silicon, 3% nickel steels in an attempt to relate changes in im- 
pact strength to the other property changes described above. The 
impact test results of Fig. 14 show that both high and low silicon 
steels decreased in impact strength in a manner which has been gen- 
erally associated with the tempering of the martensites of medium 
carbon steels. Increased silicon content, however, resulted in an 
increase in the tempering temperature required to produce the mini- 
mum impact strength. The impact minima appear, from Fig. 14, to 
be associated with a condition of the steel which occurred during the 
third stage of tempering, since cementite was present in both high 
and low silicon steels after the tempers which produced the minima. 
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However, the relation of cementite formation to the initial em- 
brittlement, at tempering temperatures below those which produced 
the impact minima, is not yet clear. Fig. 14 shows that both high 
and low silicon steels have nearly the same impact strengths after a 
400 °F (205 °C), 2-hour temper. Cementite is detectable in the low 
silicon steel after this temper, but not in the high silicon steel. The 
former decreases in impact as the tempering temperature increases 
to 600 °F (315°C), whereas the latter remains fairly constant up 
to about a 700 °F (370°C) temper. Cementite is not evident, even 
after this temper in the high silicon steel, yet the impact value begins 
to decrease and at the same time there is a decrease in hardness and 
specific volume. Loss of coherency of the epsilon carbide may ac- 
count for the loss of impact strength, as well as for the loss of hard- 
ness. It is conceivable that discrete particles of the incoherent epsilon 
carbide could be as effective for nucleating fracture as discrete parti- 
cles of cementite. 


SUMMARY 


The effect of silicon on the tempering of 3% nickel and 0.6% 
carbon-base steels was investigated by means of hardness, electrical 
resistivity, dilatometric, specific volume, and X-ray diffraction meth- 
ods. Most attention was given to steels of these base compositions 
containing about 0.4 and 2.2% of silicon. 

Some of the results of the investigation are as follows: 

1. Retarded softening of the 2.2% silicon steels in the tempering 
range of 400 to 600 °F (205 to 315°C) was found. There was no 
evidence that this retardation was attributable to precipitation of an 
iron-silicon compound or an iron-silicon carbide. 

2. The temperature at which cementite forms, on heating silicon 
steels at a definite rate, is raised in a definite relation to the atomic 
per cent of silicon present. 

3. The 2.2% silicon, 3% nickel steels underwent a greater ex- 
pansion on hardening and a greater contraction on tempering than 
did the 0.4% silicon steels of similar base composition. 

4. The transformation of retained austenite occurs at tempera- 
tures, in the 2.2% silicon steels, which are about 200°F (95 °C) 
higher than for the 0.4% silicon steels? 

5. What is believed to be a coherent transition carbide, or car- 
bonitride, was found, by X-ray means, to persist on tempers of 600 °F 
(315°C), 85 hours, and 700°F (370°C), 2 hours, in the 2.2% 
silicon, 0.6% carbon steel. The same phase was found after a temper 
at 250°F (120°C) of the 0.4% silicon, 0.6% carbon steel. The 
high silicon steels of 2.2% silicon content contained cementite only 
after tempers of 2 hours, at above 700 °F (370 °C), whereas cemen- 

— 
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tite was found in the 0.4% silicon steels after 2-hour tempers at 
500 °F (260 °C). 

A mechanism which involves coherency hardening of the high 
silicon steels in the temperature range of 400 to 600 °F (205 to 315 
°C) is suggested to account for the retarded softening of these steels. 
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DISCUSSION 


Written Discussion: By F. W. Boswell and R. L. Cunningham, phys- 
ical metallurgists, Department of Mines and Technical Surveys, Ottawa, 
Ont., Canada. 

The authors state that there is a controversy as to whether the epsilon 
carbide dissolves in favor of cementite, when the latter is nucleated, or 
whether the epsilon carbide itself decomposes to cementite. 

We have carried out the following experiment in an attempt to shed 
some light on this question. 

A sample of commercial grade steel containing 0.90% carbon was aus- 
tenitized at 1550°F, quenched in brine and immediately cooled in liquid 
air to minimize retained austenite. The specimen was tempered at 390 °F 
for 1 hour to produce epsilon carbide without the production of cementite. 
Next, the sample was etched rather heavily in nital, carefully rinsed, and 
dried. This treatment left the carbide phase in relief, and a reflection elec- 
tron diffraction pattern from this surface showed only the lines of epsilon 
carbide. The specimen was then tempered at 840 °F for 1 hour under very 
high vacuum so that the surface was not appreciably altered by reaction 
with the atmosphere. After this heat treatment, cementite is the only 
carbide present. Without any further surface treatment, a diffraction pat- 
tern was again obtained. The film showed strong lines due to ferrite and 
a few very faint lines which were probably due to oxides. 

We interpret these results to mean that epsilon carbide has redissolve: 
in the matrix, thereby converting the projections to ferrite. The possi 
bility that the observed results were due to the decarburization of th: 
carbide to produce ferrite was considered to be extremely unlikely. W: 
would expect that if the carbon were lost from the carbide by oxidation. 
then the resultant ferrite itself would have been oxidized. Therefore we 
conclude that epsilon carbide particles do not transform to cementite. 

Written Discussion: By B. S. Lement, Department of Metallurgy. 
Massachusetts Institute of Technology, Cambridge, Mass. 

The authors are to be commended for their comprehensive investiga- 
tion of the tempering of silicon steels. However, I would like to point out 
some alternatives with respect to interpretation of their experimental 
results. 

On their eleventh page the authors state that the microstructures in 
Figs. 7a and 7b show an outlining of the prior austenitic grain boundaries. 
Comparing Fig. 7b, in which the outlining is clearest, with ASTM grain 
size standards and correcting for the high magnification used, xX 1000, 
yields a value of about ASTM No. 12 for the grain size of the 2.2% silicon, 
3% nickel steel. It seems surprising that such a small grain size could be 
due to prior austenitic grains. Perhaps the observed outlining is actually 
associated with martensite plate boundaries. In certain areas martensite 
plates can appear as essentially equiaxed grains which are, of course, 
smaller than the prior austenitic grains. 

This possibility is supported by the electron micrograph of a 0.6% 
carbon, 1.5% silicon steel quenched from 1600°F and tempered at 1000 °F. 
As shown in Fig. 15 the structure consists of cementite mainly in the 
form of spheroidal particles situated at the boundaries of ferrite grains. 
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Fig. 15—Electron Micrograph of 0.6% Carbon, 1.5% Silicon Steel Tem- 
ered at 1000 °F. Spheroidized cementite present at ferrite grain boundaries. 
icral— HCl etch. Negative parlodion replica rotary shadowed with chromium. 

x 5000. 


Fig. 16—Electron peneenree® of 1.4% Carbon Steel Tempered at 1000 °F. 


Discontinuous cementite network present at ferrite grain boundaries. Picral — 
HCI etch. Negative parlodion replica rotary shadowed with chromium. X 5000. 

Fig. 17—Electron Micrograph of 0.4% Carbon Steel Tempered at 500 °F. 
Elongated cementite present at martensite plate boundaries. Picral — HCI etch. 
Negative parlodion replica rotary shadowed with chromium. X 5000. 


The ferrite grain size of Fig. 15 is about ASTM No. 14; whereas the aus- 
tenitic grain size as determined by slack quenching, which allowed pro- 
cutectoid ferrite to form along austenitic grain boundaries, was found to 
be ASTM No. 4-5. The occurrence of spheroidal cementite shown in Fig. 
15 was predicted. by Owen?’ on the basis of his analysis of the kinetics of 
the third-stage reaction in this steel as determined by precision length 
measurements. 


It has not been genérally realized that even in plain carbon steels 





*"W. S. Owen, “The Effect of Silicon on the Kinetics of Tempering”, to be submitted 
to the American Society for Metals. 
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there is a pronounced tendency for cementite to form as a network at 
what are at first martensite plate boundaries but eventually become ferrite 
grain boundaries as the tempering temperature is increased and carbon is 
drained from the martensitic matrix. The culmination of this process is 
shown in Fig. 16 which is an electron micrograph of a 1.4% carbon, high 
purity iron-carbon alloy quenched from 2200°F and tempered 1 hour at 
1000 °F. Here we see an almost continuous cementite network at the grain 
boundaries of what is essentially ferrite. This network has formed at the 
expense of (a) carbide particles which dissolve within the grains and (b) 
carbon which precipitates from the martensitic matrix. This tendency for 
grain boundary carbide formation was found to occur in high purity iron- 
carbon alloys ranging from 0.15 to 1.4% carbon and is believed to be a 
contributing cause of the so-called “irreversible temper brittleness” 
teported by Libsch* to occur in plain carbon steels tempered above about 
800 °F. 

On their twelfth page the statement is made that no “grain boundary 
condition” is present in the microstructure of the 0.5% silicon, 3% nickel 
steel after a 600°F, 2-hour temper which produces the lowest impact 
strength. Although Fig. 6a of the paper shows only very slight indications 
of possible grain boundary outlining, it is believed that a “grain boundary 
carbide condition” would be revealed by examination in an electron micro- 
scope. This contention is based on the results of a recent investigation‘ 
of the tempering of high purity iron-carbon alloys. For example, it was 
found that tempering a 0.40% carbon alloy at only 450 °F, after quenching 
from 1550 °F, results in the initial formation of elongated carbide films at 
martensite plate boundaries. The formation of such carbide films coincides 
with the initiation of the third stage of tempering and it is therefore 
believed that the carbide is a form of cementite. 

Tempering the 0.40% carbon alloy 1 hour at 500°F results in more 
pronounced carbide films at martensite plate boundaries, as shown in the 
electron micrograph of Fig. 17, and thus a correlation with the so-called 
“500 °F embrittlement” is evident. The embrittlement due to formation 
of carbide films is opposed by the softening effect due to depletion of 
the martensite matrix in carbon content as tempering is continued above 
500 °F, which explains the fact that the room temperature impact strength 
eventually increases. It seems reasonable to assume that the presence of 
0.5% silicon and 3% nickel could displace the impact minimum from, say, 
500 to 600 °F; therefore, it is believed that this 600°F impact minimum 
is due to essentially the same type of embrittlement found in plain carbon 
and low alloy steels of medium carbon content. 

There are also differences with respect to the authors’ interpretation 
of the hardness changes in the 2.2% Silicon, 3% nickel steel. Alternative 
explanations for these hardness changes are summarized in the following 
tabulation: 


8J. F. Libsch, A. E. Powers and G. Bhat, ‘“‘Temper Embrittlement in Plain Carbon 
Steels”, Transactions, American Society for Metals, Vol. 44, 1952, p. 1058. 

*B. S. Lement, B. L. Averbach and M. Cohen, “Microstructural Changes on Tempering 
Iron-Carbon Alloys—Pzert I”, to be subfiitted to the American Society for Metals. 
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Temper Hardness Authors’ Discusser’s 
°F Change Interpretation Interpretation 
70 Decreases Formation of e-carbide with- Loss of coherency between mar- 
to eprenehly out sufficient growth to tensite and e-carbide plus low- 
400 (Re 62 to 57) promote much coherency ering of carbon content of ma- 

hardening. trix. 

400 Decreases Growth of e-carbide and re- Hardening due to solution of e- 
to slowly sultant coherency harden- carbide in martensitic matrix 
700 (Re 57 to 56) ing slightly counterbal- overbalanced by softening due 


anced by softening due to to coagulation and decrease in 
both lowering of carbon amount of e-carbide. 

content of matrix and 

stress relief. 


700 Decreases Loss of coherency of e-car- Formation of cementite and low- 

to rapidly bide. ering of carbon content of mar- 

800 (Re 56 to 49) tensite. Solution of e-carbide 
essentially completed. 

800 Decreases Formation of cementite. Continued formation of cementite 

to aay and lowering of carbon content 

1000 (Re 49 to 42) of martensite matrix which tends 


to become ferrite. 


The alternative explanations of hardness changes are based on a cur- 
rent electron microscopic investigation of the same 0.6% carbon, 1.5% 
silicon steel referred to in Fig. 15. Initial evidence of solution of e-carbide 
was found after tempering at about 500°F and virtually complete solution 
was found to occur at about 800°F. Solution of e-carbide and its simulta- 
neous coagulation could account for the retarded softening which occurs 
in the range of about 400 to 700°F in the 2.2% silicon, 3% nickel steel. 
This would also account for the observed increase in specific volume from 
400 to 600°F; however, the decrease in specific volume beyond 600 °F 
suggests the third stage actually starts earlier than indicated by the X-ray 
work. Precipitation, coherency hardening, and loss of coherency of e-car- 
bide is believed to take place below about 400 °F, similar to what occurs in 
plain carbon steel. 

Finally, it is stated on the twenty-sixth page that a small amount of 
retained austenite decreased the hardness of the 2.2% silicon, 0.6% carbon 
steel because of “partial relief of the coherency strains by the deformation 
of austenite”. Would the authors please amplify this statement and tell 
why the hardness decrease cannot be attributed to the very presence of 
retained austenite? 

Written Discussion: By W. J. Barnett, R. P. Frohmberg and A. R. 
Troiano, Department of Metallurgy, Case Institute of Technology, Cleve- 
land. 

The marked retardation effect of silicon on the third-stage tempering 
reaction, as clearly demonstrated by the authors, is interesting. Do the 
authors have any information as to the effect of silicon on the carbon 
content of the martensite existing in metastable equilibrium with the 
epsilon iron carbide at the end of the first-stage reaction? Conceivably, 
this may constitute an additional factor in the explanation of the resist- 
ance to softening exhibited by the high silicon steels. 

In attempting to correlate changes in mechanical properties with the 
martensite decomposition mechanism, we believe that the role of coherency 
should be emphasized as purely speculative. While it may seem logical to 
presuppose coherency, no definite experimental evidence has been pre- 
sented to support its existence. Experiments directed toward clarification 
of this point are in progress at Case. 

In the course of an investigation of the high strength characteristics 
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of alloy steels sponsored by the U. S. Department of the Air Force (Wright 
Air Development Center)* the tempering of SAE 2340 was studied. 
In view of the similarity of SAE 2340 and the authors’ 3.5% nickel -0.5% 
silicon steel, a portion of our results which may be relevant to the present 
investigation is presented. 

Carbides were electrolytically extracted in a cell similar to that used 
by Blickwede and Cohen. The anolyte was an aqueous solution of 15% 
sodium citrate, 1% potassium bromide, and 0.1% potassium iodide. The 
catholyte was an aqueous solution of 10% copper sulphate. Debye X-ray 
patterns of the residues were taken with cobalt Ka monochromatic radia- 
tion. Residues extracted from specimens of SAE 2340 tempered at 400 °F 
for 1 and 4 hours consisted principally of epsilon iron carbide together with 
a trace of plate-like cementite. Specimens of SAE 2340 tempered at 500 °F 
for 1 hour yielded residues consisting primarily of plate-like cementite with 
only a trace of epsilon iron carbide. Tempering for 1 hour at temperatures 
above 500°F gave residues consisting of cementite, as was observed by 
the authors. 

In a similar manner, the carbide products of martensite decomposition 
have been observed for SAE 2340, as a function of tempering time as well 
as temperature. A correlation of carbide type and room temperature im- 
pact strength exhibited a marked parallel between the time or temperature 
of the transition of epsilon iron carbide to cementite, and the time or tem- 
perature of the decrease in room temperature impact. More specifically, 
it appears that the embrittled state is associated with the third stage of 
tempering. A more complete analysis of these observations together with 
results on SAE 4330 and SAE 4340 will be presented in the near future. 

Written Discussion: By A. H. Geisler, General Electric Research Lab- 
oratory, The Knolls, Schenectady, N. Y. 

The authors are to be commended for attempting the difficult opera- 
tion of correlating structure with properties in order to understand the 
behavior of a complex material. Unfortunately, there are several pieces of 
information yet to be desired. Perhaps the most important is the detection 
of a truly coherent form of the carbide precipitate. It should be pointed 
out that some of the favorite techniques which are currently being used to 
prepare samples for diffraction studies would be expected to be wholly 
inadequate for detecting coherent precipitates. Since coherency depends 
upon the constraining effect of the matrix surrounding a precipitate par- 
ticle, then any technique in which the matrix is removed wholly or in 
part would alter the state of strain in the precipitate. Thus extraction 
techniques for X-ray diffraction studies and relief etching techniques for 
electron diffraction studies cannot be regarded as reliable in revealing the 
character and behavior of coherent precipitates. This conclusion is not 
intended to be a specific criticism of the authors’ paper but more as a cau- 
tion concerning the general use of these techniques, which has been pointed 
out in other discussions. A more reliable practice for obtaining maximum 
intensity in X-ray diffraction consists of studying the reaction products 
formed in single matrix crystals. 


*Contract No. AF33 (038)-22371. 


5D. J. Blickwede and M. Cohen, “Isolation of Carbides From High Speed Steel’’, 
Tregeeeean, American Institute of Mining and Metallurgical Engineers, Vol. 185, 1949, 
Pp 
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Authors’ Reply 


We wish to thank the discussers for their comments. 

Dr. Lement has estimated the grain size of the outlined areas in the 
photomicrograph of Fig. Tb to be about ASTM No. 12. A sample of the 
2.2% silicon, 3% nickel steel was quenched from 1600 to 1200°F, held 10 
minutes to produce proeutectoid ferrite in the austenite grain boundaries 
and water-quenched. The size of the outlined grains ranged from ASTM 
No. 8 to 12. We, therefore, believe that the outlines shown in Fig. 7b 
are in the prior austenite grain boundaries. The austenitic grain size, as 
determined in a similar manner for the 0.5% silicon, 3% nickel steel of 
Fig. 7a, was found to be ASTM No. 6 when the steel was austenitized at 
1600 °F. The “ferrite grain size” or the size of tempered martensite plates 
was, on the average, much smaller in the 2.2% silicon than in the 0.5% 
silicon, nickel steel. 

We agree with Dr. Lement that a grain boundary condition may exist 
in the 0.5% silicon, 3% nickel steel as tempered at 600°F, and our state- 
ment in the paper should be modified in this respect. 

The 600 and 800 °F tempers produced maximum loss of room temper- 
ature notch impact strength in the 0.5 and 2.2% silicon, 3% nickel steels, 
respectively. We regard this embrittlement, in both steels, to be the same 
as the “500 °F embrittlement” referred to by Dr. Lement. Fractures pro- 
duced by the latter type of embrittlement are frequently coarse and have 
been termed “intergranular”. This coarseness of fracture suggests some 
relation of the fracture to the prior austenite grains after tempers which 
produce maximum embrittlement. 

The correlation of mechanical properties with the structural changes 
which occurred during the various tempering stages in the high silicon 
steels was intended to be purely speculative. We have been unable to find 
any evidence, by magnetic or other means, of coherent precipitation or 
hardening in the high silicon steels after tempers in the range 400 to 
600° F. 

As Dr. Geisler has indicated, all speculation must be qualified by the 
lack of proof of a coherent condition in the epsilon carbide. In fact, the 
original postulation of Jack, concerning the coherent nature of the epsilon 
carbide, was based on deductions from X-ray patterns obtained from poly- 
crystalline samples. Further evidence that the epsilon carbide is in reality 
a coherent precipitate would be desirable. 

We believe that Dr. Lement’s interpretation of the hardness changes 
in the high silicon steels is more nearly correct than ours. Our idea con- 
cerning the effect of retained austenite on the hardness of the high silicon 
steels would, of course, be wrong according to Dr. Lement’s interpretation 
of the hardness data. 

Unfortunately, we do not have any information as to the carbon con- 
tent of the martensite which is in metastable equilibrium with the epsilon 
carbide at the end of the first stage of tempering, as requested by Messrs. 
Barnett, Frohmberg and Troiano. Such information for the high silicon 
steels as tempered in the 400 to 600 °F range would be desirable, since it 
seems likely that considerable solution of the epsilon carbide may occur in 
these steels prior to the formation of cementite. 
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The electron diffraction technique described by Messrs. Boswell and 
Cunningham might be of further value in the study of the solution of 
epsilon carbide in the 2% silicon steels. Thus, samples of these steels as 
tempered in vacuo in the 400 to 600 °F range should indicate epsilon car- 
bide and ferrite in relief when studied by the latter technique. 

Messrs. Barnett, Frohmberg and Troiano report that they were able 
to extract the epsilon carbide from samples of SAE 2340. We find this to 
be interesting, since we were unable to isolate the epsilon carbide by our 
electrolytic extraction procedure. 








MICROSTRUCTURE 
(1952 Edward deMille Campbell Memorial Lecture) 


By Cyrit STANLEY SMITH 


INTRODUCTION 


REGRET that I did not personally know the man to whose honor 

this lecture is dedicated. In 1924, as a young immigrant of only 
a few days’ standing, I attended a meeting in Boston of the American 
Society for Metals (then the American Society for Steel Treating) 
and I have only one recollection of the entire proceedings—the per- 
sonality of Professor Edward deMille Campbell, who discussed some 
of the papers. At that time metallography was at the apex of its 
growth. Despite the fact that in the intervening years structure on 
an atomic scale has been of greater novelty and scientific interest, it 
is perhaps not inappropriate for a Campbell lecturer to re-examine 
the basis of structure as it exists on a scale adapted to the optical 
microscope. 

Although modern metallography stems from Sorby’s work in the 
| 860’s, a consideration of microstructure permeates the writings and 
thinking of most metallurgists, engineers, and physicists in earlier 
times, albeit with some uncertainty as to the nature of the structural 
units. As we discuss in modern terms the structure of metals, it is 
well to remember that we do this against a background including the 
preoccupation of the ancient Greeks with the form of things in gen- 
eral, the alchemist’s mystic excitement on obtaining the star of anti- 
mony, the artisan’s age-old use of the appearance of fracture as a test 
for the uniform quality of his materials, and particularly the experi- 
ence of the biologist and geologist whose sciences have been built 
around a sensitivity to the relation between genesis, form, and function. 

The tendency of the modern metallurgist to regard the term 
“structure” as synonymous with “crystal structure” is justified only 
because in the last twenty years the greatest advances in the science 
of metals have been in that field. The precise symmetries of the ideal 
lattice, though of basic importance, are actually less interesting scien- 
tifically, less responsible for engineering properties, and certainly less 
appealing aesthetically than are departures from regularity. It is the 
study of imperfections—and particularly the patterns of their inter* 
action—that is the most promising field for advance in scientific metal- 

This is the Twenty-seventh Edward deMille Campbell Memorial Lecture, 
presented by Cyril Stanley Smith, director, Institute for the Study of Metals, 


University of Chicago, Chicago. The lecture was presented October 22, 1952, 
during the Thirty-fourth Annual Convention of the Society, held in Philadelphia. 
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lurgy. This lecture will deal with some aspects of their interaction as 
observable with the microscope. 

The very term structure implies interrelation between parts with 
reference to the whole. Some awareness of the interaction of the 
varied aspects of structure generally is necessary in order fully to 
understand any particular structure. I propose, therefore, to discuss 
briefly the topological, the geometric, and the metric aspects of struc- 
ture, and finally to show how most of the principal forms of metallic 
microstructures can be seen to result from the characteristic properties 
of the various kinds of interface that can be formed between different 
crystals, and on the very different ways in which these interfaces re- 
spond to forces tending to displace them. Some of what follows has 
appeared elsewhere in more detail, but partial repetition is necessary 
to present a balanced picture. 


MICROSTRUCTURE AND THE REQUIREMENTS OF SPACE-FILLING 


An isolated object in space can clearly have any shape whatso- 
ever. If it shares any features with neighboring objects it is less free. 
The mere fact that a grain boundary in a metal must belong to both 
of the grains that it separates has some interesting consequences, for 
it limits the shapes of grains in an aggregate. The general relation 
in two dimensions between grains, grain boundaries, and grain corners 
can conveniently be described in terms of the basic topological relation 
(a form of Euler’s Law) 


C—E+P=1 Equation 1 


where C, E, and P represent, respectively, the number of corners, 
edges, and polygons in an isolated connected array. The polygons 
are not necessarily straight-sided figures but may be any two- 
dimensional features defined by a closed connected set of lines: the 
relations are unaffected by any continuous distortion, as can be seen 
in Figs. la and 1b which are topologically identical though geometri- 
cally different. As discussed in a paper before the 1951 ASM sym- 
posium on Interfaces (1), certain special relations come about if 
consideration is limited to arrays of polygons in which three edges 
meet at every corner, as is generally the case for metal grains because 
of grain boundary tension effects. Under these conditions E = 3/2 C. 
Also, since in any two-dimensional net an n-sided polygon contributes 
n/2 edges, except for those forming the periphery of the area under 
consideration where the edge is unshared by another polygon 


Equation 2 





_ ZnPs Ey 
E=- 5 + 3 





1The figures appearing in parentheses pertain to the references appended to this lecture. 
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P-E+Csl 
6-20+15=! 


(a) (b) 
Fig. 1—Two Networks of Lines and Polygons That Are Topologically Identical, 


Showing That Relations Are Unaffected by Distortion. (Sketch of cyclist at right by 
Rainey Bennet.) 


where E, is the number of unshared edges at the boundary. By 
combining these relations with Equation 1 it results that 


~(6—n) P»a= En + 6 Equation 3 


This is illustrated by Fig. 2, which is a group of grains excised from 
ASTM grain size standard No. 3 with the “severed” grain boundaries 
at the periphery artificially reconnected to give only three-ray corners. 
The complication introduced by the treatment of the periphery can be 
minimized by considering an infinite array of cells or by selecting a 
sample of such a nature that it could by duplication continuously fill 
space, which is equivalent to saying that its severed boundaries must 
conform topologically to those of a hole cut in a net of hexagons. 
Such groups will have a peripheral structure such that those corners 
trom which a severed edge originates outnumber by exactly six those 
peripheral corners that remain normally connected (see Fig. 3, taken 
from Reference 1, which should be consulted for further information). 
Within such an extended or properly selected sample not only is the 
average grain exactly a hexagon but also the number of grains with 
three, four, five, six, seven, or any number of sides must conform 
exactly to the relation that 
4P.+ 3P; + 2P.+ 1P; + OP. — 1P; — 2Ps.... — (n—6) Pra=0 
Equation 4 

If there is a single seven-sided grain somewhere in the array there 
must be a five-sided one. A nine-sided grain must be accompanied 
by a triangular one or by three pentagons or by some other assortment 
of grains with less than six sides in conformity with the rule. 
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| n_ [3ia[s|6| 7\|8/9| 
Po |[3]4/5{19] 13/311 | 
| 6-n [3]2|1| 0] -1 |-2|-3| 
Pa(6-n)} 9/8] 5] O | -13|-6|-3 | 
E(6-n) Py =Ep-2C,+6 

O =48-54+6 










£(6-n) Pp =E_t+6 
31 = 25+6 
Fig. 2—Microstructure of Poly- Fig. 3—Connected Array of Grains 
crystalline Metal Considered as an Cut From an Extended Net. (From 
Isolated Array of Polygons With Reference 1.) 


Only Three-Ray Corners. (From 
Reference 1.) 





Plane and Curved Grain Boundaries: Grain Shape and Grain Growth 


This relation is of interest to metallurgists not only because it so 
beautifully expresses the basis of grain shape, but also because it im- 
mediately shows the reason for grain growth under the influence of 
the surface tension associated with grain boundaries. Grain growth 
would not occur if all grain boundaries were straight, for there would 
be no gain in energy resulting from their motion. The topological 
relations, of course, are independent of straightness and hold for any 
amount of distortion, regular or irregular. When, however, they are 
combined with the geometric requirements of minimum surface energy 
some interesting facts result. If the boundaries are of equal energy 
(which to a first approximation is the most likely condition?) then 
the angles at which they meet at a three-grain corner must, under 
simple surface tension equilibrium, all be 120°. The corner angle of 
a regular straight-sided polygon of m sides is r(1 —2/n). If grains 
were all hexagons, the desired 120° angle could be achieved with plane 
interfaces. However, the grains in the usual random array are not all 
hexagons, but there are some with less and some with more than six 





2The reader must not overlook the fact that this is a simplification. Many important 
structural details stem from the fact that grain boundary energy is a factor of orientation, 
beers, low at small orientation differences and at critical orientations corresponding to 
twins. Statistically, however, most boundaries in a random polycrystal will be of approxi- 
mately the same energy. 


— 
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sides. If the corner angles are to be 120° then those with less than 
six sides will have to have convex boundaries and those with more 
than six sides will be concave boundaries, and the stage is set for 
growth. If the temperature is sufficiently high for diffusion to occur 
each boundary will move toward its center of curvature to produce a 
decrease in its area and energy. An isolated circular grain, entirely 
surrounded by another of different orientation, would shrink at an 
ever-increasing rate and disappear. Grains in a normal polycrystal- 
line material have boundaries continually intersecting each other and 
the shrinkage of one boundary means an extension of some others, 
though, of course, there must be a net decrease in area if growth is 
to occur. Asa triangular grain shrinks and disappears the boundaries 
of all of the adjacent three grains extend gradually until they join in 
stable configuration at a single apex. A shrinking four-sided grain, 
on the other hand, must pass through a point of instability at one of 
its corners where it joins momentarily with three other grains, pro- 
viding a four-ray corner which will be followed by rapid readjustment 
to produce two stable three-rdy corners, one of which will belong to 
a three-sided grain which now can slowly disappear without further 
instability. These movements are vividly demonstrated by a froth of 
soap bubbles which is geometrically and topologically almost identical 
with an aggregate of metal grains (Fig. 4). 

In three dimensions the situation is more complicated though 
the principles are the same. Except for a sphere completely embedded 
in another grain, the only grain that can shrink and disappear without 
disarranging its neighbors is the tetrahedron which, as it disappears, 
leaves the four adjacent grains meeting at a point with the grain edges 
at the tetrahedral angle of 109%%4°, each edge being formed by the 
meeting of three faces at 120°. No plane-faced polyhedron can be 
made with corners conforming to this arrangement (2). The minimum- 
area tetrakaidecahedron of Lord Kelvin (3) is apparently the best 
solution to the problem of space-filling under these conditions, and 
an array of grains all of this shape would be completely stable, pro- 
vided the boundary conditions did not introduce instability. In prac- 
tice, of course, such regularity of shape is rarely achieved and the 
Kelvin body is known in nature only in biological tissues of unusual 
regularity (4). It has never been observed in metal grains or soap 
bubbles. 

The basic topological characteristic of a connected aggregate of 
three-dimensional cells is 


C—E+P—B=1 Equation 5 


where B represents the number of three-dimensional cells and P the 
number of two-dimensional cells (septa) separating them. It is easily 
shown that if we limit ourselves to junctions of cells in three dimen- 
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Fig. 4—Successive Stages in the Disappearance of Bubbles by Diffusion. X 2.5. 
(Reduced % in reproduction.) 


sions such that four meet at each and every point (corresponding to 
the requirements of local surface tension equilibrium) then 


=(6—n) P»a=6(B+1) - Equation 6 


Other interesting relations (derived in detail in Reference 1) are 
that the number of polygons per three-dimensional cell must out- 
number the corners by exactly one, and that the average number of 
edges per polygon tends toward 54 as the number of corners per 
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Fig. 5—Grains of 8 Brass Isolated by Fracture 
in the Hot-Short Range. X 20. 


Uniform Bubbles 


Mixed Bubbles 


Frequency % 





3 a 5 6 7 8 
Number of Edges per Face 


Fig. 5a—Observed Frequencies of Occurrence of Various Polygonal Faces 


on Grains of Two Alloys, Compared With Those in Soap Froth (8) and Veg- 
etable Cells (7). 


cell approaches six, the number corresponding to the configuration 
of minimum interface area. This queer number—the three-dimen- 
sional equivalent of the hexagon in two dimensions—accounts for the 
prevalence of pentagonal faces in bubbles and grains. This is clearly 
shown in the appearance of 8 brass grains (Fig. 5), and by the actual 
measurements of grains plotted in Fig. 5a which shows the results 
of Desch (5) (1919) and Williams* (6) (1952) together with the 
studies of bubbles and vegetable cells made by Matzke and Nestler 


_ §Williams’s studies were made by the use of the important new technique of stereoscopic 
radiomicrography, which permits one to see clearly the arrangement in space of phases which 
differ in density or X-ray alisorption. It is no longer necessary for the metallographer to 
limit his thinking to two dimensions, for two A-ray photographs taken at slightly differing 
angles show the complete spatial disposition of phases with startling clarity. The method 
awaits only the development of better resolving power with short exposure times to be com- 
petitive with or even superior to visual microscopy on anything but single phase systems. 
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Fig. 6—Cells in Human Fat Tissue, X 400. (From Lewis (9), by permission.) 


(7,8). The human fat cells shown in Fig. 6 [taken from Lewis (9) | 
would be accepted by any metallurgist as drawings of typical grains. 
This similarity in shape between such diverse materials serves to 
emphasize the nature of the basic principles involved. The shape of 
a metal grain is not primarily a result of the fact that it is crystalline 
but comes about from the requirement of an approximately minimum 
area of the interface. It is not the billions of atoms in the crystal body 
neatly arranged upon their uniform lattice that count; it is the very 
small number in the disorganized junction between two crystals. 
Even more important than the matter itself is the necessary inter- 
relation between its one-, two-, and three-dimensional aspects. 

A soap froth will continue to grow in average cell size by diffu- 
sion of gas from the high pressure bubbles to their neighboring low 
pressure ones until only plane films or none at all are left. It has 
been well established that normal grain growth in metals ceases (even 
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for very long annealing treatments) at a certain maximum grain size 
which depends on the particular material but is generally about 0.1 
to 1 mm. This slowing and cessation of growth is partially due to 
the presence of inclusions, partially to the fact that grain boundary 
energy does vary significantly with orientation, and perhaps partially 
to the fact that as a boundary moves more slowly because of smaller 
curvature it has a greater opportunity to achieve a structure of lower 
energy and disorder, hence of still lower mobility. 

The effect of orientation differences shows up not only in the 
possibility of a torque opposing grain boundary rotation but also in 
that it makes possible stable corners with more than six surfaces 
meeting at a point. Nine surfaces or more can meet at a point and 
remain in equilibrium if the new surfaces that would be formed by 
their rearrangement in a configuration of lower area have a higher 
energy than the resultant of the others in its direction. Williams (6) 
has shown that as many as 4% of the grain corners in a very large- 
grained aluminum-tin alloy deviate from the surface tension ideal. 

Inclusion restraint is independent of energy and depends only 
on geometry. Though a spherical inclusion will hold back a grain 
boundary, the maximum force that it can exert is equal to the surface 
tension acting on a ring at a lattitude of 45°, beyond which the 
boundary will pull away. In essentially two-dimensional grains with 
one-dimensional boundaries the situation is quite different, for the 
boundary can become perfectly straight between any pair of inclusions 
and thereafter its migration must stop. It is unlikely, however, that 
such action is responsible for the cessation of grain growth in ordinary 
thin-strip materials (11), for inclusions must be small compared with 
the thickness, and some other factor must be sought. 


SURFACE-TENSION EQUILIBRIUM IN POLYPHASE ALLOYS 


In the above discussion of grain growth it was assumed for sim- 
plicity that all interfaces in a single-phase alloy are identical in energy 
and hence that they reach equilibrium at 120°. The writer has else- 
where (12) shown that if there are three different interfaces meeting 
in a randomly oriented polyphase alloy, they also will establish posi- 
tions in accordance with simple surface tension equilibrium, in .which 
case the ratio of the sines of the angles between any two interfaces 
are in the ratio of the energies of the opposite interfaces. In the case 
of a two-phase alloy there will be grain corners where two crystals 
of the same phase will meet one of a difference phase: there are two 
interphase interfaces (identical if we neglect orientation effects) and 
one single-phase grain boundary meeting at a point (Fig. 7). In this 
case the equilibrium angle of the included phase is as follows: 


@ = 2 cos? Equation 7 


12 
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where y11 and y12 are the interface free energies of the monophase 
and duplex boundaries, respectively. Depending on the relative value 
of these energies the second phase will meet a grain boundary in the 
first at an angle that can be anything from O up to nearly 180°. The 
angle, called the dihedral angle, definitely characterizes a given alloy 
and can be changed only by influencing the ratio of interface energies. 
Measurements of these angles in several systems are summarized else- 
where (13, 14). 


Yaa 


Ratio of Interface Energies Yap 





O 30 60 90 120 150 
Dihedral Angle of 8 Phase, Degrees 


Fig. 7—Curve Showing Variation of Dihedral Angle 
With Ratio of Interface Energies. 


The most interesting structures and resulting mechanical prop- 
erties occur in the range where the dihedral angle is 60° or less; 
unless this angle exceeds 60° the second phase must spread con- 
tinuously along all grain edges forming a single network throughout 
the entire sample and providing a continuous channel for flow or dif- 
fusion. If 6 is zero, the second phase will penetrate entirely between the 
grains. If it is weak, the alloy will be exceedingly brittle, and if it is 
chemically reactive, the alloy will have wretched corrosion resistance. 
It is generally a liquid phase that behaves in this way, for the inter- 
face between two crystals (except in certain highly critical orienta- 
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tions) generally has too high anenergy. The complete loss of strength 
that occurs when an alloy is heated to its solidus temperature is well 
known, though it is not always recognized as being due purely to 
surface forces. The rapid failure of stressed metal when in contact 
with a molten one (e.g. stainless steel with brazing solder, or brass 
with mercury ) is another well-known manifestation of the same effect. 

To summarize, the structure of an idealized (two-dimensional ) 
two-phase alloy consists of space subdivided into cells according to 
topological principles, the cells meeting each other at points (averag- 
ing six per cell) at each of which three cells meet, the angles at the 
corners corresponding to surface-tension equilibrium. The junction 
points are of three kinds, namely those corners formed of grains of 
the same kind (in which case the angles are 120° regardless of which 
phase is concerned), those corners formed by two grains of the first 
kind and one of the second, and lastly, those formed by two grains 
of the second phase and one of the first. Although the mixed phase 
corners both involve two two-phase boundaries of identical character, 
the dihedral angle will be different if the third boundary, the mono- 
phase grain boundary, differs in energy. These factors are clearly 
seen in the microstructure of the alpha-beta bronze (Fig. 8). (The 
rather conspicuous twin boundaries are not involved in this dis- 
cussion: These are low energy boundaries, immobile under surface- 
ension forces.) If the second phase is liquid, there will obviously be 
only one kind of two-phase corner, while if 6 << 60° there will be no 
single-phase (120°) corners, and there will be no grain contacts what- 
ever if @ is zero. If particles of one phase are not in contact with 
vrain boundaries of another but are entirely embedded within a single 
srain, the interface in seeking the lowest energy configuration will 
seek minimum area and the particle will become circular even though 
it be solid. 

The details of the actual shape will depend partly on the historical 
accidents determining the number of neighbors that a given grain 
possesses ; curvatures must arise to reconcile the necessary corner 
angles with the number of corners on any grain. As the relative 
amounts of the two phases change, or their relative grain sizes, the 
general appearance of the microstructure will change because of the 
number of contacts of different kinds; nevertheless, the angles will 
stay constant and the structure must always be built up by connecting 
only three kinds of corners. 

The typical metallographer’s section of a piece of metal, though 
two-dimensional, does not represent a two-dimensional equilibrium 
structure but rather is an approximately random section through a 
three-dimensional network of surfaces meeting at the correct angles. 
The corner angles that can be measured under the microscope are, 
therefore, not all identical with the true dihedral angle as it exists in 
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Fig. 8—Microstructure of Two-Phase Alloy Showing Different Types of Grain 


— (aB Copper-Tin Alloy, 16% Sn, Annealed 16 Hours 650°C and Quenched). 
x 250. 
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Se of Dihedral Angles Resulting From Random Sectioning. 
(a) Tieoceticel: (b) Observed. 


three dimensions but actually may vary from 0 to nearly 180°, de- 
pending on the orientation of the sectioning plane with respect to the 
true dihedral angle. This is capable of statistical analysis, and it 
turns out that actually the true angle is also the most probable one 
(12). Actual measurements of grain corner angles in a typical single- 
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phase alloy (a brass) are shown in Fig. 9, compared with the theo- 
retical distribution resulting from random sectioning for a single 
dihedral angle of 120°. The wider distribution of the experimental 
data in the vicinity of 120° shows that the picture advanced above is 
somewhat idealized, and suggests that either there is an appreciable 
variation of interface energy with orientation, or that there is failure 
to achieve equilibrium. The latter is not a factor in ordinary well- 
annealed samples (15), but the orientation effect is. important. The 
measurements of Chalmers (16) and Dunn et al (17), as well as the 
theoretical treatment of Read and Shockley (18), show why this 


Y 


Single Phase 


2-Phase 





Fig. 10—Hypothetical Curves Illustrating Variation of Grain Bound- 
ary Energy With Orientation Between Crystals. 


should be so. Nevertheless, to a good first approximation the simple 
fluid interface theory is applicable in structures of normally worked 
and recrystallized material, for in such randomly oriented structures 
there is only a small probability that two grains will meet each other 
at an angle that gives a boundary of low energy. 


Structures With Anisotropic Interfaces 


Although there is no experimental evidence, the variation of 
energy of a grain boundary symmetrically oriented between two 
crystals as they rotate around one axis from identity to a twinning 
position must be somewhat as shown in Fig. 10. Structures strikingly 
different from the simple foam structures result in polycrystalline 
structures if the grains are not randomly oriented but meet each other 
at those angles that critically correspond to low interface energies. 
The straight lines of ‘dnnealing twins are perhaps the most familiar 
manifestation of this. These boundaries have only a small fraction 
of the energy of normal grain boundaries and hence have very little 
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effect on the latter where they intersect them, but this low energy 
pertains only to boundaries exactly oriented (both as to the plane of 
the boundary itself as well as the orientation of the two crystals it 
separates) so that a high “torque” resists any attempt to move it, 





Fig. 11—Oriented Two-Phase Structure in ax Copper-Silicon Alloy (5.54% Silicon, 
Annealed 750 °C, Then 5 Hours 793 °C and Quenched). xX 500. 


Fig. 12—-Random Two-Phase Structure in Same Alloy as Fig. 11. oo from 
ousihein asp structure at 845 °C, cooled to 826°C and quenched.) xX 1 


(Figs. 11 and 12 from Transactions, American Institute of on and Metal- 
lurgical Engineers, Vol. 137, by permission. ) 


and the structure must be highly geometric. Annealing twins in face- 
centered cubic metals form planes that cannot be displaced either by 
surface or mechanical forces. Mechanical twin boundaries in hex- 
agonal and tetragonal metals are of higher energy, more easily moved 
and less critically dependent upon exact orientation. 

In two-phase alloys, when the requirement of randomality is not 
met, strikingly different structures result. If, in precipitation or 
transformation, a nucleus of new phase is free to select its orientation 
within a parent crystal, it will generally appear in one of the critical 
orientations in which the interface has a low energy, and it will gen- 
erally grow in a more or less geometrical shape which cannot change 
without a considerable increase in interface free energy. The sharp 
concentration gradients at edges favor lateral extension, to produce the 
plate-like Widmanstatten structures first studied in detail by Mehl 
and his collaborators (19). The common occurrence of such siruc- 
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tures undoubtedly served to blind metallographers to the simplicity 
of the fluid-like surface tension rules which apply to randomly oriented 
structures. The striking difference between micrographs of the same 
a/x copper-silicon alloy as shown in Figs. 11 and 12 is solely due to 
the precise orientation relations across the a/« interface in the first 
and its random orientation in the second structure. If an alloy with 
a Widmanstatten structure is annealed, there is generally little change 
in shape, confirming the fact that despite its high interface area it is 
of low interface energy, which is only possible for certain exactly 
specified orientations. If the orientation relation between the two 
phases is upset, the boundary will no longer be in a critical orientation, 
its energy will not vary much as it rotates, and it will seek the low 
area forms corresponding to the equilibrium of simple fluid inter- 
faces, with smoothly rounded surfaces meeting each other at the 
appropriate dihedral angles. 

That a very slight orientation change will produce this effect is 
shown in Figs. 13 to 16 which represent an a/8 brass after various 
treatments. Fig. 13 shows a microstructure after cooling from the 
B phase field to 700 °C to cause precipitation of a phase in a typical 
Widmanstatten form. Fig. 14 shows that even after annealing for 
48 hours at 700 °C the a grains, though larger, maintain their aniso- 
tropic shape. However, the alloy of Fig. 15, which was cold-worked 
only 5% and annealed 2 hours at 700 °C, shows a totally different 
arrangement of a because the orientation has been slightly changed 
and the interface is now free to adjust without regard to exact spatial 
directions. Since this slight working has not caused extensive re- 
crystallization of the B phase, many a particles find themselves com- 
pletely isolated and approach a spherical shape under surface tension 
forces. Others have dihedral angles where grain boundaries in either 
a or B are involved. Fig. 16 shows the same alloy cold-worked more 
extensively —33%—before reannealing, producing more extensive re- 
crystallization in the 8 phase. The contrast between Figs. 14 and 15 
is most striking and results from presumably small orientation changes. 


Distribution of a Minor Liquid Phase in a Polycrystalline Matrix 


The case where the second phase is liquid is particularly inter- 
esting. The dihedral angle in various systems can be anywhere from 
0 to very nearly 180° ; in general, the more similar in composition the 
liquid is to the solid the lower the energy of the liquid/solid interface 
and hence the lower the dihedral angle. In a liquid there can be no 
grain boundaries, so there is one less type of corner possible than in 
an alloy with two solid phases. The structure, as seen on two- 
dimensional sections, ,is composed of arcs of solid/liquid interface 
smoothly connecting points where they join each other in pairs, meet- 
ing a grain boundary at the proper dihedral angle. If @ is greater 
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Fig. 13—Microstructure of 60-40 Brass Slowly Cooled From 850 to 700°C and 
Quenched to Give Widmanstatten Precipitation of a. Etched NHsOH + H2O2. xX 100. 


wa 14—Same Sample as Fig. 13, Held 48 Hours at 700°C Before Quenching. 
x ‘ 


Fig. 15—Microstructure of a8 Brass Treated as in Fig. 13, Subsequently Cold- 
Rolled 5% Reduction and Reannealed 4 Hours at 700°C. xX 100. 


Fig. 16—Microstructure of af Brass Treated Same as Fig. 15, Except for 33% 
Reduction Before Last Anneal. xX 100. 


eal : 


45 
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than 60° there will be some corners with three grains meeting each 
other at 120°; if 6 is less than 60° there can only be aaL-type junc- 
tions, while if 6 is 0, grain boundaries must entirely disappear and the 
structure consists of individual crystals entirely isolated from each 
other by rounded liquid films. If the volume of liquid is sufficiently 
great the grains will become spherical or as nearly so as the variation 
of liquid/solid interface energy with orientation will allow. When 
the liquid content is limited it will, provided the dihedral angle is 0, 
spread first over the grain boundary to form a two-dimensional film 
no thicker than that necessary to give low surface energy, and the 
excess will collect at grain corners, rounding them off to a degree 
permitted by the volume of liquid present. As with other simple 
metallurgical structures, soap bubbles serve as an illustration. Figs. 
17 a-d show a two-dimensional array of soap bubbles in a cell with 
an increasing amount of liquid: this can be seen to fill out the three- 
bubble corners, decreasing their curvature while the thickness of one- 
dimensional contact between the grains away from the corners remains 
more or less unaffected. 

In most close-packed metals the equilibrium shape of the crystal 
in a liquid not greatly differing in composition and at high tempera- 
tures is nearly spherical, although at low temperatures in liquids of 
greatly different composition the forms may become strongly angular. 
In crystals with strong homopolar or ionic binding the interface 
energy may be strongly anisotropic and the equilibrium shape hence 
far from spherical.4 The great difference in shape between titanium 
carbide and tungsten carbide in the usual cobalt binder is almost cer- 
tainly due to such anisotropy in the latter, but not the former case. 

If the liquid/solid energy is only slightly less than half the 
average grain boundary energy, very slight changes in the latter will 
have a large effect on liquid continuity. For example, in copper- 
bismuth alloys although the highest grain boundary energy gives a 
zero dihedral angle, there is a fair fraction of boundaries—about 45% 
in a typical randomly oriented recrystallized alloy—that do not have 
liquid films and hence correspond to positive dihedral angles. In a 
truly random alloy the fraction is just the probability that two grains 
will meet at an angle less than that at which the curve of boundary 
energy versus orientation exceeds twice the solid/liquid interface 
energy. This depends both on the boundary and on the composition 
of the liquid and different alloys differ greatly. For example, a zinc- 
rich zinc-cadmium alloy, annealed at 338 °C to contain a small amount 
of eutectic (Fig. 18), has about 70% of boundaries free from liquid, 
while a cadmium-rich alloy under the same conditions has only about 


30%. 





‘For an excellent discussion of equilibrium shape of crystals under anisotropic surface 
energy, see Conyers Herring (20). 
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Fig. 17—Appearance of Soap Bubbles in 
Two-Dimensional Cell With Increasing Fraction 
of Liquid Phase. 
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Grain Boundary Melting 


Although the idea of a thick amorphous metal boundary is gen- 
erally untenable, it seems highly probable that high energy boundaries 
(those beyond the range where the simple dislocation model applies ) 
have a structure not greatly different from that of a layer of liquid 
approximately one or two atoms thick, and that it can pass con- 
tinuously into normal three-dimensional liquid as the solidus temper- 
ature is approached. 





Fig. 18—Microstructure of Zn-Cd Alloy (5% =, Cold-Rolled 
and Rassias 20 Minutes at 338°C. Nital etch, x 1 


In pure metals and in alloys where solid and liquid do not 
sreatly differ in composition the solid/liquid interface energy is always 
ess than half the grain boundary energy, and at the melting point, 
the total interface free energy of the system is less if liquid replaces 
the boundary and separates the grains. At temperatures below the 
true melting point of a large single crystal it is possible to use some 
grain boundary free energy to provide the free energy needed to melt 
a small volume of liquid. 

The free energy needed to produce a mole of liquid is zero at the 
normal melting point and at other temperatures it can be obtained 
from the thermodynamic relation (with pressure constant ) 


2) | 
48) 


where AH is the heat‘of fusion. Assuming AH to be constant over 
a short temperature interval (i.e. assuming AC, = 0), and integrating 


AH Equation 8 
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AF 1 1 
Gueeas® amas AH (= eapedemee ° 
oo TT. Equation 9 
or 
Ta —T AT 
a¥ = 48," — i 
T., AH T.. Equation 9a 


This is free energy needed per molar volume of liquid. 

Consider first the surface free energy that can be obtained by re- 
placing the portion of the boundaries where three grains meet along 
an edge with small arcs of solid/liquid interface,® as in Fig. 19, the 


Radius, cm. x |O~4 





0 O02 O04 06 O8 10 12 14 
Tu-T, °K 


Fig. 19—Replacement of Grain Corners by Liquid 
at Temperatures Below the Meiting Point. 


volume between them being filled with liquid. The available free 

energy from this change of interfaces is, per centimeter of grain edge 
| AF =R (V37ss — 7st) Equation 10 

By equating this to the free energy needed to form the liquid in the 

intervening space and which has a velume of R? (v3 — +) per cm. 

length of grain edge, we get 


T. M Equation 11 


R (V3¥ss — w¥su) = R? (v3 a =) 





5The author wishes to thank Dr. Harvey Brooks of Harvard University and Dr. John 
Fisher of the General Electric Company who independently called the author’s attention to 
the correct manner of this calculation, which he had previously given erroneously. Discus- 
sions with L. Guttman and J. W. Stout af Chicago have also been most helpful. 
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or 
(V3%s8 = 781) Tm M 


= 


It should be noticed that no liquid will appear at the grain edges unless 

SS x v3 or 0.5513, which corresponds to a dihedral angle of 50°. 
T 

o If appropriate values for copper,* are substituted in Equation 12, 
RAT = 2.23 & 10* cm., which is plotted as a function of AT in Fig. 
19. The radii are far from negligible. 

By similar arguments one could deduce the extent to which the 
apices of four grains are rounded and replaced by liquid where they 
meet. The calculation is difficult because of the complicated shape 
of the nearly spherical surfaces involved, and is of trivial value. 

The two-dimensional boundary is more difficult to treat than the 
grain corner because volume adjustments are possible through lateral 
displacement. As Chalmers (21) has so clearly pointed out, it is 
energetically costly to have, at temperatures below the equilibrium 
melting point, a thickness of liquid between two crystals that exceeds 
the distance over which the effect of lattice forces is felt through the 
liquid. The simple analysis of Speiser and Spretnak (22) is erro- 
neous in that it assumes that the whole free energy resulting from 
the replacement of a high energy grain boundary with two other 
nterfaces of lower energy is available for producing a second phase. 
\ctually, although no second phase can appear unless such free energy 
s available from the change in interfaces, the system can always find 
| solution of still lower energy at the point of balance between in- 
creasing volume free energy and decreasing interface energy as the 
crystals separate. 

Consider the transition from a grain boundary to three-dimen- 
sional liquid as the temperature increases to the melting point. Asa 
simple model the energy may be divided into volume and surface 
terms, although in reality the two must be interdependent and insepa- 
rable, for both terms will depend upon the distance between the oppos- 
ing crystals, i.e., on the effective thickness of the boundary material. 
The volume term, representing the change of free energy on passing 
from solid to liquid, is zero at the melting point and increases at lower 
temperatures in accordance with Equation 10. At a given tempera- 
ture the energy required to produce liquid will increase linearly with 
volume, or with thickness if we consider its relation to unit projected 
area. Values appropriate for copper at various temperatures below 
the melting point are plotted in Fig. 20. The surface term can be 
regarded as passing fron? slightly less than the normal low-temperature 

*vss = 575 erg/cm?, AHm=1.7 X 10” erg/cc 


su = 177 a, M=63.6gm, p= 8.4 gm/cc 
Tm = 1356 ° 


RAT= Equation 12 
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Fig. 20 (Upper)—Volume Free Energy Required to Produce 
Liquid as a Function of Thickness and Temperature. 


Fig. 21 (Lower)—-Schematic Variation of Grain Boundary En- 
ergy With Thickness at Various Temperatures Below Melting Point. 


grain boundary energy at the appropriate small spacing to twice the 
solid/liquid interface energy at large spacings. To the extent that 
it exceeds the latter figure it is a measure of the interaction between 
the opposing lattice forces, and is in essence a microscopic strain 
energy. Though nothing is known, of this, it seems reasonable to 
suppose that it increases exponentially as distances decrease below 
one or two atom diameters, and that it becomes negligible at spacings 
beyond about ten:atoms. The heavy curve in Fig. 21 represents sche- 
matically such behavior. The total free energy of the system is equal 
to this surface term plus the volumetric term of Fig. 20, giving the 
total free energy of the boundary as shown for the curves at various 
values of AT, as in Fig. 21. The system will adjust itself to the min- 
imum free energy at any temperature which, it will be seen, progres- 
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sively increases as AT decreases. At temperatures only slightly below 
the melting point where the slope of the volume free energy term is 
very small, the minimum free energy must correspond to thicknesses 
only slightly less than twice the maximum range of lattice forces in 
the liquid. 

On this highly qualitative model one would expect a decrease in 
grain boundary energy and an increase in effective thickness at a rate 
reciprocally dependent on the difference between the temperature and 
the true melting point of the material. The effective viscosity of the 
grain boundary in shear would vary with temperature almost precipi- 
tously near the melting point, and could easily account for the pre- 
melting grain boundary weakness studied by Chalmers (23). 

In alloy systems the composition of the liquid will differ from 
that of the solid. If the solid/liquid interface has a high energy and 
the dihedral angle consequently is not zero, the presence of liquid will 
have little effect upon the grain boundary of the higher melting phase. 
If, however, the solid/liquid interface has less than half the grain 
boundary energy, then a lower free energy will accompany the pro- 
duction of appreciable volumes of liquid at crystal compositions below 
the single-crystal saturation. In effect, one is balancing available 
surface free energy against the free energy required for a composition 
change. Though the latter is not as easily computable as in the pre- 
inelting of a pure substance, as discussed above, nevertheless qualita- 
tively it is known that if the solubility is small the percentage change 

‘f concentration resulting from a slight change of free energy is quite 
large. In most cases a small solubility usually means a liquid differ- 
ng greatly in composition and a solid/liquid interface energy that is 
higher than grain boundary energy. Almost invariably when this is 
not so, peculiar grain boundary effects are observed. Many of the 
curious cases of grain boundary embrittlement known to metallurgists 
seem to involve some such factor—the embrittlement of copper con- 
taining traces of bismuth, the hot-shortness of iron with sulphur, the 
concentration of oxygen in copper grain boundaries which renders it 
so susceptible to hydrogen embrittlement, and perhaps also the influ- 
ence of boron on the hardenability of steel. It should be noted that 
the effect will be insignificant if large solubilities exist and will be 
nonexistent if the solid/liquid interface does not have an energy of 
less than half of the normal grain boundary energy. 


THE MEASUREMENT OF MICROSTRUCTURES 


A third feature of any microstructure is its metric aspect, the 
actual areas and volumes of various constituents and the boundaries 
between them. Though quantitative microscopic methods were used 
by petrographers over a century ago and they were applied to metal- 
lurgical problems early in the twentieth century, they seem to have 
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_ Fig. 22—Results of Metallographic Measurement of 8 Phase Frac- 
tions in Annealed a8 Brasses as a Function of Composition. (From 
Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 194, with permission.) 


been forgotten by metallurgists until their resurrection only five years 
ago by Morris Cohen (24). 

The simplest methods of measurement depend on the probability 
of intersection of a line randomly traversing the various two- and 
three-dimensional features of a structure. The volume fractions of 
various phases are directly in the ratio of the average lengths of 
traverse across them of a randomly applied line, subject only to 
statistical errors, which can be made as small as desired. In most 
metallurgical samples the structure itself is sufficiently random to 
permit measurements on a single extended two-dimensional cross 
section. Fig. 22 [from a paper by Beck and Smith (25)] shows how 
closely the measurements on a series of alloys in a two-phase field 
conform, as they should, to the well-known lever rule. The amount 
of a phase varies linearly with composition, and the limits of a two- 
phase field in a constitution diagram can be determined by linear 
extrapolation to 100% of each phase. A three-phase field can, in 
principle, be defined by means of volume measurements on only three 
alloys. Because there is no nucleation problem and diffusion paths 
are far shorter, equilibrium is much easier to obtain than in alloys 
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annealed for the usual bracketing method of establishing phase 
boundaries. 

It is often desirable to know the area of an internal interface, for 
example, the total area of grain boundaries in a given sample. In the 
past this has been calculated approximately from the average grain 
diameter by assuming a certain shape of grain. Guttman and the 
writer have recently shown (26), however, that the randomality of 
the metallographer’s section provides him with the basis of an easy 
statistical method for measuring grain boundary areas with no as- 
sumptions whatsoever as to shape. The average number of times that 





: 
’ 
Fig. 23—A Grid Superimposed 
on a Microstructure for Grain Bound- { 
ary Area Measurement by Intercept 

Counting. (From Transactions, Amer- 

ican Institute of Mining and Metal- . 
lurgical Engineers, 1952, with per- 
mission.) 


vrain boundaries are intersected by unit length of a line traversing a 
structure in all directions at random is exactly one-half the ratio of 
crain boundary area to volume. The average grain volume or average 
maximum grain diameter can be computed from this ratio only by 
assuming that all grains are identical in shape and size, which is never 
actually the case. 

In practice, a grid of known length and area can be applied to 
the structure, as in Fig. 23, at many different angles and the number 
of intersections recorded. It is also a useful fact that the intercept 
count (the reciprocal of the average linear traverse across the grain) 
is exactly 2/x times the ratio of length of grain boundary as seen on 
a two-dimensional section to the area studied. 


A CLASSIFICATION OF MICROSTRUCTURES 


We have discussed above the spatial arrangement, the geometry, 
and the measurement of microstructures. In what follows an attempt 
will be made to show how the classical structures of the metallographer 
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depend primarily on the interfaces involved. Any microstructure is 
a result of the past history of the system, and structures depend almost 
entirely on the properties of the nearly two-dimensional interfaces 
between phases, the manner of their motion, and the diffusion that 
may or may not occur along them. 

The chief characteristics of an interface include its effective 
thickness, the degree of disorder (i.e. its coherence or lack of it) and 
the nature of the composition gradient associated with it. There can 
be a compositional gradient alone, with only minor structural dis- 
continuities, as in the case of coring in a single crystal of a solid 
solution, and there can be crystallographic continuity or coherence 
with or without compositional discontinuity and either sharply or 
diffusely located in space. A coherent or semi-coherent boundary is 
likely to be strongly anisotropic in structure and behavior, and to 
have strain associated with it which may affect large volumes of 
adjacent crystals. An incoherent interface, conversely, tends to be 
isotropic, of high energy, and to allow ready relaxation along it oi 
both strain or composition gradients. Tables I and II show how 
structures can be rather simply classified in such terms. There ar« 
intermediate cases of all degrees of partial coherence, and example: 
can usually be found of high, low, and negligible coherence in an 
type of transformation or alloy. 

The photograph of a two-dimensional array of soap bubbles i: 
the Bragg model, Fig. 24, illustrates the structural differences betwee: 
the two types of interface. The partially coherent boundary (lowe: 








Table I 
Types of Interfaces Between Crystals 
Incoherent Partially Coherent Coherent 
Probable struc- Disordered; essentially a Largely coherent but with No dislocations; 
ture of nearly two-dimensional dislocations nearly uni- gradual strain 
interface liquid layer. formly spaced and form- transition from one 
ing nearly two-dimen- lattice to the other. 
sional array. 
Nucleation At grain boundary or by Fluctuation within crystal. Fluctuation within 
migration together of crystal. 


imperfections in 
strained lattices. 
Rarely forms sponta- 


neously. 
Manner of Easy movement of atoms, Movement of dislocations Movement of coher- 
motion both laterally and normal to interface (re- ent zone of strain 
across interface. quires diffusion). normal to inter- 
face. (No diffusion 
involved.) 

Restraints to Inclusions and other Volume strain energy. Volume strain 
motion geometric restraints. energy. 

Typical shape of | Isolated crystals are Anisotropic; typically Anisotropic, usually 
constituent spherical, otherwise plate-like. lenticulate; rarely 
bounded by polycrystalline foam plate-like. 
interface structure. 


In real structures there will exist all intermediate degrees of partial 
coherence. 
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Table Il 
Classification of Common Structures in Terms of Interface Type 





Change Occurring 


at Interface Incoherent 





Orientation change 


Normal (high energy) 
only. 


grain boundary net- 
work. 


Transformation products 


of pure metals near 
transformation point. 


Change in structure 
only. 


Change in both 
composition and 
structure. 


Interphase boundary in 
randomly oriented 
(worked and annealed) 
polyphase, polycrystal- 
line alloys. 


Laterally duplex. Eutectoid structures. _ 
Discontinuous precipi- 
tation. 


Gradual gradient in 


Partially Coherent Coherent 
Low energy boundary 
(polygonization) 

network. 


Transformation products 
of pure metals at tem- 
eratures somewhat 
elow transformation 
temperature (e.g. acic- 
ular ferrite or a 
titanium). 
Widmanstatten struc- 
tures. Oriented meta- 
stable intermediate 
phases in precipitating 
systems (e.g. 6’ in 
CuAl 


Twin boundary. 


Transformation far 
below Te, 
martensite. 


Widmanstatten struc- 
tures. (Perfect co- 
herence rare.) 
Preprecipitation 
zones in aged su- 


uAl). persaturated alloys. 
Bainite (?) Existence highly im- 
probable. 


Coring. 
composition, 


eft) is composed of imperfections (dislocations) clearly interacting 
with each other through their strain fields, but separated by many 
atom” rows of normal structure. The incoherent boundary (top) con- 
nues very few atom rows across it, for the majority of atoms in it 
e of abnormal coordination. Some such structures must exist in 
e boundaries between three-dimensional metal crystals, for they 
‘pend more on geometry and topology than on the precise nature 
interatomic forces. The bubble model cannot depict either twins 
boundaries between crystals that differ in structure or composition. 

The simplest incoherent interface is the high energy grain 

undary. Since it is highly disordered it can move easily at high 
cmperatures by individual transfer of atoms to one or the other 
\ijacent crystal lattice. Diffusion along it can easily relax gradients 
' either strain or composition. If it moves into a strained or super- 
saturated crystal, the crystal growing behind it will be unstrained and 
of nearly equilibrium composition. The nucleation of a new crystal 
urrounded by such an interface can be properly described by con- 
ventional nucleation theory, for the volume and surface energy terms 
are essentially independent, and strain energy is negligible. 

A coherent interface involves little interface energy, and it is 
easily nucleated, but (except in the rare cases of no change in volume 
or shape) its migration involves an accumulation of elastic strain, and 
it cannot move indefinitely unless the driving free energy is large. 
Partially coherent interfaces (most commonly represented by small 
angle, low energy graim boundaries or by the highly oriented two- 
phase interfaces that appear in Widmanstatten structures) are inter- 
mediate. They have some localized imperfection and can partially 
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Fig. 24—Coherent and Incoherent Boundaries Between Two-Dimensional Crystals 
in a Bragg Model. (Reproduced from METAL Procress, October 1950.) 


relax strain and because of low interface energy they are easily nu- 
cleated at temperatures where diffusion is possible. 

It is characteristic of the inccherent interface that it is difficultly 
nucleated ; it can be formed by the collection together of many imper- 
fections, as in recrystallization, where many subboundaries join to 
form a normal high energy boundary. Once such an interface exists, 
it can move readily. The gimplest case of this kind is the grain 
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Fig. 25—Grain Boundary Migration in Annealed Slightly Strained Aluminum. 
* 75. (From Journal of Applied Physics, Vol. 21.) 


boundary migration that occurs on annealing slightly cold-worked 
material, as so beautifully depicted by Beck (27, 28). Fig. 25 is taken 
irom one of his papers and shows one slightly strained grain growing 
into its neighbor. Though there is an increase of normal grain 
houndary area, there is a much larger decrease of invisible low angle 
boundaries (the interacting networks of dislocations resulting from 
“recovery” of plastic and elastic strain) and a net decrease of free 
energy. As the disordered boundary sweeps along it allows complete 
reconstitution to occur. All strain is relieved and the atoms are de- 
posited on the crystal behind the advancing boundary in equilibrium 
lattice positions. It is important to realize that this must happen 
entirely in the almost two-dimensional disordered zone and is possible 
only because of the existence of extreme disorder there. The move- 
ment of a partially coherent interface cannot accomplish reconstruction. 


Interface Motions During Transformation 


If a transformation is to occur giving rise to a new phase sepa- 
rated from its matrix by an incoherent interface, this will appear most 
easily at a grain boundary. Though it is probably nucleated by a 
coherent fluctuation in a crystal, its continued coherent growth would 
involve increasing strain and require considerable free energy for its 
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propagation to significant size. However, if such a fluctuation occurs 
near a grain boundary it can grow into the adjacent grain with which 
it is not coherent with only the small amount of energy that is neces- 
sary to change the curvature of a nearly flat interface. 

Consider Fig. 26 which shows schematically a grain boundary 
between two triangular close-packed lattices with an area of square 
lattice formed mostly coherently within the left grain. If the square 
lattice represented a nucleus of a stable new phase in the vicinity 
of the grain boundary, it could grow into the grain in which it had 
formed only if the change of free energy resulting from the transfor- 
mation was sufficient to overcome the increasingly high elastic strain 
energy that opposes its growth. It could, however, grow into the 
right grain by the movement of the disordered interface, which would 
leave behind it an increasing area of equilibrium square material with- 
out increasing strain. The rate would depend on diffusion along the 
interface, and have little relation to volume diffusion. There would 
be no orientation relation between the new phase and the matrix grain 
in which it is growing, except for the avoidance of coherent orienta- 
tions. At temperatures increasingly below the transformation temper- 
ature, diffusion will become slower, but the free energy change is 
higher and strain becomes less of a barrier, and coherent forms are 
thereby increasingly favored. The various configurations of pro. 
eutectoid ferrite in steels discussed by Mehl (29) agree with this view- 
point: Widmanstatten forms appear only at large undercooling. 
Similarly, it would be anticipated that Widmanstatten structures 
would be less common in transformations that occur on heating, fo: 
increasing AF is then accompanied by increasing diffusion which 
favors the incoherent boundary. 

The above relates to changes of structure alone, but the sam: 
principles apply when there is also a change of composition. 


Interfaces and Precipitation 


In most solid solutions it is possible to have small zones differ- 
ing in composition from the average but maintaining complete con- 
tinuity of all lattice planes, i.e., with completely coherent interfaces. 
This is usually the first stage in precipitation from a supersaturated 
solid solution. The requirement of coherence genefally necessitates 
a gradual gradient in strain and composition, and there will be no 
crystallographic imperfections. Lattice strain increases with the size 
of these zones, and it will often happen that beyond a certain size the 
aggregations will be able to maintain nearly perfect coherence only 
on one plane and will break it on others either by the generation of 
dislocations or by their migration to the appropriate place in the lat- 
tice. Such is the nature of the 6 phase in aged copper-aluminum 
alloys: it can form only when the interface has become partially 
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Fig. 26—Formation of a Nucleus by Coherent Fluctuation in 
the Vicinity of a Disordered Grain Boundary. (Drawing is based 
on a grain boundary in array of bubbles, as in Fig. 24.) 


incoherent, for only then is it possible to have the necessary lower 
symmetry of the precipitating particle. The fact that coherence can 
remain high in the major plane of contact enables this phase of non- 
equilibrium structure to be effectively stable as long as its orientation 
is not changed by some external agency. Ideal compositional equi- 
librium cannot exist iti crystals of different phases when they are 
joined by a crystallographically coherent boundary. The 6 phase that 
represents true equilibrium results only when coherence is completely 
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broken, which can happen only at a grain boundary or at some other 
highly strained location where a nucleus can appear of an orientation 
which does not permit a coherent interface. Particles of such an 
equilibrium constituent, since they must have a disordered interface, 
will be approximately spherical in shape if they appear in the middle 
of a grain and lens-shaped at a grain boundary. Their formation will 
be vastly accelerated by deformation, for this provides the imperfec- 
tions that by their aggregation form the interface. 

Discontinuous precipitation is a most interesting case. As is 
well known, this form of precipitation occurs only on aging alloys 
with a high degree of supersaturation. It commences always at grain 
boundaries and advances into the adjacent grains, often unsymmetri- 
cally. Both structure and composition change abruptly at the inter- 
face, and no visible gradient is apparent ahead of this. It appears that 
as the interface advances, lateral diffusion along it transforms the 
strained inhomogeneous supersaturated crystal into unstrained equi- 
librium parent and precipitate phases, arranged in a more or less 
lamellar structure extending behind the interface. Such complete 
reorganization can occur only at a disordered, incoherent interface 
and is quite distinct from the mechanism that gives rise to coherent 
precipitation within the grains. The disordered interface that is 
necessary requires considerable free energy for its nucleation, and 
it does not readily form by an internal fluctuation; however, the 
proper structure already exists at a grain boundary, and at its sim- 
plest discontinuous precipitation is nothing more than the growth oi 
one grain into its neighbor. It is closely analogous to recrystallization. 
as in Fig. 25, except that composition, as well as strain, is relaxed. 
The equilibrium second phase collects in a more or less pearlitic 
structure and once nucleated will continue to grow edgewise as the 
interface advances, with repeated branching if necessary to maintain 
the proper spacing. 

If this mechanism is the correct one, then the orientation of the 
major phase in a zone of discontinuous precipitation should not bear 
an exact orientation relationship with the grain in which it is growing 
but, on the contrary, should be nearly identical with the orientation of 
the neighboring grain. That this is the case is clearly seen in Figs. 
27 and 28 which show the microstructure of an alloy of zinc with 2% 
of copper, annealed at 200 °C to préduce discontinuous precipitation. 
Both micrographs show the same area, but Fig. 28 was taken with 
polarized light to show orientation relations. There can be no doubt 
that the major phase in the discontinuously precipitated areas has an 
orientation identical with the grain adjacent to that into which it is 
advancing. This grain was indeed the nucleus for it. The similarity 
to Fig. 25 is striking, and leaves no doubt that the change in structure 
has resulted from the migration of the grain boundary. 
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Fig. 27—Microstructure of Zinc-Copper Alloy (2% Cu). Annealed 12 hours 
400 °C; cooled to and annealed 36 hours at 200°C. Shows area of discontinuous pre- 
cipitation. x 200. 


Fig. 28—Same Field as Fig. 27, Under Polarized Illumination. 
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Fig. 29—Microstructure of Copper-Silver Alloy (3.75% Ag). Quenched 700 °C; 
reannealed 16 hours at 400°C to develop discontinuous precipitation. Etched 
NHsOH + NHa (SO«)2. X 100. 


The photomicrograph, Fig. 29, is of an alloy of copper with 
3.75% silver annealed at 400 °C to develop discontinuous precipitation. 
It is immediately apparent that the areas’of discontinuous precipitation 
originate solely at grain boundaries, and that they grow only into one 
grain, not both. Moreover, if the portion of the grain that is growing 
is twinned, the twin boundary can be traced in the precipitated area, 
while if the precipitated area is advancing into a twinned grain, the 
twin is obliterated. Confirmation of the predicted identity of orien- 
tation was obtained on a similar sample by C. S. Barrett, using 
X-rays. Fig. 30 shows the appearance under the microscope of two 
adjacent grains, into one of which discontinuous precipitation has 
advanced. The circles indicate the areas irradiated by the small X-ray 
beam used for the back-reflection Laue photographs reproduced in 
Figs. 3la and 31b, respectively. The pattern from the precipitated 
area clearly has spots corresponding in position with those from the 
adjacent grain (though more sharply defined), and there is no ap- 
parent simple orientation relationship with the grain into which it is 
growing. 


ms 
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Discontinuous precipitation is sometimes not as simple as in the 
samples given. The simple lamellar structure, so reminiscent of pearl- 
ite, will not appear if the advancing interface frequently encounters 
minute already-precipitated particles that can grow at the interface. 
If one of these should appear between two edgewise-advancing lamel- 
lae it will compete for material and may grow in their stead, resulting 
in a series of short disconnected particles of the second phase instead 
of the long plates that result from continued branching growth from 
the first nucleus. Moreover, just as extensive recrystallization occurs 





Fig. 30—Another Area of Specimen Shown in Fig. 29, With Location 
of X-Ray Beams Marked. xX 100. 


when heavily cold-worked metal is annealed (contrasting with the 
simple extension of one grain into its neighbor, as in Fig. 25), so 
in precipitating systems, if there is a high degree of strain, many small 
grains widely differing in orientation may appear. These have actu- 
ally been observed in beryllium-copper where the precipitated areas 
grow both ways from the boundaries at which they form and possess 
extremely small grain size (30). Discontinuous precipitation involves 
an increase in area of a high energy interface, and it can only proceed 
when the change of free energy accompanying the reaction is sufficient 
to supply the necessary surface free energy. In alloys such as 
beryllium-copper where many new grains are formed, the interface 
energy is extremely high, and the precipitated zones can advance only 
as long as a high degree of supersaturation exists in the neighboring 
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Figs. 3la and 31b—Back-Refiection Laue Patterns of Areas 
Marked in Fig. 30. The circles in Fig. 31b designate spots corre- 
sponding to the adjacent crystal. 


crystals. If continuous precipitation is simultaneously proceeding 
within the crystals, it may reach such a stage that discontinuous 
growth can no longer advance into it with any gain of energy. 

Although a disordered, disoriented interface must divide a super- 
saturated crystal from the precipitated area growing into it, the inter- 
face between the two phases in the latter is not so limited. Indeed, 
the interface energy between them will be less, and the driving force 
for the reaction greater, if they are mutually oriented. Thus, one sees 
in the transformed areas of Fig. 27 plates of the e phase of a habit 
identical with the few that formed by a Widmanstatten mechanism 
within the crystal behind. There will be competition between the 
continuation of an oriented plate and the maintenance of approxi- 
mately equal spacing, which necessitates frequent branching at the 
time the advancing interface is of small, increasing radius. 

An essentially analogous situation exists in eutectoid transfor- 
mations. The best known case is that of pearlite in steel, which forms 
most frequently at grain boundaries and often grows into only one 
grain. In the writer’s opiniom its nucleation is the result of a fluc- 





1953 MICROSTRUCTURE 569 





Fig. 32—Orientation of {110} Axes of Pearlitic Ferrite, as Related to 
Austenite Crystal in Which it Is Growing. (From Smith and Mehl (32), 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 
150, with permission.) 


‘uation near the grain boundary which produces a small zone of fer- 
‘ite, coherent in one grain but incoherent with the neighboring grain 
cross the boundary. If this occurs in the vicinity of a carbide par- 
ticle or if a carbide particie is nucleated nearby following the rejection 
of carbon from the ferrite, the two constituents can simultaneously 
grow by the advance of the incoherent boundary into the neighboring 
grain. Repeated lateral branching of both ferrite and cementite can 
maintain the critical spacing for maximum growth rate without re- 
nucleation and without destroying the continuity of the disordered 
interface as it advances through the austenite. The orientation rela- 
tionship between the ferrite in the pearlite and the austenite grain 
into which it is growing is, therefore, just the avoidance of those 
orientations where a coherent interface is possible. In simple cases 
the ferrite may be in a coherent orientation to the austenite in the 
grain across the grain boundary from the one into which it is growing. 
No data are available on the latter point, but the similarity with dis- 
continuous precipitatioh makes a confident prediction possible. 
Excellent studies of the orientation relationships in pearlite were 
made by Mehl and Smith (31) and by Smith and Mehl (32), respec- 
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tively. The results of the latter are reproduced in Fig. 32 and seem 
to provide corroboration of the “avoidance” hypothesis. 

It is a reasonable prediction that in a polycrystal, the orientations 
not represented in plots such as Fig. 32 would be found if the ferrite 
orientations were referred to the appropriate adjacent austenite crys- 
tals. Although Smith and Mehl proposed certain orientations as the 
center of their scattered results, it is at least equally satisfactory to re- 





Fig. 33—Electron Micrograph of Interface Between Pearlite and Tempered 
Martensite, Commercial Tool Steel Containing 0.9% Carbon, 1.6% Manganese. 
Pearlite grown at 697 °C, then quenched and tempered 5 minutes at 500 °C. 


gard the orientations as being distributed at random except for the 
avoidance of certain areas. They say: “It was found that ferrite in 
pearlite assumes a discrete number of determinate orientations rather 
than an infinite number of random orientations.”” They also point out 
that the orientation relationships observed are quite different from 
those that exist between proeutectoid ferrite and austenite in hyper- 
eutectoid steels, and the mechanism of formation is therefore different. 

Essentially the pearlitic growth mechanism can only proceed with 
interfaces between ferrite and austenite at orientations near the high 
horizontal plateau of the curve relating surface energy to orientation 
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(Fig. 10). Fluctuations will most readily occur at the low energy 
cusps, but these cannot grow except with enough free energy to over- 
come strain restraint. Though the disordered interface must always 
be present for pearlite to grow, the nature of nucleation may not 
always be as suggested, and certainty is not so when pearlite is nucle- 
ated away from a grain boundary or when it is observed to grow into 
both grains from a boundary. 

It is an inherent characteristic of the highly disordered boundary 
that lateral diffusion along it should be extremely high. If this is 
considerably higher than volume diffusion, then the entire transfor- 
mation could occur in this two-dimensional interface, and three- 
dimensional gradients of carbon concentration ahead of it might be 
very small. Mr. Richard Grace has attempted to investigate this 
point by quantitative metallography on a partially transformed 
quenched and tempered steel (Fig. 33).® Preliminary measurements 
do indicate some enrichment of carbon ahead of the ferrite. No after- 
srowth has ever been observed in either pearlite or discontinuous pre- 
cipitation, and complete equilibrium seems to be established by the 
passage of the interface. 

If this general viewpoint is correct, then the incoherent interface 
becomes the point of most interest in considering factors affecting the 
hardenability of steel. The bulk free energy changes are important, 
of course, but the major effect of alloying elements on transformation 
kinetics would now seem to result from their effect on the structure 
and properties of the interface between ferrite and austenite. Any 
alloying element will make possible the construction of a lower energy 
boundary and a generally more compact structure through which dif- 
fusion would be less easy, simply because a selection is possible be- 
tween atoms of various sizes and coordination numbers in bridging 
the gap between perfect lattices. 


SUMMARY 


In order to understand microstructure it is desirable to consider 
the interaction of all three aspects—the topological, the geometric, and 
the metric. In two dimensions the average grain must be a hexagon 
with certain definite relations between the number of grains with 
other than six sides. Local surface tension equilibrium requires grain 
junctions to be at 120°, which necessitates curved grain boundaries in 
random arrays of grains and hence makes grain growth inevitable. 
The faces of three-dimensional grains must approximate 54 edges 
on the average. Their similarity to bubbles and cells in biological tis- 
sue emphasizes the importance of mathematical rather than physical 
factors in their shape. In two-phase alloys the 120° grain corner angle 
is replaced by some other angle, which depends on the energy of the 


*Thanks are due to Messrs. Ellis and Thourson of the International Harvester Com- 
pany for making the replica and electron micrographs of these samples. 
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interfaces involved and can be considered to be a result of simple 
surface-tension equilibrium of fluid interfaces. If the angle is 60° or 
less, a second phase (even in minor amount) will be completely con- 
tinuous along grain edges, and if 0°, it will spread over the faces. 
Anisotropic structures, such as Widmanstatten structures, occur only 
when there is a precise orientation relationship between the two 
phases, and slight disturbance of the orientation produces structures 
with curved interfaces as in a typical foam structure. If grain bound- 
ary energy is a higher fraction than 0.55 of the solid/liquid interface, 
grain corners will be appreciably rounded and the intervening space 
filled with equilibrium liquid at temperatures below but near to the 
melting point. A simple model is discussed suggesting that even a 
plane grain boundary should change its properties rapidly at tempera- 
tures close to the melting point and at compositions near to the solid 
solubility limit if the solubility is small and if the liquid, when it 
appears, has a low interface energy against the crystals. Some such 
factor is involved in many of the mysterious cases of brittleness 
known to metallurgists, such as the embrittlement of bismuth copper 
and the hot-shortness of steels. 

An attempt is made to classify metallographic structures in terms 
of the characteristics of the interface between the phases involved. The 
nucleation of a new phase on transformation is more simply regarded 
as the formation of a stable interface than the formation of a stable 
crystal. A high energy, disordered, incoherent, interface is rarely 
formed but easily moved if it is present. Transformations requiring 
disordered interfaces occur chiefly at grain boundaries and often pro- 
ceed merely by the moving of the boundary, as in the cases of recrys- 
tallization, discontinuous precipitation and eutectoid transformations. 
A coherent interface is more easily nucleated by spontaneous fluctua- 
tion, but since its migration involves increasing elastic strains, it will 
not proceed indefinitely unless the driving free energy change is very 
large. The various stages of precipitation from solid solution corre- 
spond to complete coherence, partial coherence, or incoherence. Only 
if an incoherent boundary separates phases can the two attain the ideal 
equilibrium composition, and it is only when partial coherence is 
maintained that metastable phases can persist. The analogy between 
discontinuous precipitation and recrystallization is a close one. Both 
occur by the motion of an incoherent interface. It is shown that the 
major phases in discontinuously-precipitated areas in both zinc-copper 
and copper-silver alloys are identical in orientation with the adjacent 
grains, and the reaction is nothing more than the migration of the 
grain boundary with complete relaxation of strain and composition 
along it. Similarly, it is postulated that in the growth of pearlite in 
eutectoid steels the ferrite nucleus results from spontaneous fluctua- 
tion near to an austenite grain boundary and that it grows by migra- 

Tw 
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tion of the boundary into the adjacent crystal. Unlike martensite, 
there is not a specifiable exact relationship in orientation between the 
austenite grain and the ferrite in pearlite growing into it, but rather 
the avoidance of the few orientations that could be coherent. It is sug- 
gested that two-dimensional diffusion along the interface is dominant, 
and that the structure, energy, and mobility of interfaces are not a 
unique function of their orientation and composition alone, but depend 
also on the rate at which they are moving. 
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THE MECHANISM AND KINETICS OF THE FIRST STAGE 
OF TEMPERING 


By C. S. Rosperts, B. L. AVeErBACH AND Morris CoHEN 


Abstract 


The mechanism and kinetics of martensite decompo- 
sition in the first stage of tempering were studied by means 
of X-ray and length measurements in a series of high 
purity tron-carbon alloys and commercial steels. In par- 
ticular, a single-crystal X-ray technique was employed to 
ascertain the changes in the martensitic matrix attending 
the rejection of carbon. 

The first stage of tempering proceeds by the growth 
of an aggregate, consisting of low carbon martensite and 
a hexagonal close-packed carbide, at the expense of the 
primary martensite. The low carbon martensite is tetrag- 
onal, with an axial ratio corresponding to a carbon content 
of about 0.25%, and appears to be in metastable equilib- 
rium with the hexagonal carbide. The latter has the ap- 
proximate composition Fe, ,C. The third stage of temper- 
ing, involving the formation of cementite, generally begins 
before the completion of the first stage. 

The kinetics of the retained austenite transformation 
in the second stage of tempering were obtained as a by- 
product of this work, and are reported in an appendix. 
The magnitude of the activation energy for the second- 
stage reaction, and its dependence on carbon content, both 
suggest that carbon diffusion in austenite is the controlling 
process. 


N the tempering of hardened steel, the first stage (in order of 
increasing tempering time and temperature) is recognized as the 
decomposition of the martensite into a low carbon solid solution and 
a carbide other than cementite. The second stage of tempering over- 
laps the first, and comprises the transformation of the retained aus- 
tenite.1_ However, considerable uncertainty exists concerning the 





1The third stage of tempering involving the ultimate formation of cementite is not 
treated in this paper, although it was invariably encountered in attaining the end of the first 
stage. re 


This paper is based on a portion of a thesis submitted by C. S. Roberts in partial fu! 
fillment of. the requirements for the degree of Sc.D. in Metallurgy at the Massachusetts 
Institute of Technology, October 1951. 





A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, C. S. Roberts 
is associated with the Metallurgical Laboratories, Dow Chemical Co., Midland, 
Mich., and B. L. Averbach and Morris Cohen are associated with the Depart- 
ment of Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 
Manuscript received April 10, 1952. 
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Table I 
Composition and Metallography of Alloys 


Frac- % Retained % Retained 


Alloy or Austeni- Quench- ture Austenite, Austenite, 
Steel tizing ing Grain Quenched Refriger- 
No. %C %ZMn FSi Temp., °F Medium Size to 72°F ated 
122 0.29 * * 1600 10% Brine 6 2 0.4 
123 0.39 * * 1550 10% Brine 5 1.6 0.1 
124 0.62 * * 1500 10% Brine 4% 4.1 2.0 
103 0.68 0.78 0.21 1500 Water 6 7.6 2.S 
Steel 
125 0.78 * * 1500 10% Brine 5% 7.0 3.0 
105 0.93 0.42 0.19 1550 Water 6 11.0 4.2 
Steel 
126 0.96 * * 1550 10% Brine 4% 10.0 4.1 
127 1.16 * * 1650 Water 70% 1, 

30% >1 19.9 6. 
128 1.43 * * 1850 Water >1 32.3 12.9 


*For the high purity alloys, silicon and oxygen <0.01%, all other elements <0.001%. 





nature of the decomposition products and their mechanism of 
formation. 

The present paper describes a quantitative study of the first stage 
of tempering in which a single-crystal X-ray diffraction technique 
was used to investigate the products and mechanism of martensite 
decomposition, while precision length measurements were employed 
to establish the kinetics of this decomposition. Suitable corrections 
were made for the accompanying effects of the retained austenite 
transformation. The studies were carried out as a function of carbon 


content both in high purity iron-carbon alloys and in commercial 
steels. 


EXPERIMENTAL MATERIALS 


Seven high purity iron-carbon alloys? and two commercial plain 
carbon steels* were chosen for investigation. The chemical analyses 
are listed in Table I. The high purity alloys were cast as 30-pound, 
3-inch diameter ingots, which were subsequently hot-forged and hot- 
swaged to ¥%-inch diameter rods. The commercial steels were re- 
ceived as 5g-inch diameter hot-rolled rods. 

The hypoeutectoid materials were then normalized and the hyper- 
eutectoid materials were put into the spheroidized condition. Follow- 
ing such pre-treatments, all decarburization was removed by machin- 
ing. Hardening temperatures were selected to give complete carbide 
solution, and the absence of carbides and proeutectoid constituents 
was verified metallographically. The hardening details and the frac- 
ture grain size are summarized in Table I. 


“ “Vacuum-melted and cast*ingots prepared by National Research Corporation, Cambridge, 
lass. 


®These two steels were selected from a series kindly furnished by the Carnegie-Illinois 
Steel Corporation. 
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The retained austenite contents were determined after the hard- 
ening quench and after subsequent refrigeration in liquid nitrogen. 
A lineal analysis technique (1)* was used for the 1.16% carbon and 
the 1.43% carbon alloys, and the other determinations were made by 
integrated X-ray intensities (2). The probable error was about 
+0.5% for the lineal analysis and about +0.3% for the X-ray results. 


Frrst-STaAGE Propucts oF DECOMPOSITION 


Kurdjumov (3) showed in an early X-ray diffraction study that 
a transition carbide is precipitated during tempering. More recently 
Jack (4) found that the first-stage precipitate is a hexagonal close- 
packed carbide with the following parameters: 


a = 2.73 kX, c = 4.33 kX, c/a = 1.58 


This phase was named e-iron carbide, since it is isomorphous with 
€-iron nitride. Although the nominal composition of the e-carbide 
is sometimes regarded as FesC, Jack had evidence to suggest a 
composition between Fe2C and FesC. 

In a similar diffraction study, Nygren (5) also identified the 
e-carbide during the first stage of tempering, and reported the follow- 
ing lattice parameters : 


a = 2.74kX, c = 4.36 kX, a= Loa 


These parameters were obtained on tempering the high purity alloy 
containing 0.62% carbon in Table I. On the basis of the similarity 
of lattice spacings of ferrite and the e-carbide in certain directions, 
Jack postulated that the precipitate was coherent with the matrix. 
This coherency could account for the increase in hardness found 
during the first stage of tempering. 

The conversion of tetragonal martensite to cubic martensite of 
the same carbon content, as proposed by some of the early investi- 
gators (6, 7, 8) is refuted by the observed precipitation of e-carbide 
from the martensite. On the other hand, such precipitation is con- 
sistent with the work of others (3, 9, 10, 11) who reported a gradual 
rejection of carbon during the first stage, accompanied by a decrease 
in the tetragonality of the martensite. At the end of the first stage, 
it was presumed that a matrix of cubic ferrite remains with the pre- 
cipitated carbide. All of the aforementioned X-ray data were ob- 
tained from powder patterns. It may be noted that the tetragonality 
of the martensite varies linearly with the carbon content, but because 
of the broadness of the diffraction lines and the merging of the dou- 
blets, there are no reliable data on the tetragonality of martensites 
with less than about 0.60% carbon. 

Averbach and Cohen (12) studied the kinetics of the first stage 


‘The figures appearing in parentheseg pertain to the references appended to this paper. 
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in a 1% carbon steel and calculated that approximately 0.6% carbon® 
remained in solution in the ferrite at the end of the first stage. 
Kurdjumov and Lyssak (13, 14) used a single-crystal X-ray tech- 
nique to trace the decomposition of the martensite. They reported a 
carbon content of about 0.3% at the end of the first stage in an iron- 
carbon alloy containing 1.4% carbon (13), and 0.25% carbon at the 
end of the first stage in a 1% carbon steel (14). Moreover, their 
X-ray evidence showed clearly that martensite decomposes by a 
heterogeneous process. The martensite does not lose its tetragonality 
gradually; instead a new martensite is formed, with a tetragonality 
corresponding to about 0.25% carbon. Both martensites exist to- 
gether, with more of the low tetragonality martensite forming at the 
expense of the primary martensite as the tempering proceeds. At 
the end of the first stage, the remaining phases are the low tetrago- 
nality martensite and the transition carbide. 

This direct evidence of a discontinuous decrease in tetragonality, 
based on single-crystal studies, is in sharp contradiction to the gen- 
erally accepted gradual decrease in tetragonality, as indicated by the 
powder pattern work. Kurdjumov and Lyssak reconciled the dis- 
crepancy by showing how the overlapping of the broad lines from 
the two martensites could produce an apparently gradual decrease of 
tetragonality in powder patterns due to the progressive change in the 
relative amounts of the two martensites. 

In the experiments described here, the single-crystal X-ray dif- 
fraction method was used to observe the crystallographic changes in 
the martensitic solid solution during the first stage. Since the aus- 
tenite and martensite have the Kurdjumov-Sachs® orientation rela- 
tionship in iron-carbon alloys, a single crystal of austenite will trans- 
form on quenching to a myriad of martensite plates which are oriented 
in one of eight unique positions. Accordingly the X-ray reflections 
(002) and (200) (020), which comprise one martensite doublet, 
may be diffracted separately and recorded on individual films, as 
described below. With this technique it is possible to measure the 
changes in tetragonality of the martensitic solid solution without the 
interference of overlapping doublets, thus avoiding the limitation 
inherent in the polycrystalline methods. 

Four high purity iron-carbon alloys containing 0.78%, 0.96%, 
1.16% and 1.43% carbon were adopted for these X-ray investigations. 
Single crystals were obtained by coarsening specimens about %4 inch 
square by 2 inches long for 24 hours at a temperature about 100 °F 
(55 °C) below the solidus. This treatment produced austenite grains 
about 35 to 3%; inch diameter, and these usually cracked in an inter- 
crystalline fashion on quenching. After such hardening, the speci- 


5This value was based on rough assumptions for the specific volume and composition of 
the carbide phase. The latter had not been identified at the time. 


®(111)a | (101); [110]a |] [211] (15). 
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Fig. 1—Rotation Patterns From Iron-Carbon Alloy 128 (1.43% Carbon) Single 
Crystal. Smooth lines are from porcelain cement. 


mens were etched in dilute HCl and the grains separated by a light 
hammer tap. The individual crystals were then etched in dilute 
HNOgs to remove any plastic deformation, and were used directly 
in the diffraction studies with negligible difficulties from their slight 
asymmetry. 

All diffraction patterns were made in a Unicam single-crystal 
goniometer camera of 6-centimeter diameter which allowed both com- 
plete rotation and oscillation over small angular ranges. Filtered 
iron Ka radiation was employed and precise calibration of the camera 
was accomplished by means of well-annealed powder specimens of 
pure platinum. 

Each specimen was carefully mounted with porcelain cement on 
the conically ground end of a short length of 2-millimeter glass rod. 
Reference lines were cut with a diamond on the rods parallel to their 
axes. The crystals were oriented so that an austenite cube axis was 
coincident with the axis of rotation and perpendicular to the X-ray 
beam. The rod and crystal could be removed periodically from the 
camera for tempering treatments, and the original orientation could 
be duplicated from the reference scratches. 

The optimum crystal size was found to be between 0.5 and 
| millimeter. Larger crystals caused a sacrifice in resolution by spot 
enlargement, while smaller ones caused undue complications of the 
patterns by increasing the relative volume of the omnipresent twins. 

Fig. 1 shows the complete rotation pattern produced from a 
single crystal of the 1.43% carbon alloy. Located on the equator are 
both the (200) and the (220) austenite spots. Between them and 
appearing slightly above and below the equator are the 16 (200) 
(020) and the 8 (002) reflections from the martensite superimposed 
in four spots. This positioning is a manifestation of the Kurdjumov- 
Sachs orientation relationship.415). The (200) (020) spots occur 
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(002) 
AS QUENCHED 


(002) 
IS MIN, 


(O02) 
90 MIN, 


(002) 
600 MIN. 


(200)(020) 
600 MIN. 


(200 )(020) 





Fig. 2—Oscillation Patterns Showing (002) and (200) 
(020) Martensite Spots From Alloy 128 (1.43% Carbon) Tem- 
pered at 200 °F (93 °C). 


at the higher angle and are approximately twice as intense as those 
‘rom the (002) plane. 

In order to study the first-stage tempering behavior, the (200) 
(020) and the (002) components must be recorded on separate films. 
This requires oscillation patterns over a range of 15 and 25 degrees, 
respectively, in order to include all planes of each group. Exposure 
times were 15 to 30 minutes for the rotation patterns and 5 to 10 
minutes for the oscillation patterns. Intensities were measured from 
traces obtained with a Kipp and Zonen microphotometer. 

The first-stage mechanism reported by Kurdjumov and Lyssak 
(14) was confirmed. The oscillation patterns showing only the 
(002) martensite reflections gave consistent evidence that the de- 
composition proceeds by the formation of a low carbon martensite 
at the expense of the, primary martensite. The e-carbide is also 
formed at the same time, but its diffraction lines are too weak to 
appear in these patterns. 

In Fig. 2, the (002) spots are reproduced from oscillation 
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patterns made from the 128 alloy (1.43% carbon) after a series of 
tempering times at 200°F (93°C). A new set of (002) spots 
appears at a position corresponding to a carbon content of 0.25%. 
The sharp and faint lines at the right are polycrystalline diffractions 
from the platinum calibration specimen and the porcelain cement, 
respectively. Visual comparison of the position of the spots with 
that of the (200) (020) spots in Fig. 2 reveals the tetragonality 
of the low carbon martensite. During the course of tempering, the 
relative intensity of the low carbon and primary martensite lines 
changes progressively until the primary martensite disappears, but 
the positions of the lines remain approximately the same. 

The values of the tetragonal parameter, c, for the low carbon 


Table II 
Carbon Content of Low Carbon Martensitic Phase for Various Alloys and 
Tempering Temperatures 


Final Martensite— 


Alloy No. Initial % C Temp., °F c(kX) %C* 
125 0.78 250 2.893 0.28 
126 0.96 250 2.893 0.28 
127 1.16 250 2.890 0.25 
128 1.43 250 2.890 0.25 
128 1.43 200 2.888 0.23 
128 1.43 150 2.880 0.17 





*The carbon content corresponding to each value of the c parameter was obtained by an 
extrapolation of the available parameters for primary tetragonal martensite of known carbon 
contents. These values extrapolated to the parameter of cubic ferrite at 0% carbon. 


phase and the corresponding carbon contents are summarized in 
Table II. The precision of these measurements is about 0.05% 
carbon. It is evident that the carbon content of the low carbon 
martensite does not vary materially with the carbon content of the 
primary martensite. This finding suggests that the low carbon mar- 
tensite may be in metastable equilibrium with the e-carbide, as both 
form simultaneously out of the primary martensite. The slight in- 
crease in carbon content of the low carbon martensite with tempera- 
ture may be significant, and is in the proper direction to support the 
concept of metastable equilibrium with the e-carbide. 


Frrst-STaGE KINETICS 


The kinetics of the first and second stages of tempering were 
observed by measurements of unit length changes (16) after a series 
of tempering treatments. Specimens 4 inches long by 34-inch diameter 
were austenitized for 30 minutes in lead or salt baths controlled to 
+5°F (+3°C). After the quench, a 45-minute delay for cleaning 
and temperature equalization occurred prior to the initial length 
measurement. Tempering was conducted at eight temperatures, 
ranging from 68°F +1°F (20°C +0.5°C) to 500°F +5 °F 
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(260 °C + 3°C) and extending up to 5000 hours. The occasional 
cracked specimens were rejected, and repeat runs were made. Usually 
consistent results were obtained from the duplicate specimens in each 
case. 

The presence of retained austenite was taken into account by 
measuring length changes on two sets of specimens with different, 
but known, quantities of retained austenite produced with and with- 
out refrigeration (see Table I). With the aid of simultaneous 


AL/t x 108 





0.1 | 10 100 1000 10,000 
Time, Hours 


3—Length Changes on Tempering 100% Martensite of Alloy 122 
(0. sae ‘Carbon). 


equations (16), it was possible to evaluate separately the unit length 
changes attributable to the martensite and to the retained austenite. 
Although an individual length measurement was accurate to within 


+2 microinches per inch, the final accuracy of each length change 
was probably no better than +5%. 


There has been some question about the use of length changes — 


for kinetic measurements since the relief of macrostresses can also 
produce a change in length. This possibility was investigated by 
determinations of specific volume and length on the same specimen. 
It was shown that, even for the alloy with the highest carbon content 
at the highest tempering temperature, the differences between the 
specific volume and corresponding unit length changes were within 
5%, which is the experimental error. Furthermore, even on temper- 
ing to produce a spheroidized structure, the contribution of stress 
relief to the total observed length change was less than 10%. 

The unit length changes for 100% martensite (i.e., corrected for 
the presence of the retained austenite’) in each of the steels listed 





"The unit length changes for 100% austenite (i.e., corrected for the presence of mar- 
tensite) are discussed in Appendix A. 
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0.1 | 10 100 1000 10,000 
Time, Hours 


Fig. 4—Length Changes on Tempering 100% Martensite of Alloy 123 
(0.39% Carbon). 


of First Stage 





0.1 l 10 100 1000 10,000 
Time, Hours 


Fig. 5—Length Changes on Tempering 100% Martensite of Alloy 124 
(0.62% Carbon). 


in Table I are shown in Figs. 3 to 11. The kinetic behavior shows 
a consistent trend as a function of carbon content, with slight differ- 
ences in detail between the high purity alloys and the commercial 
steels. For example, in Fig. 6, a plateau denoting the end of the 
first stage is clearly seen. In the high purity alloys, this plateau is 
much less evident and overlapping of the first and third stages is 
involved. Irrespective of the overlapping, it is evident from Figs. 3 
to 11 that the third stage of tempering is definitely underway on 
tempering for 1 hour above 400°F (205°C). This early formation 
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Fig. 6—Length Changes on Tempering 100% Martens- 
ite of Steel 103 (0.68% Carbon). 
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Fig. 7—Length Changes on Tempering 100% Martens- 
ite of Iron-Carbon Alloy 125 (0.78% Carbon). 


of cementite at the expense of the ¢-carbide may well account for the 
500 °F (260°C) embrittlement phenomenon. 


The observed data are well represented by a rate equation of 
the form (12): 


ek (1 — f)t™ Equation 1 
dt 
f = fraction transformed 
t = time 
K = ratéconstant (temperature dependent ) 
m = constant 


If y is the observed unit length change and a the total unit length 
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Fig. 8—Length Changes on Tempering 100% Martens- 
ite of Steel 105 (0.93% Carbon). 
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Fig. 9—Length C es on Temperi 100% Martens- 
ite of ‘Alloy 126 (0.96% Carbon). ne 
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change at the end of the first stage, the above equation can be inte- 


grated to the form :* 
a Be K ) ; 
log tog ( mt -) = (m +1) logt + log (<-—— (m 41) Equation 2 


A plot of log log [a/ (a — y)] versus log t should yield a straight line 
from which m and K may be evaluated. 


The X-ray data were used to compute values for a. In Fig. 6, 
a plateau at y = 1260 microinches per inch is observed for the 0.68% 
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Fig. 10—Length Changes on Tempering 100% Martens- 
ite of Alloy 127 (1.16% Carbon). 


carbon steel at the end of the first stage. This can be combined with 
the parameters of the e-carbide reported by Nygren and the lattice 
parameters of the 0.25% carbon martensite (see previous section) 
to calculate the composition of the carbide. The e-carbide is thus 
found to correspond to the formula Fes4C. Since it has been shown 
that the composition of the low tetragonal martensite produced by 
*In previous papers the last term of Equation 2 has been written 
toe (5) 
In this form the term m-} 1 is included in the constant K, but the rate constant then has a 
different value than that defisiéd above. For clarity the rate constant is now defined by Equa- 


tion 1 and the identity of the constant is maintained in the integrated form. The authors 
are grateful to L. J. E. Hofer and E. M. Cohn for pointing out this discrepancy. 


_ ,°This point was brought out by Dr. B. S. Lement, whose calculations are summarized 
in Appendix B. 
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the first stage of tempering does not vary with the carbon content 
of the primary martensite (see Table II), it was assumed that the 
composition of the e-carbide is also invariant, and to a close approxi- 
mation the value of a can then be represented by: 


a = 2930 x 10° (C, — 0.25) Equation 3 


where C, is the carbon content of the primary martensite. 
A typical check on the validity of the rate equation is illustrated 


300°F 


Caiculated 
End of 
First Stage 





0.1 | 10 100 ©1000 10,000 
Time, Hours 


Fig. 11—-Length Changes on Tempering 100% 
Martensite of Alloy 128 (1.43% Carbon). 


in Fig. 12 in the case of the 1.43% carbon high purity alloy. The 
low carbon alloys (0.29% and 0.39% carbon could not be analyzed 
in this way because of the high relative error in the data obtained at 
the low tempering temperatures, but all of the other alloys exhibited 
a kinetic behavior similar to that of Fig. 12. Most of the data con- 
form to straight lines when plotted according to Equation 2, and 
when the values of a are taken from Equation 3. There is some 
deviation near the end of the first-stage transformation caused by 
overlapping of the third stage. There is also some deviation during 
the early times at low tempering temperatures. This is attributable 
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Table Ill 
Values of m for First Stage of Tempering 


Alloy or 














~,rKww SE Nn OOOO eee ee ee ee ere ~~ 
Steel No. %C a X106 72°F 100°F 150°F 200 °F 250°F Average 
ee 0.68 1260 —0.70 —0.70 —0.66 —0.71 —0.69 —0.69 
Stee 
125 0.78 1550 —0.73 —0.71 —0.69 —0.71 —0.74 —0.72 
105 0.93 1990 —0.70 —0.68 —0.69 —0.71 —0.72 —0.70 
Steel 
126 0.96 2080 —0.72 —0.70 —0.66 —0.69 —0.73 —0.70 
127 1.16 2660 —0.71 —0.69 —0.68 —0.65 —0.67 —0.68 
128 1.43 3460 —0.70 —0.70 —0.70 —0.69 —0.72 —0.70 
Average ah peas —0.71 —0.70 —0.68 —0.69 —0.71 —0.70 
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Fig. 12—Rate Equation for First Stage of Tempering 1.43% Carbon. 


to the length changes which occur during the 45-minute period prior 
to the initial reading, and which are ignored in these considerations. 

The values of m are listed in Table III. It is evident that this 
parameter (averaging —0.7) is independent of temperature and car- 
bon content. Furthermore, there seems to be no significant differ- 
ence in this respect between the high purity alloys and the steels. The 
remarkable constancy of the quantity m, notwithstanding the many 
variables at play, lends further credence to Equations 2 and 3 as 
well as to the length dnd X-ray measurements on which the calcu- 
lations are based. 


The values of K are listed in Table IV. Unlike the m parameter, 
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Table IV 
Values of Rate Constant, K, First Stage of Tempering 


K 

Alloy or Carbon Content Temperature (°F) 

Steel No. (Wt., %) 68 72 100 150 200 250 
124 ue. = a ee 0.0121 0.0164 0.0321 0.0717 0.113 
103 0.68 O,007TT = a us 0.0186 0.0429 0.110 0.248 
Steel 
125 Core rere eae 0.00885 0.0156 0.0345 0.0885 0.188 
105 0.93 OO > ee ek 0.0184 0.0585 : 0.171 0.354 
Steel 
126 O.96. 2). Saas 0.00972 0.0183 0.0411 0.116 0.275 
127 SeS: 2 eee 0.0112 0.0194 0.0615 0.153 0.369 
128 ee eae 0.0111 0.0187 0.0365 0.139 0.309 


the rate constant increases with temperature, carbon content and steel 
impurities. These relationships will be discussed in the next section. 


MECHANISM OF THE First STAGE 


The X-ray evidence indicates that, when the e-carbide precipi- 
tates from martensite during the first stage of tempering, the remain- 
ing martensite is not uniformly depleted in carbon. From the fact 
that a low carbon martensite appears early in the tempering process, 
it is reasonable to believe that the regions surrounding the e-carbide 
become the low carbon martensite and that two new phases form as 
an aggregate. This type of heterogeneous decomposition would 
account for the simultaneous presence of the primary and low carbon 
martensites during the course of the reaction. At any given time. 
the carbon concentration gradient between the two martensites prob- 
ably constitutes a relatively small volume compared to that of the 
initial and final martensites, and therefore the diffraction spots in 
the intermediate positions would be difficult to detect. Nevertheless, 
diffuse diffraction between the initial and final spots was observed, 
which suggests that intermediate compositions may exist as a gradient 
between the primary and low carbon martensites. The further growth 
of the e-carbide particles would then depend upon carbon diffusion 
through this gradient. 

The persistence of the low carbon martensite is noteworthy, 
considering the rapid decomposition of the primary martensite. This 
persistence (as well as the fixed carbon level) is readily explained 
on the basis of a metastable equilibrium between the low carbon 
martensite and the e-carbide. According to this concept, there is no 
tendency for the low carbon martensite to lose carbon until the 
e-carbide begins to disappear in favor of cementite during the third 
stage of tempering. Another consequence of the postulated meta- 
stable equilibrium is that primary martensites containing about 0.25% 
should precipitate little, if amy, e-carbide during tempering. This is 
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probably the reason for the anomalous tempering characteristics of 
the 0.29 and 0.39% carbon alloys (Figs. 3 and 4) in which the first- 
stage length changes are so small that the experimental error becomes 
too large for accurate rate analysis. 

It now remains to account for the general kinetic behavior re- 
ported in the previous section. The slope of the linear plot derived 
from Equation 2 is (m+ 1) =n=-+0.3 (Table III). Zener (19) 
has shown that a precipitation reaction takes the form: 


f = const. t” Equation 4 


“> const. t"~' = const. t™ Equation 5 


where n = 5/2 for disks, 2 for rods, and 3/2 for spheres. In these 
equations, it is assumed that the process is growth-controlled; in 
ther words the nuclei are already present at t = 0 or are generated 
ery early in the reaction. If nucleation should occur as a function 

time, » would be increased. Thus, neither progressive nucleation 

the particle shapes listed above can explain the low value of n 

‘m) found in the tempering process. 

When the impingement of reacted or depleted regions is taken 
to account, a factor (1 —f) is introduced in Equation 5, which 
en becomes identical with the empirical Equation 1, but this cor- 
ction does not lower n or m. For a pearlitic-type of two-phase 
rowth in one direction, n is reduced to 1 because the diffusion dis- 
ance remains constant, being of the order of one-half the interla- 
nellar spacing. However, the transformation rate (df/dt) should 

then be independent of time (m=O), contrary to the tempering 
results. 

A growth model that would lower n to about the level that has 
been observed for first-stage tempering is illustrated in Fig. 13. 
Here the low carbon martensite advances into the primary martensite 
on a plane front, with the e-carbide precipitating or growing behind 
the front, and carbon diffusion being required from progressively 
greater distances ahead of the front as the reaction proceeds. It will 
be demonstrated later that in this case, n = %4 and m = —¥, which 
is in reasonable agreement with the experimental values of 0.3 and 
—0.7 respectively. 

It is conceivable, for example, that the second strain of the 
original martensitic transformation (17) divides each plate into a 
large number of lamellar regions, and that the boundaries of these 
regions provide the nucleation sites for the e-carbide. Such nucleation 
may occur during hardening quench or very quickly on tempering 
with the accompanying formation of low carbon martensite in the 
immediate surroundings. The main decomposition process can then 
he described in terms of the proposed model, 
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Fig. 13—( A)—Plane—Front Growth of Aggregate 
at Expense of Primary Martensite. (B)—Carbon Concen- 
tration Gradients at Advancing Front. 
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Fig. 14—Temperatufé Dependence of Rate Constant, K. 
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The carbon concentration gradient at the advancing front is de- 
picted in Fig. 13B. As the front moves, a carbon balance requires 
that 

dr dr ; 
C,A oo =C.A a +JA Equation 6 


where Cs = carbon concentration in the aggregate of e-carbide and low carbon 
martensite 


C. = carbon concentration in the low carbon martensite 
A = constant area of advancing front 


* = rate of advance of front 


J = flux of carbon atoms down the concentration gradient toward the 
advancing front. 


From Fick’s law, J = D(O0c/Ox), where D is the diffusion co- 
efficient of carbon in martensite and (9c/O@x) is the concentration 
gradient. As a first approximation, the gradient may be assumed 
linear, or 


Oc ae Ce - ig GS . 
oo L Equation 7 





where C, = carbon concentration in primary martensite 
L = maximum diffusion distance = B (Dt) ” 


B =a geometric constant. D is taken to be independent of carbon 
concentration. 


Then Equation 6 becomes 
d _D* G-—G 








ss ~w a wes etc OBS 41cm aOR 


— <= & E f . , 
a mY eC, ——* ‘ 
On the basis of the model under consideration, 
A NAD* (C, — CG.) 
— = a oe 0) ee Sento Ta o- Sate 
dt Vo dt ( BV. (Cz = C.) (1 f) t Equation 9 


where N = number of advancing fronts, which is taken to be independent of time 
A = area of fronts (independent of time) 
V.= volume of primary martensite at t = 0 

(1 — f) = impingement correction. 
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Comparing Equations 9 and 1, it is now seen that m= —¥% (or } 
n=-+¥) and 


NAD” (C, — C.) . 
BV. (G—c.) (Cs — G) Equation 10 


Not only do the theoretical values of m and n come out to be 
reasonably close to the observed quantities, but two predictions be- 
come possible with regard to the rate constant K. Because K varies 
as D%, the activation energy for K should be one-half that of carbon 
diffusion in martensite. The plot in Fig. 14 indicates that Qx is 
about 8000 cal/mol, and that it does not vary significantly with carbon 
content. This suggests an activation energy of 16,000 cal/mol for 
carbon diffusion in thartensite, which seems reasonable considering 


Oe value of 20,000 cal/mol for the diffusion of carbon in alpha iron 
)). 


K ox 


| 
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According to Equation 10, K should be a linear function of the 
carbon content (C,) of the primary martensite, at any given temper- 
ing temperature. As shown in Fig. 15, the K values for the high 
purity alloys (taken from Table IV) conform to this prediction, ex- 


Rate Constant K 
First-Stage Tempering 
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Fig. 15—-Composition Dependence of Rate Constant, K. 


cept for the highest carbon content. Moreover, the straight-line re- 
lationships seem to extrapolate K = 0 in the vicinity of C, = 0.25%, 
as should be the case for the proposed model. 


CONCLUSIONS 


The following conclusions may be drawn from these experiments : 

1. The first stage of tempering does not consist of the progres- 
sive rejection of carbon and decrease in tetragonality of the primary 
martensite. Rather, it is comprised of the growth of a low carbon 
tetragonal martensite and a hexagonal close-packed e-carbide at the 
expense of the primary martensite. 

2. The low carbon martensite has an axial ratio corresponding 
to about 0.25% carbon and the ¢-carbide has the approximate com- 
position Fes 4C. The two phases appear to be in metastable equilib- 
rium at the end of the first stage. 

3. The first stage of tempering obeys kinetics which suggest that : 

a. The e-carbide and low carbon martensite grow as an 
aggregate with an advancing plane front. 

b. Favored sites for the nucleation of the aggregate are 
present initially and, to a first approximation, the trans- 
formation proceed$ by growth. 
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c. The reaction rate is controlled by the diffusion rate of 
carbon in martensite through the gradient between the 
advancing low carbon martensite and the retreating pri- 
mary martensite. 

4. The incidental elements in plain carbon steel do not alter the 
general kinetics and mechanism of the first stage of tempering. How- 
ever, they do increase the tempering rate. 

5. The transformation rate of retained austenite in the second 


stage of tempering is controlled by the rate of carbon diffusion in the 
austenite (Appendix A). 
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Appendix A 
THE SECOND STAGE OF TEMPERING 


The unit length changes resulting from the decomposition of the 
retained austenite in the steels and in the iron-carbon alloys were 
calculated. (16). Useful data were obtained for the steels 103 (0.68% 
carbon) and 105 (0.93% carbon) and the two high carbon alloys 127 
(1.16% carbon) and 128 (1.43% carbon). Because of the large 
ratio of martensite-to-austenite in all of these alloys, errors in the 
original data and in the retained austenite determinations are con- 
siderably magnified in separating the austenite components, and the 
resultant probable error is estimated to be about +10%. 

The unit length changes produced by the decomposition of the 
austenite component in alloy 128 (1.43% carbon) are shown in Fig. 
16. The data are only given for temperatures of 200°F (93 °C) 
and above, where the characteristic transformation to bainite occurs. 
For lower temperatures, the data confirmed the observations by 
Averbach and Cohen (12) of a small isothermal transformation to 
martensite immediately after the quench at a rate nearly independent 
of the temperature. These results are omitted from Fig. 16 in order 
to avoid complication. 

The activation energies for the second stage were determined 
by plotting the logarithm of time required for a given amount of 
transformation versus the reciprocal of the absolute temperature. 
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Fig. 16—Length Changes Resulting From Decomposi- 
a. of 100% Austenite of Iron-Carbon Alloy 128 (1.43% 
Carbon). 
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Fig. 17—Second-Stage Activation Energy Plot for Alloy 128 
(1.43% Carbon). 


Fig. 17 illustrates this plot for alloy 128 (1.43% carbon) using the 
transformation level indicated by the dashed line in Fig. 16. 

The second-stage activation energies are given as a function of 
carbon content in Fig. 18. On the same plot is shown the activation 
energies obtained by Wells, Batz and Mehl (18) in their study of 
carbon diffusion in austenite. -Considering the fact that the diffusion 
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measurements were made at temperatures well up in the austenitic 
range, the similarity in magnitude of the carbon-diffusion and 
austenite-decomposition activation energies is most striking. Even 
the dependence on carbon content is approximately the same; the 
difference between the two lines in Fig. 18 exceeds the experimental 
error of +2000 cal/mol (in the present work) only at the lowest 
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Fig. 18—Variation of Second-Stage Activation Energy With Car- 
bon Content. 


carbon level. Thus, the indications are that the transformation ot 
retained austenite to bainite during the second stage of tempering is 
controlled by the rate of carbon diffusion in the austenite. 


Appendix B 


CALCULATION OF CHEMICAL COMPOSITION OF [E-PSILON CARBIDE 


By B. S. LEmMenr® 


For Steel No. 103 (0.68% carbon) the unit length change. 
AL/L, corresponding to the end of the first stage was found to equal 
1260 x 10°*. At the end of the first stage the tempering reaction 
may be written as follows: 


1 gram M,— y gram Fe,C + (1 —y) gram M. 
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where: y = wt. % e-carbide (Fe,C) 
1— y= wt. % martensite (M.) containing 0.25% carbon 
Va. = specific volume of martensite containing 0.25% carbon 
Ve, = specific volume of martensite containing 0.68% carbon 
Ve = specific volume of e-carbide 


From the known parameters of the body-centered tetragonal 
martensite as a function of carbon content, Vy, = 0.1288 cc/gm, 
and Vy, = 0.1277 cc/gm. 

The specific volume of the e-carbide (HCP with 2 Fe atoms per 
cell) may be calculated: 


2 
Ve= erie Equation 12 


12.01 
1.6502 (2) (s5.85 + a) 
where: b= ratio of Fe to C atoms in e-carbide 
a= 2.74 kX (according to A. E. Nygren) 
c = 4.36 kX (according to A. E. Nygren) 
From a carbon balance: 
12.01 


0.0068 = y 12.01 + 5585b + (1—y) 0.0025 Equation 13 


Solving Equations 11, 12 and 13 for selected values of b: 


Ratio of Cal- 

Formula of Atomic % Weight % Calculated culated to Ob- 

b e-Carbide Carbon Carbon AL/L served AL/L 
3 e-FesC 25.0 6.68 —470 x 10° 0.37 
2.4 e-Fee.C 29.4 8.22 —1270 x 10° 1.01 
2.2 £-FeaCs 31.0 8.9 * —1500 «x 10° 1.19 
2 e-FesC 33.3 9.7 —1810 x 10° 1.43 


It is thus believed that e-carbide has formula corresponding to Fee,4C, 
since the calculated contraction is then equivalent to the observed 
contraction at the end of the first stage. 

As an approximation : 


‘= per % C precipitated in form of e-Fee.C during first stage — 
—1260 x 10° 

0.68 — 0.25 
This may be written in the form of Equation 3 


a = 2930 x 10° (C, — 0:25) Equation 3 


= —2930 x 10° 
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the cause of the changes of so many mechanical properties (hardness, 
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stresses, cracking, etc.) connected with the first stage of tempering. Any 
information in that field is of great value. 

Have the authors confirmed the actual analysis of the austenite by 
parameter determination in 0.39 and 0.29% carbon alloys? 

The authors have confirmed the lattice parameter for e-carbide, using 
a sample with 0.62% carbon. I have found that bainite is an unavoidable 
structure component seen at higher magnification in all quenched hypo- 
eutectoid iron-carbon alloys regardless of the rate of quenching and also 
the temperature and the time of heating. Would any carbide, that might 
have been associated with bainite, have been taken into consideration? 

The existence of stresses in ferrite in tempered steels has been indi- 
cated by me (Journal, Iron and Steel Institute, 1946, No. II, p. 147P). The 
distortion of ferrite appears to be obvious because the iron ‘atoms in the 
interfaces are shared between ferrite and the newly-formed iron-carbon 
compound. Is the broadening of the diffraction lines (200, 020) seen in 
Fig. 2 at the final stage (600 minutes at 200°F) of tempering really con- 
nected with the existence of tetragonal newly-formed martensite (roughly 
0.25% carbon) or with the distorted ferrite resulting from tempering? 
What are the other parameters of this newly-formed martensite (0.25% 
carbon), as they are not quoted in Table II? 

How is it that the sample containing 1.43% carbon when tempered 
at 150 °F shows a smaller c-axis and correspondingly lower carbon content 
of the newly-produced martensite than the samples tempered at higher 
temperatures? Would it not be that the lesser distortion of ferrite as 
pointed out in 1946 is responsible? 

The authors say (on the seventh page): “It is evident that carbon 
content of the low carbon martensite does not vary materially with the 
carbon content of the primary martensite.” There are two conclusions to 
be drawn from that statement. Either the untempered martensite needles 
(plates, domains) are all of the same carbon content in all samples, which 
to me is very probable, or the same temperature of tempering applied to 
martensites with varying carbon contents results in the same quantity of 
retained carbon in the newly-formed martensitic needles. 

In conclusion, one must commend the authors for broadening our 
knowledge of iron-carbon alloys because we all realize that the “well- 
known” iron-carbon alloy system has many puzzling features to be ex- 
plained. . 

Written Discussion: By A. G. Allten, Research Laboratory, Crucible 
Steel Company of America, Harrison, N. J. 

The authors are to be complimented on the excellent work done for 
this interesting paper. 

Perhaps it is not appropriate, at ‘this time, to introduce data which 
involve alloy steels, or such vaguely understood phenomena as hardness 
changes. However, several observations were made during our investiga- 
tion of tempering in high silicon steels, which seem to be related to two 
statements made by the authors. 

The authors show that epsilon carbide is in metastable equilibrium 
with 0.25% carbon martensite after the end of the first stage of temper- 
ing, regardless of the carbon content of the primary martensite. The upper 
two curves of Fig. 19 show the bardnesses of two high silicon alloy steels 
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of nearly the same base compositions, but of different carbon contents, 
as-quenched, refrigerated, and tempered at the indicated temperatures. 
Cementite was not found in either steel, because of the high silicon con- 
tents, after 2-hour tempers at 600°F. Therefore, it seems reasonable to 
assume that epsilon carbide is in equilibrium with the same low carbon 
martensite in both steels after the 600°F temper. However, appreciable 
differences in hardness exist between the high and low carbon steels, even 
though the carbon content of the martensite in both steels may be nearly 
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Fig. 19—-Hardness Curves of Silicon Alloys As-Quenched, 
Refrigerated and Tempered at Indicated Temperatures. 


the same. This introduces a question: Are these hardness differences, 
between high and low carbon steels at or near the end of the first stage 
of tempering, attributable to differences in the amount of epsilon carbide 
in the steels? 

Data presented by Fletcher and Cohen” indicate that such hardness 
differences after the first stage of tempering also exist, between steels of 
various carbon contents, when the alloy and silicon contents are low. 

Note, also, that the decrement from as-quenched hardness to the 
hardness after a 2-hour temper at 600°F becomes smaller with decrease 
in carbon content. 

The corresponding decrement in hardness is relatively small in the 
0.2% carbon, 1.4% silicon, alloy steel, HY-Tuf. 

This observation seems to be in accord with the deduction, made by 
the authors, that little, if any, change would occur in the composition of 
primary martensites of 0.25% carbon content during the first stage of 
tempering. ; 


S. G. Fletcher and M. Cohen, “‘The Effect of Carbon on the Tempering of Steel’, 
Transactions, American Society for Metals, Vol. 32, 1944, p. 333, Fig. 2. 
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Written Discussion: By B. S. Lement, research staff, Department of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

From a recent study” of the tempering of the same high purity iron- 
carbon alloys used by the authors, I have obtained some electron micro- 
scopic evidence with respect to the sites at which e-carbide precipitates 
during the first stage of tempering. The authors assume that the second 
strain of the original martensitic transformation divides each plate into a 
large number of lamellar regions, the boundaries of which provide the 
nucleation sites for the e-carbide. From the results of my examination 
using the electron microscope, no evidence was found that e-carbide pre- 
cipitates in such fashion; instead, it appears that this carbide forms as a 





Fig. 20—Electron Micrograph of 1.43% Carbon, High Purity Iron-Carbon Alloy 
Austenitized at 2200 °F, Brine-Quenched to Room Temperature and Tempered 1 Hour 
at 400 °F. Structure consists of subgrains of tempered martensite with epsilon carbide 
present at subboundaries. Metallographic specimen was etched in modified picral. Nega- 
tive parlodion replica rotary shadowed with chromium. X 20,000. 


discontinuous network along the boundaries of subgrains in the martensite. 
Since subgrains of about the same size were also found in retained aus- 
tenite, it is believed that the subgrains in austenite are inherited by the 
martensite as a result of the hardening transformation. The subboundaries 
in martensite provide convenient nucleation sites both from the standpoint 
of their availability and the relatively Short distance required for carbon 
diffusion. 

The presence of subgrains about 1000 A in diameter is shown in Fig. 
20, which is an electron micrograph of the authors’ 1.43% carbon alloy 
tempered at 400°F. There appears to be a subboundary network of e-car- 
bide present in tempered martensite. The thickness of this carbide net- 
work is apparently nonuniform, reaching a maximum value of about 200 A 
in some locations. 


1B. S. Lement, B. L. Averbach and M. Cohen, “Microstructural Changes on Temper- 
ing Iron-Carbon Alloys’’, to be submitted to the American Society for Metals. : 
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A departure from the conventional method of shadowing replicas was 
utilized in obtaining the electron micrograph of Fig. 20. Instead of the 
replica remaining in a fixed position, it was rotated during chromium 
evaporation. This results in delineation of the microconstituents by a 
dark border and the obscuring effect of “white shadows” is eliminated. 
Rotary shadowing was first utilized by Heinmets” for studying biological 


specimens; however, it should prove quite useful for determining fine 
structures in metals. ; 


Authors’ Reply 


Mr. Wrazej has brought up several interesting points. The lattice 
parameters of the austenite were not determined in this investigation, but 
these measurements will be included in future work. No bainite was ob- 
served in the specimens used for the calculations. An effort was made to 
maintain uniformly rapid quenching conditions and since the specimens 
were quite small, it is not likely that any appreciable quantity of bainite 
was formed in the alloys containing more than 0.6% carbon, on which the 
calculations were based. 

The appearance of the 0.25% carbon martensite line should not be 
confused with the broadening of a ferrite line by internal stresses. In the 
single crystal technique the (002) line of tetragonal martensite is com- 
pletely separated from the other line in the doublet, and it is quite clear 
from Fig. 2 that a new and separate (002) line corresponding to the 0.25% 
carbon martensite is formed. Broadening due to internal stresses would 
simply diffuse the original (002) line without changing its position mate- 
rially. 

An increase in the c parameter of the low carbon martensite as the 
tempering temperature is increased is attributed to an increase in the 
solubility of carbon in the martensite in metastable equilibrium with the 
e-carbide. This is shown for the 1.43% carbon alloy in Table II. On 
tempering at 250°F, all four alloys arrive at the same carbon content 
(within experimental error) in the martensitic matrix at the end of the 
first stage. 

The authors are grateful to Mr. Allten for including his hardness data 
on silicon alloy steels. Plain carbon steels also show some of the features 
exhibited by Fig. 19. The hardness differences between high and medium 
carbon steels at the end of the first stage may be attributed to differences 
in the amount of precipitated e-carbide. The e-carbide, as shown in the 
electron micrograph of Dr. Lement in Fig. 20, is quite finely distributed 
and the hardness might well increase with the amount of this carbide. 
The hardness level of the 0.23% carbon steel shown in Fig. 19 does not 
change much on tempering in the first stage. This is confirmed by some 
recent results of Dr. Lement on 0.15% carbon steel which remains essen- 
tially constant in hardness on tempering during the first stage. According 
to the present investigation, e-carbide would not be expected to precipitate 
in these low carbon steels. 

The authors thank’ Dr. Lement for the inclusion of his electron micro- 


“2F. Heinmets, ‘Modification of Silica Replice Technique for Study of Biological Mem- 


branes and Application of Rotary Condensation in Electron Microscopy”, Journal of Applied 
Physics, Vol. 20, 1949, p. 385. 
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graph showing the distribution of e-carbide at subboundaries in the mar- 
tensite. This is a new finding, and will have to be considered in theories 
of tempering. However, the kinetic treatment presented in this paper is 
still applicable; the plane-front growth of the e-carbide merely starts from 
a network of subgrain boundaries rather than from an array of parallel 
zones, as depicted in the hypothetical model of Fig. 13. 





THE EFFECT OF QUENCHING AND TEMPERING ON 
RESIDUAL STRESSES IN MANGANESE 
OIL HARDENING TOOL STEEL 


By Harotp JACK SNYDER 


Abstract 


The effect of quenching and tempering on the dis- 
tribution of residual stresses in a manganese oil hardening 
tool steel 1s discussed. The data presented indicate that 
the principal quenching stresses in a fully hardened flat 
specimen are tensile, equal in all surface directions, and 
concentrated within a surface layer 0.025 inch in thickness. 
A tempering treatment progressively decreases these sur- 
face stresses until they become negligible or slightly com- 
pressive, but the tempering treatment does not affect the 
depth of penetration. The maximum drop in residual 
surface stress occurs with tempering between 425 and 650 
°F (220 and 345 °C). 

The effects of etching, lapping and grinding on re- 
sidual stresses in the same steel have also been investi- 
gated. Tests indicated that etching in a 5% solution of 
nital introduces no residual stresses; lapping induces com- 
pressive stresses to a depth of 0.0003 inch; grinding in- 
duces unequal biaxial stresses which penetrate to a greater 
depth in hardened than in tempered or annealed manganese 
oil hardening steel. 


INTRODUCTION 


UENCHED metals contain residual stresses which can be either 
O beneficial or detrimental to their service applications. The 
residual stresses induced by heat treatment as well as other operations 
greatly affect the behaviors of the metals in service (1, 2, 3).* In 
the case of steels, the problem of controlling residual stresses is made 
complex by the phase transformations which occur during hardening 
or upon tempering. Phase transformations are known to alter the 
normal thermal stress pattern induced in a metal (4, 5). Conse- 


1The figures appearing in parentheses pertain to the references appended to this paper. 








From a thesis submitted by Mr. Snyder to the Department of Metallurgical Engineering, 
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quently, the prediction of the most favorable heat treatment for a 
particular steel is almost impossible unless the effects of quenching 
and tempering on the stress pattern of that steel are actually known. 
While information on the residual stress pattern in several quenched 
steels is available in the literature (5-8), the effects of tempering 
on such a pattern has never been completely illustrated in the refer- 
ences surveyed. Early investigators (6, 9) in the field of quenching 
stresses generally state that tempering either eliminated or progres- 
sively decreased residual stresses. This generalization was valid until 
recently, when Boegehold (4) showed that a tempering treatment on 
steels containing retained austenite did not necessarily decrease or 
eliminate internal stresses, but could also increase the magnitude of 
the residual quenching stress. The early investigators (4, 9) pre- 
sented little or no quantitative information on the actual distribution 
of stresses in quenched and tempered steels. The work described in 
this paper deals solely with the distribution of quenching and temper- 
ing stresses in a manganese oil hardening steel. 


EXPERIMENTAL PROCEDURE 


Residual stresses were induced in steel specimens by quenching 
and tempering to different hardness levels. The magnitude and dis- 
tribution of these stresses were determined with an adaptation of the 
Bauer and Heyn (10) technique. The procedure consisted of re- 
moving thin surface layers from the heat treated specimens, while 
observing the resultant curvature changes by Letner’s (11) optical 
interference method. The stress values for the distributions were 
subsequently calculated from a mathematical relationship that exists 


between stress and curvature previously introduced by Treuting and 
Read (12). 


Specimen Preparation 


Manganese oil hardening tool steel was used in this investigation 
and had the following chemical composition: carbon 0.90%, manga- 
nese 1.30%, chromium 0.42%, tungsten 0.42%, phosphorus 0.025%, 
sulphur 0.017%, silicon 0.32%. Six specimens were milled from flat 
stock to provide 2 by 2 by %4-inch test blocks. These pieces were 
surface ground to remove decarburization and then placed in a neutral 
salt bath (20% NaCl, 25% KCl, dnd 55% BaCle by weight) for 
hardening. Five of the six test pieces were hardened by quenching 
in oil, after they had been subjected to the following treatments: 
15-minute preheat at 1250°F (675°C); salt bath temperature was 
raised to 1475 °F (800°C); 10-minute soak at 1475 °F (800°C). 
After quenching, four of the five hardened test pieces were individu- 
ally tempered in a low temperature salt bath for 1 hour before air 
cooling from the tempering temperature. 


fe ——_-—-- 
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The one test sample which had not been hardened was subjected 
to the following so-called stress relieving treatment: 24 hours at 
1100 °F (595 °C), furnace cool to 500 °F (270 °C), air cool to room 
temperature. The quenching, tempering and annealing treatments 


gave residual stress specimens having average hardness values shown 
in Table I. 


Table I 
Rockwell “C’’ Hardness Values of Heat Treated Residual Stress Specimens 


Average 
Specimen Rockwell “‘C’”’ 
No. Treatment Hardness 
1 As-Quenched, 1475 °F (800 °C) 64 
2 Tempered 1 hr., 425 °F (220 °C) 58 
3 Tempered 1 hr., 650 °F (345 °C) 53 
4 Tempered 1 hr., 800 °F (425 °C) 48 
5 Tempered 1 hr., 1150 °F (620 °C) 35 
6 Stress Relieved, 1100 °F (595 °C) 10 








Optical Interference Method for Determining Residual Stresses 


A highly polished reflectent reference surface was obtained by 
lapping and subsequently polishing by several strokes on 4/0 emery 
paper in accordance with Letner’s (11) method. 

The method for measuring internal stresses consisted of the 
following steps: (a) Metal was removed from the surface opposite 
the polished reference side of the test piece. (b) Curvature was 
measured before any metal was removed and after each metal re- 
moval. (c) Stresses were calculated with the data obtainable from 
a graph showing curvature as a function of metal thickness removed. 

Metal Layer Removal Techniques—Chemical etching, lapping, 
and surface grinding provided three ways of removing surface layers 
from the quenched and tempered specimens. The samples were 
weighed and measured with a micrometer before removing any sur- 
face material. Thereafter the amount of metal removed was calculated 
from the weight loss. 

Since the method of removing metal generally influences the 
results of residual stress determinations, it was necessary to investi- 
gate the effects of etching, lapping, and grinding on the curvature of 
the steel, for these methods have been the target of criticisms on 
previous investigations (13). 

The surface opposite the polished side on three 2 by 2 by ™%-inch 
pieces of annealed manganese oil hardening tool steel, which had been 
given a stress relief anneal for 24 hours at 1100°F (595 °C), was 
subjected to two successive surface removals by etching in a 5% 
solution of nital, while the remainder of the specimen was protected 
from etching with Gulfwax. Curvature measurements were made 
before etching and after each etch. The results shown in Fig. 1 
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indicate that etching manganese oil hardening tool steel in a 5% 
solution of nital did not introduce any noticeable curvature or stress 
and could be safely used for removing surface layers. 

The same steel pieces were subjected to lapping. Lapping was 
done on a Lapmaster (cast iron plate) with 500 cm®* of cutting oil 
containing 19 grams of 800-grit AlgOs3 abrasive as the lapping vehicle. 
Once lapping was begun, the specimens were removed intermittently 
for curvature examinations. Lapping of the test blocks was continued 
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Fig. 1—Curvatures Induced in Annealed Manga- 
nese Oil Hardening Tool Steel by Etching and Lapping. 


until the curvature became practically constant as illustrated in the 
central portion of Fig. 1. At this point, lapping was terminated and 
etching was again used for dissolving surface layers. Etching was 
carried on until the curvatures ceased to change appreciably. 
Conclusions drawn from the lapping effects, illustrated in Fig. 1, 
were that lapping under the conditions employed introduced negative 
curvature (—0.35 « 10-*/inch approximately) or a nominally com- 
pressive stress. This compressive stress extends to a depth of ap- 
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proximately 0.0003 inch and can be thoroughly removed by etching 
a similar amount away in a 5% solution of nital. This indicated that 
lapping was a safe means for removing surface layers if its effects 
were etched away afterwards. 

An investigation of the effect of grinding on manganese oil hard- 
ening tool steel was not necessary, since information on this subject 
was already available in literature. Letner (11) presented the fact 
that grinding with a white fused alumina wheel (8 by % by 1% 
inches) of 46 grit and “J” hardness under the following conditions 


would induce stresses which affected this steel to a depth of 0.0045 
inch. 


Wheel speed (idling) ........... 6000 feet per minute 
UE GES <5 > nso bude a chee 50 feet per minute 
CES SAS OS 5 aN HE hoe RS 0.050 inch 
PINE ons ko tid vba cet beets 0.0007 inch 
Ce IND. 86s Be ccd cee none (air) 


Knowledge of this fact made grinding a suitable tool for removing 
surface material. Layers were stripped without affecting the remain- 
ing metal by first grinding and then taking off an additional 0.0045 
inch by lapping and etching. 

Once the effects of etching, lapping, and grinding on curvature 
were established, the arrangement of a test procedure was readily 
accomplished., Since etching was the best means for separating metal, 
it alone was used for removals until approximately 0.005 inch was 
removed from the surface of each experimental block. Lapping in 
conjunction with etching was the technique employed for detaching 
material until slightly more than 0.020 inch was stripped from one 
side of the test pieces. In all instances where lapping was used, it 
preceded the etching. This allowed the effects of lapping to be con- 
tinuously offset by the etching away of 0.0003 inch. The material 
discarding procedure from 0.020 inch to the center of the specimen 
was threefold in nature. First, the experimental blocks were ground 
on the side under investigation; secondly, they were lapped until an 
additional 0.005 inch was taken off; and thirdly, all were etched in 
nital. In this way it was possible throughout the entire investigation 
to separate metal layers from the test piece with a minimum amount 
of after-effects. 

Curvature M easurement—The optical interference method intro- 
duced by Letner (11) was used for measuring curvatures and con- 
sisted briefly of the following procedure. First, an interference pat- 
tern was established by placing an optical flat on the polished surface 
of the test piece and passing monochromatic (sodium) light through 
the flat. Secondly, the interference pattern thus set up between the 
bottom surface of the optical flat and the polished surface of the 
specimen was photographed at unit magnification. Thirdly, the pho- 
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Fig. 2—Curvature Variation With Metal Removal 


From Heat Treated Specimens of Manganese Oil Hard- 
ening Tool Steel. 


tographic negative of the interference pattern was used to graphically 
plot the profile of the surface. 

Once the profile of the test pieces was plotted, the curvature was 
then determined from the following geometrical relationship between 
the reciprocal of the are radius 1/R, the arc height h, and the gage 
length L. 


Curvaturee | = 
R ~ (4h? +L’) 
or since h « L 


1_& 
es 


Every specimen was subjected to twenty-two alternate surface 
removals and curvature measurements. One curvature measurement 
constituted the plotting of twq.individual profiles, since profiles were 
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Fig. 3—Residual Stress Distribution in Heat 


Treated Specimens of Manganese Oil Hardening Tool ; 
Steel. - 


made at right angles in an effort to observe any directional effects. 
\ graph of curvature versus thickness removed was plotted for the 
test blocks and is shown in Fig. 2. 

Stress Calculation—The mathematical relationship existing be- 
tween curvature and stress has been presented in different forms by 
many investigators (11, 14, 15, 16). For the case of biaxial stress 
in beams where the principal stresses 6x and oy are equal, Treuting 
and Read (12) derived the following expression in terms of curvature 
c, distance from initial centerline to original surface Zo, and distance 
from initial centerline to instantaneous surface Z,, using the modulus 
of elasticity E of the material and Poisson’s ratio v. 


a » de Be fh 
y= E | ta 44 (+202 fp cz | 
6 (1 —v) dZ; Zi 


ws et} eee Ee eS Oe 


if Equation 1 


In order to apply this equation to determine residual stress, it 
was necessary to make expanded plots of Fig. 2. From these ex- 
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Fig. 4—Effect of Tempering on Surface Stress in 
Quenched Manganese Oil Hardening Tool Steel. 


panded working curves the essential values (slope, dc/dZ,, curvature, 
c, thickness removed, and area under the curve) for calculating stress 
were either read or measured. This equation was used to calculate 
the stress distributions shown in Fig. 3. 

The accuracy in measuring stress depends both on curvature 
and on the slope as determined from the curvature versus thickness 
removed curve. Because of this, the stress error varies within a 
specimen and between different specimens. Naturally, the error is 
greatest where slope determinations are most difficult. Therefore, 
the maximum error for each specimen was calculated by comparing 
the results obtainable when using the’extremes in slope measurements 
at the surface. The results of the individual specimens are indicated 
by a vertical line in Fig. 4. 


DISCUSSION OF RESULTS 


The unique feature of the residual stress distribution curves 
shown in Fig. 3 is the narrow range of thickness in which the larger 
residual heat treating stresses_are concentrated. In each specimen 
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the larger stresses were concentrated within 0.025 inch of the surface 
or approximately one tenth of the half-thickness. All the remaining 
half of the specimen was occupied with smaller balancing stresses 
of the opposite sign. Other investigators (5-8) have presented stress 
distribution curves, but none has shown such a narrow band (0.025 
inch) of large stress concentration. Some of this unlikeness no doubt 
arises from the different steels studied, except in the case of Scott 
(5) who studied the same material. Regardless of the reason for its 
difference from others, the result obtained could prove important, 
particularly to those interested in using fully hardened sections with- 
out the presence of a tensile stress on the surface. To accomplish 
this it would only be necessary to remove 0.025 inch from the surface 
of the hardened pieces in a non stress-inducing manner, i.e., lapping 
followed by etching in nital. 

To industry, the most important result illustrated by the stress 
distribution curves is the quenching stress and the way tempering 
affects it. Fig. 4 illustrates that tempering at successively higher tem- 
peratures progressively reduced the surface stress, but Fig. 3 shows 
that it did not appreciably affect the depth to which the main stresses 
penetrated. The decreasing of the surface stress with increasing 
temperature is in accord with the work of others (4, 6, 9), particu- 
larly Boegehold (4). 

The possibility of tempering a fully hardened steel surface from 
tension to compression appeared rather remote upon first glance, so 
the last point on the tempering temperature versus residual surface 
stress curve in Fig. 4 drew particular attention. The introduction 
of an entirely new residual stress in that particular specimen, during 
its cooling from the tempering temperature, was believed to be the 
reason for the compressive stress. This explanation is substantiated 
by reference to Sachs (7). Sachs determined residual stresses in 
steel pieces cooled from below the upper critical and showed that such 
action creates-compressive surface stress. In other words, if the 
phase transformation is eliminated, it is impossible to obtain a tensile 
stress on the surface. 

The same explanation fits the behavior of the Rockwell C-10 
specimen in Fig. 3. The noticeable difference in the magnitude of 
compressive surface stress between the Rockwell C-10 test piece and 
the Rockwell C-35 is attributed to dissimilar heat treatment. The 
Rockwell C-10 test piece was never hardened, but was taken in the 
annealed condition and given a 24-hour stress relief anneal at 1100 °F 
(595 °C), whereas the Rockwell C-35 specimen was fully hardened 
and then tempered at 1150 °F (620°C) for 1 hour. Consequently, 
the Rockwell C-10 specimen did not have any tensile quenching 
stresses to overcome and as a result possibly was more susceptible to 
the introduction of compressive stress than the Rockwell C-35 piece. 
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Another feature of industrial importance illustrated by the curve 
in Fig. 4 is the abrupt drop in residual surface stress between the 
temperature 425 and 650°F (220 and 345°C). This is an inter- 
esting result because after quenching, manganese oil hardening tool 
steel is ordinarily tempered in the 300 to 500 °F (150 to 270 °C) 
range. Tempering in this range is considered adequate enough for 
causing any retained austenite to transform and severe residual stress 
to disappear without appreciably decreasing hardness. Regarding 
residual stress magnitude, however, the experimental information 
indicates it may be beneficial to increase the tempering temperature 
range limit to possibly 650°F (345°C) on occasions where the 
hardness loss is inconsequential and low residual stress is of prime 
importance. 

The curvature curves shown in Fig. 2 display several interesting 
phenomena. Although the curvature of each experimental block was 
simultaneously measured in two different directions (at right angles), 
only one curve for each piece resulted during the early removals. 
Since in this case equality of curvature represents equality of stress, 
it was decisively concluded that residual heat treating stresses are 
equal and uniform in all surface directions. This conclusion is a 
logical assumption of thermal stress theory which is seldom proved. 

The dividing in the later portion of the curvature curves shown 
in Fig. 2 was caused by grinding. The curvature measurements on 
each specimen remained equal in both measured directions as long 
as etching alone or lapping in conjunction with etching was em- 
ployed for surface removals. Once grinding was used for stripping 
material, curvatures measured in the east-west direction (parallel to 
grind). were always algebraically greater than the curvatures meas- 
ured in the north-south direction (perpendicular to grind). These 
findings were conclusive evidence that grinding stresses are of an 
unequal biaxial nature which agrees with the data presented by 
Letner (11). At the same time the Rockwell C-64, C-58, and C-53 
curves were dividing, the Rockwell C-10, C-35, and C-48 curves were 
continuing in a smooth fashion. Such a behavior made it appear 
evident that the effects of grinding were essentially eliminated in the 
Rockwell C-10, C-35, and C-48 samples by lapping and etching. 
This was no doubt true, since the depth to which grinding stresses 
penetrated in a specimen similar to the Rockwell C-10 was effectively 
removed from all the test pieces after grinding. These happenings 
were fruitful, since they showed that the penetrating effect of grind- 
ing was influenced by hardness, the grinding stresses penetrating 
deeper with increasing hardness. 

Although the information obtained on etching and lapping from 
the preliminary experiment is not complete and will be dealt with 
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more thoroughly in a later publication, it is worthwhile mentioning 
here for the purpose of summation. 

Fig. 1 illustrates that etching does not introduce any significant 
curvature (stress). Nevertheless, the curvature observed was slightly 
positive and could mean one of two things. Either the curvature was 
caused by the release of compressive stresses present in the specimen 
surface, which is the meaning preferred by the author, or the intro- 
duction of tensile stresses by the etching. Regardless of how it is 
interpreted, the evidence is still contradictory to the work of Lihl 
(17). Lihl contends that all acid etching introduces compressive 
stress. The difference between Lihl’s results and those of the author 
no doubt stems from the methods used by each. Lihl used X-ray 
diffraction and determined microstresses whereas the author con- 


ducted a macroscopic investigation, so they cannot be entirely likened 
to each other. 


CONCLUSIONS 


The following conclusions were based on the behavior of 2 by 2 
by %-inch specimens of manganese oil hardening tool steel, quenched 
in oil from 1475 °F (800 °C). 

1. Residual surface stress is approximately 70,000 psi tension. 

2. Primary residual quenching stresses extend to a depth below 
the surface of approximately 0.025 inch. 

3. Residual stresses are progressively reduced by tempering at 
successively higher temperatures. 

4. Residual stresses are eliminated by tempering for 1 hour at 
1150 °F (620°C). 

5. The residual surface stress in a fully annealed piece, after it 
1as been stress relief annealed for 24 hours at 1100 °F (595 °C), is 
approximately 12,000 psi compressive. 

As a result of this investigation the following conclusions should 
ilso be applicable to other steels. 

6. Residual heat treating stresses in flat beams are equal and 
uniform in all surface directions, neglecting edge effects. 

7. The effects of grinding penetrate deeper in hardened than in 
annealed or tempered steel. 

8. Surface grinding induces unequal biaxial stresses. 

The following facts regarding the effects of etching and lapping 
on manganese oil hardening tool steel are mentioned for the purpose 
of summation and should be considered only as indications of be- 
havior. 

9. Etching in a 5% solution of nital does not induce any stress. 


10. Lapping induces compressive stresses which extend to a 
depth of 0.0003 inch. 
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DISCUSSION 


Written Discussion: By S. R. Maloof, H. R. Erard and R. K. Steele, 
metallurgists, Springfield Armory, Springfield, Mass. 

The author’s Fig. 4 is of particular interest to us, since we have been 
using an X-ray method developed in our laboratory to study the relief of 
the surface residual stress on tempering. At the present time, we have 
information on an FS 1050 steel oil-quenched from 1550 °F and tempered 
in the range 200 to 1200 °F. All specimens were air-cooled from the tem- 
pering temperature. The specimens used were approximately 4 by % by 
G inches. The X-ray measurements were made with unfiltered CrKa ra- 
diation on the unresolved (211) Ka-doublet of ferrite with a Norelco high- 
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Fig. 5—Reduction in the Surface Stress of 
FS 1050 Steel on Tempering % Hour at the Tem- 
peratures Indicated. 


angle X-ray spectrometer. At the higher tempering temperatures, it was 
possible to check the results with CoKa radiation reflected from the (310) 
planes of ferrite. Following the temper, the specimens were given a light 
polish on 3/0 emery paper and etched with 10% nital to remove about 
0.002 inch. 

The results of our investigation are shown in Fig. 5 in which it is seen 
that the surface stress is markedly reduced on tempering above 400 °F, 
confirming the findings of the author. The X-ray stresses determined with 
CoKa radiation are in excellent agreement with those determined with 
CrKa radiation. Although the author’s specimens contained tensile stresses 
and ours compressive stresses, Boegehold’® has pointed out that the forma- 
tion of tensile or compressive stresses in the surface layers would depend 

*See Reference 4 of paper. 
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on several factors, principally the hardenability of the steel. For that 
reason, we plan to extend our investigation to steels of greater harden- 
ability to determine if, in some steels, a reversal of stress actually occurs 
on tempering as stated by Boegehold.* The desirability of tempering above 
400 °F in practice, therefore, will depend not only on the loss in hardness 
tolerable but also on the sign of the stress in the “as-quenched” condition. 
Our results also confirm the findings of the author that additional com- 
pressive stresses may develop on air cooling from the higher tempering 
temperatures. It might be mentioned in passing that we have found in 
several instances that it is possible to produce very high compressive 
stresses in the surface by air cooling the piece from the austenitizing tem- 
perature to below the A; temperature, and then quenching to room tem- 
perature. The pieces heat treated as such had a hardness of only Rock- 
well C-20. 

The author’s results on the effect of various methods of metal removal 
on residual stress determinations are very interesting, since we plan to 
study the stress variation in depth by X-rays. It is gratifying to know 
that weak solutions of nital do not introduce additional stresses of any 
appreciable magnitude into the surface layers. The finding of Lihl,’ how- 
ever, cannot be discounted entirely. Although he showed unequivocally 
that strongly acidic solutions introduced compressive stresses into the sur- 
face of well-annealed bars of low carbon steel, whether the metal was re- 
moved by chemical or electrochemical methods, he also showed that the 
electrolytic removal of metal (0.002 to 0.004 inch) in weakly acidified water 
did not introduce any “etch” stresses. His chief objection to the removal! 
of metal in this manner was that it left the surface of the metal in a rough 
condition, unsuitable for X-ray strain measurements. Futhermore, he 
showed that the magnitude of the etch stresses depended on (a) the ma- 
terial used, (b) the heat treatment of the material, and (c) the current 
density used in electrochemical methods. It is unfortunate that he did not 
use nital in his studies on the development of etch stresses, but the author 
has clearly shown that little, if any, stress is introduced by such etching. 
We plan to study in some detail the effect of different etchants of varying 
concentration on the lattice parameter of a number of well-annealed and 
stressed steels, removing the metal chemically and by electrochemical 
methods. Such information is absolutely necessary whether X-ray or 
mechanical methods are used in such stress studies. 

The author's statement, on the eleventh page, that Lihl determined 
microstresses is questionable on two accounts. First, microstresses are 
reflected in the broadening of the X-ray diffraction maxima. Macro- 
stresses, on the other hand, are manifested by a displacement of the dif- 
fraction maxima (change in lattice spacing). Lihl reported changes as 
large as 8 X 10° A in the lattice parameter of ferrite, and this value is far 
greater than the experimental error of lattice parameter determination by 
the X-ray back-reflection method, viz., 1 x 10* A. While a microstress 
gradient within the volume irradiated by the X-ray beam would give rise 
to a macrostress, it does not follow that such a stress gradient is essential 
to the development of macrostresses.* Further confirmation of the fact 

8See Reference 17 of paper. 


4G. B. Greenough, ‘‘Macroscopic_Surfaces Produced by Plastic Deformation’’, Journal 
Iron and Steel Institute, Vol. 169, 1951, p. 235. 
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that such a microstress gradient could not account entirely for the ob- 
served changes may be had by a closer examination of Lihl’s results. He 
found that the stress sum as determined from a single measurement of 
strain normal to the surface agreed quite well with the sum of the indi- 
vidual stress components determined by the two-exposure X-ray method. 
This would not be true if a microstress gradient existed. Greenough‘ also 
found that etching annealed steel developed compressive stresses. 

It is hoped to present to this Society at some future date our X-ray 
stress determinations on quenched and tempered steels. 


Author’s Reply 


It is reassuring indeed to find that other investigators of the same 
subject are obtaining results similar to those of the author, particularly 
while employing a different technique. 

The discussers were thoughtful to point out the reason for their 
results being opposite in sign to those presented in the paper. As they 
implied, their steel, FS 1050, did not have sufficient hardenability to become 
hardened throughout the entire cross section when quenched from the 
1ustenitizing temperature, hence their steel had a resultant surface stress 
which was compressive instead of tensile. Nevertheless, the effect of tem- 
ering was the same in both cases—namely, decreasing surface stress with 
rogressively increasing tempering temperature. 

The discusser’s comments on the X-ray work of Lihl and Greenough 
s to whether or not they measured macro- or microstresses are enlighten- 
ng. However, since the validity of the results presented in this work does 


ot depend on either the findings of Lihl or Greenough, no further com- 
nents on their work need be made. 
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A STUDY OF THE MECHANISM OF THE DELAYED 
YIELD PHENOMENON 


By T. VREELAND, JR., D. S. Woop anp D. S. CLarK 


Abstract 


This paper presents the results of an experimental in- 
vestigation of the behavior of an annealed low carbon steel 
subjected to a rapidly applied constant stress and to re- 
peated short-duration stress-pulses. The test stresses were 
greater than the upper yield stress. The material was aged 
at various temperatures between stress-pulses, and the 
effect of the time of aging on the number of stress-pulses 
to induce yielding was determined. 

Plastic and anelastic microstrain of the order of 30 X 
10° in./in. is observed prior to the onset of yielding in 
rapidly applied constant stress tests and in repeated stress- 
pulse tests. Aging of the specimens for a sufficient length 
of time at a given temperature between stress-pulses in- 
duces recovery in the material such that yielding does not 
occur in repeated stress-pulse and aging cycles. The activa- 
tion energy of the recovery process corresponds, within 
the limits of the experimental accuracy, to the activation 
energies of carbon and nitrogen diffusion in iron. 

These effects are discussed in terms of the dislocation 
theory of yielding. The delayed yield and the microstrain 
are attributed to the action of dislocations within the 
crystals of the material. The recovery process is attributed 
to the diffusion of carbon and nitrogen. to the dislocations 
which have been displaced, thus stabilizing the array of 
dislocations for the particular stress condition. 


HE DEPENDENCE of yield point and strain aging phenom- 
enon on carbon and nitrogen in steel has been studied by 
other investigators. Muir (1)! and Davenport and Bain (2) have 
demonstrated that the activation energy of strain aging (return of 
the yield point) is almost exactly that for the diffusion of carbon in 
alpha iron. Several other investigators have demonstrated that the 
presence of the upper yield point in low carbon steel is intimately 
related to the presence of carbon and nitrogen (3-5). The upper 
yield point and strain aging phenomenon are theoretically described 
1The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, T. Vreeland, Jr., 
is research assistant, D. S. Wood is assistant professor of mechanical engineer- 
ing, and D. S. Clark is professor of mechanical engineering, California Institute 


of Technology, Pasadena, Calif. Manuscript received January 2, 1952. 
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by the concept of dislocations and their interaction with interstitial 
solute atoms, such as carbon and nitrogen in the steel. Such descrip- 
tions have been given by Cottrell (6, 7), Nabarro (8), and Cottrell 
and Bilby (9). 

Previous investigations at the California Institute of Technology 
(10-12) have shown that a definite period of time is required for the 
initiation of yielding in annealed low carbon steel subjected to rapidly 
applied constant stress exceeding the static upper yield stress. In those 
investigations, the tests were continued at constant stress until yielding 
occurred. By considering the concepts of the dislocation theory, one 
may suspect that if the material is subjected to a stress greater than 
the static upper yield stress and that stress is released before yielding 
can take place, some conditioning action occurs that may have a per- 
manent effect on the delay characteristics of the material. 

The purpose of the investigation discussed in this paper is to 
determine whether or not the cumulative time at stress for a series of 
stress-pulses is the same as the delay time required for the initiation 
of yielding in a single rapid-loading test. The influence of aging at 
different temperatures for different intervals of time between the 
stress-pulses is considered in this study. Sensitive strain measure- 
ments are made during the stress-pulses and during rapidly applied 
constant stress tests in an attempt to detect any plastic or anelastic 
microstrain that may occur. 


MATERIAL, TEST SPECIMENS, AND TREATMENTS 


The specimens used in this investigation were machined from 
yg-inch diameter hot-rolled bars from a single billet. Three check 


inalyses made by the mill on random bars all gave the following 
‘esults : 


Jo 
Carbon 0.12 
Manganese 0.43 
Phosphorus 0.019 
Sulphur 0.042 
Silicon 0.27 
Copper 0.23 
Tin 0.037 


A drawing of the test specimen used in this investigation is shown 
in Fig. 1. The gage section was finished by grinding. A thin, flat 
gage section was employed to facilitate the application of SR-4 strain 
gages. 

Two groups of specimens were employed in this investigation. 
The first group consisted of specimens which had been annealed for 
1 hour in pure dry hydrogen at a temperature of 1700 °F (930°C). 
These were used for a study of plastic and anelastic microstrain prior 
to yielding. 
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The results of a previous investigation (12) indicate that a 
homogenizing treatment at 1300 °F (700°C) for a long period fol- 
lowing the annealing treatment brings the material closer to a state 
of perfect equilibrium and considerably reduces the scatter in the 
rapid-load test data. Such a treatment was given to the second group 
of specimens, which were used for the static tests, rapid-load tests, 





Fig. 1—Test Specimen. 


and stress-pulse and aging tests. The hydrogen atmosphere was 
purified, and a pure hydrocarbon was introduced to prevent specimen 
decarburization. The heat treatment was as follows: 

(a) Annealed at 1680 °F (915°C) for 2% hours. 

(b) Homogenized at 1300 °F (705°C) for 22 hours. 

The homogenization treatment did not change the grain size or 
hardness of the material. The ASTM grain size was observed to be 
6.7, and the average of 20 hardness determinations was 54 on the 
Rockwell B scale. Microscopic examination of the material showed 
that no detectable change occurred in the amount of pearlite present 
in the surface of the specimen as a result of the homogenizing treat- 
ment. The fact that the hardness of the material was not changed by 
this treatment also indicates that the carbon content was not changed 
appreciably. 

EQUIPMENT 


The tests were made with the rapid-load testing machine de- 
scribed in a previous paper (10). Suitable alteration of a part of the 
actuating mechanism permits the application of a stress-pulse to the 
test specimen. 

The extensometers described in a previous paper (11) were used 
for tests in which only the initiation/of yield strain was to be detected. 
Tensile and bending strains were measured by means of SR-4 resist- 
ance-sensitive wire strain gages. One Type A-5 gage was bonded to 
each side of the gage section of the test specimen. 

Plastic and anelastic microstrain was measured by employing a 
strain bar which was attached to one end of the specimen. The 
nominal dimensions of the gage section of the specimen and the strain 
bar are the same; hence, the elastic strains in the specimen and the 
bar are nearly equal. The-strain bar is made of X4130 steel, heat- 


eer 
ii 
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treated so that it remains elastic under the loads used in this investiga- 
tion. Two Type A-5 gages are bonded to the gage section of the 
strain bar and electrically connected to the two gages bonded to the 
gage section of the specimen in such a manner that the elastic strain 
in the strain bar is subtracted from the total strain in the specimen. 
This arrangement permits the use of the maximum possible sensitivity 


of the recording system without exceeding the total strain-recording 
capacity of the system. 


50 
40 
30 


20 


Stress, |OOOpsi 





0 0.5 1.0 1.5 eo. 25 
Strain, % 


Fig. 2—Static Stress Versus Strain-Annealed 
and Homogenized Material. 


The load acting on the specimen was measured by means of a 
dynamometer employing Type AB-14, SR-4 strain gages with suitable 
temperature compensation. 

The signals from the strain gage bridge circuits were recorded 
on photographic paper by a galvanometer-type recording oscillograph. 
A 3000-cycle-per-second carrier bridge amplification system was used. 


Test PROCEDURE AND EXPERIMENTAL RESULTS 


Static Tension Tests—The static tension tests were performed in 
the rapid-load testing machine by manual operation of the pressure 
system. The load was applied to the specimen in increments, and each 
increment was held for 3 minutes before recording values of load and 
tensile strain. When the specimen yielded, the load was removed and 
then reapplied in increments to determine the lower yield stress. The 
test was discontinued when the bonded strain gages came loose from 
the specimen at a strain of approximately 2%. Static stress-strain 


curves for the annealed and homogenized material are presented in 
Fig. 2. 
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Rapid-Load Tension Tests—The rapid-load tension tests which 
were made to determine the stress — delay time characteristics of the 
material were performed in the manner described in a previous paper 
(10). The test results are plotted in Fig. 3. 





Stress, |OOOpsi 







© Annealed and Homogenized Material 
e@ After Stress—Pulse and Aging Treatment 
——-—Annealed Material (Ref. 2) 


io? 1io~? io”! t 10 10% 
Delay Time, sec. 


Fig. 3—Delay Time Versus Stress. 


The extent of bending in the specimen during rapid-load tension 
tests was investigated. The maximum bending strain found in nine 
tests was 6.2% of the tensile strain, and the mean was 2.9%. 

Repeated Stress-Pulse Tests—The tests which were employed 
to study the effect of stress-pulses and aging on the delay time were 
made by imposing a stress-pulse of essentially constant magnitude 
and duration on the specimen. The pulse was as follows: 

(a) Stress of 45,000 + 800 psi applied in approximately 0.007 second. 

(b) Stress held essentially constant for 0.029 = 0.001 seconds. 

(c) Stress removed in approximately 0.003 second. 

The delay time for the material when subjected to a stress of 
45,000 psi is approximately 0.050 second, which is greater than the 
duration of one stress-pulse and less than the duration of two stress- 
pulses. Thus, the material might be expected to yield during the sec- 
ond stress-pulse if there is no recovery between pulses. This pro- 
cedure provides a method of detecting any recovery that may occur 
between stress-pulses. 

The specimens were aged for various intervals of time between 
stress-pulses at temperatures of 70, 150 and 200°F (21, 66 and 
93°C). The procedure of aging the specimen at 150 and 200 °F 
(66 and 93 °C) after a stress-pulse was as follows: 


(a) Specimen removed from rapid-load machine and placed in an 
oil bath at desired temperature within 5 minutes after stress- 
pulse (temperature controlled to +1 °F). 

(b) Specimen removed from oil bath after desired aging period and 
immediately cooled in powdered dry ice (—109 °F or —78°C). 

(c) Specimen brought to approximately 70°F in an — bath 
5 minutes prior to next” stress-pulse, 
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(d) Stress-pulse applied when specimen reached 70°F; specimen 
temperature determined by thermocouple and recording poten- 
tiometer. 

The initiation of yielding was determined with the extensometers 

in the majority of the stress-pulse tests. A typical record of a stress- 
pulse is shown in Fig. 4. 
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Cumulative Time at Stress to Yield, sec. 


1O 10? io” 
Aging Time, min. 
Fig. 5—Cumulative Time at Stress to Yield Versus Aging Time. 
The cumulative! time at stress before yielding is plotted in Fig. 5 


as a function of aging time between stress-pulses for the three aging 
temperatures. The specimens which were aged at 70 °F for 3 minutes 
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yielded during the second stress-pulse, and the cumulative time at 
stress before yielding was approximately equal to the normal delay 
time at the same stress. Aging at 150 °F and 200 °F for periods equal 
to or greater than a certain critical value induced recovery from the 
effects of the previous stress-pulse. This is shown by the fact that 
yielding did not take place in successive stress-pulse and aging cycles. 
The data show that recovery is accomplished by aging for a minimum 
of approximately 12 minutes at a temperature of 200°F and 100 
minutes at 150 °F. 

Measurement of Plastic and Anelastic Microstrain—A typical 
record of microstrain in a rapid-load test is shown in Fig. 6. A cor- 





Stress = 43, ress 43,500 ps psi 


nS ut 37.0 x 10°S in,/in. 


a 
Yield Start 


Fig. 6—Typical Record of Microstrain Under Constant Stress. 









rection must be applied to the data obtained from this record in order 
to obtain values of microstrain. This correction is made necessary 
by an imperfect balance between the elastic strain in the specimen and 
the strain bar. The sources of the inequality of elastic strain are: 


(a) A difference in cross sectional areas of the strain bar and the 
specimen. 

(b) A difference in sensitivities of the gages on the strain bar and 
the specimen. 

(c) Misalignment between specimen and strain bar at the threaded 
connection which can result in a difference of the bending moment 
in the specimen and in the strain bar. This will result in bending 
strain inequality. 

(d) A difference in Young’s modulus between the X4130 strain bar 
and the test specimen. 


These sources of elastic strain inequality do not produce any change 
in the indicated strain while the stress remains constant. Therefore, 
the changes of indicated strain which occur during the period of sub- 
stantially constant stress may be attributed to plastic and anelasitc 
microstrain in the specimen. The microstrain shown in the records 
is indicated by a downward deflection of the trace, whereas an un- 
balanced elastic strain may deflect the trace in either direction. The 
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strain which is indicated on the record during the period of stress rise 
is subtracted from the total indicated strain; thus, any microstrain 
occurring during the period of stress rise is neglected. 

Anelastic and plastic strains which may occur in the strain bar 
also introduce a subtractive error. Hence, the measured microstrain 
is always less than the true plastic and anelastic microstrain in the 
specimen. Although it is difficult to make a reliable estimate of the 
total error due to these effects, there is some justification for believing 
that it is small. First, the strain correction for elastic unbalance is 
normally a small portion of the indicated microstrain during the entire 
record. Hence, the microstrain which may occur during the period of 
stress rise is small compared to the total microstrain. Second, the 
stress in the strain bar is approximately one-fourth the value of the 
yield stress for this material ; therefore, the anelastic and plastic strain 
in it should be negligible. 

A mean value of microstrain of 30 & 10% in./in. was found to 
take place prior to yielding in ten tests at various stresses. Although 
the microstrain varied from 20 * 10° in./in. to 37 & 10° in./in. in 
these tests, there is no systematic correlation with the magnitude of 
the stress. The microstrain rate during each test decreases with time 
until yielding starts. A recovery of approximately 50% of the micro- 
strain was observed when the stress was removed. Successive stress- 
pulse and aging cycles showed decreasing amounts of microstrain in 
each stress-pulse cycle. When the aging conditions induced recovery, 
the decrease in microstrain for successive stress-pulse aging cycles 
was greater. 

The distribution of the microstrain over the specimen gage length 
was investigated. The difference in strain between two regions of the 
gage section was measured by means of four Type A-8, SR-4 strain 
gages. Two gages were bonded to each region, one on each side of the 
gage section, and the four gages were electrically connected so as to 
measure the strain difference between the two regions. These strain 
gages have a gage length of % inch, and the specimen gage length 
is ¥% inch. The specimen was subjected to a rapid load, and the 
resulting test record indicates no inhomogeneity in strain prior to 
the initiation of yielding. A second indication of the distribution of 
the microstrain was obtained in the following manner: The surface 
of a test specimen was mechanically polished, etched, and examined 
microscopically at magnifications of 100 and 600 diameters between 
successive stress-pulses in an attempt to detect the formation of slip 
lines. No slip lines were observed until yielding took place during 
the third stress-pulse. Slip lines were then observed within the single 
Luders’ band which had formed. 

Tests on Material Previously Subjected to Stress-Pulse and 
Aging Cycles—The influence of stress-pulse and aging cycles on the 
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static stress-strain relationship and on the stress — delay time relation- 
ship was investigated. Tests were conducted on specimens which had 
been previously subjected to stress-pulses followed by sufficient aging 
to produce recovery. Hence, none of these specimens had previously 
yielded. 

The static upper and lower yield stress and the yield strain are 
not changed significantly by the stress-pulse and aging treatment. 
The results of the stress—delay time determinations are plotted in 
Fig. 3. These tests show that the delay times are greater by a factor 
of approximately 4 than the delay times for the original material for 
corresponding stresses. 


DISCUSSION OF RESULTS 


The relations between delay time and stress for the annealed and 
annealed and homogenized material are given in Fig. 3. The scatter in 
the data was found to be reduced by the homogenizing treatment. This 
treatment also produced changes in the stress—delay time relation- 
ship which was previously reported for the original annealed material 
(12). The reduced scatter and the changes in the stress — delay time 
relationship can be attributed to a closer approach to the equilibrium 
state in the annealed and homogenized material. The amount of bend- 
ing found in the rapid-load tensile tests is sufficient to introduce the 
scatter found in the stress — delay time determinations of the annealed 
and homogenized material. | 

The results of the repeated stress-pulse tests, presented in Fig. 5, 
show that a definite recovery from the effects of the previous. stress- 
pulse takes place when the time and temperature between stress-pulses 
is sufficient. An activation energy for the recovery process can be 
found by assuming that the recovery follows a law of the form 


t~ eV/Rt 


where t is the critical aging time for recovery, 
Q is the activation energy of the recovery process, 
R is the gas constant, and 
T is the absolute aging temperature. 


The recovery times of 12 minutes at 200°F and 100 minutes at 
150 °F give an activation energy of 18,800 cal/mole for the recovery 
process. There is an uncertainty of 10% in this value due to scatter 
in the critical aging time and the fluctuation of the aging temperature. 
This activation energy corresponds to the activation energy of strain 
aging (1, 2, 8), (18,100 cal/mole), and to the activation energy of 
the diffusion of carbon and nitrogen in alpha iron [carbon: 18,100 
cal/mole (13), 19,800 cal/mole (14); nitrogen: 17,700 cal/mole 
(14)]. Thus, it is reasonable to assume that the mechanism of re- 
covery from previous stress-puJses is related to the mechanism of the 
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return of the yield point and to the diffusion of carbon and nitrogen 
in the steel. 

A microstrain of approximately 30 x 10° in./in. was measured 
prior to yielding for both rapid loading and repeated stress-pulses. 
The microstrain appears to be independent of the applied stress within 
the range of stress covered in this investigation. This value of micro- 
strain agrees in order of magnitude with that found by Averbach 
(15) (50 to 60x 10° in./in.) in static tests on polycrystalline 
samples of iron and steel. 

Cottrell (7) has recently presented some promising additions to 
the previous concept of the mechanism for the initiation of yielding in 
polycrystalline low carbon steel. He extends the previous theory of 
dislocations anchored by interstitial solute atoms to include the fol- 
lowing concepts : 

(a) Releasing a dislocation from a grain boundary requires a larger 

force than releasing an anchored dislocation within a crystal. 

(b) A few dislocations are released prior to yielding, and their move- 

ment is obstructed by interaction with other nearby anchored 
dislocations or grain boundaries. Yielding is not initiated until 


the resistance offered by obstructions to the movement of dis- 
locations is Overcome. 


An anchored dislocation within a crystal may move when its total 
energy is greater than the potential energy of the anchoring barrier. 
The potential energy of the barriers changes with the applied stress. 
For a given stress, the number of dislocations which can move in a 
given time is determined by the statistics of the fluctuations in thermal 
energy of the dislocations. Therefore, a definite period of time would 
be required for a particular stress to release a given number of dis- 
locations. When a sufficient number of dislocations are released and 
move to an opposing obstruction, they may overcome the restraint 
offered by the obstruction and initiate an avalanche of dislocations 
which results in yielding. The delayed yield phenomenon may be ex- 
plained by this mechanism. Furthermore, the relatively constant value 
of microstrain observed before yielding in this investigation can also 
be qualitatively explained by these concepts. 

No inhomogeneity in microstrain was found prior to yielding. 
This indicates that the microstrain does not result from the progres- 
sive formation of the Luders’ band which appears on yielding. For a 
quantitative treatment of the dislocation theory of the observed micro- 
strain, the number of dislocations which can be moved or the distance 
which these dislocations can move before being stopped by obstructions 
must be assumed. If the density of dislocations which are moved is 
p per unit area and if the mean distance which the dislocations move 
is L, the movement of the dislocations causes a tensile strain of about 
pLaA,/2, where A, is the magnitude of the dislocation slip vector. 
If the obstacles which stop the movement of a dislocation within the 
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crystal are assumed to be the mosaic boundaries with a spacing of 
about L = 10% cm (18), and taking A, = 2.5 & 10° cm for alpha 
iron, then by the above formula, between 10% and 108 dislocations per 
cm? must be moved to produce a tensile strain of 30 « 10° in./in. 

When the stress is rapidly removed before the initiation of yield- 
ing, approximately 50% of the microstrain is recovered. This in- 
dicates that some of the dislocations which were displaced by the 
applied stress return toward their original positions when the stress 
is removed, as might be expected. 

The microstrain rate, prior to the initiation of yielding, decreases 
with time. This might be accounted for by a depletion of the reservoir 
of dislocations which may be moved by the applied stress. This may 
also account for the decreasing amount of microstrain induced by 
successive stress-pulses when recovery does not take place. When the 
aging treatment between stress-pulses induces recovery, a greater 
decrease in the microstrain in successive stress-pulses is found. The 
recovery mechanism may be explained by the diffusion of carbon and 
nitrogen to the dislocations which have been displaced. The resulting 
array of dislocations, anchored by atmospheres of carbon and nitrogen, 
may be expected to be more stable than the original array under the 
particular stress condition. Successive stress-pulse and aging cycles 
then produce less microstrain, and yielding does not take place. The 
more stable configuration of dislocations for the particular stress 
condition is also indicated by the results of the rapid-load tensile tests 
on the material which had previously been subjected to stress-pulse 
and aging cycles in which recovery took place. The delay times for 
the initiation of yielding are increased by a factor of approximately 


four over the delay times for the original material for corresponding 
stresses. 
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SUMMARY AND CONCLUSIONS 


The results of the repeated stress-pulse tests on annealed low 
carbon steel show that a definite recovery from the effects of the | 
previous stress-pulse takes place when the combination of time and | 
temperature between stress-pulses is sufficient. For aging periods | 
longer than the critical recovery time at a given aging temperature, | 
repeated stress-pulse and aging cycles do not produce yielding. For 
aging periods shorter than the critical recovery time, the specimen 
yields when the cumulative time at stress is approximately equal to 
the normal delay time. This recovery process is found to be associated 
with an activation energy corresponding to the activation energy of 
strain aging and diffusion of carbon and nitrogen in the steel. The 
repeated stress-pulse and aging treatment stabilizes the material such 
that the delay times are increased for the same stress. 
Sensitive strain measuremepts under conditions of rapid loading 
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and stress-pulses indicate that a plastic and anelastic microstrain of 
approximately 30 10° in./in. precedes the yield strain. The de- 
layed yield and the microstrain may be attributed to the action of dis- 
locations within the crystals. 

The recovery phenomenon and the increase in delay times for the 
previously stressed and aged material may be attributed to the diffu- 
sion of carbon and nitrogen to the dislocations which have been dis- 
placed, thus stabilizing the array of dislocations for the particular 
stress condition. 


ACKNOWLEDGMENTS 


This investigation was conducted under the sponsorship of the 
Office of Naval Research. The rapid-load testing machine used in this 
investigation was constructed by the California Institute of Tech- 
nology under a contract with the United States Air Force. Appre- 
ciation is expressed to the U. S. Air Force for permission to use the 
machine. 


References 


1. J. Muir, “On the Recovery of Iron From Overstrain”, Philosophical Trans- 
actions, Royal Society of London, Series A, Vol. 193, Pt. 1, 1900, p. 1. 

2. E. S. Davenport and E. C. Bain, “The Aging of Steel”, TRANsacTIONs, 
American Society for Metals, Vol. 23, 1935, p. 1047. 

3. J. R. Low, Jr., and M. Gensamer, “Aging and the Yield Point in Steel”, 
Transactions, American Institute of Mining and Metallurgical En- 
gineers, Vol. 158, 1944, p. 207. 

4. A. N. Holden and J. H. Hollomon, “Homogeneous Yielding of Carburized 
and Nitrided Single Iron Crystals”, Journal of Metals, February 
1949, Metals Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 185, p. 179. 

5. H. Schwartzbart and J. R. Low, Jr., “The Yielding and Strain-Aging of 
Carburized and Nitrided Single Crystals of Iron”, Journal of Metals, 
September 1949, Metals Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 185, p. 637. 

6. A. H. Cottrell, “Effect of Solute Atoms on the Behavior of Dislocations”, 
Report of a Conference on Strength of Solids, Physical Society of 
London, 1948. 

. H. Cottrell, “The Yield Point in Single-Crystal and Polycrystalline 
Metals”, Symposium on the Plastic Deformation of Crystalline Solids, 
Mellon Institute, 1950. 

8. F. R. N. Nabarro, “Mechanical Effects of Carbon in Iron”, Report of a 

Conference on Strength of Solids, Physical Society, London, 1948. 

i ee Cottrell and B. A. Bilby, “Dislocation Theory of Yielding arid 
Strain Aging of Iron”, Proceedings, Physical Society of London, 
Sec. A, Vol. 62, Pt. 1, 1949, p. 49. 

10. D. S. Clark and D. S. Wood, “The Time Delay for the Initiation of 
Plastic Deformation at Rapidly Applied Constant Stress”, Proceed- 
ings, American, Society for Testing Materials, Vol. 49, 1949, p. 717. 

11. D. S. Wood and D. S. Clark, “The Influence of Temperature Upon the 


Time Delay for Yielding in Annealed Mild Steel”, Transactions, 
American Society for Metals, Vol. 43, 1951, p. 571. 


“Ni 
> 





awa emer e 8 8 %48 Se ~~ 8248 eee ee 


~~. 


8h SS Ss eee ee ef 





. 
| 


ee a 


BRE OTT RAL £ TERT V RR TRC 


‘v. 


a 


A ree 


° r"rvrT? 2 


_- 


tt 


?* ’ 


3 


oom. 


¢ ++ ee eee re 


Loe eat 


=~ —_ ia =i Me 
came aE 





ere srs 


tyre 


-~—ys 


or 


“- 


632 TRANSACTIONS OF THE A.S.M. Vol. 45 


12. D. S. Wood ard D. S. Clark, “Delayed Yield in Annealed Steels of Very 
Low Carbon and Nitrogen Content”, TRANsactions, American Society 
for Metals, Vol. 44, 1952, p. 726. 


13. J. K. Stanley, “The Diffusion and Solubility of Carbon in Alpha Iron”, 
Transactions, American Institute of Mining and Metallurgical En- 
gineers, Vol. 185, 1949, p. 752. 


14. C. Wert and C. Zener, “Interstitial Atomic Diffusion Coefficients”, Physical 
Review, Vol. 76, ‘Ser. 2, 1949, p. 1169. 


15. B. L. Averbach, Discussion of paper by A. H. Cottrell, Symposium on 
the Plastic Deformation of Crystalline Solids, Mellon Institute, 1950. 


16. F. Seitz, “The Theory of Plastic Flow in Single Crystals”, Symposium on 
the Plastic Deformation of Crystalline Solids, Mellon Institute, 1950. 


DISCUSSION 


Written Discussion: By William C. Leslie, Research Laboratory, 
United States Steel Co., Kearny, N. J. 

The authors found that relations between delay time and stress were 
not the same for material held at 1700 °F for 1 hour and slowly cooled and 
material annealed at 1680 °F, then held for 22 hours at 1300 °F and slowly 
cooled (Fig. 3). The scatter in the data was also reduced by the homoge- 
nization treatment at 1300°F. The authors attributed these effects to a 
closer approach to equilibrium in the homogenized material. 

It is suggested that the change in delay time and reduced scatter of 
the data may be due to removal of nitrogen from solution in ferrite by 
formation of silicon nitride during the homogenization treatment. An 
examination of the literature* * indicates that a period of 22 hours at 1300 
°F, followed by slow cooling, will cause silicon nitride to form in the silicon- 
killed steel used by the authors. If the steel contains aluminum, aluminum 
nitride may be formed. Is information on the aluminum content available 
to the authors? For these reasons, results obtained with a silicon-killed 
steel may not correspond with results which might be obtained with 
aluminum-killed or rimmed steels. 

Written Discussion: By B. L. Averbach and H. Muir, ie ieas of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, Mass. 

The authors have found anelastic and plastic microstrains of the order 
of 30 x 10° prior to yielding in annealed 1020 steel. The relaxation of the 
anelastic component is quite rapid, and a dynamic test such as that used 
by the authors is necessary to observe it. It should be pointed out, how- 
ever, that the plastic microstrain prior to the upper yield point can be ob- 
served at normal testing speeds. 

Roberts, Carruthers and Averbach* measured the changes in length of 
a specimen which had been loaded to a given stress level and then un- 
loaded. Their method employed a mechanical-optical comparator and was 
sensitive to changes of the order of 5 x 10° inch per inch. They observed 


2W. C. Leslie, K. G. Carroll and R. M. Fisher, “Diffraction Patterns and Crystal Struc- 
ture of SisN« and GesN,’’, Journal of Metals, February 1952, p. 204. 


8H. F. Beeghly, “Behavior of Nitrogen and Some of Its Compounds in Steel”, Analyti- 
cal Chemistry, July 1952, p. 1095. 


4C. S. Roberts, R. C. Carruthers and B. L. Averbach, “The Initiation i Plastic Strain 
in Plain Carbon Steels” , TRANSACTIONS, ee Society for Metals, Vol. 44, 1952, p. 1150. 
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plastic strains of 30 to 50 x 10° prior to the upper yield and they showed 
that this figure did not include anelastic strain. They were thus able to 
establish an elastic limit and a region of plastic flow prior to the upper yield. 

In the course of further work now in progress at Massachusetts 
Institute of Technology, we have been able to observe pre-yield strains 
more conveniently by the use of electrical strain gages (Baldwin SR-4, 
Type A-3) mounted on tensile specimens. This technique requires careful 
attention to temperature compensation, and requires the elimination of 
bending effects in order to minimize the zero shift which would obscure 
the microstrain. A specimen is loaded to a given stress level, unloaded, 
and the residual strain measured. In each case sufficient time is allowed 
for the anelastic component to relax. The strain gage technique appears 
to give the same results as the previous method. 

At present we are investigating the effects of tempering temperature 
and carbon content on the elastic limit and pre-yield phenomena of 
quenched plain carbon steels. A preliminary survey has already shown that 
steels with carbon contents from 0.08 to 0.8% and with tempering temper- 
atures between 800 and 1300 °F exhibit a pre-yield strain and this may be 
apparently regarded as the normal behavior. In addition, the magnitude 
of this pre-yield strain may vary considerably and appears to be a function 
of the carbon content and heat treatment. 


Table I 
Stress-Strain Readings for Three Specimens of 0.08% Carbon Steel 


Brine-Quenched From Brine-Quenched From Brine-Quenched From 


1675 °F, Tempered 1675 °F, Tempered 1675 °F, Tempered 
1 Hour at 1300 °F 1 Hour at 1200 °F 1 Hour at 1100 °F 
and Air-Cooled and Air-Cooled and Air-Cooled 

Stress Strain After Stress Strain After Stress Strain After 
psi X Unloading psi X Unloading psi X Unloading 
10-3 108 10-3 108 10-3 10% 
0 0 0 0 0 0 
2 0 2 0 2 0 
4 0 4 0 4 0 
6 0 6 0 6 0 
8 0 8 0 8 0 
10 0 10 0 10 0 
12 0 12 0 12 0 
14 0 14 0 14 0 
16 0 16 0 16 0 
18 0 18 0 18 0 
20 0 20 0 20 0 
22 0 22 0 22 0 
24 0 24 0 24 0 
26 1 26 1) 26 0 
28 2 28 0 28 0 
30 4 30 0 30 0 
32 4 32 1 32 0 
34 4 34 2 34 0 
36 6 36 3 36 0 
38 8 38 5 38 0 
40 12 40 13 40 0 
42 ) Drop 2° 42 60 44 <1 
of 42.2) Drop 76* 48 >1 
40) Load >14,000 of 50 3 
41.5 ) Load >14,000 52 8 
54 18 
54.7) Drop 33* 
of 
2 51.8 } Load >13,000 


*Values marked are estimated by extrapolation. 
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Pre-Yield Plastic Deformation 
0.08 % Carbon Steel 


P Quenched y Quenched ? Quenched 
? From I675°F ¢ From I675°F » From 1675°F 
1 Tempered 4 Tempered , Tempered 
tL 1300°F Ihr., | 1200°F thr., } I100°F Ihr, 
{ AirCooled | Air Cooled Air Cooled 


Stress, psi x 107-9 
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Fig. 7—Pre-Yield Plastic Deformation, 0.08% Carbon Steel. 
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Table Il 
un Summary of Results for Three Specimens of 0.08% Carbon Steel 
i ae Quenched From Brine-Quenched From — Quenched From 
+> 675° F, Tempered 1675° F, Tempered 675° F, Tempered 
7. 1 Hour at 1300 °F 1 Hour at 1200 °F 1 Hour at 1100 °F 
[> and Air-Cooled and Air-Cooled and Air-Cooled 
‘ Elastic limit, psi 36,000 32,000 44,000 
zt Upper yield, psi 42,000 42,200 54,700 
Q Lower yield, psi 40,000 41,500 51,800 
> Total pre-yield 21 X 10-6 76 X 10-8 33 & 10-* 
:* microstrain 


Three examples of pre-yield phenomena are given in Fig. 7. These 
curves refer to three specimens of the following composition: 0.08% 
carbon, 0.39% manganese, 0.029% sulphur, 0.011% phosphorus and a trace 
| of silicon. These specimens were brine-quenched from 1675 °F, tempered 
at 1100, 1200 and 1300°F respectively, and air-cooled. In each case the 
ky . ° e e ° 
specimen was loaded to the indicated stress level and the residual strain 
measured on unloading. Actual stress and strain readings are shown in 
| Table I, and it can be seen from these values that a definite drop of the 
load corresponding to the upper yield point occurs in each case. It is quite 
evident, however, that a measurable plastic strain has occurred prior to 

yielding and these are summarized in Table II. | 

The existence of a plastic pre-yield deformation in steels which show ) 
a delay time would seem to be of considerable theoretical significance with 
s reference to the mechanism of plastic deformation. The pre-yield phe- 
| nomenon may also be of significance in embrittlement and it would be 
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very interesting to see what effects variations in heat treatment might 
have on the microstrain and delay time phenomena. 

Written Discussion: By A. N. Holden and J. R. Low, Jr., Knolls 
Atomic Power Laboratory, General Electric Co., Schenectady, N. Y. 

There are a few instances where an interpretation can be placed on 
the experimental work that differs from the views presented in the paper. 

First of all, it seems contradictory to suggest that the effect of a 
succession of stress-pulses is strictly cumulative (in the absence of suffi- 
cient aging) and also report that the microstrain observed during a stress- 
pulse is relaxed by 50% upon release of that stress. At least some frac- 
tional increase in time at stress ought to be observed for the pulsing tech- 
nique over the single stress technique; perhaps if the pulse time were a 
smaller fraction of the delay time observed for single stress tests, the sen- 
sitivity to any effect would be increased. 

The second point concerns the interpretation of the microstrain before 
yielding. Cottrell’s notion that small amounts of plastic strain occur before 
the yielding cataclysm is verified for polycrystals both by this work and 
the previous work of Roberts, Carruthers and Averbach.* We dislike, how- 
ever, to consider the microstrain to result from the movement of 10° dis- 
locations in any square centimeter for distances corresponding to 10 cm 
(the mosaic block size) and then becoming hung up on a subboundary. 
We prefer the simpler concept that some smaller number of dislocations 
move the grain diameter before becoming hung up. In the case at hand, 
an ASTM No. 6.7 grain size would allow a movement 4 x 10° cm to the 
grain boundaries and require the strain contribution of less than 10° dis- 
locations on any square centimeter to produce the observed microstrain. 

The reasoning behind this preference is as follows: If we are con- 
sidering crystals formed during transformation or during recrystallization, 
these crystals are in the annealed condition and probably contain little 
more than 10° cm™ dislocations. These may be considered randomly dis- 
tributed or packed in mosaic subboundaries, according to preference, but 
in either situation they constitute a negligible barrier to the motion of any 
dislocation. 

A simple and unoriginal calculation will show that a network of mosaic 
boundaries 10“ cm apart on any square centimeter would contain 2 x 10* 
cm of boundary that could be packed with 10° dislocations at an average 
spacing of 2 x 10* cm or 8000 atoms. This dilute spacing is quite con- 
sistent with a dislocation model of the boundary between mosaic blocks 
with angular discrepancies of less than 1 minute. However, this dilute 
spacing is inconsistent with the notion that subboundaries impede the 
motion of dislocations. It is apparent that much higher dislocation den- 
sities (~10" cm™’) would be necessary to pack boundaries close enough to 
impede moving dislocations. 

There is a simple test we would like to see the authors perform that 
should distinguish between subboundary and grain boundary restraint. 
This test would involve measuring the microstrain before yielding for the 
same material in the same annealed condition but with a range of grain 
sizes. Obviously, if the microstrain is a consequence of the movement of 
dislocations to subboundaries, no grain size effect will be found. If the 
dislocations are free to move to grain boundaries, a single Frank-Read 
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source will throw off more loops and contribute more to the microstrain 
in a coarse-grained specimen than in a fine-grained specimen. We should 
expect to detect greater microstrain in coarse-grained specimens if grain 
boundaries are the barriers of importance. 


. Authors’ Reply 
i 


i Mr. Leslie has suggested that the formation of nitrides during the 
i long homogenization treatment may have an effect upon the delay time 
for yielding. This is certainly possible. However, it may be pointed out 
that according to the Cottrell mechanism of yielding, that portion of the 
nitrogen (and carbon) which is responsible for the yield phenomenon is 
not in solid solution in the usual sense. That is, it is bound to dislocations 
and grain boundaries. This binding may be strong enough to prevent that 
portion of the nitrogen from forming silicon or aluminum nitrides, even 


— 


ost though the nitrogen which is in simple solid solution does form such 
its nitrides. 
iP. The authors do not have information on the aluminum content of 
oy the steel. 


pt Rath 


The previous measurements of pre-yield plastic microstrain made by 
Roberts, Carruthers and Averbach and the more recent work by Averbach 
and Muir given in the discussion are most interesting. The authors regret 
that they had not seen the complete paper describing the former work 
before their present paper was written. It is gratifying that the order of 
magnitude of the microstrains found by the two groups is the same. The 
authors feel that it may be rather difficult to secure closely reproducible 
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ie measurements of the total plastic microstrain prior to yielding. A large 
“ part of that strain may occur at a stress very slightly below the upper 
> yield stress, as shown in one of the curves given in the discussion. Thus, 
oe slight variations between specimens, small load variations, etc., may alter 
ry. the value of microstrain at which final yielding begins. . 

hdl The authors thoroughly agree with Holden and Low that it is pref- 
ie erable to consider the microstrain as the result of the motion of dis- 
Mf locations to grain boundaries or other obstacles having a much larger 
r, spacing than mosaic boundaries. Furthermore, the dislocations which 
; have moved toward grain boundaries may be arranged in discrete groups 
on individual slip planes, since a single Frank-Read source may generate 
' a whole family of dislocations all lying in the same slip plane. The dis- 


locations in any one of tiese groups would be spaced in a definite pattern 
on the slip plane which is determined by their interactions with each other 
and with the grain boundary and the externally applied stress. 

The authors intend to study theeffect of grain size on the microstrain 
before yielding. However, the steel employed in the present investigation 
does not seem to be suitable for this purpose for two reasons: first, the 
presence of carbides would complicate the interpretation of the results, 
since they constitute obstacles to dislocation motion of a somewhat differ- 
ent nature than grain boundaries; second, attempts to alter the grain size 
systematically and uniformly by the strain-anneal method have not been 
successful with this particular steel. For these reasons, the authors intend 
to study the grain size effect, using a high-purity iron containing an amout 
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of carbon sufficient to cause a definite yield point without the presence of 
precipitated carbides. 

Regarding the cumulative effect of successive stress-pulses, the authors 
realize that their data are certainly inconclusive, since it was possible to 
apply only two stress-pulses before yielding when no aging was used 
between pulses. However, it seems possible that the effect of successive 
stress-pulses is very nearly cumulative in spite of the strain relaxation 
accompanying unloading. The strain relaxation may be attributed to the 
reverse motion of the dislocations in the individual groups caused by their 
mutual repulsive interactions when the applied stress is removed. This 
takes place very rapidly (in zero time on the millisecond time scale in- 
dicated in the paper) since these dislocations have no Cottrell atmospheres. 
If none of these dislocations forms a Cottrell atmosphere or is obliterated 
by a dislocation of the opposite sign during the period between stress- 
pulses, they can all move back to their previous positions in a very short 
time when the next stress-pulse is applied. In this case, the effect of 
repeated stress-pulses would be cumulative unless the pulses were far 
shorter than the normal delay time, such that the time to move these 
free dislocations would be appreciable compared to the stress-pulse dura- 
tion. On the other hand, if some of the dislocations formed Cottrell 
atmospheres during the unloaded period or were obliterated on removal 
of the load, the effect of repeated stress-pulses would not be cumulative. 
In this case, new dislocations would have to be generated, or other dis- 
locations moved before the previous configuration of dislocations was at- 
tained, and this would require an appreciable length of time. 
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X-RAY MEASUREMENT OF RESIDUAL STRESS IN 
I HARDENED HIGH CARBON STEEL 


By A. L. CHRISTENSON AND E. S. RowLanp 


Abstract ; 


. An X-ray method is described for the measurement 
of macro or engineering stress in hardened high carbon 
steel. The method is described in detail and applied to 
the measurement of O.D. surface stress in carburized and 
hardened rings of SAE 4620 steel with heat treated, ground 
and electrolytically polished surfaces. Comparisons of 
elastic strain, obtained by externally loading the rings and 
measured by X-ray and SR-4 strain gage techniques, indt- 
cated a precision of the X-ray method of +3000 to 4000 
pst. 


ESIDUAL stress in steel as well as other metals has been of 

paramount concern to the metallurgist for many years. Its 

unquestioned relationship with distortion and failure during process- 

ing ; its possible effect on both the static and the dynamic mechanical 

. properties of the finished part; and the suspicion that steel quality 

>. and microstructure are not the sole criteria for judging metallurgical 

: excellence have led to the development of many techniques for meas- 

uring residual stress and studying its sources and influence. With 

- the exception of the X-ray method, these techniques in general are 

destructive to the part under study and thereby prohibit any normal 

a service test on that part after the stresses have been evaluated. An- 

other serious limitation to their use is the likelihood of introducing 

PS spurious stress during the necessary stock removal if the hardness 

rt: of the sample is above very moderate levels. On the other hand, the 

X-ray method is commonly considered valueless at approximately 
os the same degree of steel hardness, but for other reasons. . 

These experimental obstacles have led to a paucity of information 

concerning the cause and effect of residual stress under conditions 

of heat treatment, processing, and service where its effect, if of any 

consequence, is undoubtedly the greatest. With the hope of alle- 

viating this situation somewhat and with the belief that of all the 

avenues available to the metallurgist for steel product improvement, 

the control of residual stress conceivably offers the most significant 

4 gain in metallurgical design, a re-examination of the various tech- 

ae niques for measuring stress was undertaken in the hope of extending 
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residual stress measurement to a more desirable range of hardness 
and structures. For the reasons given above, the X-ray method 
offered the most attractive possibilities and this work to date has 
been wholly confined to this approach. Of course, it is recognized 
that the usual X-ray technique, in common with all others, yields 
only an average stress value on a macro scale and provides no indi- 
cation of the micro or tessellated stresses. Furthermore, the micro 
rather than macro stress present in a given steel in the final analysis 
may predetermine its load-carrying capacity or service life. However, 
the repeatedly demonstrated erratic correlation of steel quality with 
steel performance certainly suggests that a favorable macro residual 
stress may minimize the influence of the discontinuities in steel struc- 
ture that give rise to micro stress. 

Our studies have not yet provided any clue to the importance 
of residual stress, but the adaptation of the X-ray method to hard 
steels has been sufficiently successful that it is believed adequate to 
answer the question. The development of this method is not com- 
plete from any standpoint and at best is awkward and time consum- 
ing. However, the results are believed to warrant a progress report 
at this time for the primary purpose of enlisting the aid of other 
investigators who have perhaps temporarily abandoned this approach. 
It is believed that such additional aid will result in a rapid improve- 
ment of the technique in both speed and accuracy of measurement. 


DISCUSSION OF PRINCIPLES 


The principles of stress measurement by X-ray are fundamen- 
tally simple. It is actually, as in other techniques, a measurement 
of strain and not stress, and in this respect is superior to the other 
schemes in that only the elastic strain, which is the sole source of 
stress, is measured. The interplanar distance of a given family of 
atomic planes in the phase under study is used as the indicator of 
elastic strain present. This interplanar distance is determined at two 
or more angular orientations of those planes to the direction in which 
it is desired to measure the stress. The common procedure, known 
as the two-exposure method, is to determine the “d” value of the 
planes parallel with the direction of stress and again at some angle y, 
usually 45 degrees oblique to this direction as shown in Fig. 1. The 
““d” values are then substituted in a theoretically derived expression 
that relates them to the stress, one form of which is as follows (1)?: 

os dy — di ‘ ae : ee 
do l+u sin’ y 
where E = Young’s modulus 
v = Poisson’s constant 


d. = the stress-free interplanar distance for which one may substitute 
either dy or d, with negligible error 
S = stress 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Orientation of Lattice Planes Measured to Direction of Stress. 


This particular form of the equation is interesting since a simple 
rearrangement indicates that dy is a straight-line function of sin? y, 
wherein the slope of the line is [(1 + v)/E]d,S and the y intercept 
d, [1 — (vwS/E)] and in the absence of stress, dy becomes constant 
and equal to dy. 


v * 


wefOtlesl wegen 18 

This relationship is graphically illustrated in Fig. 2. where it is 
noted that all lines have a common intersection whose coordinates 
and d, (S =0) and sin? y = [v/ (1+ v)] thereby enabling, at least 
in principle if not actually, direct and separate experimental deter- 
mination of the physical constants E and v by the simple expedient 
of stressing the specimen to two different levels of stress in a suit- 
able fixture (2). Furthermore, it is possible, again in principle, to 
extrapolate the lines to sin? y= 1, at which point the planes are 
perpendicular to the stress in question and the difference in the “d” 
value at this point and the dy at sin? y= [v/(1 + v)], divided by 





*This expression is only valid for a unidirectional surface stress and in event of bi- 


directional stress, it is necessary to substitute the quantity de [1 — (vS’/E) ], where S’ is 
the stress at right angle to S, for do in the equation. 
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Vertical Positionis a 
Function Only of Stress 
at Right Angles to 
Stress Being Measured 


interplanar Distance "d™ 





Sin? v 


Fig. 2—Theoretical Relation of Interplanar Distance ‘‘d’”’ 


, and Specimen Orienta- 
tion w at any Given Stress Level. 


dy at sin®?y—= [v/(1-+ v)] will be a direct measure of the unit 
elastic strain in the direction of stress under consideration. 

These principles are rigorous and will apply in the experimental 
determination of stress if E remains independent of the y angular 
orientation of the crystalline planes with the direction of stress, or the 
material is isotropic. It is known, however, that iron is anisotropic 
in nature, but little is known of the behavior of an anisotropic crystal 
surrounded and confined by other crystals of random orientation. 
Will such a crystal or grain stress to the mass average or strain to 
the mass average when a stress is imposed upon the mass? Thus, 
the possibility yet exists that individual grains within a polycrystalline 
material composed of anisotropic crystals may behave in an isotropic 
manner in the absence of preferred orientation, and the value of E, 
the bulk modulus that obtains from other routine mechanical tests, will 
apply to the determination of stress in steel. 

It would be an experimental nicety if the X-ray modulus of 
elasticity proved constant and equal to the bulk modulus over all 
orientations of the crystal to the direction of stress, but this cannot 
always be expected. However, from the practical point of view it 
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is completely unnecessary that this be true for the successful measure- 
ment of stress by the X-ray method. If the values of “d” are always 
determined at two specific y angles, such as zero and 45 degrees, the 
difference in “d’”’ values will always be proportional to the stress 
despite any difference in E that may exist at those y angles, and thus 
may be equated as follows by a constant of proportionality. 


= K (dye — dy) 


The constant of proportionality, termed the stress constant, is 
easily evaluated by stressing the sample in known increments and 
measuring the difference in “d’’ values at the two y angles selected. 
This procedure is indeed highly desirable even though the value of E 
remains independent of orientation and thereby directly determinable 
in the stress measurement itself because, as metallurgists, we are not 
particularly interested in an X-ray stress value, but an engineering 
stress, fictitious though it may be, that will correlate with regular 
strain gage data. 


EXPERIMENTAL NECESSITIES 


In stress measurement, in contrast to most X-ray diffraction 
work, we are concerned only in the difference between two “d” 
distances and not their absolute values. Consequently, the experi- 
mental necessities are fundamentally few and are as follows: 

1. We must obtain lines of sufficient intensity above the level of 
general background radiation at two y orientations of the sample that 
their absolute positions may be accurately determined or their relative 
positions precisely fixed. 

2. The line positions must be identical at zero stress or differ 
by an amount that remains constant from sample to sample, thereby 
permitting an arithmetical correction. 

3. The difference in “d” values derived from the line positions 
must be equated to engineering stress by a suitable calibration process. 

For the purpose of procuring maximum sensitivity of stress 
measurement, the following is also desirable. 

4. The line being measured be diffracted at a very high 26 
angle; and the two wy angles selected be as far apart as possible in 
the range of 0 to 90 degrees. ; 

Failure to meet the first requirement listed has been the prime 
obstacle to the use of X-rays for the determination of stress in hard- 
ened steel. The nature of this material is such that the diffracted 
lines are very broad and diffuse with ill-defined peaks. Therefore, 
when a high level of general background radiation is superimposed 
on the lines, the precise measurement of their position becomes diff- 
cult if not impossible. 

One can do nothing about.the line breadth since it is a character- 
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istic of martensite. It is possible, however, to reduce the background 
considerably by a correct choice of radiation and filter. The back- 
ground mainly arises from two sources, the continuous radiation from 
the X-ray tube and the fluorescent radiation from the sample. If 
these two undesired components of the diffracted beam are essentially 
of shorter wave lengths than the desired monochromatic component 
from the tube, it may be possible to select a filter material whose 
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Fig. 3—-X-Ray Focussing Conditions With Sample in Normal y = 0 Position. 


absorption edge lies between and effectively reduce the background. 
To take advantage of this filtering principle, it is axiomatic that a 
radiation be used that is of longer wave length than the characteristic 
radiation of the material being examined. 

Requirement No. 2 stems from the fact that rotation of the 
specimen from a position of y = 0 to an oblique angle may result in 
a 2@ shift in the position of the diffracted line although no stress be 
present in the sample. This is a geometrical error arising from the 
use of a primary beam that is not infinitely thin, the magnitude of 
this error depending on the particular camera or goniometer design 
used. Its source is illustrated in Figs. 3 and 4° where the condition 
arising in a circular camera, chosen for reasons that will be apparent 

2A concave specimen ‘surface has been used in the illustrations but these principles apply 


equally well to flat or convex surfaces when the angle of divergence of the primary X-ray 


ae small and no implication that the stress sample need possess a cencave surface is 
inten 
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later, has been greatly magnified. We observe in Fig. 3 where the 
y angle is zero, that all diffracted rays arising within the specimen 
area impinged upon by the primary beam converge to the point A 
on the film or goniometer circle. However, in Fig. 4 where all 
conditions are the same except that the specimen has been rotated to 
an angle of y, the diffracted rays converge on the point B instead 
of A; and are not only well dispersed upon their arrival at the film, 
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Fig. 4—X-Ray Focussing Conditions With Sample Rotated y Degrees 
From Normal Position. 


thus broadening the line, but their mean position is no longer at A. 
It is further noted that the deviation of the mean position from point 
A is a function of the three angles y of the sample, 2¢ of the line, 
and a of the primary beam. The introduction of a defining slit at 
or near the focal point B will aid in minimizing this deviation and 
increase line resolution but complete elimination of it can be accom- 
plished only by moving the film or Geiger tube forward to point B. 


TECHNIQUE 


A General Electric X-Ray Corporation XRD-3 X-ray spec- 
trometer was used in this investigation. The physical layout of the 
goniometer arrangement may be visualized from the diagram in 
Fig. 4 and photograph in Fig..16. For the purpose of gaining 
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intensity, all Soller baffles were removed from the path of the pri- 
mary and diffracted beams. This procedure contributes toward line 
skewness and some loss of resolution, but the lines obtained from 
hard steel are already so diffuse that little is lost. A slit 0.010 inch 
wide and normally fixed at A was then moved forward 2.57 inches 
along the path AF toward F. This puts the slit nearer the point B 
of convergence of the rays diffracted from the sample surface when 
the sample is rotated to the angle y and thereby increases line con- 
trast and resolution (Fig. 4). As has been mentioned previously, the 
position of point B along the path AF is a function of the particular 
y angle used and computations indicated that the distance AB was 
2.08 inches for a w angle of 45 degrees and 3.18 inches when yw was 
60 degrees. Since measurements at both these angles were contem- 
plated and it was believed that repetitious relocation of the slit would 
be undesirable, the distance of 2.57 inches was selected for AB since 
it is the focal point for y of 52.5 degrees, the arithmetical mean of 
45 and 60 degrees. The slit formerly at A was replaced by another 
slit 0.020 inch wide at point A to reduce the angular spread of the 
diffracted rays passing through the slit at point B and thereby reduce 
the line broadening and line displacement resulting from rotation of 
the sample to y. It is apparent from Fig. 4 that the same result can 
be accomplished by reducing the angle a of the primary beam, but 
experimentation proved that, for a given line displacement and 
broadening, greater intensity is obtained by the above procedure. 
These computations are based on the 211 martensitic line diffracting 
at 155 degrees (20) and obviously do not approach optimum con- 
ditions for the 220 austenite line diffracting at 128 degrees (26), but 
for convenience the above slit system was used in all measurements 
herein reported. 

In the past, many investigators have used cobalt or iron radiation 
in their studies of stress in steel. Both of these radiations furnish a 
ferrite or martensite line in the desirable 26 range of 140 to 165 de- 
grees and are excellent selections when the steel hardness is suffi- 
ciently low that sharp lines are obtained. When the lines become 
very diffuse as at high hardness levels, however, and it is imperative 
that the background radiation be grossly reduced, one finds the proper 
filter material to be pretty much a Hobson’s choice wherein the line 
intensity is reduced at about the same rate as the background. This 
situation is avoided by the use of chromium radiation since it has a 
longer wave length than the secondary iron radiation and a 0.001-inch 
thick vanadium foil will reduce the background and line intensities in 
the ratio of 20 to 1. The improvement that accrues with this tech- 
nique is shown in Fig. 5 where the lines used for stress measurement 
are indicated by arrows. The pattern from chromium radiation in 
this figure was obtained by operation of the chromium tube at 35 KV 
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and 22 milliamperes tube current and with the use of 0.001-inch thick 
vanadium filter, the procedure followed in all stress measurements. 
Using this radiation, the martensite 211 planes diffract at about 155 
degrees (20) and the 220 austenite line is available at 128 degrees, 
which is a little lower 26 angle than desired for sensitivity of meas- 
urement but is adequate for the purpose. The softness of the chro- 
mium radiation possibly contributes further gain in line sharpness 
in the instance of a sharp gradient of stress in depth since it will 
diffract only from the extreme surface of the sample. In the absence 
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Fig. 5—Diffraction Pattern Obtained from Hardened Steel Using Various Radiations. 
All traces are plotted to the same intensity scale. 


of austenite, and using the above technique, it is possible to attain a 
ratio of line intensity to background of 10 to 1 instead of the more 
commonly encountered ratios of 1.2 or 1.5 to 1. Perhaps some of 
this improvement is indirectly achieved from the Geiger tube since it 
is itself a fair monochromator, being a little more sensitive to softer 
radiations. The decided advantage of using chromium radiation was 
first demonstrated to us by the work of C. M. Schwartz and D. 
Vaughn of the Battelle Memorial Institute on a sponsored project 
for the development of an X-ray method for the determination of 
stress by film technique. ; 

Once the necessary diffraction lines are obtained, the preblem 
of how to measure them remains. It is noted in Fig. 6 that, whereas 
the lines are well defined as a whole, they are very wide and possess 
broad peaks that do not lend themselves to precise positioning. It is 
obvious that the true line positions are in the neighborhood of the 
center of the inverted peaks, but it is equally apparent that there is 
no way of precisely determining the true positions in view of the 
lack of symmetry of the lines. In most routine X-ray diffraction 
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work this line broadness would simply prevent the successful use of 
X-rays ; however, in stress measurement it is only necessary to de- 
termine the angular 26 shift in the lines produced by the angular y 
rotation of the specimen. Thus, if relative positions can be assigned 
to the lines, these relative, albeit fictitious, positions may be used suc- 
cessfully for stress measurement. Accordingly, it is noted in Fig. 6 
that over a considerable range of 26, the sides of the’ lines are linear. 


Reciprocal of Intensity in Seconds 





145 155 165 
20 in Degrees 


Fig. 6—The Effect of y Orienta- 
tion of Specimen on Line Symmetry. 


Thus, advantage of this fact may be taken to fix a relative position 
ior a line by extrapolating the linear portions of the sides to their 
intersection and arbitrarily designating the angle 26 at the point of 
intersection to be the line position. Unfortunately, there is a factor 
that must be considered in using this simple procedure. Further 
inspection of Fig. 6 discloses a change in line symmetry with the 
angle y of the specimen, an apparent rotation of the line about the 
center point of its base. 

Computation and experimentation subsequently revealed that 
the change in line symmetry was the result of a variation in intensity 
with 26 that appears to all practical purposes to be a linear function 
of 26 and caused by.a variation in the cone of radiation subtended 
at the target by the area of the sample from which the Geiger tube 
receives its diffracted energy. This variation with 26 in the region 
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Reciprocal of Relative Intensity 


* Slope of Reciprocal 
of Relative Intensities 





145 ISO 155 160 165 
298 in Degrees 


Fig. 7—Variation in Relative Intensity With 24 at w Angles of 0, 30, 45 and 60 
Degrees in the Region 145 to 165 Degrees (28). 


of 145 to 165 degrees (20) obtained on a sample of copper is shown 
in Fig. 7. Similar measurements taken on ferritic iron established 
the relationship from 120 to 130 degrees (26) shown in Fig. 8. 
One might assume from inspection of these figures that the relative 
intensities of the various y angles are equal at 160 and 126 degrees 
(20), respectively, but these values have been proportionately ad- 
justed to be equal to one at 160 and 126 degrees (26) and thus 
indicate only the relative variation in intensity with 26 obtained at 
each y angle and not the true intensity relationship of one line to 
another. Thus, each sloping line in these figures is displaced ver- 
tically for convenience until they do coincide at the two 26 values 
given. It must be emphasized that this variation in intensity is not 
merely a-background problem and, therefore, capable of correction 
by linear subtraction, but a proportional variation of the line intensity 
as well as the background. Of particular importance is the fact that 
a linear relation (actually a very slight departure from linearity) 
between 24 and the X-ray intensity was established at all y angles 
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Fig. 8—Variation in Relative Intensity With 20 at yw Angles of 0, 30 
and 45 Degrees in the Region 120 to 130 Degrees (28). 


lcsired for the stress measurements. This suggests two alternate 
.eans of compensating the data for the intensity variation. 

First, one may divide the intensity values obtained during the 
line measurements at the various 26 angles at each wy angle by the 
relative intensities at these 20 angles indicated by the appropriate 
ordinate values of Figs. 7 and 8. This procedure will place all line 
measurements on a constant intensity basis and is rigorous if precise 
relative intensity factors can be determined. An alternate procedure 
is derived from the change in symmetry of the line itself. It is ob- 
served in Fig. 6 that the slope of the left side of the line obtained 
at y = 0 is considerably greater than that of the right side. As the 
y angle is increased to 60 degrees, the effect of the linear intensity 
variation is to gradually equalize the slopes, until the line is nearly 
symmetrical. Thus, if one were to apply a very slight correction to 
the data at y = 60 degrees it is possible to cause the line to be com- 
pletely symmetrical. A series of multiplication factors that vary 
linearly with 26 will-suffice for this correction. It is recognized that 
such a series will introduce a small error because a straight line 
altered in this manner will no longer be linear, but the error is 
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negligible. Likewise, similar multiplication factors may be applied 
to the data obtained at all other y angles, including zero, and so 
adjust all lines to symmetry. The effect of this method of correction 
is to place all measurements at all specimen positions on the same 
intensity basis, which in this instance is now equivalent to some yw 
angle slightly greater than 60 degrees. The advantage of this pro- 
cedure is that one need not know the relative intensity values at the 
various y angles, but only that at each y angle used, the intensity 
varies linearly with 26, because the line symmetry itself determines 
its own correction factors which are found easily by algebraic means. 
Of course, the assumption is made that when the lines obtained at 
the different y angles possess the same degree of symmetry, the lines 
will be on the same intensity basis and, conversely, if they are on the 
same intensity basis they will be equally symmetrical. 

Initially, it was hoped that relative intensity values, such as those 
in Figs. 7 and 8, could be obtained that were sufficiently precise for 
construction of a table of intensity factors. However, small varia- 
tions were found from sample to sample that prevented this. It is 
not known why these variations occurred since it is a matter only 
of slit system and specimen geometry, but conceivably were the result 
of small differences in specimen positioning. Therefore, in the ab- 
sence of precise relative intensity data, the second correction method 
was adopted and as later events proved was the better choice. The 
complete procedure is then as follows. The line position and shape 
is first determined by rapidly scaling with a low degree of precision. 
Two points, spaced as far apart as possible with reference to 26, are 
then selected on the linear portion of each side of the line. Eight 
readings, each to a precision of %2% probable error, the time re- 
quired for 16,384 counts, are taken at each of these four points and 
averaged. The relative slopes of the two sides of the line are thus 
determined and a series of multiplication factors that vary linearly 
with 26 and equal to one at 160 degrees (20) are applied to the four 
values obtained to produce equal slopes of the two sides of the line. 
The four “corrected” values of inverse intensity are then extrapolated 
algebraically to their intersection and the relative value of 20 for the 
line from whence “d” is derived, is established by the point of inter- 
section. 

Table I shows the data, and-currection factors applied to these 
data, obtained on a specimen of hardened steel at the y angles of 0, 
45, and 60 degrees. The method of obtaining these correction factors 
is indicated in the appendix. The values of 26 and d resulting from 
extrapolation of the uncorrected inverse intensities have also been 
tabulated in Table I for the sake of a later discussion. It is of interest 
to note that, while the method used in obtaining the proper correction 
factors for these data is derived directly from the lack of symmetry 
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Table I 
Time in Seconds Correction Corrected Time 
26 (Inverse Intensity) Factor in Seconds 
y=0 
150.0 192.10 0.7589 145.75 Corrected 26 = 155.242° 
151.5 133.60 0.795065 106.22 Corrected d= 1.172714A 
159.0 109.25 0.97589 106.62 Uncorrected 240 = 154.688° 
161.0 155.62 1.02411 159.37 Uncorrected d= 1.173973 A 
w = 45° 
150.0 155.03 0.85725 132.899 Corrected 24 = 155.204°. 
151.5 110.27 0.878662 96.890 Corrected d= 1.172799 A 
159.0 100.53 0.985725 99.095 Uncorrected 246 = 154.812° 
161.0 145.03 1.014275 147.100 Uncorrected d= 1.173689 A 
w = 60° 
150.0 141.42 0.9318 131.78 Corrected 26 = 155.196° 
151.5 108.02 0.94203 101.76 Corrected d= 1.172817A 
159.0 104.60 0.99318 103.89 Uncorrected 2@ = 155.053° 
161.0 142.95 1.00682 143.93 Uncorrected d= 1.173140A 
Increase in 
Correction Factor 
per Degree Corrected 
0 0.02411 b,c dy ge TSX IO A 
45 0.014275 
60 0.00682 dy ease —dy-oo= 9.85 X 10-4*A 
Uncorrected 
doo —d, ge = 853% 104A 
dy - ge —dy go = -2.84X 104A 











of these lines, the differences in the increase in correction factor per 
degree found necessary to restore the lines to symmetry at the wy angles 

i 0, +45, and 60 degrees are at least approximately equal to the differ- 
ences in slopes of the relative intensities obtained from a specimen of 
copper and indicated in Fig. 7. The correction factors per degree for 
these data are tabulated at the end of Table I and are now compared 
to those from copper. 


DIFFERENCE IN CORRECTION FACTOR PER DEGREE 


Stress Sample Copper Sample 
vy =0— w= 45 degrees 0.00983 0.00916 


y= 0— y= 60 degrees 0.01729 0.01538 

The agreement is seen to be fairly good but not exact and con- 
tinued experience indicated an unexplained sample-to-sample varia- 
tion in the differences of correction factor per degree required be- 
tween the various y angles of sufficient magnitude that a fixed set of 
factors were useless. As a word of caution, it must be mentioned 
that the four 26 points selected on the sides of the lines for line 
position determination will not necessarily remain unchanged when 
the y angle is changed. They remained constant in the illustration 
(Table I) because the stress level in this particular sample was very 
low. 

One experimental necessity remains yet to be considered. It is 
essential that the line positions obtained at the different y angles of 
the sample be identical at zero stress, or their differences must be 
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evaluated for determination of absolute stress. For reasons already 
discussed, it is expected that some angular shift will occur though no 
stress be present. To accomplish this evaluation, it is necessary that 
a specimen possessing a known stress be used. At the suggestion of 
Dr. John Norton of the Massachusetts Institute of Technology, me- 
tallic powders were employed for this purpose, since they possess no 
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Fig. 9—Variation of “d” Value With y Orientation of Specimens of 
Powdered Martensitic and Austenitic Steel. 


macro stress. Samples of powdered martensite and austenite of the 
same chemical composition as the solid stress samples to be studied 
(except for carbon content) were prepared from the dust that re- 
sulted from dry grinding hardened bars of these compositions after 
the dust had been magnetically cleansed of wheel debris. It was 
found necessary to adjust the carbon content to reduce the propor- 
tionate amount of austenite in the martensite sample and vice versa. 
The austenitic powder was prepared from a steel containing 1.5% 
carbon and the martensite powder from a steel of 0.60% carbon. 

A thin film of each of the two powders was adhered to a form 
of the same contour as the solid stress specimens to be examined and, 
as anticipated, a displacement of line position with rotation of the 
sample was observed. Howeyer, it was also noted that displacing 
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the specimen slightly off the goniometer center to a position slightly 
beyond F along a continuation of the line EF in Fig. 3 affected the 
line displacement. Trial and error quickly established the fact that 
no shift of the martensite line resulted throughout the range of y 
from 0 to 60 degrees if the sample surface were about 0.023 inch off 
goniometer center or of the austenite line in the range 0 to 45 degrees 
(wy) if the specimen were displaced 0.017 inch. Since this technique 
eliminated the necessity of correcting the final stress value, the above 
sample positioning was used for all measurements. Off centering of 
the specimen unquestionably prevents a true determination of line 
position, but this is of no concern since we are already using fictitious 
values for the line positions. The “d” values obtained from two 
martensitic powders and a single austenitic powder, using the above 
technique, are shown in Fig. 9. 


DATA 


Representative data are presented in Figs. 10 to 15 and Tables 

[f and III from measurements of stress in the circumferential direc- 
on of four tubular specimens, 4 inches O.D., 3 inches I.D. and 1% 
hes high, of SAE 4620 carburized on the O.D. and I.D. surfaces 

| hardened. All specimens exceeded Rockwell C-60 in hardness 
possessed varying amounts of austenite. Specimen No. 2 was 
cenched from cyanide salt, and Nos. 1, 3 and 4 were oil-quenched 
from a standard hardening furnace with no atmospheric protection. 
All samples were tempered at 350°F (175°C) and slit longitudi- 
nally at one point along the circumference to facilitate external load- 
ing. Evidence that little surface decarburization was present in all 
samples was established by subsequent X-ray examination. The 
measurements on specimens 1 and 2 were taken on the as-heat treated 





Table II 
Stress Difference 
From Original 
X-Ray Stress Difference Condition 
-—— X-Ray Stress in——,__ --From Original Condition—, SR-4 
Specimen Martensite Austenite (Martensite) (Austenite) Strain Gage 
Condition (psi) (psi) (psi) (psi) (psi) 
Specimen No. 3—Electropolished Surface 
Original —14,400 —2,100 0 0 0 
Loaded in ten- 
sion Ist time +37,800 +53,000 +54,600 +55,100 +52,200 
Loaded in ten- 
sion 2nd time +92,000 +105,000 +106,400 +107,100 +119,100* 
Second load 
releasedt —5,500 +6,900 +8,900 +9,000 +13,100 


*The austenite yielded and the strain gage summed the elastic and plastic strain, whereas 
the X-ray measurements indicated only the elastic strain, or strain gage was in error. 

+The specimen would ‘have returned to the original stress condition had it not yielded 
plastically during the second loading. 
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Table Ill 
Stress Difference 
: From Original 
X-Ray Stress Difference Condition 
7——X-Ray Stress in——,,_ --From Original Condition—, SR-4 
Specimen Martensite Austenite (Martensite) (Austenite) Strain Gage 
Condition (psi) (psi) (psi) (psi) (psi) 
Specimen No. 4—Ground Surface 
Original —40,000 —21,000 0 0 0 
Loaded in ten- 
sion Ist time +1,600 +22,000 +41,600 +43,000 +41,300 








surfaces whereas No. 3 was electropolished and No. 4 ground before 
determination of stress. 


X-ray measurements made at four y angles on the martensite line 
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Fig. 10—Stress Measurements of Martensitic Phase in Specimen No. |. 
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of specimen No. 1 as the sample was received resulted in the straight- 
line relationship between ‘“d” and Sin? y that theory prescribes if E 
remains constant with change in orientation of the lattice planes with 
the direction of stress (Fig. 10). Assuming the bulk modulus of 
30 10° psi and Poisson’s constant of 0.28 that obtains from routine 
mechanical tests on this material, the slope of the line indicated the 
stress to be 66,667 psi in compression. SR-4 strain gages (see Fig. 
16) were thereupon mounted 180 degrees from the slit and adjacent 
to the area in which the stress had been measured. The ring was 
compressed on a diameter perpendicular to this area until the strain 
gages indicated the area had been expanded equivalent to a reduction 
in strain of 28,400 psi. Then additional X-ray measurements were 
taken at y= 0 and y = 60 degrees which signified a stress level of 
37,300 psi in compression and difference from the original condition 
of 29,400 psi. The agreement between X-ray and strain gage meas- 
urements proved remarkable. Two additional expansions of the 
specimen, the second of sufficient magnitude to reduce the surface 
stress to zero, provided equally good correlation between X-ray and 
strain gage data. Among all these data, only the “d’’ value measured 
at y = 60 degrees with the specimen in the third expanded condition 
appears seriously in error, and this point is so obviously out of line 
that it is believed that it may be safely disregarded. It is noted, how- 
ever, that all the lines in Fig. 10 do not intersect in the region of 
sin? y = 0.22 to 0.23 as theory demands if Poisson’s constant be 0.28. 
This is believed to have resulted from a change in the longitudinal 
stress of the specimen by the compression exerted to change the cir- 
cumferential stress. In other words, although the attempt was made 
to “load” the ring circumferentially oniy, some longitudinal straining 
also resulted. 

Better corroboration of theory in this one respect was obtained 
from the measurements on specimen No. 2 (Fig. 11) where the lines 
do cross at the theoretical point. However, the agreement between 
strain gage measurements and X-ray measurements of the difference 
in stress before and after bending is not as good as previously ob- 
tained using the other sample. This was later discovered to be a 
result of the sample base, which served to position the sample, being 
somewhat off perpendicular to the O.D., thereby causing a small 
error in sample positioning. This error was subsequently corrected ; 
but prior to re-examining the sample, the strain gages were replaced 
with new ones and the sample surface was mistakenly abraded gently 
by hand with fine emery cloth for better gage adhesion. Stress 
measurements were then taken on the O.D., the results of which are 
indicated by the dashed line in Fig. 11. The “d” values, as plotted, 
form a curve instead of a straight line, and the surface stress is con- 
siderably greater in compression than before sanding, the specimen 









TRANSACTIONS OF THE A.S.M. 


gl td dead a ted bd 











C A 
S ‘ IN! Change d Equivalent to 53,000 psi 
= 0 Ne Change i i ar _— of Specimen 
o 
Cc 
a 1.1736 Surface oulidiy 
: TNR 
, ad el itt a OOO psi by X-Ray 
> 32 orgit® 
. ‘oO ’ Sondini,, Se 3.200 psi Surface Expanded 
y: S 1.1728 = ps 95 
; wn Dif f, = 35 850 pei -Stroj 
o 24 Ed , 7 a ,400 Psi- X- Ray Gage 
= 
S ) 
é a Theoretically a e—25 25 
. & 1-17e0 Constant "d MI Ce 
c 





> 
\o 





| “FFE ce 
Sasseas aNen 


ot terete 
O 0.2 0.4 0.6 0.8 1.0 


Sin2 v 















Fig. 11—Stress Measurements of Martensitic Phase in Specimen No. 2. 






remaining unloaded. This experiment was repeated on other samples 
for verification and the phenomenon was confirmed. The increase in 
compressive stress is likely the result of cold work induced by the 
sanding, and the curved relation obtained between “d’’ and Sin? vu 
suggests that the effect of the cold work is superficial and the stress 
quickly reduces below the extreme surface. Since the mean depth 
of the X-ray penetration probably decreases as the angle y is increased 
because the angle of emergence of the diffracted beam from the speci- 
men surface is considerably reduced, the effect is to obtain a stress 
measurement closer to the surface. If the stress gradient is sharp, 
the curved line would result. Some evidence that the cold work 
hypothesis is correct is obtained from the assumption that a random 
sanding of the specimen surface should induce an equal stress change 
in the axial direction as the circumferential direction. With this 
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assumption it is expected that the difference in circumferential stress, 
before and after sanding, as denoted by the difference in slopes of the 
respective “d” versus sin? y lines would be equivalent to the stress 
change in the axial direction as indicated by the vertical displacement 
of the “d” value at sin? y equal to 0.22 or 0.23. The average cir- 
_ cumferential stress after sanding proved to be 81,600 psi in compres- 
sion as compared to 25,000 psi originally present. The cold work 
was, therefore, responsible for 56,400 psi change circumferentially. 
This value compares quite well with the 53,000 psi change in the 
axial stress as computed from the upward displacement in “d” value 
at sin? y = 0.225. 

The stress measurements on specimens 3 and 4 were extended 
to both the austenite and martensite phases, and while the previous 
measurements were made on specimens whose surfaces were unaltered 
following heat treatment, the two samples with which we are now 
concerned had stock removed in the one case by electrolytic polishing 
and the other by grinding. This departure from the former procedure 
was prompted not by curiosity of their relative effects on surface 
stress, but the necessity of determining if stress in such surfaces 
could be measured. Ground surfaces must yield to examination if 
the surface residual stress is to be measured in many finished parts 
and stock must be removed to measure stress in depth. Grinding is 
known to induce stress where none exists before and is, therefore, 
not suited to stock removal for determination of stress in depth. 
Electrolytic polishing is believed reasonably safe from this standpoint 
although there is the possibility of stress arising from hydrogen im- 
pregnation and it is commonly believed that a stress relief may arise 
through intergranular attack. 

The data obtained on the electrolytic polished specimen (No. 3) 
are presented in Figs. 12 and 13 and Table II. In the original un- 
loaded condition, the measurements indicated a stress level of 14,400 
psi in compression in the martensitic phase and 2100 psi compression 
in the austenite. After the superimposition of 52,200 psi in tension 
(by SR-4 strain gages) on these prior stress levels by bending the 
specimen, the X-ray technique using the same value of E and v for 
both phases indicated 37,800 and 53,000 psi tension in the two phases, 
respectively. The increase in tensile stress from the loading proved 
to be 54,600 psi in the martensite and 55,100 psi in the austenite, 
which compare very well with the value of 52,200 psi obtained from 
the strain gages. From the excellent agreement of these data, it 
appears evident that electrolytic polishing does not render the surface 
insensible to examination and that electrolytic polishing need not 
seriously relieve surface stress by intergranular attack, else the in- 
crease in surface stress from the loading would have been much less 
than the strain gage signified it should be. On the other hand, the 





ee 


ans repens S aa A Sat 


658 








din Angstroms 


Est 1.3 
oe RET ahs 
IN 
AN 





+52,200 psi-Strain Gage 
| *94.600 psi-X-Ray | 
| 





d Release) 










0 0.2 0.4 0.6 0.8 1.0 | 
Sin? v 


Fig. 12—-Stress Measurements of Martensitic Phase in Specimen No. 3. 


difference in initial stress poses the question of whether this difference 
may be altered or reversed in direction if the material is stressed be- 
yond the yield strength of the weaker austenitic phase. 

In an attempt to answer this question, the surface of the specimen 
was once more raised in tension until the strain gages indicated an 
increase of 119,100 psi over the unloaded condition. Because of the 
previous stress condition of the sample, this value was thought suffi- 
cient to cause yielding in the austenite. Stress measurements were 
thereupon made while the sample remained under this load and a 
value of 92,000 psi tension stress in the martensite was obtained and 
105,000 psi in the austenite. The stress increases agreed quite well, 
106,400 psi and 107,100, respectively, but the increase was consider- 
ably less than the 119,100 psi shown by the strain gages. Disregard- 
ing for a moment the possibility that the strain gages may have been 
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Fig. 13—-Stress Measurements of Austenitic Phase in Specimen No. 3. 


in error from exceeding their capacities, one must in this instance 
conclude that the proportional limit in tension of the austenite was 
exceeded, inducing plastic flow in the austenite, and the creep in the 
austenite prevented the development of additional elastic stress in 
the martensite. From this standpoint, then, the yield strength of the 
austenite confined within the martensite in this sample is about 
105,000 psi. 

Upon completion of the above measurements, the specimen was 
released from load and the stress in the two phases again measured. 
A stress of 5500 psi in compression was found in the martensite and 
6900 psi in tension in the austenite. These results are significant in 
that they depart from the previous values obtained in the unloaded 
condition by plus 8900 psi in the martensite and plus 9000 psi in 
the austenite. The magnitudes of the departure are believed beyond 
the realm of experimental error and prove that yielding of the aus- 
tenite occurred during the prior loading. Of further interest is the 
fact that this magnitude is reasonably close to the stress difference of 
13,000 psi that one might compute from the plastic strain indicated 
by the strain gages as having taken place during this prior loading. 
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Fig. 14—-Stress Measurements of Martensitic Phase in Specimen No. 4. 


The results from the fourth specimen are shown in Figs. 14 and 
15 and Table III. Here we observe stresses in the unloaded state 
of 40,000 psi in the martensite and 21,000 psi in the austenite, both 
compressive. An increase of 43,000 psi in surface stress in the ten- 
sile direction by bending eliminated the former surface compressive 
stress and created a tensile condition of 1600 psi in the martensite 
and 22,000 psi in the austenite. The increases in tensile stress of the 
two phases were 41,600 and 43,000 psi, respectively, which agree very 
well with each other and the value of stress imposed. Once again we 
note a difference in stress in the two phases; and, more importantly, 
ground surfaces are amenable to stress examination. 


DISCUSSION OF RESULTS 


It appears that residual stress may be determined ‘in both the 
martensitic and austenitic phases of hardened high carbon steel with 
a precision of +3000 or 4000 psi. Furthermore, the bulk modulus 
value of 30 million psi and Poisson’s constant of 0.28 used together 
in the term E/(1-+ v) are valid for chromium radiation for both 
the austenite and martensite phase at all y orientations to the direction 
of stress. Separate verification of the individual value of 0.28 for 
Poisson’s constant for martensite also obtains from the data, but the 
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Fig. 15—-Stress Measurements of Austenitic Phase in Specimen No. 4. 


scatter in the austenite measurements precludes establishing any 
definite value for Poisson’s constant for austenite. A better means 
of attaining unidirectional loading of the sample will be necessary 
for positive evaluation of this constant and it is only possible to state 
that the ratio E/(1 + v), wherein E is 30 million psi and v is 0.28, 
also holds for austenite. In comparing the X-ray stress measure- 
ments to strain gage measurements it must also be mentioned that 
the average reading of two strain gages were taken as the strain gage 
measurement and in most instances the X-ray data correlated about 
as well with the strain gage averages as the strain gages checked each 
other. 

Having established the adequacy of the particular technique used, 
the question arises whether it is really necessary to use any correction 
factors to put the lines at all y angles used on the same intensity 
basis. To answer this question we must look to the relationship of 
A26 = 20y—y — 26 y— o obtained by merely extrapolating the un- 
corrected inverse intensity readings taken on the sides of the lines 
to their points of intersection, to the corresponding A260 derived frora 
the corrected intensity data. In considering this relationship we are 
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Fig. 16—X-Ray Spectrogoniometer Arrangement. 








concerned with only one aspect, that is, does a constant difference 
exist between the two A206 values. If the lines being measured from 
sample to sample were always the same breadth and intensity, one 
assumes a constant error, capable of elimination by arithmetic means, 
would be introduced by extrapolation of the uncorrected data. But 
with variation in relative line intensity and sharpness it is conceivable 
that there would also be a variation in line skewness and a sample 
to sample difference in A2@ would be obtained at any given stress 
level if the uncorrected intensity data were used. 

The relation of A26 (uncorrected) to A26 (corrected) obtained 
on the martensite line of five specimens is shown in Fig. 17. It is 
noted that a reasonably constant difference between the two does 
obtain in these samples and the possibility of using the uncorrected 
intensities does exist. The differences are noted to be approximately 
—0.19 degree when the two y angles used are 0 and 45 degrees, and 
—0.40 degree when they are 0 and 60 degrees, which values must 
be added to the respective uncorrected A26’s when the stress is com- 
puted or the stress equivalent to these values must be added. The 
data shown in Table I affords a means of comparing stress values 
computed from both uncorrected and corrected intensity data. 


CorrEcTED DATA 


A “d” Stress Factor Stress, Psi vy Angles Used 
1.03 « 10~* x 2,667 = 2,747 0, 60 
0.85 x 10% x 4,000 = 3,400 0, 45 


‘ 








1953 X-RAY MEASUREMENT OF RESIDUAL STRESSES 663 


9 
00 


* 17, 100psi 
*24,500psi 


[20y:y-20y.0] 
oO 
a. 


oO 


Corrected A280 


* Displacement from Zero 
“t& Equivalent to Stated 
: Stress 





“20 +46 “-t2 “06 -0.4 <0 04 08 1.2 16 2.0 
Uncorrected A20=[20y.y-20y.9] 


Fig. 17—Relation of Uncorrected A2@ and Corrected A2@ Obtained on Five Samples. 


UNCORRECTED DATA 


A “d” Stress Factor Stress, Psi v Angles Used 
—8.23 x 2,667 = —22,216 0, 60 
+24,500 
Total 2,284 
—-2.84 x 4,000 = —11,360 0, 45 
+17,100 
Total 5,740 





The practical agreement of these values is believed to suggest 
further study of the possibility of eliminating the correction proce- 
dure. However, until considerably more data are acquired, the use 
of measurements of the line sides for fixing relative line positions 
without correcting the measurements for variation of intensity with 
26 is considered inadvisable. 

It must be emphasized that the intensity correction procedure 
adopted was necessitated by the particular means of establishing line 
position—the sides, of the lines—and the slit system used. Therefore, 
this procedure may be rendered unnecessary or less important if 
other methods for fixing line positions and different slit arrangements 
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are developed. In any event, the variation of intensity with 26 at 
all y angles used should be studied from the standpoint of its influ- 
ence on the relative line positions at these y angles if a true stress 
determination is to be assured. 


SUMMARY AND CONCLUSIONS 


An X-ray method has been developed which yields a measure- 
ment of macro or engineering stress in both the martensitic and 
austenitic phases of hardened high carbon steel, using a General 
Electric back reflection spectrogoniometer. A maximum ratio of 
peak to background intensity was obtained by using chromium ra- 
diation, filtering the diffracted radiation with vanadium foil and de- 
vising a special slit system for both the incident and diffracted beams. 

Advantage was taken of the fact that the sides of the broad dif- 
fracted lines from both martensite and austenite were linear over a 
considerable portion of their slopes. Point counts of intensity to a 
high degree of precision were made at two positions near the ends 
of the linear portion on both sides of each line. These values were 
corrected for the variation of intensity with 26 by applying a self- 
induced system of multiplying factors to provide line symmetry for 
all orientations of the specimen between y= 0 and y = 60 degrees. 
The four corrected values of intensity were then solved mathematically 
to provide a point of intersection of the two straight lines which 
represented a fictitious but precise value of the line position. 

Both martensitic and austenitic powders, necessarily containing 
zero macro stress, were used to calibrate the method. The position 
of the specimen relative to the goniometer center was adjusted until 
the line positions for both austenite and martensite were unchanged 
as wy was varied from 0 to 60 degrees. 

The method was finally applied to the measurement of surface 
stress on the O.D. of 4-inch diameter rings of carburized and hard- 
ened SAE 4620 steel in the as-heat treated, ground and electrolytically 
polished conditions. External loading was applied to these rings 
after slitting and the resulting elastic strain measured simultaneously 
with SR-4 strain gages and by the above X-ray technique. The 
agreement between the two methods of measurement indicated a 
probable precision of the X-ray method of +3000 to 4000 psi. 
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Appendix 
METHOD OF COMPUTING CORRECTION FACTORS 
The slopes of the two line sides are determined from the un- 
corrected data, for example, from the data at y= 45 degrees shown 


on Table I. 
155.03 — 110.27 


151.5— 150.0 29.84 seconds per degree 
ee = 22.25 seconds per degree 


It is immediately evident from these values that if the slopes are 
to be equalized the set of factors linearly proportional to 26 that are 
to be applied to the inverse intensity values must increase with 290. 
This increase is then arbitrarily taken to be 0.02 per degree and the 
factors that derive from this value of 0.02 and assumed to be 1 at 160 
degrees (20) are applied to the uncorrected inverse intensity data. 


20 (160 — 26) 0.02 Correction Factor at 26 
150.0 (160 — 150.0) 0.02 = 0.200 1 — 0.200 = 0.80 
151.5 (160 — 151.5) 0.02 = 0.170 1 — 0.170 = 0.83 
159.0 (160 — 159.0) 0.02 = 0.020 1 — 0.020 = 0.98 
161.0 (160 — 161.0) 0.02 = —0.020 1 + 0.020 = 1.02 

Inverse Intensity Correction Corrected 

26 Timein Seconds Factor Intensity 
150.0 155.03 x 0.80 = 124.0240 
151.5 110.27 x 0.83 = 91.5241 
159.0 100.53 x 0.98 = 98.5194 
161.0 145.03 x 1.02 = 147.9306 


The relative slopes from these “corrected” intensities are again 
determined and found to be 21.6666 and 24.7056 seconds per degree, 
respectively. 

It is now observed that we have over-corrected in the sense that 
the ratio of the slopes is less than one instead of greater than one as 
formerly. However, computation will demonstrate that the change 
in slope of each side induced by the correction is essentially a linear 
function of the increase per degree of the correction applied. Thus, 
we may establish two linear equations from the change in slopes of 
the line sides caused by use of the arbitrarily chosen increase of 0.02 
in the correction factors and solve them simultaneously for the in- 
crease per degree of correction factors necessary to equalize the slopes 
of the line sides. 


29.8400 — 21.6666]. _ 
29.8400 [in | x= S$ 


24.7056 — 22.2500 
SA me | ene heeegen ee = 
| 0.02 | a? 





Solving for x, the increase per degree in correction factor that 
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will result in each line side possessing slope S, we find the value 
of 0.1428, from which the correction factors shown in Table I have 
been computed. 
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DISCUSSION 


Written Discussion: By J. A. Bennett and H. C. Vacher, National 
Bureau of Standards, Washington, D. C. 

The authors have performed a valuable piece of work in developing 
this method of attack on the difficult problem of stress measurement in 
hardened steel. However, I believe that their method of treating the data 
has made it difficult to evaluate the possible accuracy of the method. 

It is pointed out on the fifth page that the stress is proportional to 
the difference in “d” values at two ¥ angles. This proportionality is inde- 
pendent of stress normal to the plane in which the measurements are taken 
and does not require any assumption regarding the value of E or v. 
However, the authors have attempted to determine the stress without 
evaluation of this proportionality constant by assuming values of elastic 
modulus and Poisson’s ratio. In doing so they have introduced some un- 
certainties and have not utilized the data to best advantage. For example, 
since the uncertainty of the “d” values appears to be independent of y, 
the best determination of stress can obviously be obtained from the “d” 
values at y= 0 and ¥y = 60°, and actually little loss in accuracy would be 
expected to result from neglecting the intermediate values. However, the 
authors have neglected one of the 60-degree values in Fig. 10 in favor of 
values which appeared to give a stress more in agreement with the strain 
gage readings. 

It is difficult to understand the reason for making these time-consum- 
ing measurements at intermediate y angles. They would increase the pre- 
cision of the determination of elastic modulus and Poisson’s ratio for the 
individual crystals, but these determinations require a knowledge of the 
longitudinal stress in the specimen. Lacking this knowledge it is impos- 
sible to say whether the failure of the curves to intersect at sin® y = 0.22 
is due to biaxial stress or an error in the assumed value of Poisson’s ratio. 

In discussing Figs. 12 and 13, the authors attribute the increase in 
tensile stress after unloading to the plastic deformation during the second 
loading, and point out that the change in X-ray stress agrees with the 
change in strain gage reading. This would not be expected; if plastic 
deformation in tension had occurred on the surface, then on release of 
load the X-ray stress would have shifted in the compression direction, 
while the change in strain gage reading would be positive, as observed. Is 
it possible that the plastic deformation occurred some distance below the 
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surface, due to the higher strength of the carburized layer, resulting in a 
residual stress change in the tension direction on the surface? 

Written Discussion: By E. I. Blount and A. L. Ellis, International 
Harvester Manufacturing Research, Chicago. 

We want to congratulate Messrs. Christenson and Rowland on their 
fine work, which seems to provide a solution, at least in principle, to the 
problem of measuring stresses in hardened steel parts by means of X-rays. 
We have also been interested in this subject and are very grateful to the 
authors for the opportunity to discuss their work before publication. 

Clearly, the use of filtered chromium radiation is the key to success 
in this work. With cobalt and iron radiation, the peak-to-background 
intensity ratios have been hopelessly low. With chromium, however, the 
lines are so much better as to make measurement practicable with the 
goniometer, and possibly even with film techniques. 

The next problem is a method for measuring the lines. To our knowl- 
edge, two procedures have been suggested—namely, Rowland and Chris- 
tenson’s, and the parabolic method of Ogilvie.* The latter consists of fit- 
ting a parabola to the peak of the line by the method of least squares. 
Both methods involve fictions and assumptions. In the case of the authors’ 
method, some of these are as follows: First, that there is a linear portion 
on the sides of the lines. We are not able to verify this in all cases, and, 
indeed, it would be fortuitous if it turned out to be true. The next assump- 
tion is that “when the lines obtained at the different y angles possess the 
same degree of symmetry, the lines will be on the same intensity basis”. 
This assumption is unnecessary if the calibrating specimen lines are suffi- 
ciently similar to those of the unknown. 

‘The assumptions made in the parabolic method seem to play a less 
important part. Here, since the parabola is automatically symmetrical, 
there is an error involved in fitting an unsymmetrical curve to it; but 
since the asymmetry is not marked at the peak, and is due to a function 
which varies more slowly with 2 @ than the intensity of the line, this effect 
will be small and to a sufficient degree correctible mathematically. This 
would appear to lead to less dependence on the line shape of the calibrat- 
ing specimen. This method also gives a result which is closer to the actual 
peak of the line than the result formed by the authors’ method. This is 
not important for stress measurements, but would be desirable, for in- 
stance, in determining the carbon content of martensite or austenite by the 
variation of lattice parameter. Finally this method appears more con- 
venient, involving less calculation, and also allowing, after a few points 
have been measured, selection of the rest to obtain maximum precision. 
(In both methods the precision decreases if the peak is far away from the 
middle of the range of points measured.) For these reasons we have 
selected the parabolic method, but have not verified Ogilvie’s claims of 
precision. On one specimen we made 10 determinations of line position, 
taking 5 counts of 12,800 (each accurate to 0.6%) for each determination, 
and found a probable error of 0.06 degree, which is exactly what we cal- 
culated the probable error to be. Ogilvie reported reproducibility to 0.01 
degree with measurements individually accurate to 3%. We do not under- 


8R. E. Ogilvie, ‘‘Stress Measurement With the X-Ray Spectrometer’. Thesis, Massa- 
chusetts Institute of Technology, 1952. 
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stand the reason for this disagreement but, since it is of some importance, 
we hope it can be resolved in the future. 

As yet, because our specimen-positioning device has only very recently 
been completed, we have made only a few determinations of change in 
stress, and have not had a chance to calibrate with a stress-free powder. 
So far, however, we have found an encouraging correlation between X-ray 
and strain-gage measurements, with a probable error from the best straight 
line of about 4000 psi for determinations requiring 1,300,000 counts which 
took us about 2 hours. We expect improvements in this to result from 
modification in the slit system and improvements in the strain-gage meth- 
ods. This work was done on a 6-inch O.D. ring of carburized and hardened 
AISI 4720 steel (Rockwell C-62). 

So far, this is all very encouraging, but there remains a disturbing 
note. Rowland and Christenson have found that they get good results 
using the bulk elastic moduli in their calculations. Ogilvie, on the other 
hand, found values of the stress constant K which were larger than the 
calculated value based on the bulk moduli. The difference was 22% for a 
spheroidized specimen and 32% for a ‘hardened one. Our results so far 
indicate a constant about 20% larger than calculated. An investigation of 
this matter indicates to us that there is no reason to expect the bulk moduli 
to be usable in this work, and also that any theoretical prediction would be 
extremely difficult and tenuous. Thus, the stress constant can only be de- 
termined by experience. It is somewhat disturbing to find this disagree- 
ment, and it is something that will have to be clarified before residual 
stress measurements can be made with confidence. However, the present 
work has removed some of the most serious obstacles in the application of 
X-ray techniques to the measurement of residual stresses and it is very 
probable that this problem of determining the stress constant will be re- 
solved without too much difficulty. 

Written Discussion: By C. M. Schwartz, assistant supervisor, Battelle 
Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated on their significant contribution 
to the measurement of stress in hardened steel. It would appear that the 
X-ray spectrometer is a most valuable tool for this application, providing 
advantages over film techniques in the form of accurate measurement of 
diffraction-line shape and of reduction of background intensity. 

In the course of a preliminary investigation of this problem at Battelle 
(supported by Timken Roller Bearing Company), D. A. Vaughan‘ and I 
examined the feasibility of stress measurement in hardened steel using film 
techniques. The samples were the same as those described in the paper— 
namely, carburized and hardened rings of SAE 4620 steel. Co radiation 
is unsatisfactory for hardened steel, Since these samples usually contain 
appreciable amounts of retained austenite, Fe radiation cannot be used 
because of superposition of 220 martensite and 400 austenite reflections. 
This difficulty led to consideration of other radiations. It was found that 
Cr radiation provided measurable back-reflection lines of the martensite 
phase resolved from those of austenite. Mn radiation was used to obtain 
the 311 reflection from austenite at 150 degrees 2 0. 

In order to test the precision of the film techniques using these three 


‘Research physicist, Battelle Memorial Institute, Columbus. 
~~ 
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radiations, known stresses, mechanically induced, were compared with 
X-ray measured stresses. Agreement was obtained between the two sets 
of measurements which indicated an over-ail precision of +5000 psi in the 
X-ray data. As an example of these tests, Table IV shows the results of 
X-ray measurements of stress in the austenite phase, compared with the 
corresponding induced loads. The agreement is within the precision stated, 
except when loaded above 40,000 psi. Since the initial surface stress was 
27,000 psi in compression (by X-rays), and since the ring did not return 
to its original curvature upon release of these higher loads, it was con- 
cluded that the austenite phase deformed plastically. Under the same 
load conditions, the martensite showed no evidence of yielding. 

This suggests yield in the austenite somewhat below 72,000 psi in 
compression, a lower value than that appearing in this paper for yield of 
austenite in tension. However, because of the carbon gradient in these 
rings, this difference in yield may represent only sample variation. 


Table IV 


Comparative Measurements of Induced Stress in the Austenite Phase of a Carburized 
and Hardened SAE 4620 Steel by X-Ray and Mechanical Methods 





Mechanically Induced X-Ray Measurement of Induced 
Stress, 1000 psi* Stress, 1000 psif 
Loaded —10 —9 
Unloaded 0 0 
Loaded —20 —18 
Unloaded 0 0 
Loaded —15 —9 
Unloaded 0 0 
Loaded —30 —27 
Unloaded 0 —9 
Loaded —35 —35 
Unloaded —2 0 
Loaded —40 —36 
Unloaded —3 —9 
Loaded —45 —36 
Unloaded —4 —9 





*The induced stresses were produced by spreading the ring and the stress values com- 
puted from the measured change in curvature. 


tThe specimen was a 4-inch O.D. ring slit longitudinally. The initial circumferential 
stress, measured by X-rays, was 27,000 psi in compression. 


The laborious correction procedure involved in the authors’ method 
of obtaining the necessary precision raises the question whether another 
choice of X-ray beam geometry would not reduce line asymmetry and 
thus reduce the amount of correction required. 

I believe that some of the difficulty lies in the use of vertical line focus 
without Soller baffles. Since this type of sample produces a broad line, 
irrespective of beam geometry, and since focusing conditions are far from 
fulfilled, it would appear that parallel-beam geometry would offer greater 
reduction of line asymmetry. This might be accomplished without exces- 
sive loss of intensity by changing to horizontal line focus and collimating 
to limit both horizontal and vertical divergence. 

Written Discussion: By S. R. Maloof and H. R. Erard, metallurgists, 
Springfield Armory, Springfield, Mass. 

Renewed interest in the development of an X-ray method for the 
determination of residual stress in hardened steel was anticipated with the 





670 TRANSACTIONS OF THE A.S. M. Vol. 45 


development of a Geiger-counter X-ray spectrometer. At the Springfield 
Armory for the past several months, we have investigated the possibility 
of using a Norelco high-angle X-ray spectrometer for measuring residual 
strains in quenched and tempered medium carbon steels. Whereas the 
authors have tested their method on the martensitic and austenitic phases 
of high carbon steel, we have performed our measurements on the broad- 
ened 211 Ka-doublet of ferrite. Nevertheless, whether the diffracting 
phase be that of ferrite, martensite, or austenite, one is still confronted 
with the.same experimental problems as outlined by the authors. It might 
be mentioned that the superiority of chromium radiation over cobalt radia- 
tion for strain measurements on hardened steels was shown some 13 years 
ago by F. Gisen.® 

We have given the problem of measuring the apparent peak position 
of broadened doublets considerable study. When the diffraction maxima 
of a resolved doublet are broadened by irregular lattice strains or by small 
crystallite size, they merge together in such a fashion that the apparent 
peak position of the sum curve approaches as a limit its center of gravity. 
Because of the greater degree of broadening on the high-angle side of the 
doublet, the apparent peak position of the sum curve lies at a lower angle 
than the calculated center of gravity. This is tantamount to saying that 
the sum curve is never symmetrical, but is skewed toward the low-angle 
side. Reference to Fig. 6 of this paper confirms this observation. For this 
reason, the intersection of the extrapolated linear portions of the sides of 
such a skewed curve would give a value for the peak position lower than 
its true value. However, the lack of symmetry of the intensity distribu- 
tion about the apparent maximum of any broadened doublet, we believe, 
does not prevent a true determination of the peak position. In Fig. 18 is 
shown a portion of a plot of the intensity distribution about the apparent 
maximum of the broadened 211 Ka-doublet of ferrite.® This particular 
plot is for a bar (4% by % by 6 inches) of FS 1050 steel oil-quenched from 
1550 °F and tempered % hour at 400°F. Intensity readings were taken 
every 0.1 degree 26. The skewness of the curve is readily apparent. The 
value of the peak position as determined by the method of least squares is 
in excellent agreement with the value determined graphically as indicated 
in the plot. Where the peaks are extremely broad and no other feature of 
the sum curve is desired, we have found the method of least squares to be 
quite rapid and to give reliable results. As the tempering temperature is 
raised, the peak sharpens considerably and we prefer to use the graphical 
method to fix its position. Whichever of the methods was used to locate 
the peak, and we have made comparisons on a considerable number of 
peaks of varying breadths, the agreement between the two methods was 
found to be excellent and the total time elapsed in obtaining a value for 
the residual stress was not more than 2 hours. 

In order to confirm the reliability of the measurements, the bar was 
placed in a bending fixture designed for use with our goniometer.**® The 
biaxial stress sum as determined from a measurement of the strain normal 

SF. Gisen, “Applicability of the X-Ray Back-Reflection Method to Stress Determinations 
in Quenched and Tempered Alloyed Steels”, Technische Mitteilungen Krupp- Forschungs- 
berichte, eumement, 1939, p. 35-40. s oe ; si 

S. R. Maloof and H. R. Erard, “A Critical Evaluation of a Norelco High-Angle 


X-Ray § er for Elastic Strain Measurements”, accepted for publication in the 
Review of Scientific Instruments. 
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Fig. 18—Intensity Distribution About the Apparent Maximum of the Broadened 211 
Ka-Doublet of Ferrite in Quenched and Tempered FS 1050 Steel. (Maloof and Erard.5) 
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to the surface was about 79,000 psi compression. The surface was then 
subjected to a uniaxial tensile stress in bending. While the specimen was 
under load, the X-ray stress was redetermined. A plot of the X-ray stress 
versus the applied bending stress gave a straight line as shown in Fig. 19. 
It is interesting to note that, although the surface stress sum was deter- 
mined, the change in the surface stress as revealed by X-rays is in fair 
agreement with that indicated by the strain gage. Also, the experimental 
points deviate not mcre than 4000 psi from a linear relationship. The 
authors have used a similar procedure to check their X-ray findings; and, 
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' Fig. 20—Skewness Index Plotted as a Function 
of the Rotation Angle w for the ai Peak of the 211 ‘ 
Reflection From Ferrite of Armco Iron. ! 


in view of the fact that they found good agreement between the change 
in stress as revealed by X-rays and by the strain gage, we obviously can- 
not criticize their procedure of fixing the peak position. 

We have not used as yet the two-exposure method for determining 
the residual stress in any particular component, since there are several 
features of the method which are still being investigated. However, we do 
have some preliminary results to report which might be of interest to the 
authors. With a i-degree diverging slit rather than the customary 4- 
degree slit, we found that no displacement of the peak occurred for rota- 
tion angles up to 60 degrees. This obviously eliminates the need for off- | 
centering the sample as the authors have done in order to maintain the 
same peak position at all rotation angles. To compensate for the loss in 
intensity due to such a well-defined initial beam, we have used a 1-degree 
receiving slit instead of the customary 0.006-inch receiving slit. This com- 
bination was found te furnish sufficient intensity even for strain measure- 
ments on hardened steel bars. At large diffraction angles, very little is 
lost in resolution by employing a wide receiving slit; at the same time, 
there is considerable gain in intensity. As the specimen was rotated from 
y= 0° to y= 60°, it was noted that the intensity distribution about the 
apparent peak became more symmetrical and increased in breadth. To 
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determine the rotation angle at which the distribution would be perfectly 
symmetrical, the skewness index as defined in statistics was computed and 
plotted as a function of the rotation angle y. The results shown in Fig. 20 
are for the intensity distribution about the a peak of the 211 reflection 
from ferrite of a stress-free bar of armco iron. It is seen that the skew- 
ness index drops to zero at an angle of about 65 degrees, thus confirming 
the observations of the authors. It would appear, therefore, that the a 
component of a resolved doublet can be used to detect peak displacement 
and change in line symmetry as the rotation angle is increased. 

It is possible with a Norelco X-ray spectrometer to move the Geiger 
tube forward a considerable distance. Our findings may be briefly sum- 
marized. For y= 0°, the apparent peak is displaced downward in angle 
2¢ and broadens out; there is some gain in intensity of the peak relative 
to the background. For y = 45° and 60°, the peak is displaced downward 
at a faster rate than for y— 0°, but begins to taper off as the point of 
convergence for the diffracted rays for both angles is approached; there is 
also considerable gain in sharpness and some gain in intensity of the peak. 
However, for a fixed position of the Geiger tube, the displacement of the 
peak relative to its position before the Geiger tube was moved forward is 
not the same for the three rotation angles. Indications are that a con- 
venient position of the Geiger tube would be somewhere between 2 and 3 
inches, which is in good agreement with the value of 2.57 inches chosen 
by the authors to place an additional slit. 

We would like to comment briefly on some of the theoretical aspects 
of this paper. A plot of “d” versus sin*y should be a straight line, pro- 
vided that the strain is uniform within the volume irradiated by the X-ray 
beam. The curved line shown in Fig. 11 for the sanded surface could be 
explained by the presence of microstresses induced by the cold working. 
It is indeed surprising to find that the plots shown in Figs. 10 to 15 are all 
linear, in spite of the fact that microstresses are known to exist in hard- 
ened steel. Although microstresses are generally detected by the broad- 
ening of the diffraction maxima and macrostresses by the displacement of 
the maxima, a residual microstress gradient would contribute to the re- 
sidual macrostress as determined by X-rays. This would have the effect 
of changing the slope of the line representing the original condition of the 
specimen prior to loading, and might even cause the line to be curved. 
On loading, therefore, the crossover point for the various lines would be 
different from that predicted by theory. Also, as pointed out by the au- 
thors, the application of a biaxial stress to the specimen would change the 
theoretical crossover point for the various lines. It is easily shown that 
for biaxial loading the intersection of the lines is given by the following 


expression: 
Poepaeeenp 
pee i 
v{1 — 
( +2) 


sur y= ee 


where v is Poisson’s ratio and o; and o; are the longitudinal and circumfer- 
ential stresses, respectively. If o. = 0, then the foregoing expression de- 
generates to that given by the authors for uniaxial loading. An improper 
choice of the value for Poisson’s ratio cannot explain the large difference 





674 TRANSACTIONS OF THE 4.S.M. Vol. 45 


noted in Figs. 10, 13, and 15 between the theoretical crossover point and 
that actually observed. 

Written Discussion: By John T. Norton and Robert E. Ogilvie, 
Department of Metallurgy, Masaschusetts Institute of Technology, Cam- 
bridge, Mass. 

In this paper the authors have made an important contribution to the 
problem of measuring surface stresses in steels of high hardness. There 
are two salient points which should be emphasized. The first is the suc- 
cessful selection of the wavelength of incident radiation, thickness of filter 
and operating voltage of the X-ray tube which has permitted them to ob- 
tain a high ratio of the intensities of line to background. Without this, 
precise measurement of line position would be impossible. Secondly, they 
have observed that the diffraction lines have linear portions on the sides 
of considerable extent, which permit them to make an accurate extra- 
polation to a point corresponding to the line peak. That this point may 
not be the true intensity maximum is of no particular consequence, since 
it is merely a reference point used to measure the small line shift due to 
the residual stress. 

The reasons for the existence of the linear sides of the diffraction lines 
is not clear at present but it has been confirmed in our own laboratory 
under similar conditions. Whether or not it would be true in other cases 
of broad diffraction lines still remains to be seen. 

Another method of determining the position of the maximum of a 
broad line has been used recently in our laboratory on problems very sim- 

ilar to those described by the authors. This procedure involves making 

accurate measurements of the intensity by counting at several known 

angles in the vicinity of the broad diffraction peak. About five or more 
points are needed, ranged on both sides of the actual maximum. Using 
the method of least squares, a parabola with a vertical axis is calculated 
which makes the best fit to the measured points. The angle at which the 
vertical axis lies results from the calculation and represents the angle of 
the intensity maximum. The results have been surprisingly good and lines 
which have a width of about 8 degrees at half maximum have consistently 
shown a reproducibility of better than 0.02 degree. Using this procedure, 
excellent results have been obtained in determining the experimental stress 
constant for the steels of high hardness. Once the procedure has been 
set up, the necessary calculation can be made very rapidly. 


Authors’ Reply 


The authors greatly appreciate the interest of the various discussers 
and wish to thank them for their contributions to this paper. 

Messrs. Bennett and Vacher rightfully point out that the determina- 
tion of stress only requires measurements to be taken at two yw angles 
and additional measurements at intermediate values of y merely increase 
the time for the determination. In the routine determination of stress, 
of course, one would use only two y angles, but some flexibility in choice 
of two w angles to be used is from the practical standpoint also necessary 
and it is, therefore, desirable to have some knowledge of the variation 
of the constant of proportionality with the angle ¥. This consideration 
led to the measurements at the intermediate vy angles of 30 and 45 degrees 
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and to the particular graphical method employed in presenting these data. 
On the other hand, it must be emphasized that the stress constant of 
proportionality was not arbitrarily computed by the assumption of values 
for E and v, without experimental evaluation, but these measurements 
actually comprise an experimental evaluation of this constant, which, for- 
tuitously or otherwise, proved to be equal to the theoretical constant one 
would compute by using the values of E and v that obtain from mechanical 
tests. 

One might conclude from the agreement of the experimentally derived 
stress constant with the computed constant that the small anisotropic 
crystals comprising the steel mass are behaving isotropically within the 
mass with mechanical properties similar to the mass as a whole; however, 
all measurements were made on the 211 martensite and 220 austenite 
planes and, therefore, may not be indicative of results that may be 
obtained from other lines. Furthermore, the somewhat higher stress 
constant obtained by Messrs. Blount and Ellis, and by Mr. Ogilvie whose 
work is cited by them, also using the 211 line but fixing its relative 
positions by the parabolic method described by Dr. Norton, suggests that 
the experimental X-ray stress constant may vary somewhat from the 
true constant by an experimental artifact introduced by the particular 
technique used. Thus, until more information is accumulated, the remarks 
in the text of this paper concerning the validity of the bulk modulus in 
computing the stress constant must be considered to apply only under 
the particular experimental conditions present in this work. 3 

Work underway in our laboratory at the present time indicates that 
a little higher stress constant indeed is obtained using the parabolic 
method described by Dr. Norton, though our own preliminary results 
show the constant to be less than 10% greater than computed using the 
bulk modulus instead of 20% as obtained by Messrs. Blount and Ellis 
and 32% by Mr. Ogilvie. It may be significant that Mr. Ogilvie used a 
flat sample, Messrs. Blount and Ellis a 6-inch round, and we a 4-inch 
round for the determinations. However, whatever the source of these 
apparent discrepancies in stress constant may be, they need not interfere 
with useful stress measurement by X-ray technique if the specimen 
geometry and slit system used is properly calibrated, but only make 
imperative a calibration process until more is known. Our own experience 
with the parabolic method shows it to be very reproducible and it should 
be mentioned that its very real advantage is in the fact that measurements 
are made only at the peak of the line where the intensities are high. 

Dr. Schwartz suggests consideration of parallel beam geometry and 
Dr. Maloof and Mr. Erard of a third method for fixing line position. We 
welcome these suggestions and recognize that many technique possibilities 
are yet unexplored. The particular technique selected for this work 
resulted from many compromises imposed by specimen contour and 
certain inflexibilities of equipment design, which could have been over- 
come but was not believed justified until some evidence was secured that 
the X-ray method itself was practical. For example, the convex surface 
of the round samples in combination with the oif-focus slit system used 
for convenience in many instances caused severe flattening of the peak 
of the diffraction lines and necessitated use of the line sides instead 
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of the peaks for fixing relative line positions. Also, it is highly desirable 
that a means be provided for relocating the Geiger tube to proper focusing 
conditions for any y angle. We believe the real value of this work 
lays not in the development of a particular experimental technique but 
in the presentment of evidence that the X-ray method itself can with 
success be applied to the determination of stress in hardened steel despite 
the fact it has been rather thoroughly discredited in the past for this 
particular application. It is hoped and expected that the combined 
efforts of all interested in the study of stress in these hard materials giving 
diffuse lines will soon furnish the necessary techniques to put this measure- 
ment on a routine laboratory basis. 

Messrs. Bennett, Vacher, Maloof and Erard concur in emphasizing 
that the determination of Poisson’s constant, and thus the elastic modulus, 
separately from the stress constant, by the cross-over point of the “d” 
versus sin’ y lines requires the application of a unidirectional stress only. 
This was also stated in the text but Messrs. Maloof and Erard were kind 
enough to show the relation between the cross-over point and the increase 
in bidirectional stress imposed. Messrs. Maloof and ’Erard express surprise 
that the “d” versus sin* yw lines are linear in view of the fact that this 
requires a uniform stress in the sample volumes inspected at each y 
angle, which volume, from the absorption standpoint, perforce must 
be different at cach y angle. We believe this to result from the relatively 
low penetration of the chromium radiation into the. sample which would 
tend toward uniformity of stress in the sample volume examined. Where 
a sharp stress gradient at the surface exists, such as when the second 
sample was sanded, a curved line would be expected and was obtained. 
More surprising is that the modulus must remain constant for the lines 
to be linear and linearity was obtained though the crystallites are 
anisotropic and somewhat different modulus is expected at each w angle. 

It was gratifying to learn that Messrs. Maloof and Erard observed 
about the same change in line symmetry with change in wy angle as we 
encountered. As a word of caution, however, it must be mentioned that 
this change in symmetry is to a large extent a function of the slit system 
used and use of a single detector slit will tend to make the line more 
symmetrical at ~ equal to zero instead of 60 degrees. Computation 
will easily demonstrate that this phenomenon results from a change in 
absorption with 2@ at w angles other than zero. Therefore, it is not 
expected that true line symmetry will always be obtained at a yw angle 
approximately 65 degrees. 

Messrs. Bennett and Vacher are correct in stating that the change 
in stress noted in Figs. 12 and 13 after all loads were released and attrib- 
uted to plastic deformation of the austenite is in the wrong direction 
for the deformation to have occurred at the specimen surface. In the 
absence of more experience and knowledge it is inadvisable to speculate 
further as to the reason for these results. 
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THE INDIUM-ARSENIC SYSTEM 
By T. S. Lru anp E. A. PERETTI 
Abstract 


The binary system indium-arsenic has been investi- 
gated by thermal, X-ray and metallographic methods of 
analysis. The existence of an intermediate phase corre- 
sponding closely to the composition InAs was confirmed. 
It melts at 942°C (1730 °F) and forms a eutectic with 
indium and with arsenic (under pressure). The In-InAs 
eutectic occurs at 0.02% arsenic and melts at 155.2 °C 
(312 °F), and the InAs-As eutectic contains 82% arsenic 
and melts at 731°C (1348 °F). The single-phase regions 
in the solid state are quite restricted. 


P to the present time there is no published report of experi- 

mental work on indium-arsenic alloys, except that Iandelli (1)? 
prepared the intermediate phase InAs. Using X-ray diffraction 
methods, Iandelli concluded that InAs has a face-centered cubic, zinc 
blende-type structure, with a lattice parameter of 6.036 A. He used 
indium with 2% germanium for preparing his alloys; the purity of 
the arsenic is not stated. In this investigation, systematic study of 
the phase diagram has been made using thermal analysis, X-ray dif- 
fraction and metallographic techniques. 


EXPERIMENTAL PROCEDURE 


High purity indium? obtained from the Indium Corporation of 
America and purified lump arsenic obtained from the J. T. Baker 
Chemical Company, and resublimed in our laboratories, were used 
to prepare the alloys. 

Due to the sublimation of arsenic, every alloy in this system 
was prepared in an evacuated and sealed capsule. It was found that 
a 30-gram melt was the maximum amount that could be conveniently 
handled in a single capsule. For alloys containing more than 50 
weight per cent arsenic, even less alloy could be handled in a capsule 
because of the bulkiness of the element. For these alloys, therefore, 
20-gram melts were made. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2The indium had a guaranteed purity of 99.97% with the following analysis: Cu, 
0.002%; Pb, 0.006%; Sn, 0.01%; Zn, 0.01%. The resublimed and crystallized arsenic was 
spectrographically analyzed, and showed the following impurities: Cu, 0.000X; Pb, 0.00X 
(low); Sb, 0.0X (high); Fe, 0.000X; Bi, 0.0X 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, T. S. Liu 
is research metallurgist, Horizons, Inc., Cleveland, Ohio, and E. A. Peretti is 
acting head, Department of Metallurgy, University of Notre Dame, Notre Dame, 
Ind. Manuscript received April 3, 1952. 
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Fifty-two alloys were prepared by weighing the pure constituents 
on an analytical balance. To minimize the change of intended com- 
position due to loss of arsenic, no alloy was used more than once— 
every alloy was prepared from fresh indium and fresh arsenic. 

Due to the relatively high melting point of InAs and the great 
tendency for indium and arsenic to form this phase, in preparing the 
alloys, constant shaking of the capsule was necessary, at a temperature 
where the arsenic vapor pressure is not too high and the indium 
entirely molten, to avoid the formation of an InAs surface layer on 
the metals. Holding at just above the sublimation point of arsenic 
promotes the formation of InAs, thus reducing pressure inside the 
capsule. For these reasons, in the preparation of the alloys, the tem- 
perature was first raised to about 290 °C (550 °F), the capsule was 
well shaken at this temperature, then raised to 616°C (1140 °F) 
and well shaken again. ‘The final step in heating was to bring the 
melt to around 950 °C (1740 °F) to insure complete melting of the 
InAs. Frequent shaking of the capsule at this temperature insured 
uniformity of composition. It was found that cooling in an upright 
position with the bottom solidifying first would minimize explosions 
and give relatively sound ingots. Because there is no way of losing 
metal in an evacuated sealed capsule, the intended composition could 
be safely used without chemical analysis, as long as the alloy was 
uniform in its composition. 

Cooling and heating curves were obtained with controlled rates 
that ranged from % to 2°C per minute. For controlled rates, a 
Variac coupled to a gear-reduction box driven by a Telechron syn- 
chronous clock motor was connected in series with the furnace power 
line. This gave fairly constant heating and cooling rates. For alloys 
with less than 39.5 weight per cent arsenic (InAs composition) 
Vycor crucibles with argon protecting atmosphere and a constant 
stirring device previously described (2) could be successfully applied. 
This method, however, could not be used where alloys contained 
more than 39.5% arsenic, as the excessive volatilization would change 
the composition continuously during analysis. For these alloys, there 
were used evacuated capsules with the thermocouple protecting tube 
sealed in at the bottom. Temperatures were measured with cali- 
brated platinum versus Pt-— 10% #7 or chromel versus alumel 
thermocouples. 

For metallographic examination of the alloys, the technique de- 
scribed by Carapella and Peretti (3) was used, with slight modifi- 
cations. Flat surfaces were prepared from specimens containing less 
than 20% arsenic by cutting with a razor blade, but when the arsenic 
content exceeded 20%, sections were prepared by slicing with an 
abrasive wheel. Vilella’s reagent was used as etchant for alloys up 
to 39.5% arsenic. For alloys with more than 39.5% arsenic, an 
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Table I 
Thermal Data of the System Indium-Arsenic 
Weight % Arsenic Atomic % Arsenic Liquidus °C Solidus °C 
0 0 156.4 156.4 
5.00 7.46 624.8 155.2 
9.87 14.36 721.2 155.0 
14.81 21.03 793.2 155.0 
19.75 27.38 851.2 154.5 
24.69 33.43 889.0 153.7 
35.52 45.76 927.6 153.2 
39.50 50.00 942.0 942.0 
44.10 54.72 941.0 iwe 
50.00 58.28 a or a”: es 
55.01 65.19 911.1 731.2 
60.01 69.68 892.3 743.0* 
69.99 78.12 856.7 742,1* 
80.00 85.69 777.3 743.0* 
84.99 89.66 747.2 el 
: ‘ bi 730.8 
90.01 93.24 764.8 731.2 
100.00 100.00 


Ose Se A ea 





*Heating curve values. 











alkaline etchant was used (1 part 30% H2O2e+5 parts H2O+ 
10 parts NH4OH). 

X-ray diffraction patterns were taken of many of the alloys to 
check the results of thermal and metallographic studies. Chromium 
and cobalt radiations were used. At 30 KVP and 10 ma, exposure 


times ranged from 1%4 to 3 hours. Debye and symmetrical back- 
reflection focusing cameras were used. 


RESULTS 


The arrest points obtained by thermal analysis are listed in 
Table I. In the high-arsenic alloys, where both heating and cooling 
curve values are listed, more weight is given to the latter because 
of the experimental procedure. In cases where supercooling was 
noted, extrapolation of the direct-rate curve yielded a range of values. 
It is therefore believed that the liquidus temperatures are probably 
not more accurate than +2 °C. Due to the consistent temperature 
readings obtained for the indium-rich eutectic reaction, it is con- 
sidered that these results are probably accurate to +0.5 °C. 

For alloys with more than 39.5% arsenic, the use of a capsule 
limited the amount of alloy used to eight grams, and the analyses 
were performed without stirring. It is also obvious that there is a 
pressure factor involved. It is, therefore, believed that the liquidus 
temperatures are not more accurate than +3 °C and the arsenic-rich 
eutectic temperature not more accurate than +1 °C. 

The phase diagram of the system indium-arsenic is shown in 
Fig. 1. Six specimens of InAs composition were used to determine 
the melting point of InAs using both Vycor crucible with argon and 


constant stirring and evacuated capsules. The results checked to 
within 0.5 °C, 





No satisfactory etchant was found to attack the InAs phase, 
although our tests were not exhaustive. Fig. 7 shows InAs with its 
characteristic pittings. As X-ray photograms of alloys near the InAs 
composition showed no detectable change in the lattice spacing with 
change in composition, it is believed that this one-phase region must 
be very small. Precision lattice constant determinations of this phase 
gave a value of 6.058, A. Debye pattern results are given in Table II. 
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Fig. 1—The Indium-Arsenic Phase Diagram. 
Table 
Debye Pattern of InAs* 
e° Sin 8 d Observed Int. hkl » 
78.75 0.98079 0.914 Ww 622 az 
78.35 0.97940 0.913 Ww 622 ai 
76.05 0.97051 0.924 M 533 az 
75.58 0.96848 0.924 S 533 ai 
69.59 0.93720 0.956 S 620 a2 
69.20 0.93483 0.957 vs 620 ai 
62.65 0.88822 1.008 vw saa} a 
61.31 0.87725 1.022 Ss 531 az 
61.08 0.87525 1.022 Vs 531 ai 
56.95 0.83819 1.068 M 440 a 
1 50.45 0.77107 1.161 S aust a 
46.68 0.72507 1.235 vs 422 a 
41.78 0.66621 1.344 Vw 420 a 
40.48 0.64912 1.379 Ss 331 a 
36.68 0.59728 1.491 M 400 a 
31.13 0.51690 1.732 Vw 222 a 
29.80 0.49697 1.801 Ss 311 a 
26.76 0.45028 1.800 Vw 311 B 
25.20 0.42578 2.102 S 220 a 
22.73 0.38630 2.098 Vw 220 B 
17.68 0.30362 2.948 Vw 200 a 
15.36 0.26492 3.379 M 111 a 


*Cobalt radiation with iron filter. 
VS, very strong; S, strong; M, medium; W, weak; VW, very weak. 
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Fig. 2—0.02% Arsenic, 99.98% Indium, As-Cast, Eutectic Composition. Etchant 
—Vilella’s Reagent. X 250. 


Fig. 3—0.5% Arsenic, 99.5% Indium, As-Cast, Primary InAs Plus Eutectic. Etch- 
ant—Vilella’s Reagent. x 250. 


_Fig. 4—2% Arsenic, 98% Indium, As-Cast, Primary InAs Plus Eutectic. Etchant 
—Vilella’s Reagent.  X 250. 


Fig. 5—15.8% Arsenic, 84.2% Indium, Furnace-Cooled, Primary InAs Plus Eutectic. 
Etchant—Vilella’s Reagent. X 50. 


The InAs phase forms a eutectic with indium at 0.02% arsenic, 
Fig. 2. This eutectic reaction occurs at 155.2°C (315°F). The 
composition of this eutectic was determined entirely by metallo- 
graphic examination of specimens whose arsenic content varied from 
0.02 to 9.9%. When the specimen contained primary InAs, it could 
be clearly differentiated from the eutectic, as shown in Figs. 3, 4, 5 
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Fig. 6—35.5% Arsenic, 64.5% Indium, Furnace-Cooled, Primary InAs Plus Eutectic. 
Unetched. X 50. 


Fig. 7—39.5% Arsenic, 60.5% Indium, Furnace-Cooled, Pitted Intermediate Phase 
InAs. Unetched. x 75. 


Fig. 8—55% Arsenic, 45% Indium, As-Cast, Primary InAs Plus InAs-As Eutectic. 
Etchant—1 part 30% HeOe+5 parts H2EO+ 10 parts NHsOH. xX 300. 


Fig. 9—80% Arsenic, 20% Indium, Furnaee-Cooled, Primary InAs Plus InAs-As 
Eutectic. Etchant—1l part 30% H2zO2+5 parts H2O +10 parts NHsOH. xX 75. 


and 6. However, due to eutectic divorcement, it was difficult to de- 
termine when primary indium existed. Therefore, the eutectic com- 
position was determined by preparing alloys containing a diminish- 
ing percentage of arsenic and noting the point of disappearance of 
the primary InAs phase. 


As can be seen from Fig. 2, the solubility of arsenic in indium 
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Fig. 10—82% Arsenic, 18% Indium, As-Cast, Eutectic of InAs and Arsenic. Etch- 
ant—1 part 30% HeOe+5 parts H20+ 10 parts NHsOH. X 300. 


Fig. 11—86% Arsenic, 14% Indium, As-Cast, Primary Arsenic Plus Eutectic. Etch- 
ant—1 part 30% H2O2e+5 parts H20+ 10 parts NHsOH. X 250. 


Fig. 12—87.5% Arsenic, 12.5% Indium, As-Cast, Primary Arsenic Plus Eutectic. 
Etchant—1 part 30% HeOe+ 5 parts H20+ 10 parts NHsOH. X 75. 


Fig. 13—95% Arsenic, 5% Indium, As-Cast, Primary Arsenic Plus Eutectic. Etch- 
ant—1 part 30% HeOe+5 parts H2O0+ 10 parts NHsOH. X 250. 


must be less than 0.02%. No measurable difference in the lattice 
spacings of pure indium and indium in the two-phase alloys can be 
found in the X-ray photograms. 

The InAs alsq,forms a eutectic (under pressure) with arsenic. 
It contains 82% arsenic and melts at 731 °C (1350°F). Figs. 8 to 
13 show typical microstructures encountered in this portion of the 
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binary system. The shape and etching characteristics of the primary 
phases on either side of the eutectic are entirely different. However, 
because of the difficulty of preparing arsenic-rich alloys due to the 
pressure factor and the explosion hazard involved, alloys near the 
eutectic composition were not made at closer than 2% intervals. It 
is therefore believed that this eutectic occurs at 82 + 2% arsenic. 

It was concluded that the solubility of indium in arsenic is small 
for the same reasons advanced for the low solubility of arsenic in 
indium. 

Satisfactory hardness tests could not be made on high-arsenic 
alloys due to porosity in the specimens. The intermediate phase 
InAs gives a hardness of about 210 Brinell. 

It should be pointed out here that the phase diagram for the 
InAs-As portion of this system, as seen in Fig. 1, is not a true 
equilibrium diagram at a pressure of one atmosphere. It is obvious 
that no liquid arsenic exists at atmospheric pressure. Since liquid 
arsenic exists only at above 36 atmospheres (4), the InAs-As region 
of the diagram thus drawn probably represents a condition at this 
pressure. The probable appearance of this region at atmospheric 
pressure can be obtained by sectioning at one atmosphere a Rooze- 
boom P-T-X model for InAs and arsenic. 


SUMMARY 


1. The phase diagram of the system indium-arsenic has been 
determined by means of thermal analysis, X-ray diffraction and 
metallographic techniques. 

2. Two eutectic reactions occur, one at 155.2+0.2°C con- 
taining 0.02% arsenic and consisting of indium and InAs, and the 
second one at 731+1°C (1350°F) with 82+ 2% arsenic at a 
pressure of about 36 atmospheres, consisting of InAs and arsenic. 

3. An intermediate phase exists corresponding closely to the 
composition InAs. This phase melts at 942 +0.5°C. It has a face- 
centered cubic, zinc blende-type structure with a lattice parameter 

4. The single-phase regions in the solid state were found to be 
quite small. 
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DISCUSSION 


Written Discussion: By Alvin J. Thompson, head, Department of 
Mining and Metallurgy, New Mexico Institute of Mining and Technology, 
Socorro, N. M. 

At the New Mexico Institute of Mining and Technology we have done 
considerable work on the indium-sulphur and indium-oxygen systems, 
including thermal analysis, X-ray, and free energy studies. 

I would like to compliment the authors on the excellent photographic 
studies accompanying this paper. The photographs seem to confirm quite 
well the presence of a single indium-arsenic compound, and the location 
of the eutectic points. 

The insolubility of arsenic in indium and of indium in arsenic is 
perhaps to be expected, considering the difference in the atomic radii and 
crystalline structure. The same solid insolubility was found to exist in the 
indium-sulphur system, in which there is also an appreciable difference in 
crystal structure and atomic radii. In the indium-rich alloy of the indium- 
sulphur system the insolubility extended into the liquid range as well. 

I note the statement by the authors that “InAs... has a face-centered 
cubic, zinc blende-type structure ...”. While it is true that when con- 
sidered separately zinc and sulphur in sphalerite each have face-centered 
cubic structure, I believe that together they form an interpenetrating cubic 
lattice which would more accurately be described as a complex cubic 
structure. 

It would perhaps have been illuminating to have been able to show 
pressure readings above the melt in this work. I am wondering if the 
authors do have any data to indicate the volatility of the InAs or the 
stability of this compound. In the study of the indium-sulphur system at 
the New Mexico Institute of Mining and Technology, we made entropy 
and free-energy studies by determining the equilibrium constants in the 
reduction of the various sulphides with hydrogen. We gave some thought 
to obtaining compound stability figures by vapor pressure measurements 
above the melts, but never decided on the proper techniques to employ. 


Authers’ Reply 

We wish to thank Professor Thompson for his kind comments. 

We prefer the “zinc blende type” structure designation because it 
specifies the atom positions to be (000) plus face-centered cubic translation 
and (%4,%,%) plus face-centered cubic translation, while “complex cubic 
structure” is less definite. 

No measurements were made of the stability of InAs. However, as 
its melting point (942°C) would indicate, it is fairly stable. While all of 
the alloys were made in sealed tubes, those containing arsenic in per- 
centages up to the InAs composition could be heated in the open, under a 


protective atmosphere (once they had been formed), without undue vola- 
tilization losses, 





PLASTIC STRESS-STRAIN RELATIONS OF ALCOA 14S-T6 
FOR VARIABLE BIAXIAL STRESS RATIOS 


By JosepH Marin, L. W. Hu anp J. F. HAmMBurG 


Abstract 


The plastic stress-strain relations in this investigation 
were obtained for an aluminum alloy designated as Alcoa 
14S-T6. These stress-strain relations were found for bi- 
axial tensile stresses produced by subjecting a thin-walled 
tubular specimen to axial tension and internal pressure. 

Three types of biaxial stress tests were conducted in 
this study—constant stress ratio tests and two types of 
variable stress ratio tests. In the constant stress ratio 

tests, plastic stress-strain relations were obtained for con- 
bf ditions where the ratio of the axial to the lateral stress 
he was maintained essentially constant for each test. These 
constant stress ratio tests were made to provide control 
: data and to determine the influence of the biaxial stresses 
t on the ductility, yield strength, and fracture strength. The 
| constant stress ratio tests showed that the biaxial yield 
strength values are in approximate agreement with the 
distortion energy theory. The biaxial fracture strength, 
however, 1s in best agreement with the maximum stress 
theory. A comparison of the true biaxial plastic stress- 
strain relations for various principal stress ratios with 
values predicted by either the flow or deformation-type 
theory shows an approximate agreement between test re- 
sults and theory. The ductility under biaxial stress con- 
| ditions was found to decrease with increase in the biaxial- 
ity of the stresses. The theoretical values of ductility 
. based upon the significant strain and the deformation the- 
ory agree approximately with the actual ductility values. 
| The main object of this study is not to report on the 
. foregoing constant stress ratio tests but rather to deter- 
mine the validity of the flow-type theory in predicting 
plastic stress-strain relations under combined stresses. For 
this purpose, two types of variable stress ratio tests were 
conducted. In one type of variable stress ratio test, a stress 
was applied in the axial or lateral direction to a selected 
plastic strain value, followed by a stress in the other direc- 
tion perpendicular to the first direction of stressing. Ina 
second type of variable stress ratio test, a stress in one di- 
A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The authors, Joseph Marin, 
L. W. Hu and J. F. Hamburg, are associated with the Department of Engineer- 


. ing Mechanics, The Pennsylvania State College, State College, Pa. Manuscript 
: received March 25, 1952. 
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rection was followed by a stress in the right-angled direc- 
tion and then by a stress in the first direction. The results 
of these tests indicate that the flow theory gives a good ap- 
proximation to the experimental results. Both types of 
variable stress ratio tests show that the path of loading has 
little effect on the true fracture strength and that the frac- 
ture strength is approximately defined by the maximum 
stress theory. The variable stress ratio tests, using differ- 
ent paths of loading to arrive at the same state of Stress, 
give widely different values of strains. This lends support 
to the flow rather than the deformation or slip type of 
theories since the latter theories require these strains to be 
the same.* 


HERE are a number of engineering problems where it is impor- 
tant to know the plastic stress-strain relations in metals subjected 
to combined stresses. These problems include (a) design of structural 
and machine members where small plastic strains are permissible, 
(b) determination of factors of safety in constructions based on 
ultimate strength rather than the yield strength of the material, (c) 
design of members in which residual stresses are initially produced 
to improve the subsequent load-carrying capacity of the construction 
as used, for example, in the design of some pressure vessels and guns, 
and (d) the improvement of various metal-forming operations where 
permanent plastic strains are produced. 
To solve the foregoing problems, many engineering theories have 
been proposed in recent years (1-4).2, The purpose of these theories 
is to define mathematical equations for the stress-strain relations in | 
the plastic range in the case of combined stresses. In these theories, 
the object is to determine the stress-strain relations for all states of 
combined stresses based on a plastic true stress-strain relation in 
simple tension. In order to determine which of the engineering the- 
ories is most suitable, it is necessary to investigate many states of 
combined stresses and numerous materials. Constant stress ratio tests 
cannot distinguish between the various theories, and it is for this 
reason that the emphasis in this paper is on variable stress ratio tests. 
Constant stress ratio tests were made, however, to provide basic 
information on the influence of the biaxial stress ratio upon the plastic . 
stress-strain relations and upon the mechanical properties. ] 


TEST PROCEDURE 


Material Tested and Specimen— The material tested in this 





1In this paper, when reference is made to the flow and deformations theories, the sim- ; 
ple ree theories based on the effective, significant or octahedral shear stress and strain : 
are inten . 


*The figures appearing in parentheses pertain to the references appended to this paper. 








Fig. 2—Testirig Machine. 


investigation was an aluminum alloy designated as 14S-T6. The 
material was supplied in the form of hot-rolled machine cylinders, 
7% inches long with a 154-inch O.D. and 44-inch bore. The nominal 
composition, in addition to aluminum and normal impurities, consists 
of 4.4% copper, 0.8% silicon, 0.8% manganese and 0.4% magnesium. 
The Research Laboratories of the Aluminum Company of America 
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supplied control test data on the yield strength, tensile strength and 
ductility. These data were obtained primarily to determine the 
anisotropy of the material. To do this, specimens were taken from 
the cylinders in the axial, lateral and diagonal directions.* The 
average values of the properties were: yield strength—62,400 psi 
+ 3% ; tensile strength—69,100 psi + 4% ; elongation in 4 diameters 
—6.5 to 12%. The test data supplied showed about 8% variation 
in tensile strength due to anisotropy, and about 8% variation due to 
normal variations in the materia!. 

The dimensions of the machined specimen for the combined 
stress tests are shown in Fig. 1. The specimens were machined on 
both the inside and outside, and the wall thickness was measured by 
an apparatus as described in Reference 5. 

Testing Machine—Fig. 2 shows the testing machine used to 
apply internal pressure and axial load to the specimen S. The axial 
load is applied to the specimen S by a lever L, vertical rod R and 
hydraulic jack J. The magnitude of the axial load is determined 
by the dynamometer D. The internal pressure is applied to the 
specimen through a valve V and a pump unit not shown. This 
pressure is measured by a pressure gage G. 

Method of Measuring Strains—The strains in the elastic range 
of loading were measured by SR-4 electric strain gages placed both 
in the axial and lateral directions. A clip-type gage, as described in 
Reference 6, was used to measure both the axial and lateral plastic 
strains. The strain readings were observed on an indicator I, using 
a switch box B so that all strains could be read on the indicator I. 

Method of Testing—In testing, the specimen is first assembled 
in the testing machine with the elastic strain gages and clip gages 
attached as shown in Fig. 2. The manner of loading used will then 
depend upon the type of test being conducted. In all cases, predeter- 
mined values of the load are applied, with value of loads and strain 
being recorded at suitable load or strain intervals. 


Constant Stress Ratio Tests 


The influence of combined stresses on the plastic stress-strain 
relations and mechanical properties was first determined by a series 
of constant stress ratio tests. In these tests the ratio of the principal 
stresses was maintained essentially constant by maintaining a constant 
ratio of the internal pressure to the axial load. 

The nominal or conventional stress-strain relations for various 
values of the principal stress ratios are given for the axial and tan- 
gential stresses in Figs. 3 and 4. At least two specimens were 
tested for each stress ratio. The equations used for calculating the 





®The diagonal direction is 45 degrees to the axial or lateral directions. 
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Fig. 3—Nominal Axial Stress-Strain Relations for Constant Stress Ratio Test. 
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Fig. 4—Nominal Tangential Stress-Strain Relations for Constant Stress Ratio Test. 
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nominal axial and tangential stresses are, respectively, 


_ pd’? +4P/2 E oa 
=a) (44-1) quation 
_ pdf 1+2 (t/d) +2 ren | : 
ot ae [ea + (t/d) Equation 2 


where d = internal diameter, t = wall thickness, P = axial load, and 
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MAXIMUM SHEAR THEORY 
=—_=asane MAXIMUM STRESS THEORY 
° TEST POINTS 





Fig. 5—Comparison of Proportional Limits With Theo- 
ries of Failure for Constant Stress Ratio Tests. 


p = internal pressure. Equation 2 gives the maximum tangential 
stress based on the Lame theory for a thick-walled cylinder. 

The nominal strain values plotted in Figs. 3 and 4 were deter- 
mined by the SR-4 indicator readings. These readings were cor- 
rected for lateral sensitivity and the “combined stress effect’’, since 
the manufacturer’s calibration constant supplied with the strain gages 
applies to uniaxial stress and materials with Poisson’s ratio = 0.285. 
From Figs. 3 and 4 the values of the proportional limits and yield 
strengths were determined for the various principal stress ratios. 
The yield stresses were determined, based upon an equivalent offset 
strain as defined in»Reference 6 and using a value of 0.002 inch per 
inch offset strain for defining the yield stress in simple tension. A 
comparison is given in Figs. 5 and 6 between the actual proportional 
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limit values and yield stresses with the values predicted by the the- 
ories of failure. Fig. 5 shows that the proportional limit values are 
in approximate agreement with the maximum stress theory. Fig. 6 
shows that the distortion energy theory is in approximate agreement 
with test results if the radial stress is either neglected or considered. 





NOMINAL TANGENTIAL YIELD STRESS -10*% Psi 





0 i 2 3 4 5, 6 7 
NOMINAL AXIAL YIELD STRESS — 10% Psi 


=—ecame MAXIMUM SHEAR THEORY 
——— DISTORTION ENERGY THEORY 
—<==— DISTORTION ENERGY THEORY WITH RADIAL STRESS 
CONSIDERED 
° TEST POINTS 


Fig. 6—Comparison of Yield Strengths With Theories 
of Failure for Constant Stress Ratio Tests. 


The actuai relations between the true stresses and strain in the 
axial and tangential directions are shown in Figs. 7 and 8 respectively. 
These true stress-strain relations differ from the nominal stress-strain 
relations of Figs. 3 and 4, since they consider the change in gage 
length and change in cross sectional dimensions with increase in load. 
The experimental curves in Figs. 7 and 8 represent the average 
curves based upon at least two specimens. 

The determination of the true stress and true strain equations 
used for determining the values plotted in Figs. 7 and 8 is explained 
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Fig. 7—Comparison of True Axial Stress-Strain Relations With Plasticity 
Theory for Constant Stress Ratio Tests. 
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Fig. 8—Comparison of True Tangential Stress-Strain Relations With Plasticity 
tai for Constant Stress Ratio Tests. 


in detail in References 5 and 6. It is shown in these references that 


the true axial and tangential strains in terms of the nominal axial 
and tangential strains are, respectively, 


&, = In (1 +e.) . 
ev= In (1 +e) Equation 3 


where e, is the axial nominal strain and e; is the average of the tan- 
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TRUE AXIAL STRESS— 10% Psi 


—mm== MAXIMUM STRESS THEORY 
<== MAXIMUM SHEAR THEORY 

oO CONSTANT STRESS RATIO TEST 

2 VARIABLE STRESS RATIO TEST 
Fig. 9—Comparison of True Fracture 


Stresses With Theories of Failure for Constant 
and Variable Stress Ratio Tests. 
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Fig. 10—Effective Stress-Strain Relations for Constant Stress Ratio Tests. 
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Fig. 11—Comparison of Ductility With Theoretical Values for Constant and 
Variable Stress Ratio Tests. 
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Fig. 12—Nontinal Stress-Strain Relation for Variable Stress Ratio Test—Set A, No. 4. 
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gential nominal strain on the inside and outside of the tube. 

The true axial stress can be obtained by using the stress of 
Equation 1, provided the actual values of the inside diameter d, and 
wall thickness t, are used in place of the original values d and t. 
That is, the true axial stress is 


ae pd,? +4P/r 

"= 4 tp (dp + tr) 

The true tangential stress in the plastic range can be assumed as 

uniformly distributed and defined by the equation used for a thin- 
walled tube. That is, the true tangential stress becomes 


Equation 4 


_ Pde 
5“ 24, 


The values of tp and d, can be expressed in terms of the original 
values t and d and the nominal strains e, and e, (6) or 


Equation 5 


t 
= 1+e.+ er 
dp = (d+2t) (1+e.) —2t, Equation 7 
From Equations 4, 5, 6 and 7 the true axial and lateral stresses can 
now be found. 

A comparison of the true fracture stresses with values predicted 
by the theories of failure is shown in Fig. 9. These results show that 
the maximum stress theory is a good approximation to the test values. 

In Figs. 7 and 8 the theoretical plastic stress-strain relations 
are shown, based upon either the deformation or flow theory. Con- 
sidering discrepancies due to experimental errors, the agreement be- 
tween theory and tests may be considered adequate. 

Another method of comparing the deformation and flow theories 
with the test results is to compare the theoretical and experimental 
relations between the effective (or significant or octahedral) stress 
with the effective (or significant or octahedral) strain (5,6). The 
values of the effective stress and strain in terms of the principal 
stresses and strains are defined by 


Vs! (¢a —o)*?+ (or —or)?+ (or —o,)* | Equation 8 


== \ + (€.7 + €. &» + Ep”) Equation 9 


Equation 6 


o 


II 


In calculating the effective stress 6 by Equation 8 the average value 
of 6, = —p/2 is used. By the theory the effective stress-strain re- 
lations defined by Equations 8 and 9 must coincide for all states of 
stress including simple tension when by Equations 8 and 9 o=6 
and¢=e. That is, by the theory, the effective stress-strain relations 
for various states of combined stress should coincide with the simple 
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tension stress-strain relation. Fig. 10 shows that the experimental 
effective stress-strain relations do agree approximately with the simple 
tension stress-strain relation. In other words, for the foregoing con- 
stant stress ratio tests the deformation or flow theory is in good 
agreement with the test results. 

Ductility of materials under combined stresses may be defined 
in various ways. One method is to select the maximum true prin- 


Nominal Tangential 
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Loading Path 


Nominal Axial 






0% in. . 


Nominal Axial Strain Nominal Tangential 
1073 in./in. Strain-10°3 in. /in. 
Fig. 13—-Nominal Stress-Strain Relation for Variable Stress Ratio Test—Set B, No. 4. 


cipal strain as the measure of ductility. An examination of these 
values as shown in Figs. 7 and 8 shows that the ductility decreases 
with increase in biaxiality of the stresses. 

Another measure of ductility for combined stresses may be taken 
as the value of the effective strain € at fracture as calculated from 
Equation 9. These test values of ductility based on Equation 9 are 
shown in Fig. 11. The corresponding theoretical values of the duc- 
tility are obtained from Equation 8, assuming that the true stress- 
strain relation for simple tension is € = € and then replacing o and € 
by the effective stress 6 and strain €, 6 = ke" or using Equation 8 


for 6, = 0, 
Zo (<) 1/n a (A — Fa0e + “ye 
woe ae = k 


‘ a + \1/n 1 1 \1/2n 
That is, for 6, = (0), €= (+) (1 eae 2 + x) Equation 10a 


2 \1/ 1/2n 
and for o, = (o)v, €= (4 ) "(1—-R+R?) Equation 10b 
where R = the principal stress ratio, 0:/a, 


and (o)» = stress at fracture. 
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Fig. 14—Comparison of True Stress-Strain Relations With Flow Theory of 
Plasticity for Variable Stress Ratio Tests—Set A. 
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Fig. 15—Comparison of True Stress-Strain Relations With Flow Theory of 
Plasticity for Variable Stress Ratio Tests—Set B. 
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Fig. 16—Nominal Stress-Strain Relation for Variable Stress Ratio Test—Set C, No. 4. 


From the true stress-strain relation for simple tension values of k 
and n are determined and then by Equation 10 the theoretical effec- 
tive strain values can be found for various ratios R of the principal 
fracture stress values based on the stress theory. These theoretical 
values are shown in Fig. 11 for purposes of comparison with the 
experimental values. Fig. 11 shows that there is a roughly approxi- 
mate agreement between the theoretical and experimental ductility 
values based on the effective strains. Discrepancies between these 
values are to be expected when errors due to anisotropy and to the 
change of stress state near fracture are considered. 


Variable Stress Ratio Tests 


The foregoing constant stress ratio tests represent a kind of 
loading which may not always exist. For this reason, two types of 
variable stress ratio tests were conducted. In one type of test, 
designated as the two-step tests, a stress was applied in one principal 
stress direction and then a stress was superimposed in the other 
principal stress direction to fracture. In these experiments, two sets 
of tests were conducted—Set A in which a uniaxial stress was first 
applied in the tangential direction by using a special device to remove 
the axial loading produced by the internal pressure, and Set B in 
which the axial stress was first applied. In both sets of tests, the 
specimens were initially subjected to various magnitudes of uniaxial 
stresses in one direction before subsequent loading in the other 
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Fig. 17—Nominal Stress-Strain Relation for Variable Stress Ratio Test—Set D, No. 4. 








Table I 
Comparison of Strain Components for Loading Path Dependency 
Total Nominal Axial Strain Total Nominal Tangential Strain 

(a In. 19. 

% % 

A {(A=B) 4 (A=B) 

Point Set A Set B (A —B) A Set A SetB (A—B) A 
1 CG. st eka ae wes ce Ce: a). eka sitite 
2 0.00330 0.01585 —0.01255 —380.3 0.00840 0.00630 0.00210 25.0 
3 0.00370 0.01310 —0.00940 —254.1 0.00860 0.00605 0.00255 29.6 
4 0.00400 0.01855 —0.01455 —363.8 0.00880 0.00360 0.00520 59.1 
5 GEE “Sceacus sees Bear Sn: wedacke-. aclcaeeas Sb 
6 0.00305 0.01545 —0.01240 —406.6 0.01035 0.00550 0.00485 46.9 
7 0.00355 0.01280 —0.00925 —260.6 0.01085 0.00545 0.00540 49.8 
8 0.00405 0.01825 —0.01420 —350.6 0.00140 0.00300 0.00840 73.7 
9 0.00340 0.00770 —0.00430 —126.5 0.00620 0.00615 0.00005 0.80 
10 0.00410 0.01445 —0.01035 —252.4 0.00650 0.00310 0.00340 $2.3 
11 0.00450 0.01190 —0.00740 —164.4 0.00670 0.00370 0.00300 44.8 
12 0.00495 0.01725 —0.01230 —248.5 0.00695 0.00100 0.00595 85.6 
13 0.00450 0.00730 —0.00280 —62.2 0.00165 —0.00050 0.00215 76.7 
14 0.00515 0.01330 —0.00815 —158.3 0.00155 —0.00120 0.00275 177.4 
15 0.00547 0.01110 —0.00563 —102.9 0.00150 —0.00005 0.00155 103.3 
16 0.00580 0.01595 —0.01015 —175.0 0.00145 —0.00315 0.00460 317.3 


direction. Some of the nominal stress-strain relations for both Set A 
and Set B tests for these two-step tests are shown in Figs. 12 and 13. 
To compare these test results with the values predicted by the flow 
theory, true stress-strain relations for both the axial and tangential 
direction were determined as shown in Figs. 14 and 15. In Figs. 14 
and 15, the theoretical stress-strain relations based on the flow theory 
are also plotted. An examination of Figs. 14 and 15 shows that in 
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most cases the theoretical stress-strain curves are above the actual 
curves but approximately in agreement with the actual curves. 

In a second type of test, designated as the three-step tests, a stress 
was applied in one principal stress direction, followed by a stress 
in the other principal stress direction and finally stressing in the first 
loading direction to fracture. In this study, two sets of tests were 
conducted—Set C in which a stress was first applied in the tangential 
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Fig. 20a—Loading Path for Variable Stress Ratio Tests 
—Set A and Set B. 


direction, and Set D where the stress was first applied in the axial 

direction. Some of the nominal stress-strain relations for both sets 

of tests and for various initial stress values are shown in Figs. 16 

and 17. A comparison of these test results with values predicted by 

the flow theory (8) is given in Figs, 18 and 19 by plotting both the | 
theoretical true stress-strain relations and the actual true stress-strain | 
relations. A study of these figures shows good agreement between | 
the actual and theoretical results. 

Both types of variable stress ratio tests show that the path of 
loading has little effect upon the true fracture strength and that the 
fracture strength is approximately defined by the maximum stress 
theory. Fig. 9 shows the fracture strength values and values given 
by the maximum stress theory. Fig. 11 also shows that the path of | 
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loading has no great effect upon the ductility and that the ductility 
may be approximately predicted by the effective strain at fracture 
using stress values defined by the maximum stress theory. 

The foregoing variable stress test results can also be used to 
distinguish between the slip (7) and flow-type theory. To show the 
distinction between these two theories, the loading paths used are 
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SET ¢ =o aa SET D 
aN. Fig. 20b—Loading Path for Variable Stress Ratio Tests—Set C and 

ee . 

first summarized as shown in Figs. 20a and 20b. In Figs. 20a and 
20b, the two paths of loading used to arrive at the same state of stress 
are indicated. According to the slip theory the axial and tangential 
strains corresponding to each final loading point are the same, regard- 
less of the loading path used. Tables I and II show the strains in 
the axial and tangential directions for each path of loading and the 
percentage difference in these strains. The large percentage differ- 
ences in Tables I and II give support to the flow theory rather than 
the slip theory. 

CoNCLUSIONS 


For the 14S-T aluminum alloy tested in this investigation and 
for biaxial tensile stresses the following conclusions can be made: 


(a) The yield strength is in approximate agreement with the 
distortion energy theory. 





706 TRANSACTIONS OF THE A.S.M. Vol. 45 
Table Il 
Comparison of Strain Components for Loading Path Dependency 

Total Nominal Axial Strain Total Nominal Tangential Strain 
ns In. in, ——————- ——— in. /in. ——_,, 

Jo %o 

A (C—D) A (C—D) 

Point Set C SettD (C—D) Cc Set C SettD (C—D) Cc 
1 0.00950 0.01210 —0.00260 —27.4 0.01680 0.00745 0.00935 55.7 
2 0.00530 0.01020 —0.00490 —9.2 0.00880 0.00640 0.00240 27.3 
3 0.00445 0.01025 —0.00580 —130.3 0.00660 0.00640 0.00020 3.0 
Ge es 0.01035 —0.00035 WR ae oh ss 0.00650 0.00120 18.5 
sé % ooo 0.01000 ay ae ein: ica +s ee ee éo<eewe ee 
5 0.00790 0.01205 —0.00415 —52.5 0.01400 0.00755 0.00645 46.1 
6* |, rs: —0.00170 —188.9 Me: s<snca 0.00330 37.1 
Cee | evcbe pe. lesen’ & acl EE da ly 6. kd bck we as 
7 0.00330 0.00910 —0.00580 —175.7 0.00960 0.00515 0.00445 46.4 
8* 0.00400 ....... —0.00120 —30.0 GUNES seccace 0.00285 28.6 
I, 66 cbcs 06k, esa peas PE as, 6o ba ARG Be ee Rep 
9* i.” oa x% see —0.00015 —2.9 5s eke 0.00400 40.2 
Ps ionbaskh:. aaa a dc RTE gee jan ae 
10 0.00420 0.00965 —0.00545 —129.8 0.01000 0.060450 0.00550 55.0 
11* Ce: eine slea —0.00070 —36.8 0.00665 ....... 0.00120 18.0 
RE. teténcd. aes: Ree ee co a oo teks 
12 0.00410 0.00090 —0.00490 —119.5 0.00700 0.00500 0.00200 28.6 
13 0.00420 0.00700 —0.00280 —66.7 0.00565 0.06455 0.00120 21.2 
i Nes, 0.00710 —0.00240 mn’ > oe wena 0.00455 0.00030 6.6 
ot cater 0.00950 cot 6 ten iiatctios EDS. ER ae re 
15* ROE: cc ade cu —0.00095 —57.6 CNS 2 94s ase 0.00040 7.2 
CE: (45 bans Seas bes<°- see RR ee ag ws 
16 0.00360 0.00875 —0.00575 —143.0 0.00535 0.00455 0.00080 15.0 
17 0.00375 0.00660 —0.00285 —76.0 0.00535 0.00435 0.00100 18.7 
18 0.00275 0.00300 —0.00025 —9.1 0.00230 0.00210 0.00020 8.7 
Se 4 Sica a 0.00500 —0.00300 Ee: son's ae 0.00165 0.00075 45.5 
os owen 0.00800 i dia ene wiih i ‘(nitatin, S .st have ep 
er a 2 fees ox ha 0.00515 —0.00115 eet ope eee 0.00160 0.00030 18.8 
in eae aa 0.00630 donde 0:5 iota we % i a ie a a Sa ot a 
Ba se: teen mcea 0.00865 +0.00290 ORS C: cn wean 0.00155 0.00095 61.3 
a ease % 0.00575 Reiawés 0 ‘ijn wt SIRES, le <ksecd 
22 0.00185 0.00220 —0.00035 —18.9 0.00265 0.00230 0.00035 13.2 


*Two tests in one set intersected. 
A= Ci —Ceand % = (C; — C2) /Ci 


(b) The true fracture strengths for both constant and variable 
stress ratio tests agree with the maximum stress theory. It should be 
noted that these tests are restricted to biaxial tension. 

(c) The true ductility may be approximately determined by the 
effective strain at fracture. 

(d) The flow theory gives a good approximation for the plastic 
stress-strain relations for numerous variable stress ratio tests con- 
ducted. 

(e) The variable stress ratio test results support the flow theory 
rather than the slip theory. 
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DISCUSSION 


Written Discussion: By M. H. Lee Wu, research group leader, De- 
partment of Aeronautical Engineering and Applied Mechanics, Polytechnic 
Institute of Brooklyn, Brooklyn, N. Y. 


The authors have performed a very useful experiment. It is indeed 
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Effective Strain 


0.02 
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0 0.5 1.0 0.5 0 
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_Fig. 21—Effective Strain at Fracture for Constant Stress 
Ratio Tests. (From Fig. 11.) 


very important to know the validity of current theories of plasticity for 
complex loading paths (variable stress ratios). However, the writer feels 
that the experimental data reported may be interpreted differently. 

First, consider the’data given in Fig. 11 of the paper. The values of 
the effective strains at fracture for the constant stress ratio are taken from 
this figure and replotted in Fig. 21 of this discussion. It can be seen that 
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the difference between the values of the effective strains at fracture for 
constant stress ratio o,/o: = 0.0 and o:/o,.= 0.0 is large. This indicates 
that the values of the effective strain at fracture are greatly affected by 
the anisotropy of the material or other effects rather than the stress ratio, 
because both cases are uniaxial. (Fig. 21 of this discussion includes only 
the data for constant stress ratio, because it would be difficult to obtain a 
conclusion regarding the effect of loading path on the effective strains at 
fracture from the data for both constant stress ratio and variable stress 
ratio if the values of plastic strains at a particular state of stress depend 
greatly on the loading path by which that state is reached as mentioned 
in the paper (see abstract and the twentieth page of the paper). 

Secondly, consider the data of strain components for loading path de- 
pendency. Fig. 22 of this discussion shows two small elements having 
principal axes 1-1 and 2-2. In Fig. 22a, the small element is first subjected 
to a principal stress of magnitude o, along direction 1-1, and then sub- 
jected to a principal stress along direction 2-2 whose magnitude increases 
gradually from 0 to op. The resulting plastic strains are e; and es, respec- 
tively. In Fig. 22b, a small element of the same material is first subjected 
to a principal stress o, along direction 2-2 and then a principal stress along 
1-1 increasing from 0 to oy». The resulting plastic strains in the two direc- 
tions are respectively es and e:. Now, if the material under consideration 
is isotropic before loading, the strains along the directions 1-1 and 2-2 in 
Fig. 22a are equal to the strains algng the directions 2-2 and 1-1 in Fig. 
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22b, respectively. If these values of strains do not agree, it means the 
material is anisotropic, and the difference is an indication of the degree 
of effect of anisotropy on the strains. Tables I and II of the paper com- 
pared the strain components for loading path dependency. The corre- 
sponding loading paths were shown in Figs. 20a and 20b of the paper. It 
would be important to examine the effect of anisotropy on the strain com- 
ponents. A few paths taken from Figs. 20 of the paper are shown in Figs. 
23a and 23b of this discussion. These paths are similar to the paths shown 
in Fig. 22 of this discussion. At points 7 and 4 of Fig. 23a of this dis- 
cussion, the differences between the axial strains e, of Set A and the tan- 
gential strains ec of Set B, and the differences between the tangential 
strains ec of Set A and the axial strains e, of Set B indicate approximately 
the effect of anisotropy. Similarly, at points 16 and 3 in Fig. 23b of this 
discussion, the differences between e. of Set C and et of Set D and the 
differences between e: of Set C and e, of Set D indicate approximately the 
effect of anisotropy of the material on the strains. The values of the 
strains at these points taken from Tables I and II of the paper are listed 
in the following tabulation: 


COMPARISON OF STRAIN COMPONENTS FOR EFFECT OF ANISOTROPY 





% % 
Ca et A (A — B) et Ca A (A — B) 
Point SetA Set B (A — B) A Set A Set B (A — B) 
4 0.00400 0.00360 0.00040 10 0.00880 0.01855 —0.00975 —111 
7 0.00355 0.00545 —0.00190 —54 0.01085 0.01280 —0.00195 —18 
% % 
€a et A (C—D) et ea A (C — D) 
Set C Set D (C — D) C Set C Set D (C —D) Cc 
3 0.00445 0.00640 —0.00195 —44 9.00660 0.01025 —0.00365 —55 
16 0.00360 0.00455 —0.00095 —26 0.00535 0.00875 —0.00340 —63 


The values of percentage differences are calculated in a similar manner to 
those in Tables I and II of the paper in order to compare their magnitudes. 
It is seen that the values of the differences due to anisotropy calculated 
in the preceding tabulation are of the same order of magnitude as those 
given in Tables I and II of the paper. This indicates that the effect of 
anisotropy on the strain components is very pronounced. 


Authors’ Reply 


The authors appreciate the comments made by the discusser and agree 
with her fully when she points out the pronounced effect of the anisotropy 
of material tested. However, the authors believe that the discrepancy 
may be attributed to the anisotropy of materials, provided the loading 
processes can be proved to be commutative for anisotropic materials. 





THE ENDURANCE LIMIT OF TEMPER-BRITTLE STEEL 


By R. D. CHAPMAN AND W. E. JoMINy 


Abstract 


This paper gives an account of an investigation of the 
effect of temper brittleness of an SAE 5140 steel on the 
endurance limit at both room temperature and at minus 
35°F. Three different heat treatments were given the 
material, one to make the material brittle at room tem- 
perature, the second, the standard temper brittle treatment 
of furnace cooling from the tempering temperature and the 
third, to make the steel as ductile as possible. All these 
treatments were selected to produce the same hardness in 
the steel. 

Both polished and notched bars were tested in fatigue 
at room and subzero temperatures. In addition, tensile and 
standard V-notch Charpy impact specimens were tested at 
the same temperatures. Although the hardnesses were the 
same and the Charpy wmpact values varied considerably, no 
substantial change in endurance limit could be found be- 
tween the embrittled and nonembrittled material at the two 
temperatures studied. The results also indicate no change 
in the notch sensitivity factor of endurance specimens be- 
tween the embrittled and nonembrittled steel. 


HE PURPOSE of the investigation reported here was to de- 
termine what, if any, was the effect of temper brittleness as 
measured by the loss of notch toughness based on the Charpy impact 
test, as compared with the endurance limit in bending of steel at room 
temperature as well as at subzero temperatures. So often in the 
design of parts the endurance limit is of prime importance rather than 
the impact resistance as indicated by the Charpy test. 

Several authorities have studied the relationship between impact 
values and fatigue properties. Greaves (1-4), Gough (5), Hollomon 
(6), Wishart and Lyon (7) and Morris (8) have each investigated 
certain phases of this subject. According to Gillett (9), however, 
there is no evidence to prove that when temperature sensitivity is 
shown by notched impact it also exists in notched fatigue. 

To obtain the evidence which Gillett said was lacking and also to 

1The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, R. D. Chap- 


man is research metallurgist, and W. E. Jominy is chief metallurgist—Research, 
Chrysler Corp., Engineering Division, Detroit. Manuscript received April 9, 1952. 








730. 








1953 


Endurance Limit, |OOOpsi 


Notch Sensitivity Factor Q 


TEMPER-BRITTLE STEEL 















140 
mr do. ih 
ee 
120 ange i a : 
ee ne 
reat 
100 +—_— LES permet 
ey \ 
90} —_+ ¥ 
80 LS 
a °- SAE 4063 
7O SP | 4-SAE 5150 
| &- SAE 4052 
609 ——T ©- SAE 4140 7 
©-SAE 2340 
40 
20 30 40 50 60 
Rockwell "C" Hardness 
Fig. 1—Fatigue Strength of Several Alloy Steels. 
1.0 
0.8 
0.6 
0.4 
© 0,035"R 
0.2 __ © 0,020"R 





© 0.015"R 





5 20 30 40 50 60 
Rockwell "C" Hardness 


Fig. 2—Notch Sensitivity—SAE 4063. 





712 TRANSACTIONS OF THE A4.S. M. Vol. 45 


further study the relationship between impact and endurance prop- 
erties, this investigation was undertaken. In this study the endurance 
limit was to be determined on the embrittled steel both at room tem- 
perature and at 35 °F below zero and compared with the endurance 
of the same steel in the same hardness range but which was treated 
to be ductile. The endurance limit was measured both in the notched 
and unnotched condition. Tensile properties of the steel were meas- 
ured both with the notched and unnotched test specimens and in the 
ductile and brittle conditions. 

The room temperature endurance limit of several alloy steels has 
been established for smooth bars as shown in Fig. 1 taken from Gar- 
wood, Zurburg and Erickson (10). This figure shows a linear rela- 
tion over a considerable portion of the curve when plotted against 
hardness. Various notches were likewise studied by these investi- 
gators. Fig. 2 taken from the same source shows the notch sensitivity 
of SAE 4063 at various hardnesses for three notches. The higher 
the “q” value the greater the notch sensitivity. For the material tested 
in Fig. 2, the greatest notch sensitivity is shown to correspond with a 
hardness of Rockwell C-30. Approximately this same hardness was 
used in all the test bars studied in this investigation. 


ExPERIMENTAL PROCEDURE 


Material Tested—Studying four SAE steels, Jominy (11) has 
shown that of the SAE 8640, 4042, 1340 and 5135 all heat treated 
to the same hardness, the SAE 5135 had the highest transition tem- 
perature or showed the highest temperature where the steel changed 
from ductile to brittle fracture on impact. Therefore, SAE 5135 of 
the following composition was used in this investigation : 


Cc Mn Si P ) Ni Cr Mo Cu 
SAE 5135 037 0.75 0.22 0.016 0.025 0.05 098 002 0.08 
The steel was received in 17g-inch diameter round bars, which were 
forged and swaged to 11/16-inch diameter. These were in turn cut 
into 8-inch lengths and machined to 44-inch diameter bars. 

Heat Treatment—In an effort to obtain low impact values at 
room temperature, a group of the bars was heated to 2500 °F 
(1370 °C) for 30 minutes and furnace-cooled to form facets as de- 
scribed by Strohm and Jominy (12). This was done in a purified 
argon atmosphere to prevent decarburization. Bars were next nor- 
malized at 1700 °F (925°C) for 1 hour and all fatigue bars rough 
machined. After the machining operation, all the rough bars were 
plated with dense copper to prevent decarburization. The bars were 
then individually packed in charcoal, austenitized at 1550°F (845°C) 
for % hour and oil-quenched in a fixture (Fig. 3) on revolving 
cylinders to maintain symmetry. 


—_ 
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The fatigue bars are individually placed on these chain-driven 
rolls and oil is pumped over the hot specimen at the rate of about 
60 gallons per minute. The oil enters at the top of this fixture through 
narrow slots which run the entire length of the fixture. In quenching, 
the sample is placed on the rolls which are turning and by means of a 
quick-opening valve the oil is shot directly on the piece. This quench- 
ing procedure has produced very uniform and reproducible results. 
The bars were immediately stress-relieved at 400°F (205 °C) for 
1 hour and air-cooled. Subsequently, the material was tempered at 






Oil Tank & 
Reservoir 


Fig. 3—Schematic Drawing of Chrysler 
Quenching Tower for Fatigue Specimen. 


1050°F (540°C) for 2 hours and furnace-cooled. As discussed un- 
der the impact property section of this paper it will be seen that this 
high temperature treatment definitely lowered the room temperature 
impact properties of the steel. (See Table II.) 

The heat treatment for the remaining bars was as follows: All 
material was normalized at 1700°F (925°C), copper-plated, austeni- 
tized at 1550°F (845°C) for % hour at heat and oil-quenched, fol- 
lowed by an immediate stress relief at 400°F (205°C). The em- 
brittled bars were tempered at 1050°F (540°C) for 2 hours and fur- 
nace-cooled, whereas the bars considered as nonembrittled were tem- 
pered at 1150°F (620°C) for 20 minutes in salt and oil-quenched. 

The main difference in these last two treatments is the tempering 
temperature and the tempering times. The 1050°F (540°C) tem- 
perature was first selected because it had been found to give the maxi- 
mum embrittlement for this particular steel. Fig. 4 from Hollomon’s 
(13) paper shows the familiar “C” curves for temper brittleness and 
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after 2 hours considerable decrease in impact values has occurred at 
1000°F (540°C). Since it was desirable to maintain the same hard- 
ness from both heat treatments, a higher temperature for a shorter 
time without loss of impact was necessary. It was found that 1150°F 
(620°C) temperature for 20 minutes in salt gave this result. The 
resulting hardness from these treatments gave a spread of from 27 
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Fig. 4—Time-Temperature-Transformation Diagram for 
Temper Brittleness Transformation (From Data of Greaves and 
Jones; Their Steel D). 


to 30 Rockwell C for the 1150°F (620°C) treatment and 28 to 30 
Rockwell C for the 1050°F (540°C) treatment. 

Since it was impossible to immediately temper the as-quenched 
bars, they were given the 400°F (205°C) stress relieving treatment. 
It was felt that this treatment would prohibit cracking. These treat- 
ments are summarized in Table I. 

Impact Properties—Standard V-notch Charpy impact bars were 
machined according to ASTM E23-47T Type A specification and 
given the same heat treatments as outlined for the fatigue bars. These 
were broken at room temperature (75°F) and at minus 30°F with 
the results shown in Table II. Although the complete transition curve 


Table I 
Heat Treatments for Test Specimens 
Heat Treatment No. 1 Heat Treatment No, 2 Heat Treatment No. 3 
Normalize at 1700°F—1 hr. Normalize at 1700°F—1 hr. Heated to 2500 °F in Argon for 30 
r min.—furnace cooled 
Rough machined Rough machined pocrastios at 1700°F—41 hr. 
Copper plated Copper plated gh machined 
Austenitize at1550°F—ihr. Austenitize at 1550°F—} hr. oe plated 
at heat at heat 
Oil quench Oil quench Austenitize at 1550°F for % hr. 
at t 
Stress relieve at 400°F—ihr. Stress relieve at 400°F—i hr. Oil quench 
a 1150°F for 20 min. Temper 1050°F for 2 hrs. Stress relieve at 400°F—1 hr. 
it 
Oil quench Furnace cooled Temper 1050°F for 2 hrs., 
furnace cool 
Hardness range Hardness 
Rockwell C—27-30 Rockwell C—28-30 Rockwell C—28-30 








_ 
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was not determined from a ductile to brittle fracture, it can be seen 
from Table II that the transition temperature for the first heat treat- 
ment was below minus 30°F, for the second it was between 75°F and 
minus 30°F, while for the third it appears to be near room tem- 
perature. 


Table Il 





Charpy Impact Values of SAE 5135 Steel 
Treatment Room Temp. Impact—75 °F Impact at Minus 30°F 

Normalized, 100 75.8 
Austenitized and 92.7 76.2 
Tempered at 1150°F 90.0 82.9 
Oil quench 91.3 78.0 

Average 93 .6 78.2 
Heat Treat No. 1 Average Hardness— Rockwell C—29.9 
Normalized, 79.0 22.9 
Austenitized and 77.8 26.3 
Tempered at 1050°F 73.0 22.7 
Furnace cool 72.8 20.5 

Average 75.5 23.1 
Heat Treat No. 2 Average Hardness—Rockwell C—30.0 
Heated 2500°F 
Normalized, 39.7 19.0 
Austenitized and 43.3 16.4 
Tempered at 1050°F 43.7 16.8 
Furnace cool 43.5 17.8 

Average 42.5 17.5 
Heat Treat No. 3 Average Hardness—Rockwell C—30.0 


Metallographic examination of these bars in the as-quenched con- 
dition showed the percentage of martensite present to be 98%. 

Test Bars—After rough machining and heat treating, the fatigue 
bars were finished to the dimensions shown in Fig. 5. The polished 
bars were next ground in a longitudinal direction followed by a super- 
finishing operation likewise moving in a longitudinal direction with 
the axis of the sample. These finishing operations produced a surface 
of 0 to 2.0 microinches. 

Notches are very difficult to reproduce and must not have cir- 
cumferential scratches. The technique found most reproducible has 
been to first grind the sides of the notches by using a wheel dressed 
to 60 degrees and relieved so that the root of the notch is not touched 
by the wheel. Next the root of the notch was finished by using a 
copper wire lapping procedure. The specimen is centered in a lathe 
and rotated while the copper wire impregnated with abrasive is held 
in a frame normal to the specimen’s major axis. The wire is driven 
by means of an electric motor and moved across the notch. Such a 
procedure produced notches which vary from 7/12 microinches and 
concentricity at the minimum section within 0.0002 inch. 

Two sets of 10*tach polished fatigue specimens were finished 
from heat treatment No. 1, along with two sets of 10 each of the 
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notched variety. Ten polished and ten notched bars were finished 
from heat treatment No. 2, and ten polished and ten notched from 
heat treatment No. 3. 

In order to compare fatigue results with the tensile properties of 
the steel, both polished and notched tensile bars were machined with 
the details of the notch as shown in Fig. 6. The unnotched tensile bar 





5 
35 R. . Taper 


Inch per Foot 





+0000 
0.480* 0.001 





+0.002 
0.090 “5.001 


Detail of Notch 
Fig. 5—Detail of Specimen. 


was subsize since the stock was only 5% inch in diameter. ‘The test 
diameter used was 2/3 the maximum diameter or 0.416 inch round. 

For the notched tensile bar a different notch had to be calculated 
than the notch in the fatigue bar due to different loading conditions. 
By using Neuber’s (14) relationship, the stress concentration factor 
in bending for the 0.035-inch radius notch endurance bar was found 
to be 1.82. Using this same stress concentration factor the radius of 
the notch for the bar in tension was found to be 0.059 inch. (See 
appendix for calculation of the notch.) 

Testing and Results—The fatigue machines used in this investiga- 
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tion were the Moore-type rotating beam operating in the vicinity of 
8000 rpm. The endurance limit for both the polished and notched 
bars was determined at room temperature and is shown in Table ITT. 
Subsequent to these tests the machines were moved into the cold 
testing laboratory at minus 35°F. Several mechanical changes had to 
be incorporated in the machines such as using lighter oil, reducing 
the speed to about 3000 rpm and other minor changes. Polished and 
notched bars were run at this temperature with results shown in 
Table ITT. 


Table III 
Endurance Limits for Embrittled and Nonembrittled SAE 5135 Steel 


-—Endurance Limit psi—Room Temp.-—-~ 








Treatment Smooth Bar Rockwell C Notched Bar Rockwell C 
Nonembrittled (heat treat No. 1) 77,000 28 44,000 28 
Embrittled (heat treat No. 3) 75,000 29 43,000 28 

Cold Temperature—Minus 35 
Nonembrittled (heat treat No. 1) 81,000 27 44,000 29 
Embrittled (heat treat No. 2) 83,000 29 49,000 29 
5 
BX 1! Thread 


2 
0.480 10.00! Dia. IZ , | 






Note: Notch To Be Ground 
After Heat Treatment 


; : Scale: Bar 2x Size 
0.300+ 0.001 D. Notch 4x Size 


Fig. 6—Notched Tensile Bar With Same Stress Concentration Factor as 
0.035-Inch R Notched Endurance Bar. 


The smooth and notched tensile bars were pulled at both room 
temperature and at minus 35°F. For the cold-treated results, an 
insulated box was placed between the cross heads of the tensile 
machine. The box was cooled by circulating acetone, which had been 
sprayed over dry ice, through a coil within the box. Temperature 
within the box was controlled by means of a differential thermocouple 
operating a motor-drivén fan. With this arrangement, the tempera- 
ture could be maintained within +2 °F. To measure the temperature 
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of the work, a dummy sample was made and a thermocouple per- 
cussion welded at the center. Time was measured to bring the piece 
to — 35 °F and when the bars were tested another % hour was 
allowed as a safety precaution before the bar was pulled. Tensile 
properties are shown in Table IV. In order to measure the reduction 
of area in the notched bars, the diameters were measured before and 
after testing on an optical comparator. It will be noted that the tensile 


Table IV 
Polished and Notched Tensile Properties of SAE 5135 Steels* 


Reduc- 
Ultimate Yield Elon- tionof Rock- 


Bar Strength Strength gation Area well 
Treatment Type psi psi % % Cc 
Room Temp. (75 °F) 
Nonembrittled (heat treat No. 1) Smooth 134,600 120,600 30.7 63.6 28 
Embrittled (heat treat No. 3) Smooth 135,700 120,900 29.0 58.2 28.5 


Nonembrittled (heat treat No. 1) Notched 


(.059”) 203,500 185,300 4.0 34.9 28 
Embrittled (heat treat No. 3) Notched 


(.059") 208,800 192,600 3.0 26.4 28.8 
Subzero Temp. (Minus 35 °F) 


Nonembrittled (heat treat No. 1) Smooth 143,000 127,200 29.4 62.2 28.5 


Embrittled (heat treat No. 2) Smooth 144,700 130,800 31.0 60.8 29.5 
Nonembrittled (heat treat No. 1) Notched 

(.059”) Se a ae 2.8 32.5 27.5 
Embrittled (heat treat No. 2) Notched 

(.059”) sauee 3 od. 3.2 28.8 29.5 


*Average of two tests. 





strength, as would be expected, increased as the temperature was 
lowered and the increase in notch strength over the smooth bar 
strength is about as expected. 


DIscussION OF RESULTS 


A method of measuring notch sensitivity (““q”’) proposed by 
Peterson (15) is given by the equation: 


Endurance Limit of Polished Bar _ 
__ Endurance Limit of Notched Bar 
ee K.—1 
where K; is the stress concentration predicted from theory. From 
such a relationship the notch sensitivity factor was found for these 


materials as shown below in Table V. 











Table V 
Notch Sensitivity Factors 
Treatment Temp., °F q 
Nonembrittled (Heat Treat No. 1) 75 0.9 
Embrittled (Heat Treat No. 3) 75 0.9 
Nonembrittled (Heat Treat No. 1) —35 1.0 
Embrittled (Heat Treat No. 2) —35 0.9 





oe 


—_ 
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From these values it can be seen that at room temperature there is no 
difference in notch sensitivity resulting from the two heat treatments. 
At cold temperatures the values are reversed from what might be 
expected. In other words, the notch sensitivity factor “q” shows no 
effect on the embrittled and nonembrittled material. However, com- 
paring these values with those in Fig. 2 they appear to be quite con- 
sistent in magnitude. 

In comparing endurance limit to tensile strength the normal re- 
lationship is to use 50% of the ultimate strength as the endurance 
limit for the polished bar. It will be noted from these tests that the 
values vary from 55 to 57%. However, when the notched-bar en- 
durance limit is compared to the notched-bar tensile strength, this 
percentage drops to 20-22%. ‘This comparison should be made only 
with discretion. Although the stress concentration factor was cal- 
culated to be the same for both tensile and fatigue bars, the fatigue 
failure is one which takes place in the elastic range, while the tensile 
failure is plastic. It will be recalled that the shear forces are greatest 
at the very root of the notch in a tensile bar [Neuber (14) ] and dur- 
ing pulling, this notch will deform plastically, thereby changing the 
stress concentration at the root. 

The transition temperature is known to be raised with the severity 
of the notch. For example, the V-notched Charpy bars will have a 
greater stress concentration and in turn yield a higher transition tem- 
perature than the 0.035-inch R notch used in the endurance test. It is 
quite possible that although the endurance bars were tested at minus 
35 °F the material was not in the all-brittle range. However, if temper 
brittleness should have any effect on the endurance limit of the SAE 
5135 steel, it should have been reflected in these tests. 


CONCLUSIONS 


From these tests it appears that the metallurgical phenomenon of 
temper brittleness has no effect on the endurance limit of the steel 
tested. Thus even at cold temperatures, although the Charpy impact 
value decreased, the endurance limit remained unchanged. Therefore, 
in engineering applications where a temper-embrittled steel is used, 
we believe the endurance limit of the part will be unaffected, even at 
temperatures below the transition temperature. 


’ 


Appendix 


From work done at Chrysler the stress concentration factor 
“K,” for the 0.035-inch R notch has been calculated to be 1.82 in 
the fatigue bar. This notch is 0.090 inch deep and the bar radius 
under the notch is 0.150 inch. However, the notch in the fatigue bar 
is in bending and has a stress distribution different than in tension. 
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Therefore, a new notch had to be used in the tensile tests. The 
calculations used for this new notch are shown below. 

Keeping the same bar radius under the notch (“a’’) of 0.150 inch 
and the same depth of notch (“t’’) of 0.090 inch a value now must be 
assumed for the radius of the notch (“p’’) or 0.059 inch. For the 
“Theory of Notch Stresses” by H. Neuber the constant “N” must 
first be calculated where 





N= > + oA as 4g 


m 


and where “1”/m is Poisson’s Ratio = 0.26. 


Now— 
0.150 
N= —— + dubia diiacseentis 
0.059 + 9-4 tas +1 + ‘ 


= 5.52 


Next the ratio of maximum stress to normal stress is determined 
from the equation 


mo b[sVEH (or 2)s (48) (EH) 


= 1.87 


Using the correction (K;) for the stress concentration factor devel- 
oped by Neuber in which 


(are —1) (ax — 1) 


KK. = 
AF oety + (on = 1 


Where “ap,” is the “form factor for surface notches” and “a,,’’ is 
the “form factor for deep notches” with 


atx = 1.87 and 


t % 
en=142(4) 


% 
=f +2(cts) = 3.48 


Then i 


(3.48 — 1) (1.87 — 1) 
[ (3.48 — 1)* + (1.87 — 1)*]* 


= 1.82 or the same K: value as for the endurance bar. 


K:.=1+ 


However, several values of (“p”) were assumed before the value 
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used in this explanation was found to give the correct value of K,. 

The average stress concentration factor of the tensile bars was 
1.85. The variation from this figure, due to small differences in 
machining the notch, ranged 1.84 to 1.86. 
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DISCUSSION 


Written Discussion: By H. B. Knowlton, chief engineer, Materials 
Engineering, International Harvester Co., Chicago. 

We are very glad that the authors of this paper have made an investi- 
gation of the effect of temper brittleness upon fatigue failures of both 
notched and unnotched specimens. And we are glad that their research 
investigation has confirmed our rather hazy field experience that steels, 
which show a considerable degree of temper brittleness, may not cause any 
trouble with parts which fail only in fatigue in a ductile manner. There is 
undoubtedly a minimum toughness which is necessary to prevent brittle 
failure of any given production part. However, this minimum toughness 
may be considerably lower than is frequently expected. For example, it is 
found that the cold notch toughness of certain automotive spring steels 
may be quite low, and yet these steels have stood up very satisfactorily in 
subzero service for many years before we started making the cold notch 
toughness test. 

In this connection, it has been noted that Boegehold and Dolan work- 
ing independently have found that slack quenching may reduce fatigue 
strength slightly, but not nearly so much as will be indicated from the 
results of notch toughness tests. Some work currently going on with cold 
drawn steels also indicates that the notch toughness test is not a good 
criterion for fatigue strength of even parts containing small fillets. 

There seems to be very little definitely known about the mechanism 
of the origin of fatigue failures at the present time. We are tempted to 
hazard a guess that it will sometimes be found that fatigue failures of 
any parts containing commercial fillets do not originate within a single 
crystal irrespective of the strength and other properties of adjacent crys- 
tals. It seems quite probable that a considerable deformation of the weak 
crystal must take place before the fatigue rupture occurs. If the adjacent 
crystals are considerably stronger than the weakest crystal, is it not pos- 
sible that they may strengthen the entire area beneath the fillet, and pre- 
vent sufficient deformations to cause origin of fatigue? The tendency of 
the notch impact test, and of ballistic tests, is to concentrate the stress on 
a single crystal and consequently may account for the differences obtained 
with notch impact, and notch fatigue tests. 

Written Discussion: By Harry Majors, Jr., lead engineer, California 
Research and Development Co., Livermore, Calif. 

Upon reading this paper carefully several questions have arisen which 
are not apparent from the text but- which could be handled best by dis- 
cussion. In any event it is gratifying to note in this paper on properties 
of SAE 5140 steel an attempt to give several properties so that in future 
discussion of general behavior of materials all assertions will be compatible 
with carefully performed experiments. It is worth noting that Neuber’s 
work on notches is a theoretical analysis based upon well-known assump- 
tions in the theory of elasticity. In the reference list, mechanical engineers, 
theoretical men and metallurgists have contributed to our sum total of 
knowledge on temper brittleness. 

Is there any indication from observations of the microstructure that 
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would show the difference between an embrittled and unembrittled steel 
as related to the mechanical properties? 

Although it was not pertinent to the authors’ objective, it would have 
been valuable to have shown the curves of impact energy versus tempera- 
ture and percentage of fibrous fracture. 

Is it possible for the authors to present the endurance curves in order 
that the amount of “scatter” can be compared with the very great care 
used in preparing the fatigue specimens? What care was used in pre- 
paring the impact specimens? 

When the Moore-type machine is placed in a cold room it was inferred 
that no difficulty was experienced. Any further details on this procedure 
would be enlightening. 

Would the authors hazard a guess as to the amount of residual stress 
in the embrittled and unembrittled material? 


Authors’ Reply 


The authors wish to thank Messrs. Knowlton and Majors for their 
discussion of this paper. Mr. Knowlton brings out a very excellent 
point in his discussion as to just how ductility is needed in a part that 
is in fatigue. This question needs considerable metallurgical investiga- 
tion to add to our knowledge of ductility. We believe that there is a 
certain threshold value for ductility but are unable to give limits. As 
our knowledge on this subject increases we are able to come closer to 
actual limitations and our thinking is that this value is lower than we had 
generally believed. From our data it is apparently below 20 foot-pounds 
of impact. 

We have been told of a crankshaft for an aircraft engine which per- 
formed satisfactorily although the steel from which it was made had 
an Izod impact strength of 4 foot-pounds. Service and stress is involved 
in this consideration, for we know that some diesel engines successfully 
use high strength cast iron whose impact strength is less than 1 foot- 
pound. As for his description of the mechanism of fatigue, such a condi- 
tion could very well exist. 

It has been observed, as Mr. Knowlton says, that slack quenching 
reduces the endurance limit for a given hardness level. This reduction 
we believe is due to the presence of weaker pearlite grains among the 
tempered martensite grains. We agree with Mr. Knowlton that the 
stronger martensite grains, if in sufficient quantity, help to produce an 
endurance limit that is higher than would have been obtained with all 
pearlite grains. 

In reply to Mr. Majors’ questions, no differences were noted in 
the microstructure of the embrittled and nonembrittled samples under 
the optical microscope and using known etching reagents including zephiran 
chloride for temper brittleness. Some work was likewise done on the 
electron microscope but no conclusive results were reached. We agree 
with Mr. Majors that it would have been desirable to present the complete 
curve of temperature versus impact. Two of the curves involved, however, 
may be found in Ref. 11.. To save space in the paper, the S-N curves were 
not presented. However, very good curves were obtained with our endur- 
ance specimens, resulting in very little scatter. More scatter resulted when 
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the specimens were tested in the cold room. As for the preparation of 
the Moore machines for the cold room, several modifications had to be 
made as indicated on the eighth page of our paper. Further details 
which might be of interest were that the ball-bearing housings and felt 
packing were washed and degreased and then saturated with special 
sub-zero oil. Likewise, the gaps on the microswitches were enlarged 
to prevent stopping the machines as a result of a frost buildup. The 
R. R. Moore machines were also re-wired to prevent shorting. 

A tungsten carbide milling cutter of proper radius was used in 
machining impact specimens. In developing this method, it was found 
that further honing and polishing with emery gave no improvement. 

It is exceedingly difficult to give anything worthwhile on the 
residual stresses of our test specimens without a rather comprehensive 
examination. Whatever the residual stress pattern, the results of endur- 
ance tests seem to be consistent in showing no relationship with notched 
impact. 








THE EFFECT OF VARIOUS HEAT TREATING CYCLES 
UPON TEMPER BRITTLENESS 


By L. D. Jarre, D. C. Burrum anp F. L. Carr 


Abstract 


Material from one heat of SAE 3140 steel was 
quenched and tempered. Portions were subjected to 
twenty different temper embrittlement cycles involving 
slow and rapid heating and cooling, with and without 
isothermal holding at one temperature. The temperature 
of transition from tough to brittle fracture in the V-notch 
Charpy test was determined after each treatment. The in- 
crease in transition temperature produced by a treatment 
was considered a measure of the degree of embrittlement 
caused by the treatment: Cooling to room temperature 
between tempering and isothermal embrittlement treat- 
ments did not affect the resulting embrittlement. Em- 
brittlement developed more rapidly on continuous cooling 
than during tsothermal holding at any temperature. When 
several embrittlement treatments were applied to the same 
specimens, each contributed to the embrittlement, but the 
combined effect was often less than the sum of the effects 
of the indwidual treatments applied separately. 


UCH WORK has been done on the effect of isothermal em- 
brittling treatments and of furnace-cool embrittling treatments 
upon the temperature of transition from tough to brittle fracture of 
steels susceptible to temper brittleness. There has been little study 
of the degree of embrittlement, as indicated by transition temperature, 
developed by other heating and cooling cycles. 
The purpose of this investigation was to study the effect of various 
heating, holding, and cooling cycles, in the ferrite range, upon the 
transition temperature of a susceptible steel. 


EXPERIMENTAL WoRK 


Previous work at this laboratory (1-7)! indicated that SAE 3140 
steel was well suited for the study of temper brittleness. A heat of 
SAE 3140 steel studied in the previous investigations was used in 
this one. This material was in the form of hot-rolled barstock 


1The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, L. D. Jaffe 
and D. C. Buffum are associated with the Watertown Arsenal Laboratory, 
Watertown, Mass., and F. L. Carr is associated with National Research Corp., 
Cambridge, Mass. Manuscript received April 10, 1952. 
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3% inch in diameter and had the following composition (in per cent) : 


c Mn Si S P Ni Cr Mo V N 
0.39 079 030 0.028 0.015 126 077 4002 <001 0.006 
The barstock was cut into specimen blanks 2-3/16 inches long. These 
blanks were austenitized at 900 °C (1650 °F) for 1 hour and water- 
quenched, then tempered 1 hour at 675°C (1245°F). [This tem- 
pering temperature was the highest which could be safely used without 
exceeding the Ae, temperature (3).] The blanks were then divided 
into 20 groups of 12 blanks each. These were further heat treated as 
indicated in Table I. The isothermal embrittling temperature of 500 °C 


Table I 
Summary of Heat Treatment and Results 


All Specimens Austenitized 1 Hour at 900°C (1650°F), Water-Quenched, 
and Tempered 1 Hour at 675 °C (1245 °F) 





Hardness Transition 





——Enmbrittling Treatment 


Cooling Heating Temp. ime Rockwell Temp. 
Group From Temper Method “— Hours Cooling © °C 
1 Water-quenched__......... bes is IR aE Vo yo 24 —80 
2 S72 Rose CE... cb wnce eae Fai iT) ee al gl 22 —10 
3 Water-quenched Salt at 500 1 Water-quenched 22 —65 
4 Water-quenched Salt at 500 1 17°/hr to RT 22% —55 
5 Water-quenched Salt at 500 48 Water-quenched 23% 0 
6 Water-quenched Salt at 500 48 17°/hr to RT 23% +20 
7 Water-quenched 17°/hr to 500 1 Water-quenched 24 —65 
8 Water-quenched 17°/hr to 500 1 17°/hr to RT 23 —40 
9 Water-quenched 17°/hr to 500 48 Water-quenched 23 +15 
10 Water-quenched 17°/hr to 500 48 17°/hr to RT 23 +25 
11 ewe a ees Sag 0 17°/hr to RT 23 —55 
12 See was 500 1 Water-quenched 22% —65 
13 See eeeee ws wees 500 1 17°/hr to RT 23% —50 
14 9 et Rs 500 48 Water-quenched 24 +5 
15 CC, eka 500 48 17°/hr to RT 24 +25 
16 Sy yee 60 Be oe eo Lite 0 Water-quenched 20% —20 
17 oo ee Oe ee a a 8 ane 500 1 Water-quenched 22 —25 
18 17*er eee eC eae 500 1 17°/hr to RT 21% — 5 
19 Sy een... ives 500 48 Water-quenched 22 +20 
20 ca ee ss a 0's 500 48 17°/hr to RT 22% +35 





*Room temperature. 


(930°F) is the temperature at which embrittlement would most 
rapidly develop, as previously determined (3). The microstructure 
produced by these treatments was tempered martensite. Metallo- 
graphic examination of specimens in the quenched condition showed 
no visible undissolved carbide and an ASTM austenitic grain size 
of 8. 

After heat treating, each group-of blanks was machined into 
standard V-notched Charpy specimens. Four Rockwell C hardness 
readings were taken on each specimen. The groups were then broken 
over a range of temperatures on a 217 foot-pound Charpy machine 
with a striking velocity of 16.8 feet per second. The impact energy 
and per cent fibrous fracture? are presented graphically as functions 


2The per cent fibrous was estimated by examining the fractured surface with the unaided 
eye or at a magnification of not more than 24 times. 
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Fig. 1—Transition Curves for SAE 3140 Cooled to Room Temperature After 
Tempering. Groups held 1 hour at 900 °C (1650 °F), water-quenched, tempered 1 hour 
at 675 °C (1245 °F) then treated as indicated schematically above. Curves for Groups 
1 and 5 based on large number of data points from this and previous work (3-7). 
of testing temperature in Figs. 1 and 2. 

In Table I are tabulated, for each group, the average Rockwell C 
hardness and the transition temperature, taken as the lowest tem- 
perature at which the fracture is 100% fibrous on the per cent fibrous 
fracture versus testing temperature curve. 


DISCUSSION 


Comparing the results of treatments involving quenching directly 
from the temper to “the embrittling temperature, with those of the 
corresponding treatments involving quenching to room temperature 
and reheating rapidly, the transition temperatures are in all cases the 
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Fig. 2—Transition Curves for SAE 3140 Not Cooled to Room Temperature After 


Tempering. Groups held 1 hour at 900 °C (1650 °F), water-quenched, tempered 1 hour 
at 675 °C (1245 °F) then treated as indicated schematically above. 


same within 5 °C (groups 12-15 versus groups 3-6 respectively). As 
the precision of the transition temperature determinations is about 
+5 °C, the cooling to room temperature between temper and em- 
brittling treatment had no significant effect. 

For convenience, the increase in transition temperature produced 
by a given treatment will be referred to as the “transition temperature 
increase” or “T. T. I.” for the treatment, and used as a measure of 
embrittlement. Slow heating at 17 °C per hour from room tempera- 
ture to 500 °C (930 °F) introduced a T.T.I. averaging 10 °C (groups 
7-10 compared with groups 3-6). Slow cooling at the same rate from 
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500 °C (930 °F) to room temperature produced a T. T. I. of 15 °C, 
on the average (groups 4, 6, 8, 10, 11, 13, 15, 2, 18, 20, versus groups 
3, 5, 7, 9, 1, 12, 14, 16, 17, 19 respectively). The effects of slow 
heating and of slow cooling over this range are thus the same within 
experimental error. It should not be assumed that this is true for 
all temperature ranges, however. Pellini and Queneau’s results (8) 
indicate the contrary, and it would hardly be expected, for example, 
that slow heating to a high tempering temperature would give the 
same T. T. I. as slow cooling from the temper. 

Slow cooling at 17 °C per hour from the temper to the isothermal 
embrittling temperature produced a T. T. I. averaging 50°C, when 
the transition temperature without the slow cool was —50 °C or lower 
(groups 1, 12, 11, 13 compared to groups 16, 17, 2, 18 respectively). 
When the transition temperature without this slow cool was +5 °C or 
higher, the T. T. I. averaged only 15°C (groups 14, 15 vs. groups 
19 and 20). There was some suggestion that the T. T. I. became 
progressively smaller as the transition temperature (without the slow 
cool) rose. Thus, for transition temperatures of —80, -65, —55, —50, 
+5 and +25 °C, the T. T. I. was 60, 40, 45, 45, 15 and 10°C re- 
spectively (groups in order given above). It would appear that a 
fixed treatment induces less additional embrittlement in specimens 
already severely embrittled than in specimens not embrittled. This is 
in line with the finding that during isothermal embrittlement the 
transition temperature varies, roughly, as the logarithm of the em- 
brittling time, rather than linearly with time (3-5). 

Slow cooling from the temper to room temperature at 17 °C per 
hour introduced a T. T. I. of 70°C (group 2 vs. group 1), in agree- 
ment with previous work (3-4). This value also equals, within 
experimental error, the sum of the T. T. I. (50 °C) produced by slow 
cooling previously unembrittled material from 675 to 500°C (1245 
to 930 °F) and the T. T. I. (15 °C) produced by slow cooling from 
500 °C (930 °F) to room temperature. Most of the embrittlement on 
the slow cool from the temper to room temperature evidently developed 
above 500°C (930°F). Apparently this is not due to the steel 
already being severely embrittled by the time it is cooled to 500 °C 
(930 °F), as a slow cool from 500 °C (930 °F) to room temperature 
never gave a T. T. I. of more than 25°C. The data of Pellini and 
Queneau (8) also indicate that most of the embrittlement on con- 
tinuous cooling from the tempering temperature arises above 500 °C 
(930 °F); Hultgren and Chang (9) reported all the embrittlement 
developed above 500 °C (930 °F). 

An isothermal hold of 1 hour at 500°C (930°F) produced a 
T. T. I. of 15 °C, for material with a previous transition temperature 
of -80°C (group 12 vs. group 1). This agrees with previous work 
(3). For material with a prior transition temperature of —55 °C or 
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higher, the T. T. I. was zero, within experimental error (groups 13, 
17, 18 compared to groups 11, 16, 2 respectively). 

A 48-hour hold at 500°C (930°F) introduced a T. T. I. of 
80 °C, when the prior transition temperature was —55 °C or lower 
(groups 14, 15 versus groups 1, 11). This too agrees with previous 
work (3, 5,6). When the prior transition temperature was —20 °C 
or higher, the T. T. I. was only about 40°C (groups 19, 20 versus 
groups 16, 2 respectively). For three treatments, therefore, material 
otherwise having a transition temperature above about —50 °C showed 
less T. T. I. than steel whose transition temperature (without these 
treatments) was below about —50 °C. 

For some treatments, data are available for 1-hour and for 48- 
hour holds at 500 °C, but no comparable data are available for zero 
hold. Between 1 hour and 48 hours the T. T. I. averaged 70°C 
(groups 9, 10 versus groups 7, 8). This checks both with the pre- 
vious results (3) and with the values cited above for 1- and 48-hour 
holds, starting with low transition temperatures. 

The maximum embrittlement of any group was that of group 
20, which had a transition temperature of +-35 °C. This group was 
cooled at 17 °C per hour from 675 °C to 500°C (1245 to 930 °F), 
held 48 hours at 500°C (930 °F), and cooled at 17 °C per hour to 
room temperature, making the total time of treatment about 86 hours. 
For comparison, the highest transition temperature developed by 
isothermal holding up to 240 hours was +25 °C (produced by a 
240-hour hold at 500°C) (3). Embrittlement thus takes place more 
rapidly in treatments involving continuous cooling than it does 
isothermally at any temperature. This strengthens a conclusion 
reached earlier for the same heat of steel (3). Pellini and Queneau 
reported a similar finding for a different heat, but on a third heat they 
state “the times and temperatures required to develop temper brittle- 
ness were approximately the same whether embrittlement was induced 
isothermally or on continuous cooling” (8). 

Transition temperatures in all cases agreed with previously pub- 
lished results for the same heat treatment within 5 °C (groups 1, 2, 
3,5) (3-6). 


CONCLUSIONS 


1. Quenching to room temperature between tempering and iso- 
thermal temper embrittlement treatments had no significant effect 
upon the resulting embrittlement. | 

2. Slow heating to the isothermal embrittlement temperature of 
500 °C (930°F) introduced the same amount of embrittlement as 
slow cooling from this temperature, within experimental error. This 
conclusion may not apply to other temperatures. 

3. Most of the embrittlement produced by slow cooling from the 
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tempering temperature of 675 °C (1245 °F) developed above 500 °C 
(930 °F). 

4. For the heat investigated, embrittlement developed more 
rapidly in treatments involving continuous cooling than during iso- 
thermal holding at any temperature. 

5. When several embrittlement treatments were applied suc- 
cessively to the same specimens, each contributed to the embrittle- 
ment. When the transition temperature was high, the introduction of 
an additional embrittlement treatment often did not produce as large 
an increase in transition temperature as when the prior transition 
temperature was low. 
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EFFECT OF HARDNESS ON THE LEVEL OF THE IMPACT 
ENERGY CURVE FOR TEMPER BRITTLE 
AND UNEMBRITTLED STEEL 


By FRANK L. Carr, MANUEL GoLDMAN, LEONARD D. JAFFE 
AND Dona.Lp C. BuFFUM 


Abstract 


Specimen blanks of martensitic SAE 3140 steel were 
tempered for short times at several temperatures between 
500 and 675 °C (930 and 1245 °F) to give various hard- 
nesses ranging from Rockwell C-20% to C-38. Com- 
parisons of energy levels in the V-notched Charpy test 
were made at 200°C (390°F) above the temperature of 
transition from ductile to brittle failure. The impact 
energy level, within the hardness range investigated, is 
approximately 10 ft-lbs higher for the unembrittled than 
for the embrittled steel. A linear relationship between 
impact energy level and hardness exists in the hardness 
range of Rockwell C-27 to at least C-38. 


INTRODUCTION 


N THE EARLY research on temper brittleness of steel, measure- 
ments were made in terms of energy required to fracture speci- 
mens at a fixed temperature of test. In 1943, Jolivet and Vidal (1)? 
pointed out that results so obtained are very difficult to interpret, 
because they depend upon the relation of the testing temperature to 
the temperature of transition from tough to brittle fracture. This 
transition temperature in general was variable and unknown. Since 
then, investigations have been primarily concerned with the transition 
temperature as a measure of temper brittleness, rather than with the 
energy required for fracture. 

In the course of work upon transition temperatures (2), it was 
noted that the energy for fracture of embrittled steel approached a 
different level than that for unembrittled steel, as the testing temper- 
ature was increased above the transition zone. The present work 
investigates the effects of hardness and temper brittleness upon the 
level of the energy versus testing* temperature curve above the 
transition. 

1The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, Frank L. 
Carr is associated with the National Research Corp., Cambridge, Mass. ., Manuel 
Goldman with Battelle Memorial Institute, Columbus, Ohio, and. Leonard D. 
Jaffe and Donald C. Buffum with the Watertown Arsenal Laboratory, Water- 


town, Mass. Manuscript received April 8, 1952. 
oo 7932 
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EXPERIMENTAL 


The material used in this investigation was commercial SAE 3140 
steel,? hot-rolled 5g-inch round of the following composition: 


C Mn Si S Fr Ni Cr Mo V N 
0.39 0.79 030 0.028 0.015 126 0.77 0.002 <0.01 0.006 


A time-temperature-transformation diagram was available to indicate 
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Fig. 1—Impact Energy and Fracture Curves for Tempered Martensitic SAE 
3140 Steel of Various Hardnesses. 


the extent of temper embrittlement to be expected following a fixed 
austenitizing and tempering treatment (3). This diagram was used 
to select tempering treatments that would give variations in hardness 
and a minimum degree of embrittlement. The Ae; temperature for 
this stock had been determined previously to be approximately 690 °C 
(1275 (1275 °F). 


‘ ang “Other experiments on the same heat have been reported (see References 2, 3, 4, 5 
an ; 
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Rounds 2;*; inches long were cut from the bar stock. They were 
austenitized 1 hour at 900°C (1650°F), and water-quenched to 
give a microstructure of 100% martensite. Groups of specimens 
were tempered 4 hours at 675 °C (1245 °F), 1 hour at 675, 650, 625, 
600 °C (1245, 1200, 1155, 1110°F) and 0.5 hour at 500°C (930 
°F). All blanks were quenched in water from the temper. Half of 
each group was left “unembrittled’, the other half was given an 
embrittling treatment of 48 hours at 500°C (930°F) and water- 
quenched. ‘These treatments were the same as those used in a pre- 
vious investigation (2). 


00 
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Fig. 2—Impact Energy Level Versus Rock- 
well C Hardness for Tempered Martensitic SAE 
3140 Steel (Energy Level Taken at 200°C 
(390 °F) Above the Transition Temperature). 


Standard V-notched Charpy specimens were machined from the 
blanks and broken over a range of temperatures on a standard 217- 
foot-pound Charpy machine, at a striking velocity of 16.8 feet per 
second. The energy necessary to fracture the bars and the per cent 
fibrous fracture were recorded.* In addition, four Rockwell C hard- 
ness readings were taken on each Charpy specimen prior to fracture. 

Impact energy and fracture curves, not presented in the earlier 
work (2), together with those obtained from this investigation, form 
the composite impact energy and fracture diagram shown in Fig. 1. 
For the groups of different hardnesses, a comparison of impact energy 
levels is made at 200 °C (390 °F) above the transition temperature* 
of each group. This comparison of energy levels is at a temperature 
well above that at which the impact energy has reached a constant 
value. Evaluation of the composite impact energy and fracture 
diagram provides the data listed in Table I. Fig. 2 shows the 


_. 8The percentage of fibrous fracture was determined by examining the fractured surface 
with the unaided eye or at magnification up to 24 diameters. 

*The transition temperature is taken as the lowest temperature at which the fracture 

curve is 100% fibrous. 


= 
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Table I 


Impact Energy Level for SAE 3140 Steel of Different Hardness 
at 200 °C (390°F) Above the Transition Temperature 


c———— Unembrittled ——,_ _-————_Embrittled _____, 


Impact Energy Impact Energy 
Tempering Hardness Level, Hardness el, 
Treatment Rockwell C Ft-Lbs Rockwell C Ft-Lbs 
675 4Hrs. 22 116 20% 105 
675 1Hr. 24 110 23% 106 
650 1Hr. 27 105 25% 102 
625 1Hr. 28 100 28 94 
600 1Hr. 30 92 29 84 
500 % Hr. 38 56 32% 70 











relationship existing between impact energy level and hardness for 
temper brittle and unembrittled steel. 


RESULTS 


Examination of the impact energy versus temperature curves 
reveals that the energy level generally approaches a constant value 
upon increasing testing temperature. The lowest temperature at 
which this constant value appears seems to depend upon the location 
of the transition from ductile to brittle fracture. Thus, whenever 
possible, any consideration of impact energy level should be made 
vith reference to this transition temperature. 

Within the hardness range of Rockwell C-22 to C-32% the 
mpact energy level of the temper embrittled steel is consistently 
elow that of the unembrittled SAE 3140 steel of the same hardness, 
venerally differing in energy by 10 ft-lbs. For hardnesses Rockwell 
'-27 to C-38 the impact energy level is dependent upon hardness 
ind decreases in a linear manner as the hardness is increased. There 
is a decrease of impact energy of 4% ft-lbs for an increase of one 
tockwell C unit of hardness within this range. 

The maximum impact energy versus hardness curves apparently 
level off above the linear region. This is in all probability due to 
the limiting (nonlinear) nature of the Rockwell hardness scale, the 
capacity of the testing machine, and the limit of maximum toughness 
that may be obtained with SAE 3140 steel. 


CoNCLUSIONS 


1. For steels of the same hardness the impact energy level is 
higher for the unembrittled than for the temper embrittled material. 

2. For the material used in this investigation the difference be- 
tween energy levels is approximately 10 ft-lbs over the hardness 
range investigated. _ 

3. A linear relationship between impact energy level and hard- 
ness exists in the hardness range of Rockwell C-27 to at least C-38. 
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DISCUSSION 


Written Discussion: By Francis W. Boulger, supervising metallurgist, 
Battelle Memorial Institute, Columbus, Ohio. 

There has been considerable interest recently in the problem of secur- 
ing consistent Charpy values. The authors are to be congratulated on 
showing that reproducible results can be obtained on different specimens 
of the same steel made and tested at different times over a period of 
several years. 

The decrease of 10 foot-pounds in Charpy level, at 200°C above the 
transition temperature, resulting from temper brittleness, seems less 
marked than the difference of 75°C in transition temperature previously 
reported as resulting from the same cause. Which method of evaluating 
the effect of temper brittleness do the authors recommend? 

Perhaps the conclusion that a linear relationship exists between hard- 
ness and energy values should be restricted to the samples tested, espe- 
cially since the figure of 4%4 foot-pounds per Rockwell C unit is mentioned 
in the text. Data obtained in our laboratory indicate that this incremental 
value holds for relatively tough steels. However, steel composition and 
specimen orientation influence the decrease in energy value corresponding 
to an increase in hardness level of one Rockwell C unit. 

Written Discussion: By E. F. Bailey and J. A. Kies, Naval Research 
Laboratory, Washington, D. C. 

This paper calls attention to an effect of temper brittleness usually 
disregarded and reminds us that the common definition and the usual 
standard by which it is measured are highly arbitrary and not intended 
primarily to provide an understanding of the effects. It would seem that 
the authors are presently concerned not so much with establishing an em- 
pirical guide in which the Charpy test is to be used, for example in pre- 








1953 DISCUSSION—HARDNESS ON IMPACT ENERGY 737 


dicting armor performance, as they are in suggesting ways of obtaining 
insight into causes of brittleness and relations between temper embrittle- 
ment and flow and fracture. We would like to ask the authors if they 
have found relationships for other steels to be as shown in their Fig. 2 for 
SAE 3140. Charpy tests at the Naval Research Laboratory on SAE 3330 
have shown no detectable difference between the energy absorbed in 
embrittled and unembrittled specimens at equal hardness when broken at 
temperatures well above the transition. If such a difference is peculiar 
to certain steels, that fact should be useful in a study of causes associated 
with composition. 


O Unembrittled, (W.Q.) 
@ Embrittied, ( F.C.) 


Total Work in Tension Test, Ft-Lb 





"Zau “avw “ase “OO SO O 50 100 150 
Temperature of Tensile Test,°F 


Fig. 3—-Effect of Testing Temperature and Degree of Embrittlement 
on Work to Fracture in Tension. 


There is an interesting parallelism between the results of the authors’ 
Fig. 2 and some tensile test results obtained in our laboratory on SAE 
3330. In our case all fractures were accompanied by at least 55% reduc- 
tion of area and therefore could be classed as well above the brittle tran- 
sition, if such can be said to exist for tensile tests of this material. The 
hardness at test temperature was not measured, but the yield strength at 
0.2% elongation was a linear function of temperature and was the same 
for embrittled and unembrittled specimens so that the temperature scale 
shown in Fig. 3 could just as well be replaced by a linear scale of yield 
strength decreasing from left to right. The yield strength was 116,000 psi 
at 225 °F and 97,000 psi at +150°F. The energy absorbed as indicated by 
the area under the load-extension curves is plotted, therefore, essentially 
as a function of hardness at the test temperature. The shape of the curves 
is about the same as in Fig. 2 of the paper, and the energy difference is 
about constant for the embrittled and nonembrittled specimens. The im- 
portant difference is.that the energy goes just opposite to the Charpy 
results; that is, it increases at increasing yield strength over most of the 
range instead of decreasing as in the Charpy tests. This is mentioned 








738 TRANSACTIONS OF THE A.S. M. Vol. 45 





Unembrittied Embrittied 


Fig. 4—Tensile Fracture Appearance as a Function of Degree of Embrittlement and 
Testing Temperature. Connecting lines indicate similar fracture appearance. 


because it is thereby obvious that even the practical significance, much 
less the physical interpretation of energy absorption figures for either the 
Charpy or the tensile tests, is highly questionable. The energy absorption 
differences found here and attributed to temper brittleness seem slight in 
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either case as compared with differences accompanying hardness changes 
or temperature-imposed vield strength changes. One must conclude from 
this and other evidence that the reason why spectacular differences, as 
revealed by shifts in Charpy transition temperature. exist is not that cor- 
responding spectacular differences in the structure or plasticity are pro- 
duced but that such small changes can markedly shift the point of mechan- 
ical instability when the situation is such that extremely fast fracture 
propagation can feed on the elastic energy of the specimen. Strong evi- 
dence for this seems to lie in the observation that the magnitude of the 
shift in brittle transition temperature and the transition temperature itself 
are neither one unique, but depend on the mechanical arrangement of the 
test. The use of a criterion of mechanical instability for the collapse of a 
specimen or structure by fast fracturing is under investigation at the Naval 
Research Laboratory and several publications have resulted. The material- 
dependent aspects of the instability are by no means understood beyond 
the knowledge that both energy absorption and fracture appearance are 
dependent on crack velocity in such a way that brittle fracture is ordinarily 
high speed, and high fracture speed itself restricts plastic flow so that a 
self-triggering action can result. The physical aspects of fracture will not 
be understood until effects of crack velocity, strain rate, and loading speed 
on dW/dA, the work per unit fracture area, are understood. 


The striking effect of temper embrittlement on the fracture appear- 
ance of tensile bars of SAE 3330 is illustrated in Fig. 4. There is a re- 
markable similarity or rather equality between the fracture appearance in 
embrittled and unembrittled specimens, provided bars associated with the 
right temperature difference are compared. This temperature shift to 
obtain equal fracture appearance is quite large, amounting to 150°F at 
one end of the scale and becoming 225 °F for the embrittled bar broken 
at 0°F. It is not known whether it is possible to obtain equality in ap- 
pearance for all of the specimens of the series. Referring back to Fig. 3 
one can see that a given fracture appearance is not associated with a 
definite energy absorption; for example, the furnace-cooled specimen 
broken at 150 °F looked just like the water-quenched specimen broken at 
0 °F, whereas the respective work values were 320 and 395 foot-pounds. 
Similarly the furnace-cooled specimen broken at 0°F looked just like the 
water-quenched specimen broken at —225 °F; however, the work values 
were quite different, 375 and 475 foot-pounds respectively. Thus spectacu- 
lar differences due to temper embrittlement can be found in the tensile 
test as well as in the Charpy test. 

Another feature of the fracture appearance not visible in these photo- 
graphs was the presence of fine ball-and-socket type of shiny surface ele- 
ments like those prominently and abundantly found on cast steel and on 
aluminum alloy castings. These may be intergranular or along dendritic 
boundaries or lineages wherein brittle constituents are concentrated. The 
interesting point here is that such surfaces in our SAE 3330 steel fractures 
are not exclusively associated with temper brittleness but like the gross 
features can be made to correspond in the embrittled and unembrittled 
samples by matching ‘up specimens tested at sufficiently different temper- 
atures. 


One must conclude from these tensile results that a slight energy 





740 TRANSACTIONS OF THE A.S.M. Vol. 45 


difference does exist between embrittled and unembrittled steels which 
oddly enough is not dependent on the temperature of the test. Fracture 
appearance greatly magnifies the differences between the embrittled and 
unembrittled conditions, along with the density of micro-fracture sources. 
The similarity of fracture appearances suggests that a lesser degree of 
temper embrittlement occurred in the “unembrittled” condition. 


Authors’ Reply 


In reply to the question raised by Mr. Boulger, we believe that the 
transition temperature is still the best criterion for comparing Charpy im- 
pact data. It should be added, however, that there is great need for a 
criterion that will make a more quantitative comparison possible. 

Messrs. Bailey and Kies ask if the relationship discussed in the paper 
has been noted on other steels. In a study made by the authors on plain 
carbon steel it also appeared that the energy level above the transition 
was higher in the unembrittled condition (4). 

With regard to the work on SAE 3330, it would be worthwhile for 
the Messrs. Bailey and Kies to publish further details regarding the heat 
treatment and design of the test specimen, so that their work can be prop- 
erly evaluated. It should be explained that the hardness values in Fig. 2 
of the paper were all measured at room temperature; accordingly, Fig. 3 
cannot be readily compared to Fig. 2. 

In general, we concur with the remaining comments of the discussers. 








CORRELATION OF MACHINABILITY WITH INCLUSION 
CHARACTERISTICS IN RESULPHURIZED 
BESSEMER STEELS 


By LAwrENcE H. VAN VLACK 


Abstract 


Some of the factors affecting shapes and sizes of in- 
clusions in rolled resulphurized steels are examined. These 
inclusion characteristics are governed by (a) the silicon 
content of the steel, (b) the sulphur content of the steel, 
(c) the mechanical working which the steel receives, and 
(d) possibly by the oxygen content of the sulphide phase. 

These characteristics, in turn, influence the machin- 


ability of the steels when other metallurgical factors are 
equal. 


J DISCUSSING the effects of sulphur upon the machinability of 
wrought metals in 1938, Knowlton (1)! observed that it is more 
desirable to have the sulphide phase in a “lumpy” form. More recent 
studies at Battelle and within the United States Steel Company (2) 
have reinforced that observation. It was noted (2) that steels of 
higher silicon contents, which possessed lower machinability index 
ratings, had more “plastic’’-type inclusions. Conversely, steels with 
high machinability indices had “globular”-type inclusions. In sum- 
marizing a large number of machinability data from commercial blows 
of B-1113 steel, it was concluded that optimum machinability was 
obtained when the inclusions were predominantly globular in shape. 
The inclusion shapes were rated as “plastic” or “globular” by making 
a comparison of those observed in a microsection with standardized 
charts. Where necessary, the shapes were further divided as “mostly 
globular, some plastic” or “mostly plastic, some globular”. 

An effort is made in this study to more firmly establish the re- 
lationship between the inclusion’s characteristics and machinability of 
resulphurized steels. A more quantitative measure of shape, the 
length/width ratio, was used. Preliminary work also indicated that 
not only the shape but also the number of the inclusions was related 
to the silicon content and to the machinability. The number of inclu- 
sions was more easily determined than the shape, and was subject to 
fewer statistical errors. Therefore, that variable was also investigated. 

1The figures appearing in parentheses pertain to the references appended to this paper. 
_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The author, Lawrence H. 


Van Vlack, is process metallurgist, United States Steel Company, Pittsburgh. 
Manuscript received April 10, 1952. 
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EXPERIMENTAL PROCEDURE 


Samples—Samples used for inclusion determinations were those 
previously used for machinability studies. The steels in one series 
were B-1112 steels which had had varying amounts of oxygen and 
silicon added (2). The ingot and billet identifications were main- 
tained during rolling. A second series was from bars selected ran- 
domly from B-1113 heats for machinability tests. 

The metal analyses used were the check analyses on the bars ob- 
tained for the machinability index ratings. Oxygen was determined 
by vacuum fusion analyses on samples from the same bars or from 
the samples used for microscopic examination. The data are sum- 
marized in Table I. 


Table I 
Machinability Data—B-1112 Controlled Heat 








Ingot- Chemical Analyses—% Mach. 

Billet Cc Mn P Ss Si Oo Incl/mm? L/W Index Remarks 
1-5 0.06 0.94 0.10 0.20 0.009 0.011 82 3.7 185 Oz added 
1-10 0.05 0.99 0.09 0.19 0.025 0.028 112 4.1 138 Oz added 
2-5 06.05 0.91 0.09 0.20 0.007 0.014 96 3.2 181 Roll scale 
2-10 0.06 0.95 0.09 0.19 0.018 0.025 147 3.5 135 added 

3-4 0.06 0.95 0.10 0.20 0.009 0.010 96 ae 184 No additions 
3-10 0.07 0.96 0.09 0.19 0.018 0.027 112 3.9 157 No additions 
4. 3 0.06 0.95 0.09 0.20 0.013 0.018 143 8.9 182 Si added 
4-10 0.06 0.95 0.09 0.18 0.025 0.019 153 5.1 121 Si added 
5-5 0.06 0.94 0.10 0.20 0.018 0.017 151 5.5 173 Si added 
6-5 0.06 0.95 0.09 0.20 0.025 n.d. 190 7.2 161 Si added 

7- 5 0.06 0.94 0.09 0.20 0.029 0.015 190 5.8 145 Si added 

8 5 0.06 0.94 0.09 0.20 0.037 n.d. 200 10.2 143 Si added 

9. 5 0.07 0.94 0.09 0.20 0.044 0.017 258 13.4 132 Si added 
10- 5 0.07 0.94 0.09 0.20 0.009 0.012 118 5.6 185 No additions 


Machinability Index Ratings—The machinability index was 
measured by the constant-pressure lathe test described by Boulger 
(3). The ratings for the steels indicate the relative cutting speeds 
when a constant pressure was applied to the tool. They are to be 
compared with an index of 100 for a standard B-1111 steel. The 
ratings for the controlled series were made at Battelle Memorial In- 
stitute. Those on the randomly selected samples were made at the 
Duquesne Works and the Research and Development Laboratory of 
the United States Steel Company.-__- 

Shape of Inclusions—The length/width ratios were determined 
with the aid of an ocular micrometer on the microscope. The maxi- 
mum width and length of each inclusion were used (Fig. 1). The 
L/W value for each steel sample is the average of the L/W ratios 
of at least 25 inclusions selected randomly across the microsection of 
the steel. To insure randomness in the selection of inclusions for 
shape measurements, the microscope stage was moved ahead a pre- 
determined distance without observation. Then with observation, the 
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sample was moved forward to the next following inclusion. That in- 
clusion was measured and the process repeated. The increment of 
distance was chosen so that the full width of the microsection was 
traversed. It was felt that the above procedure satisfactorily eliminated 
the human error of selection, and permitted only errors of a statistical 


origin. 
| 


| 
Length 


- 
—| Kk Width 


Fig. 1—The Shapes 
of the Inclusions 
Were Measured as 
the Ratio of Their 
Lengths to Their 
Widths. 








A B C D E 


Fig. 2—Diagram of the Technique Used 
for Counting Inclusions. (See the Text 
for Explanation.) 


_ Size of Inclusions—The number of inclusions is related to the 
size of the inclusions for a steel of any given sulphur content, pro- 





es 
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viding that there is not a change in inclusion volume resulting from 
major changes in inclusion composition. The number was determined 
by counting the inclusions observed microscopically in traverses across 
the full width of the microsection. The total number counted was 
then converted to “inclusions per square millimeter” for an index of 
inclusion size. 

Fig. 2 illustrates the procedure followed in making the inclusion 
counts. Since those sulphide inclusions which are greater than 0.005 
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Fig. 3—The Variation of Machinability With Silicon 
Content (2). 

Ingot 1—No silicon added; Ingot 2—No silicon added; 
Ingot 3—No silicon added; Ingot 4—0.006% silicon added; 
Ingot 5—0.010% silicon added; Ingot 6—0.013% silicon added; 
Ingot 7—0.021% silicon added; Ingot 8—0.031% silicon 
ve Ingot 9—0.042% silicon added; Ingot 10—No silicon 
a 


ed. 
(Ingot and billet number indicated. Ten billets per ingot.) 


millimeter in length are believed to be important for machinability, 
only those inclusions 0.006 millimeter or greater in length were 
counted. The appropriate grid (grain size ocular) and magnification 
were selected so that the lower size limit was easily measured. 

From the samples shown in Fig. 2, it should be noted that both 
inclusions B and D cannot be counted in the same traverse without 
introducing an error. One must be left for the adjacent traverse so 
that duplication does not result. For consistency, only those inclu- 
sions with the lower end of their lengths crossing the grid were 
counted. Thus, in the example illustrated, inclusions B, C and E 
would be tallied. The total number was then divided by the length 
and width of the traverse. 


RESULTS AND DISCUSSION 


The Shape and Size of Inclusions in B-1112 and B-1113 Steels— 
The dependence of the machinability upon silicon content is shown 
in Fig. 3. All of these data are from middle positions in successive 
ingots in one heat. Thus, they represent a series of controlled tests 
in which all of the variables except silicon have been held essentially 
constant. Fig. 4 shows the relationship of inclusion shape to the 
machinability index. As pointed out earlier, the inclusions of smaller 
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Fig. 4—The Variation of Machinability With Inclusion Shape. 
(Same steels as in Fig. 3.) 





Fig. 5—Sulphide Inclusions in Mid-Ingot Billets. : 
(a) Ingot 3—Billet 4. No silicon added. (Grid used for inclusion counting.) 
(b) Ingot 9—Billet 5, 0.042% silicon added. X 600. 
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Fig. 6—The Variation of Machinability With Inclusion 
Count. All of*the steels had 0.20% sulphur (Table I). Thus 
the inclusion count is an inverse index of the inclusion size. 
(Same steels as in Fig. 3.) 











746 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


L/W ratios accompanied the lower silicon, more easily machined 
steels (Fig. 5). The dependence of the machinability index upon 
inclusion size is shown in Fig. 6. The correlation is rather marked 
and proceeds continuously from the end of the series with silicon 
additions to the end without silicon additions. 

Since the silicon content was the only factor varied intentionally, 


Length/ Width 
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Fig. 7—Dependence of Inclusion Shape Upon the 
piles Content in Controlled Samples. (Same steels as 
in Fig. 


300 
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Inclusions /Sq.Mm. 





O 0.0) 0.02 0.03 0.04 0.05 
% Silicon 
Fig. 8—Dependence of the Inclusion Count (and There- 


fore the Inclusion Size) Upon the Silicon Content in Con- 
trolled Samples. (Same steels as in Fig. 3.) 


it must be concluded that the changes in inclusion shape and size were 
dependent upon the silicon. Good correlations of size and shape with 
silicon content were obtained (Figs. 7 and 8). Also, the steels with 
the longer, “plastic” inclusions had more inclusions. Very probably 
both of these variables are dependent upon the same factors. 

The silicon content probably does not affect the machinability 
index directly. Otherwise, the machinability of other steels would 
be as sensitive to small variations in the silicon content as the free- 
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machining steels. The foregoing data would substantiate the sug- 
gestion that the silicon affects the distribution of the inclusions, which, 
in turn, controls the machinability. In this series of B-1112 steels 
which have almost identical sulphur contents, the presence of fewer, 
but larger, inclusions favored machinability. It would be expected, 
however, that there is a practical maximum inclusion size, because the 
extreme case of only one large inclusion in the steel would, of course, 
produce unsatisfactory machinability results. Some evidence of this 
expected maximum is indicated by the change in slope of the curve 
in Fig. 6. 

The results described above were obtained from a series of 
samples which were essentially identical except for their silicon con- 
tents. All were from the same heat, and from approximately the same 
relative positions in successive ingots. Each received the same rolling 
and cooling treatments. In commercial steels, the above factors are 
not identical. Consequently, the relationships which have been de- 
scribed will probably show a greater degree of variance in commercial 
practice. Figs. 9, 10 and 11 show the spread which was observed in 
twenty-five commercial steels (Table II). 


Table Il 
Machinability Data—Random Samples of B-1113 Steel 








Chemical Analyses—%— Mach. 
Heat Cc Mn S Si O Incl/mm? L/W Index Remarks 
1137 0.08 0.86 0.33 0.004 0.024 102 6.4 189 
0138 0.07 0.95 0.33 0.004 0.018 96 3.7 190 
0243 0.07 0.77 0.28 0.004 0.025 61 3.2 167 
0454 0.08 0.77 0.28 0.005 0.030 56 3.4 198 
0836 0.08 0.95 0.26 0.007 0.023 78 a7 197 
0847 0.07 0.85 9.29 0.010 0.026 87 3.2 192 
0987 0.10 0.95 0.37 0.004 0.0093 194 am 144 Oxygen check 
0.0105 
01046 0.09 0.77 0.39 0.004 n.d. n.d 4.5 217 
01124 0.06 0.74 0.31 0.006 0.033 70 3.2 209 
01481 0.08 0.83 0.29 0.017 0.044 97 4.2 181 
01492 0.08 0.91 0.34 0.005 0.026 124 3.4 195 
03260 0.08 0.85 0.37 0.004 0.014 135 5.7 171 
03604 0.08 0.90 0.30 0.005 0.017 110 4.8 158 
03609 0.09 0.84 0.35 0.004 0.022 104 3.4 169 
03701 0.08 0.81 0.29 0.005 0.033 92 8.0 160 
03872 0.08 0.83 0.33 0.004 0.020 94 5.6 177 
03985 0.08 0.81 0.27 0.004 0.027 65 4.1 186 
04414 0.07 0.86 0.30 0.004 0.026 74 4.8 188 
04482 0.07 0.88 0.32 0.009 0.021 82 4.5 169 
04486 0.08 0.79 0.30 0.029 0.022 300 7a 134 
04494 0.08 0.90 0.30 0.007 0.048 90 6.4 166 
04840 0.09 0.96 0.26 0.010 0.016 118 4.6 190 
04847 0.09 0.82 0.34 0.008 0.018 157 9.6 160 
04848 0.10 0.89 0.34 0.005 0.013 106 aa 189 
04849 0.09 0.85 0.31 0.010 0.016 125 2.6 183 
05291 0.08 0.93 0.26 0.010 0.036 n.d. 3.7 171 
05419 0.12 0.92 0.37 0.006 0.024 120 4.7 160 








The machinability showed the closest relationship to the inclusion 
count (Table III). Because of that fact, it seemed advisable to examine 


further the various factors, other than silicon, which affect the in- 
clusion count. 
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Table Ill 
Significance of Factors Affecting Machinability of B-1113 Steel 
Stand. 
Dev. Coef. of 
-——Line of Central Tendency-—. Mach. Correlation 
Correlation MI =150 MI =190 Index r 
Mach. Index vs. Incl/mm? Incl /mm? = 205 Incl /mm? =60 +13 —0.65 
Mach. Index vs. L/W L/W =9.2 L/W =2.8 15 —0.60 
Mach. Index vs. Si Si =0.026 Si =0 17 —0.40 
x 220 
@ 
vo 
= 
= 180 
a 
o 
= 
5 140 
o 
= 
0.002 0.01 0.02 0.03 


% Silicon 
Fig. 9—The Variation of Machinability With Silicon Content for 


Twenty-Seven Randomly Selected Samples of B-1113 Steel From 
Commercial Lots. (See Table II.) 
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Fig. 10—The Variation of Machinability With Inclusion 
Shape. (Same samples as in Fig. 9.) 
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50 100 150 200 250 300 
Inclusions /Sq.Mm. 
Fig. 11—The Variation of Machinability With Inclusion 


Count. (Same samples as in Fig. 9. They varied from 0.26 to 
0.37% sulphur.) 
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As might be expected, the number of inclusions observed depends 
upon the sulphur content. Fig. 12 shows this relationship for twenty- 
three B-1113 steels. Increased sulphur increases the machinability. 
(2) ; therefore, it is indicated that a larger number of inclusions re- 
sulting from an increased sulphur content improve the machinability, 
although an increase in the number of inclusions in a steel of a given 
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xX Machinability Index <I60 
250+ ¢ : So 
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Inclusions/Sq.Mm., 
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50 

0.20 0.25 0.30 0.35 0.40 
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Fig. 12—The Relationship of Inclusion Count 


to Sulphur Content in Twenty-Three B-1113 
Steels. 


sulphur content is not to be desired. Fig. 13 shows a schematic rep- 
resentation of this relationship. 

An effect of mechanical working upon the size of inclusions in 
free-machining steels might also be anticipated. Estimates of the size 
of inclusions, which may be calculated from the inclusion count and 
length/width ratio, show a reduction as large as 6 to 1 during the 
hot rolling of 77-inch square blooms to 2%4-inch square billets. At 
high rolling temperatures, the sulphide inclusions are plastically de- 
formed and pinched off. At lower hot rolling temperatures, they are 
observed to be fractured. 

The fracturing and diminution in size of the sulphide inclusions 
become pronounced in cold working (Fig. 14). The inclusion count 
in a hot-rolled 7-inch round was determined to be 85 per square 
millimeter. When the.same steel was further cold drawn to a 34-inch 
round, the inclusion count increased to 120 per square millimeter. 
Since cold working also changed other metallurgical factors, the effect 
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of the diminution of inclusion size upon machinability was not sepa- 
rately evaluated. 

Inclusion Composition—While the bottom tests from the ingots 
(Table I) contained more silicon, more elongated inclusions, and a 
larger number of inclusions, the lowering of the machinability index 
was greater than might be expected from those factors alone. The 


Increased Inclusion Count—+. 
-Increased Inclusion Size 


= 





Increased Sulphur —e= 


Fig. 13—Schematic Representation of the 
Dependence of Machinability Upon Sulphur 
Content and Inclusion Count, or Size. (Other 
factors equal.) 





Fig. 14—B-1113 Steel (C—0.09%, Mn—0.77%, S—0.31%, Si—0.005%). xX 400. 
(a)—Hot-rolled to %-inch rounds. The sulphide inclusions in this steel were not frac- 
tured. (b)—Same steel as above but with subsequent cold drawing to %4-inch rounds. 
Fractured inclusions were common. 
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microscopic examination of the mid-ingot samples showed that essen- 
tially all of the inclusions were of the manganese sulphide type? (Fig. 
5). The inclusions in the bottom cuts of comparable ingots contained 
a glassy phase as well as the sulphide phase (Fig. 15). The suspicion 
that the bottom cuts contained higher oxygen contents was verified 





Fig. 15—Inclusions in Bottom Cuts. Ingot 3— 


Billet 10. Lighter gray—sulphide; Darker gray— 
Mn-SiOsz glass. X 600. 


by vacuum fusion analyses (Table 1). It might be concluded that the 
additional decrease in the machinability for the bottom-cut samples is 
attributable to these glassy oxide inclusions. 

The higher oxide content of the bottoms must be attributed to 
segregation of a MnO-SiOz glass* during solidification. The mech- 
anism of this segregation in the bottom of the ingots is not under- 
stood. It may be noted that neither the oxygen content nor the amount 
of segregation is markedly affected by oxygen additions in Ingots 1 
and 2. (Compare with Ingot 3 in Table I.) 

The change in inclusion plasticity with the variation in silicon 
content of the steel indicates that there is also a change in the com- 
position of the sulphide phase. To date, no method of inclusion 
analysis in free-machining steels is entirely satisfactory. While it is 





2MnS will dissolve up to about 50% FeS in solid solution. The exact amount is de- 
pendent upon the Mn and S/’content of the steel. Likewise, the sulphide phase will dis- 
solve an undetermined amount of oxygen. 


’The etching characteristics indicate that the siliceous glass is comparatively rich in MnO. 
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possible that there might be some silicon dissolved in the sulphide 
phase with the higher silicon contents, the suggestion that silicon 
reduces the solubility of oxygen in the sulphide phase appears more 
plausible. To support this latter viewpoint is the fact that steel with a 
low oxygen analysis (Heat MX-0987, Table II) had plastic inclusions, 
even with a low silicon content. Furthermore, a deoxidizer, such as 
aluminum, materially increases the plasticity of sulphide inclusions 
during rolling (4). 

Inclusions and Machinability—In the foregoing discussion, it was 
concluded that the machinability index is affected by inclusions in three 
different ways: (a) Larger inclusions favor machinability. (b) More 
inclusions (by higher sulphide contents) increase machinability. (c) 
Glassy oxide inclusions reduce machinability. These conclusions are 
in line with previous investigations by others concerning the mechanics 
of machining. Merchant (5) had noted that steel with coarse inclu- 
sions machined more readily than a similar steel with fine inclusions. 
He found the “machining constant”, the mean shear strength, the 
strain hardenability, and the hardness of the two steels were essen- 
tially identical. The only major difference between the two was in 
the coefficient of friction between the chip and the tool face. He there- 
fore concluded, on the basis of his and Zlatin’s (6) work, that large 
sulphide inclusions form a (lubricating) coat on the tool face more 
effectively than smaller ones. As yet, we have made no further at- 
tempt to verify this interpretation. 

Armour (7) concluded that the main effect of abrasive phases 
upon machinability is the reduction in tool life. The presence of the 
glassy oxide inclusions was observed to reduce tool life in his tests. 
In addition, the speed of cutting is also reduced by some additional 
mechanism. This is observed to be so because the standards are 
“sandwiched” in with the test bars in the fixed-pressure lathe tests, 
and any effect on the tool would change the cutting rates on the 
standards as well as the test bar. It is postulated that the more 
abrasive phases, such as glass, may adversely affect the coefficient of 
friction across the tool face. 


SUMMARY 


In the way of summary, it was observed that the shape and size 
of inclusions in B-1112 and B-1113 steels are affected by (a) the 
silicon content of the steel, (b) the sulphur content of the steel, (c) 
the mechanical working which the steel receives, and (d) possibly by 
the oxygen content of the sulphide phase. 

The machinability, in turn, is dependent upon the size (or num- 
ber) of inclusions in the steel to a considerable extent when other 
metallurgical factors are comparable (Fig. 11). 
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DISCUSSION 


Written Discussion: By Edward A. Loria, senior engineer, Metallurgy, 
The Carborundum Company, Niagara Falls, N. Y. 

Two questions come to mind when reading this interesting paper. The 
first pertains to the limits within which data can be reproduced in tests 
on the same steel, and the second pertains to a calculation of the quantity 
of inclusions to weight percentages. 

With reference to Table I, giving the constant-pressure machinability 
ratings for several steels, would the author include the data on coefficients 
of variation so that one may know the reproducibility of the data, for ex- 
ample, for Steel 1-5 with an average index of 185 compared to Steel 4-10 
with an average index of 121? The same question can be asked in regard 
to the data in Table II. Also, would the author furnish the ingot dimen- 
sions and state the position (location) of each billet with respect to the 
ingot so that perhaps some conclusion on the amount of inclusions with 
ingot position may be determined? 

Would the author calculate, from the inclusion counts, the weight 
percentages of the inclusions in the steels, using specific gravity values of 
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7.9 for steel and 3.7 for the inclusions? The writer‘ made some measure- 
ments on the amount of inclusions in acid electric cast steels by a point- 
count method, in an effort to determine its relation to tensile ductility, 
and came out with calculated weight percentages that were on the high 
side of what would be expected. The point that silicon may reduce the 
solubility of oxygen in the sulphide phase is well taken. It is believed that 
aluminum does the same thing to an even greater degree and hence changes 
sulphide inclusion types and methods of distribution in steel. 

It may be of interest to know that now the Battelle constant-pressure 
lathe has been adapted for the machinability testing of gray cast iron.® ° 
Small variations in the cutting characteristics produced by variations in 
chemistry and microstructure can be detected.’ The predominant effect 
of total carbon and silicon in promoting graphitization results in higher 
indices for irons possessing greater quantities of these elements. The 
amount of graphitic carbon is a potent factor in controlling the machin- 
ability. The mechanism of cutting, peculiar to gray iron, appears to be 
produced by the discontinuity of the metal caused by the graphite flakes 
and the lubricating action of the graphite in lowering friction between tool 
and chip. The low zero elongation values for cast iron may also influence 
its machining characteristics. 

Written Discussion: By H. L. Shaw, research metallurgist, and F. W. 
Boulger, supervising metallurgist, Battelle Memorial Institute, Columbus, 
Ohio. 

We at Battelle were very pleased with the findings presented by the 
author. The quantitative data support the previous results (Ref. 2 of the 
paper) obtained on some of the same steels in showing that the constant- 
pressure machinability index of Bessemer free-cutting steel appears to be 
affected by the size, shape, and number of sulphide inclusions. These 
factors appear to be controlled by the silicon content of the steel and 
processing practice as well as the sulphur content. 

The author chose to eliminate from consideration all inclusions with 
lengths less than 0.006 millimeter. This means that inclusions with small 
cross sectional areas or volumes were not counted if equiaxed, but were 
counted if the length-width ratios were large. Thus the inclusion counts 
used for Fig. 6 are probably influenced by inclusion shape. This bias would 
be expected to be more noticeable for steels at the left end of the trend 
line, which are shown in Fig. 4 to have small length-width ratios. The 
approach to a constant machinability level, in Fig. 6, may result from neg- 
lecting the effect of small equiaxed sulphides rather than from approach- 
ing an optimum inclusion size. If the cross sectional area of inclusions is 
important, a straighter trend line should result from counting inclusions 
smaller than 0.006 millimeter in length. 

It should be noted that the machinability ratings for Fig. 4 were 


obtained in turning tests on bars. If the length-width ratio of inclusions 


‘E. A. Loria, “Rating Inclusion Structures in Cast Steels and Their Effects on Tensile 
Properties”, Electric ae Steel Proceedings, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 8, 1950, p. 191-209. 


ie ge Loria, ““New time, for Testing Machinability of Gray Iron”, Foundry, Vol. 
Cae ‘ 


®E. A. Loria, “Machinability of Gray Iron by Constant-Pressure Lathe Tests’, 
Foundry, Vol. 80, 1952, p. 194-200. 


TE. A. Loria, F. W. Boulger and H. L. Shaw, “What Constituents Affect Machinability 
of Gray conan American Machinist, October 1952, p. 122. 
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is as important as it seems to be, the relationship with machinability should 
vary for machining in other directions. 

The author quotes Merchant and Zlatin as stating that “large sulphide 
inclusions form a lubricating coat on the tool face more effectively than 
smaller ones”. This may not be the intrinsic result of inclusion size; it 
may reflect a difference in the compositions of large and small sulphide 
inclusions. The large sulphides may have a composition with better lubri- 
cating properties than the composition of the smaller sulphides. 

The author concluded that glassy oxide inclusions have a harmful ef- 
fect on machinability as measured by the constant-pressure test. This 
agrees with Armour’s conclusion that glassy oxides shorten tool life, but 
the suggested mechanism is different. Armour attributes the shortened 
tool life to abrasiveness of the oxides. Ref. 3 of the paper shows that 
constant-pressure test ratings agree with tool life, even though no tool 
wear occurs in the fixed-pressure lathe test. It appears, therefore, that 
glassy oxides also signal poorer lubgicating properties of sulphides. With 
two variables involved, it is impossible to decide whether abrasive oxides 
or sulphides with poor lubricating properties are more responsible for poor 
tool life in commercial operations. 

Written Discussion: By Edsel E. Bishop, metallurgical engineer, 
Wycoff Steel Co., Ambridge, Pa. 

The reference pertaining to the effect of cold working upon the frac- 
turing of sulphide inclusions and other metallurgical factors as well as 
machinability indicates the need for a detailed investigation of this phase. 
it is logical for one to predict the fracturing of inclusions in severe per- 
centages of cold work, since it is a known fact that hot working in lower 
rolling temperature ranges will cause brittle sulphide inclusions to break 
ip into fragments. C. E. Sims, Battelle Memorial Institute, also referred 
to the fracturing of inclusions due to cold working, but he also did not 
qualify the statement any further (Basic Open-Hearth Steelmaking, 
\merican Institute of Mining and Metallurgical Engineers, 1944). 

Whether the fracturing of inclusions has a direct bearing upon the 
machinability rating of a steel has not been definitely established. How- 

ver, it is believed that other metallurgical factors such as strengthening 
the ferrite, decreasing the ductility, and stress pattern, overshadow possi- 
ble effects of fractured inclusions. 

In regards to possible effects of cold drawing upon the fracturing of 
sulphide inclusions, it has been our experience that one must qualify such 
a statement by including many factors, such as chemical composition, prior 
hot mill conditions, and percentage of cold work. To be practical and 
consider normal drafts is a very important consideration. Fig. 14 of the 
paper refers to a condition which has been known to be impractical on a 
commercial basis. It is not a normal condition to take a %-inch draft on 
a 1-inch round bar of B-1113 analysis. 

Many tests taken on our cold drawn free-machining bars reveal that 
under certain conditions a heavy draft may not cause sulphide inclusions 
to fracture, whereas under other conditions, a very light draft will cause 
the sulphide inclusions t6 be severely fractured. 

A detailed investigation is now being conducted at our plant to learn 
how to control sulphide inclusion fracturing attributable to the cold draw- 
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ing operation and to determine the effect of fractured inclusions and other 
metallurgical changes occurring during cold working on the machining 
characteristics of several grades of steel. 

Written Discussion: By R. G. Wells, petrographer, United States 
Steel Co., Pittsburgh. 

The photomicrographs shown in Fig. 16 support the author’s conclu- 
sion that the shape and size of the inclusions in free-machining steels are 
affected by the silicon content of the steel. 





Fig. 16—Inclusions Extracted Electrolytically. Transmitted light. x 100. (a) From 
a %-inch hot-rolled bar of B-1112 steel analyzing: carbon 0.07%, manganese 0.94%, 
phosphorus 0.09%, sulphur 0.20%, silicon 0.009% and oxygen to 0.012%. (b) From a %- 
inch hot-rolled bar of B-1112 steel—same heat as (a)—analyzing: carbon 0.07%, manga- 
nese 0.94%, phosphorus 0.09%, sulphur 0.20%, silicon 0.044% and oxygen to 0.017%. 


Photomicrographs a and b are of sulphide inclusions extracted electro- 
lytically from two similarly processed B-1112 steel rods. The extracted 
inclusions were mounted in an immersion oil and photographed in trans- 
mitted light. The hot-rolled rods were from two ingots of the same heat 
of steel: one ingot was untreated and contained 0.009% silicon, and the 
other was treated so as to contain 0.044% silicon. The sulphide inclusions 
from the untreated steel (photomicrograph a) are of the short, globular 
type, whereas those from the treated steel (photomicrograph b) are of the 
stringer type. 


Author’s Reply 


I have appreciated the comments which have been offered. I feel 
they have added to the value of the paper. 

In answer to the specific questions of Mr. Loria, it may be stated 
that the standard deviation of Samples 1-5 and 4-10 were plus or minus 
1.2% and plus or minus 1.7%, respectively (3). A more general state- 
ment of the reproducibility of the machinability tests may be had by 
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pointing out that the control limits set in our Research Laboratory on 
the standard B-1111 steel are 95% within plus or minus 3 out of 42, i.e., 
a standard deviation of plus or minus 3.6%. 

The first series of steels was poured as 21-by-21-inch ingot (6425#). 
The commercial steels in the second series were made as 23-by-35-inch 
ingots (13,3254). There were ten billets from each ingot of the con- 
trolled heat. These were numbered from top to bottom so that the 
fifth billet represents a middle position. 

Inclusion volumes had been determined for the 9-5 and 10-5 test: 
positions by the point-counting technique. For each of these locations, 
the volume of inclusions was found to be close to 1.00% (within the 
limit of statistical accuracy). Using the figures supplied by Mr. Loria 
and making the assumption that all sulphur is present in inclusions 
large enough to be counted, the “sulphur” content may be calculated 
to be 0.18%. It must be realized that the densities chosen and the 
assumptions made are such as to make the results out of line on the 
low side. An independent check on the inclusion volume may be made 
from the inclusion shape and count figure if it is assumed that the 
inclusions approximate, on the average, a prolate spheroid in shape. 
On that basis, the “sulphur” content was calculated to be about 0.25%. 
While this calculation would agree with Mr. Loria’s findings and would 
suggest that some oxygen may be present in the inclusion to increase 
the inclusion volume, we would hesitate to place any quantitative 
significance on the difference realized. Rather, it is expected that the 
oxygen content of the inclusion may be determined more directly by an 
extraction method, such as Mr. Wells has described. 

It is true that the lower limitations placed upon the inclusion size in 
tallying the number of inclusions could place a bias upon the data, as 
pointed out by Shaw, if there were no fracturing of the inclusions during 
their elongation. Actually, experience indicated that with the diminution 
in inclusion size the average length was not sufficiently changed to 
markedly affect the proportion of inclusions below the minimum size 
limit. Consequently, it is felt that any possible bias cannot account for 
all of the inflection noted in Fig. 6. 

Shaw and Boulger suggest that the inclusion composition, rather 
than the inclusion size (and shape), may be the factor which affects the 
machinability properties of the steel. If that be true, the machinability 
properties of a homogeneous steel should be isotropic with respect to 
inclusion orientation; i.e., machinability should be the same for each 
cutting direction because the inclusion composition would be identical. 
Work is now in progress which would supply this information. 

We certainly do agree with Mr. Bishop that other metallurgical 
factors probably overshadow the possible effects of fractured inclusions 
in cold drawn steels. It was because cold working also changed other 
metallurgical factors that we made no attempt to evaluate the effect of 
the diminution of inclusion size during cold working upon machinability. 
We look forward to the findings of the investigation which he is now 
conducting concerning the control of sulphide inclusion fracturing during 
cold working, as well as the effect of the metallurgical changes during 
cold working upon machinability. 





DETERMINATION OF OXYGEN IN METALS AND METAL 
OXIDES BY THE ISOTOPIC METHOD 


By A. D. KrrsHENBAUM AND A. V. GROSSE 


Abstract 


The quantitative methods for determining the oxygen 
content of metals used at present are long, tedious and at 
tymes not too accurate, requiring complete removal and 
recovery of oxygen in the metals or oxides. The Isotopic 
Method, as described in this paper, uses O18 and does not 
require quantitative separation or recovery of the oxygen, 
thus giving fast results accurately. The only requirement 
of this method is exchange of all oxygen atoms in the 
system, which is accomplished at the temperatures used. 
Good, accurate oxygen values were obtained with this 
method for several copper-oxygen and iron-oxygen alloys 
and for copper and iron oxides. 


HE OXYGEN content of metals such as copper and steels has 

in the past been determined by several different methods, 
namely, the vacuum-fusion, aluminum reduction, carbon reduction, 
hydrogen reduction, etc., the vacuum-fusion method being the most 
popular. In the aluminum reduction method the steel is reduced with 
aluminum at 1100 to 1150 °C (2010 to 2100 °F) in either a hydrogen 
atmosphere (5, 6)* or at reduced pressure (20) with subsequent 
solution of the iron-aluminum melt in 4N-HNOgs (17) and the 
oxygen chemically determined from the Al,O3 formed and assumes 
that all of the oxygen will appear as Al,O3. According to Pigott 
(20) a single analysis may require several days. This method is not 
accurate when SiOz is present (17). 

In the carbon reduction method, the metal sample is reduced at 
elevated temperatures by carbon with or without tin in a nitrogen 
atmosphere (23), a reducing atmosphere or in vacuum (14, 18). 
This method requires complete reduction of all the metal oxides 
present to carbon monoxide. In the hydrogen reduction method the 
sample is reduced with hydrogen; the amount of oxygen present is 

1The figures appearing in parentheses pertain to the references appended to this paper. 
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determined either from the amount of hydrogen consumed or from 
the amount of water collected (2, 26). In this method, as in the 
carbon reduction method, all of the oxide has to be reduced to water 
and all of the water collected quantitatively. 

In the other chemical methods, the metals are removed by chem- 
ical action, such as reaction with hydrogen chloride, chlorine, bro- 
mine or iodine (3, 4, 15, 19), leaving unattacked oxides, carbides and 
nitrides, which have to be analyzed further and the oxygen estimated. 
These methods generally require long periods of time to make a single 
analysis, are tedious, and in many cases the results are open to 
various criticisms. 

The vacuum-fusion method depends upon the reduction of metal 
oxides by carbon to carbon monoxide in the liquid metal. In this 
method the metal is reacted with powdered graphite, in vacuum, with 
or without tin, to form stable carbides, while the oxides are reduced 
at elevated temperatures (11, 18-22, 24,25). The oxygen-containing 
gases formed should be reduced to CO. The method requires com- 
plete removal and recovery of all of the oxygen im the metal. This, 
at times, makes the method long and tedious. It was observed by 
Alexander (1) and Mallett (16) that the presence of silicon in steels 
prevents complete reduction of the oxides. Ziegler (27), Thompson 
and Holm (26) and Alexander (1) found that AlgOg3 inclusions in 
steels, if present, will not be reduced in any reasonable time. 

The method used by the authors to determine the oxygen content 
of metals and metal oxides is an extension of the Elementary Isotopic 
Method developed in recent years by the writers for organic com- 
pounds (7, 8, 9 and 13) and for fluorocarbons (12). 


Principle of the Isotopic Method 


The principle of the Isotopic Method is an adaptation of the iso- 
topic dilution principle originally introduced by Hevesy and Paneth 
(10). A known weight of substance to be analyzed together with a 
known weight of metal or metal oxide containing a given amount of 
oxygen of known O}* concentration is heated for 30 to 60 minutes 
at the vicinity of their melting points in a platinum, molybdenum or 
other oxygen-free metal tube. At this temperature all the oxygen 
atoms exchange statistically with the various oxygen-containing com- 
pounds (metal oxides, CO and CO2). The ratio of the oxygen iso- 
topes (O18/O1*) in all these oxygen-containing compounds at equi- 
librium is identical. 

The ratio O18/O* can be determined with a high degree of pre- 
cision by means of modern isotopic mass spectrometers. Only an 
aliquot sample of the.equilibrated mixture need be taken for mass 
analysis. Usually a fraction of a cc. is sufficient. Therefore quanti- 
tative removal of all the oxygen is not only unnecessary but even 
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undesirable. Knowing the ratio, it is easy to calculate the original 
oxygen content from the simple mixture rule, namely 


b(m —n) . 


a*z 


X % = 00 


In this equation a is the known weight of the sample, containing X 
weight % of the oxygen to be analyzed, and is equilibrated with a 
known weight, b, of O'% labeled oxygen containing m atom % of 
oxygen-18 in excess of the normal isotopic concentration (~0.21%) 
and n atom % is the excess oxygen-18 concentration after equilibra- 
tion. The exact normal isotopic concentration is determined before 
each analysis. | 

Because the isotopes are mixed and measured on an atom per 
atom basis, b should be expressed either in gram-atoms or, more 
simply, in weight units using the same atomic weight of the element 
as ina. Thus b is not expressed in actual milligrams of the heavy 
isotope, but in equivalent milligrams of the normal isotopic mixture. 

In the analysis of metals and oxides for oxygen, it is important 
to insure complete exchange of the O1* and O18 atoms. With organic 
and fluorocarbon compounds complete exchange is obtained by heat- 
ing them with molecular O1* enriched oxygen. But with metals and 
oxides this is most readily accomplished by preparing master alloys 
or oxides containing known weights of oxygen and O*% concentrations, 
mixing them with the samples to be analyzed and finally heating the 
mixtures at their melting points. 

Since iron and copper are the two most important metals of our 
technology, we have chosen these metals and their oxides to demon- 
strate the practicability and the advantages of the Isotopic Method 
in determining the oxygen content of metals and oxides. In the near 
future this method of analysis will also be used on other metals such 
as chromium, titanium and zirconium. 

The precision of the Isotopic Method is independent of the oxy- 
gen concentration in the metal. If small quantities of oxygen are 
expected, the amount of oxygen-18 added (as O'* Master Alloy) to 
the sample can be adjusted accordingly. Thus results of high pre- 
cision may be obtained even if traces of oxygen are present. 


APPARATUS 


The apparatus consists essentially of (a) a 6-kilowatt converter 
and high-frequency induction furnace and (b) a vacuum system for 
separating and sampling gases. 

High-Frequency Induction Furnace—The furnace used is an 
Ajax-Northrup 6-kilowatt converter-type high-frequency induction 
furnace manufactured by the Ajax Electrothermic Corporation of 
Trenton, N. J. 
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Glass-Vacuum System—The apparatus as shown in Fig. 1 con- 
sists essentially of a platinum or molybdenum reaction vessel and a 
pyrex glass vacuum system. The reaction vessel consists of a 14-inch 
O.D. platinum tube with 0.015-inch wall or molybdenum test tube 
(A) with 0.09-inch wall inserted into a 15¢-inch O.D. quartz test 
tube (B) and held in place by a rubber stopper. The dead space 
between the platinum or molybdenum and quartz tubes is filled with 
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A= 1/2" Molybdenum Tube 

B= 1-1/2" Quartz Tube 

C= Water-Cooled Copper Coil 

D= Graphite Boat 
E= High-Frequency Induction Furnace 
F = Sight-Glass 

G= Glass -to-Copper Seal 





H= U-Trap K= Toepler Pump 
I = Hg Manometer L= McLeod Gage 
J= 3mm, Sample Tube M=Dry-ice Trap 


Fig. 1—Apparatus for Separating and Sampling Gases. 


zirconium oxide. The part of the platinum or molybdenum tube near 
the rubber stopper is cooled by means of a water-cooled copper coil 
(C). A graphite boat (D) containng the metal and Master Alloy 
is inserted into the platinum or molybdenum tube and carefully cen- 
tered within the coil of the high-frequency induction furnace (E). 
The temperature of the melt is read through the sight glass (F). 

The platinum or molybdenum tube is connected to the pyrex 
vacuum and gas sampling system by means of a glass-to-copper seal 
(G). The pyrex vacuum and gas sampling system consists of U-trap 
(H), mercury manometer (1), 3 mm. O.D. sample tube (J), Toepler 
pump (K), McLeod gage (L) and dry ice trap (M). 


EXPERIMENTAL PROCEDURE 


In determining the oxygen content of the copper-oxygen alloys, a 
known weight of the copper-oxygen alloy sample to be analyzed (~100 
to 500 mg) was mixed with a known weight (~100 to 200 mg) of 
O** labeled copper-oxygen Master Alloy containing a given amount of 
oxygen of known O}8 concentration. The mixture was put into a 
baked graphite boat (baked at 1000 °C or 1830 °F for 3 hours while 
pumping at <10-* mm. pressure), the graphite boat surrounded by 
a platinum sheet and.then inserted into a platinum tube (14-inch 
O.D.). The platinum tube, centered in an evacuated quartz tube 
(32 mm. O.D.), in the high frequency induction furnace (4 inches 
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long, 32 mm. I.D.), was connected to the vacuum system and evacu- 
ated to 10°* mm. Hg pressure or lower. The platinum tube was then 
closed off from the vacuum system and heated to between 1000 to 
1100°C (1830 to 2010°F), by means of the induction furnace. 
Upon heating at about 1000 °C (1830°F), CO and COs, containing 
the equilibrated concentration was liberated. The copper alloy was 
heated for 1 hour. To insure equilibrium conditions, the gases lib- 
erated were circulated from the cold to the hot zone of the platinum 


tube every 10 minutes by means of a Toepler pump connected to the ~ 


platinum tube. After 1 hour of heating the CO and COs liberated 
were separated and analyzed for their O18/O7* ratios. 

In determining the oxygen content of iron-oxygen alloys, the 
same procedure was used with a few minor changes, namely, a 
molybdenum tube was used instead of a platinum one and the heating 
temperature was 1500 to 1600 °C (2730 to 2910 °F). 

The O** concentration of the Master Alloy was determined by 
heating the Master Alloy in the graphite boat and determining the O'* 
concentration of the liberated CO and COs. 

Two pieces of the graphite used as boats were analyzed for oxy- 
gen by the Isotopic Method; one was unbaked and the other was 
heated at 900 °C (1650°F) for 3 hours while pumping at 10° mm. 
Hg. The oxygen content was determined by heating in a platinum 
tube for 1 hour at 900°C (1650°F), a known weight of graphite 
with a known amount of oxygen containing a given concentration of 
O18. The COs formed was analyzed for O1* concentration. The per 
cent oxygen in the graphite was calculated from the dilution of the 
O'§ concentration. 


Preparation of O18 Metal Master Alloys 


Copper—-Oxygen-18 Master Alloy—The copper—oxygen-18 Mas- 
ter Alloy was prepared by heating a platinum boat containing copper 
powder with O18 labeled oxygen, the optimum reaction temperature 
being about 400°C (750°F). After all the required oxygen had 
been consumed, the copper—copper oxide mixtures were heated at 450 
to 500 °C (840 to 930 °F) for 24 hours in order to distribute the O 
uniformly throughout the copper powder. After cooling, the copper— 
copper oxide alloy was ground in an agate mortar and pestle. The 
weight per cent oxygen in the Master Alloy was 5.373% and the O** 
concentration was 14.8655 atom %. 

Iron—Oxygen-18 Master Alloy—The preparation of the iron— 
oxygen-18 Master Alloy was essentially the same as the copper- 
oxygen-18 Master Alloy except for the reaction temperature being 
higher (550 to 600 °C). The weight per cent oxygen in the Master 
Alloy was 6.950% and the O'* concentration was 11.5011 atom %. 
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Table I 
Samples of Copper, Iron and Their Oxides by the Isotopic Method 
% Oin % 
Original Gain in Total 
Sample Metal* Weight %O Remarks 
Comat SU ce Ras ee 0.812 J. T. Baker Chemical Co. 
99.29% Cu 
Copper powder heated in O2 0.812 0.075 0.887 
Copper powder heated in O2 0.812 0.134 0.946 
Copper powder heated in O2 0.812 2.193 3.005 
Copper powder heated in O2 0.812 8.73 9.54 
Conran 35.8 ae 20.12 Baker & Adamson, reagent 
(Theor. grade powder 
100% CuO) 
lreth: SONNE Se. aE Te ea Seen 2.072 Mallinckrodt. analytical 
reagent reduced iron 
powder; 97.66% Fe 
Iron powder heated in Oz 2.072 9.406 11.478 
Ferric Gan 8 < Se aes a ee ee 30.00 J. T. Baker's C.P. analyzed 
(Theor. powder. 99.81% Fe2Os, 
99.81% 0.00% FeO 
pure Fe2Os3) 
*As analyzed by the Isotopic Method. 
Samples Analyzed 


The copper-oxygen samples analyzed were copper powder, 
cupric oxide, and several samples of copper powder heated in oxygen. 
The iron-oxygen samples analyzed were iron powder, ferric oxide 
and iron powder heated in oxygen. These samples are shown in 
Table I. 

Method of Calculation 


As stated previously, the per cent oxygen is calculated from the 
formula 


b(m — n) 


arn 


0% = - 100 

The per cent oxygen obtained is then corrected for the oxygen con- 
tent of the graphite boat used. This correction is obtained from the 
difference in weight of the graphite boat used to calculate the O'* 
concentration of the Master Alloy and the weight of the boat used 
in the analysis. This difference in weight multiplied by the per cent 
oxygen in the graphite is either added or subtracted, as the case may 
be, from the oxygen values obtained from the formula above. 


Example: 
Let a= 100.00 mg m = 10.0000 
b= 7.00 mg* n= 5.0000 
m—n= 5.0000 
7.00 (5.0000) 
I = OO comin ° . 
then uncorrected % O = 100.00 (5.0000) 100 = 7.00% or 7.00 mg 





*Obtained by multiplying % O in Master Alloy by weight of Master Alloy used. 
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Table Il 
Determination of Oxygen in Copper and Copper-Oxygen Alloys 
Cc . Cade "Bh Cc ; 
opper pper pper opper 
1 Powder Powder Powder Powder 6 
Copper Heated Heated Heated Heated —Cupric Oxide— 
| Substance Powder in O2 in O2 in Oz in O2 a b 
a, mg. weight of substance 141.70 505 .58 409.72 158.51 60.11 43.24 43 .04 
Weight of Cu-O"* added, mg. 174.86 119.95 108 .60 100.61 266.25 105 .45 89.52 
b, mg. of O added 7.98 6.32 5.84 5.41 19.31 5.67 4.81 
Atom % O"* in b above 14.8655 14.8655 14.8655 14.8655 14.8655 14.6986 14.4937 
—normal concentration 0.2264 0.2264 0.2264 0.2264 0.2264 0.2167 0. 2287 
=m 14.6391 14.6391 14.6391 14.6391 14.6391 14.4819 14.2650 
Atom % O'* in equilibrated mixture 13.0271 8.9061 9.5954 7.9639 10.9267 5.6578 5.0937 
13.0134 10.8460 
Average = 13.0203 10.8864 
—normal concentration 0.2268 0.2149 0.2122 0.2292 0.2442 0.2167 0. 2287 
=n 12.7935 8.6912 9.3832 7.7347 10.6422 5.4411 4.8650 
m—n 1.8456 5.9479 5.2559 6.9044 3.9969 9.0408 D9 4000 
% vers in substance, experi- 
mental (uncorrected) 0.812 0.855 0.798 3.051 8.94 21.79 21.59 
Difference in x ht of —— 
boats, mg. 8—_sample —0.05 +111.4 +321.8 —33.9 +21.1 —356.5 —362 0 
% O in ae 0.185 0.185 0.185 0.185 0.185 0.185 0. 185 
% oxygen in substance, experi- 
mental (corrected) 0.812 0.896 0.942 3.015 9.58 20.26 20.05 
% oxygen in substance, theoretical 
or calculated from gainin weight ..... 0.887 0.946 3.005 9.54 20.12 206 12 
Sane es BP ewe +0 .009 —0.004 +0.010 


+0.04 +0.14 —) 07 








Now if 2.0000 g. = weight of boat used to determine O” concentration 
in Master Alloy 
weight of boat used to determine % O above 
and 0.100% = % oxygen in graphite 
then 0.0100 x 15.00 mg. = 0.015 or 0.02 mg. 
now % O in copper corrected for oxygen in graphite 


1.98500 g. = 


uncorrected wt. of O in Cu — wt. of O in graphite 
Se 100 
weight of sample, a 


- pee 


Experimental Results 


The results obtained upon analyzing the various copper, copper- 
oxygen, cupric oxide, iron, iron-oxygen, ferric oxide and graphite 
samples are shown in Tables II, IV, VI, and are summarized in 
Tables III, V, VII. 7 

A study of these tables shows that good, accurate results are 
obtainable by the Isotopic Method of analysis, the average deviation 
from true values being 4 parts per thousand. The b values in Tables 
II and IV were obtained by multiplying the weight of the O** 
Master Alloys by the per cent oxygen in these alloys (5.373 wt. % 
and 6.950 wt. % in the copper and iron Master Alloys, respectively), 
while m values are the O'* concentration of the oxygen above normal 
in the Master Alloys used. 
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Table III 
Determination of Oxygen in Copper and Copper-Oxygen Alloys 

















Sample Weight — Calculated % O in Copper Observed 
No. Mg. In Original Copper % Gainin Wt. Total % % Oxygen Difference 
1 eee aes ices ae eo a ns Cite oS cetes 
2 505 .58 0.812 0.075 0.887 0.896 +0 .009 
3 409.72 0.812 0.134 0.946 0.942 —0.004 
4 158.51 0.812 2.193 3.005 3.015 +0.010 
5 60.11 0.812 8.73 9.54 9.58 +0 .04 
6 (a) I hee, ae bo ou 20.12 20.26 +0.14 
(b) Ge as Se 20.12 20.05 —0.07 
(Cupric 
oxide) (Theor. 
100% CuO) 
Table IV 
Determination of Oxygen in Iron and Iron-Oxygen Alloys 
1 2 3 
Iron Iron Powder Ferric Oxide 
Substance Powder Heated in O2 Fe2Os 
a, weight of substance, mg. 320.54 77.69 51.79 
Weight of Fe-O!* added, mg. 106.76 100.57 100.13 
b, weight of O added. mg. 7.38 6.99 6.96 
Atom % O'8 in b above 11.5011 11.5011 11.5011 
—normal concentration 0.2292 0.2292 0.2292 
m= 11.2719 11.2719 11.2719 
Atom %O'* in equilibrated mixture 6.3094 5.2706 3.7106 
tae 5.2086 3.7522 
Pa es x 9 cee ee 3.7599 
Average=__....... 5.2396 3.7409 
—normal concentration 0.2298 0.2122 0.2294 
n= 5.0796 5.0274 3.5115 
m~—n 5.1923 6.2445 7.7604 
% oxygen in substance (uncorrected) 1.960 11.175 29.700 
Difference in weights of graphite 
boats (Fe-O!8-sample), mg. +195.1 +14.1 +32.3 
% O in graphite 0.185 0.185 0.185 
% oxygen in substance, experimental 
(corrected) 2.072 11.507 29.81 
% oxygen in substance, theoretical or { Theor. on 
calculated from gain in weight ...... 11.478 30.00/99 .81% 
(pure Fe2O; 
Le eS ea +0 .029 —0.19 
Table V 


Determination of Oxygen in Iron and Iron-Oxygen Alloys 





Sample Calculated or Theoretical % O in Fe——-. 
No. Weight In Original Fe % Gain in Wt. Total % %O Difference 
1 "FARES Treaeae tacs = TN eel dee aaa en arses eae a rye RE SS aot we 
2 259 .63 2.072 0.303 2.375 2.315 —0.060 
3 306 .35 2.072 0.459 2.531 2.496 —0.035 
4 202 .32 2.072 1.322 3.394 3.401 +0 .007 
5 77.69 2.072 9.406 11.478 11.507 +0 .029 
6 DEMO Ore eae oe ea eae 30.00 29.81 —0.19 
(Fe203) 5 (Theor. 
99.81% 


pure Fe2Qs) 
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Table VI 
Determination of Oxygen in Graphite 





Unbaked Graphite Baked Graphite Graphite 
Substance Boat Boat Powder 
a, weight of sample, mg. 499.65 565.41 481.27 
b weight of O2 added, mg. 3.24 2.64 2.41 
Atom % O!* in b above §.2977 5.2977 5.2977 
—normal concentration 0.2182 0.2182 0.2182 
=m 5.0795 5.0795 5.0795 
Atom % O" in equilibrated mixture 3.6398 3.8662 4.1358 
—normal concentration 0.2287 0.2287 0.2287 
=n 3.4111 3.6375 3.9071 
m-—n 1.6684 1.4420 1.1724 
% O in graphite 0.317 0.185 0.150 
Table VII 
Determination of Oxygen in Graphite 
Sample Weight of Analysis 
Sample Mg. O18, Mg. %O 
Unbaked graphite boat 499 .65 3.24 0.317 
Baked graphite boat 565 .41 2.64 0.185 
Graphite powder 481.27 2.41 0.150 


DISCUSSION OF RESULTS 


A study of the principle behind the Isotopic Method, the proce- 
dure used and results obtained shows that the Isotopic Method has 
a great advantage over the methods used at present in the industry, 
since accurate results are obtained in a very short time (2 hours). 
The reason for the fast accurate results lies in the principle of the 
method, namely, that complete removal and recovery of all the oxygen 
in the metal is not necessary. The only requirement of this method 
is complete statistical exchange between all the oxygen atoms of the 
various oxygen-containing compounds (metal oxides, CO and COs). 
At the elevated temperatures used, complete exchange is obtained 
within 30 minutes. 

This method of analysis is now being extended to the determi- 
nation of oxygen in various other metals, particularly to titanium 
and zirconium. 
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DISCUSSION 


Written Discussion: By Manley W. Mallett, assistant supervisor, 
Thermal Chemistry Group, Battelle Memorial Institute, Columbus, Ohio. 

I am pleased to see the authors have demonstrated that the isotopic 
dilution method can be applied to the determination of oxygen in metal 
oxides and in oxidized metal powders. The title of the paper is somewhat 


~ misleading in that no analyses of “oxygen in metals”, that is, internally 


contained oxygen, are reported. In 1949, some exploratory work was done 
at Battelle Memorial Institute on applying the isotopic method to the 
analysis of oxygen in titanium. However, the pressure of other work 
prevented us from bringing this study to a satisfactory conclusion. We, 
therefore, are looking forward with great interest to the results the au- 
thors obtain in applying the method to titanium and zirconium. 

I would like to ask the authors if they observed any interference from 
the use of the molybdenum reaction vessel. Gulbransen and Andrew” have 
reported oxidation of molybdenum to occur at oxygen pressures as low as 
10° mm Hg. It has been our experience that at 1500°C and 10* mm Hg 
pressure, molybdenum oxidizes rapidly, forming volatile oxides which sub- 
lime to cooler parts of the system. If this occurs, at least part of the gas 
is being constantly removed from the reaction in the form of molybdenum 
oxide sublimate, and true equilibrium of the extracted gases cannot be 
achieved. The effect of this reaction on the analyses may not be detected 
at the high oxygen levels of the present work but would probably be quite 
bothersome at oxygen levels of most interest in vacuum-fusion analysis, 
that is, at 0.01% or lower. 

In extending the isotopic method to low-oxygen metals, a number of 
modifications will be required. The use of samples in powder form would 
invalidate results because of the large surface area. In spite of elaborate 
cleaning precautions, some oxidation product is always found on the sur- 
face. Therefore, analytical samples should have a minimum surface area. 
A spherical sample would be ideal. 


“Pittsburgh International Conference on Surface Reactions’, Corrosion Publishing 


Company, Pittsburgh, 1948, p. 222. 
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The authors state that the great advantage of the isotopic method 
is the short time required for an analysis. I believe they will find that, in 
working in a more precise range, many of the time-consuming factors of 
the vacuum-fusion method will come into play. The furnace parts and 
crucible will have to be degassed to a high degree so blanks can be re- 
duced to a minimum. The principal saving of time would then seem to be 
in the analysis of the gas after extraction. Would it be feasible to make 
the mass spectrometer an integral part of the vacuum-extraction train? 

Written Discussion: By W. C. Lilliendahl, advisory engineer, Metals 
Section, Research Department, Westinghouse Electric Corp., Bloomfield, 
New Jersey. 

The work reported in this paper is an important contribution in this 
field as it represents a relatively new approach to the determination of 
oxygen in metals. There are several points, however, in connection with 
the use of this method which are not dealt with in detail and could be 
clarified. 

It is implied that in the equilibration of O” the mixture of powders 
is heated to a range including the melting point. It would seem that if the 
melting point were not reached, equilibration in a statistical sense would 
be related to particle size ef the powder mix of which no mention is made. 

Referring to the heating furnace, did the authors note deterioration 
and increased porosity of the platinum or molybdenum tubes as a result 
of carburization in the heating cycle? 

The relative precision and accuracy of this,method in the range of 
oxygen concentrations studied would suggest further investigation on the 
transition metals as planned by the authors. 

Working in the low range of oxygen concentrations found in these 
metals, it would seem that difficulties in mass spectrometry might arise 
that would not materially affect the data in the work reported. 

The masses which predominate are presumably CO*, CO”, CO.“, 
CO“, and CO“. Interfering masses could be N*, NO”, NO, C.H.”, 
C;sHs“ and N2O“. Of these masses N* would be most likely to be present. 
The authors do not state whether nitrogen was liberated from their sam- 
ples but it is certainly present in the gases liberated from the usual 
vacuum-fusion melt. 

Oxygen analysis as applied to MO, U, Ti, and Zr must yield accurate 
data in the range of 0.08% oxygen or less, with an absolute precision of 
approximately +0.0002%. This would mean that in the isotopic method 
the total amount of gas would be of the order of a few liter microns for 
(0.1 to 0.5 gm.) samples. While this pressure would be increased by the 
addition of material containing O“ enriched oxygen, there would probably 
be a limit to the ratio of O%/O”" for maximum precision in the mass 
spectrometer. As the oxygen to be determined decreases, the presence 
of interfering masses would be expected to exert an increasing effect on 
the accuracy and precision of the method. 


Authors’ Reply 


Replying to W. C."Lilliendahl’s discussion, no difficulties are expected 
in the mass spectrometry of samples in the low range of oxygen concen- 
tration. Nitrogen is liberated from our samples; but it is standard practice 
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to determine the Nz content of CO-Nz mixtures from the N or mass 14 
peak with no corresponding interference from the CO peaks. 

For samples expected: to contain small amounts of oxygen larger sam- 
ples (5 to 10 grams) can be used if desired; however, the precision of the 
Nier-Consolidated Isotopic Mass-Spectrograph permits the determination 
of the O*/O” ratio to the sixth decimal place which is substantially beyond 
our presently used accuracy. 

No deterioration or increased porosity of the platinum or molybdenum 
tubes was observed, since there was no direct contact of the tubes with 
the graphite boat. A thin sheet of expendable platinum or molybdenum 
was wrapped around the graphite boat, thus preventing deterioration of 
the tubes. 

In response to M. W. Mallett’s discussion, we are pleased to learn 
that Battelle was interested in the isotopic method. 

By the term “oxygen” we mean the element and are determining it in 
all forms present in the sample, not necessarily meaning only molecular 
oxygen (Os). 

Regarding subliming molybdenum oxides, a closed platinum extension 
can be added to the molybdenum tube and complete isotopic exchange 
achieved by heating the platinum tube periodically to the sublimation 
temperature. 

The method is not limited to metals in powder form. If large areas 
should be troublesome, suitable changes can be made. The master alloy 
and sample can be added in chunks or lumps of desired size. The funda- 
mental advantage of the isotopic method is that quantitative results are 
obtained without quantitative isolation or separation of any oxygen com- 
pound. The mass spectrometer could certainly be made part of the 
apparatus and the samples mass analyzed at desired intervals during de- 
gassing. The analysis could be stopped whenever sufficient mass data were 
obtained; a considerable saving in time and effort could thus be achieved. 





THE INFLUENCE OF BORON ON CASE HARDENABILITY 
IN ALLOY CARBURIZING STEELS 


By C. F. Jatczak AnD E. S. ROWLAND 


Abstract 


The carburized end-quenched test was used to evaluate 
the effect of boron on the case hardenability of 80B20, 
94 BV 20, 94 B20 and 47 B20 steels over the range of carbon 
contents between 0.60 and 1.0% for several heat treating 
conditions. Boron-free steels of substantially the same base 
analyses were procured and processed through all treat- 
ments with their boron-treated counterparts. Double 
quench treatments were simulated by gas carburizing the 
end-quench bars at 1700°F (925°C), ar cooling, re- 
heating to quenching temperatures of 1475, 1525, 1600 and 
1700 °F (800, 830, 870, 925 °C) and end-quenching. Two 
popular single quench treatments were performed by pack 
carburizing the end-quench bars at 1700°F (925°C), 
direct end-quenching one group and pot cooling the other 
to 1525 °F (830°C) before end-quenching. 


HE RAPID increase in the use of boron-treated steels in the 

last two years has focussed a great deal of attention on the 
properties and characteristics of these types. The experience thus 
gained by manufacturer and user alike has resolved many of the 
problems inherent in the making, fabricating and heat treating of 
boron steels. One of the important questions about which controversy 
still exists is that of the influence of boron in the higher carbon levels 
of the case of carburized parts. 

Our interest in this particular problem lies in the need to assess 
the possibilities of wartime use of boron-treated alloy steels in tapered 
roller bearing races. Our production heat treating equipment is de- 
signed for double quench practice on SAE 4620 steels and utilizes a 
fairly low hardening temperature. Furthermore, most of the races are 
hardened on a serrated plug which produces metallic contact between 
the race and the lands of the plug during the quenching cycle. Both 
of these conditions cause us to pay more attention to case hardenability 
in prospective steels for bearing application than if a single treat, drop 
hardening practice were used. 





A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, C. F. Jatczak 
is research metallurgist and E. S. Rowland i is chief metallurgical engineer with 
The Timken Roller Bearing Company, Steel and Tube Division, Canton, Ohio. 
Manuscript received April 11, 1952. 
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REVIEW OF THE LITERATURE 


Rahrer and Armstrong (1)! were the first to establish the fact 
that the effect of boron on the hardenability of steel was influenced 
by the carbon content. Using the recommended hardening tempera- 
tures for each carbon range from below 0.20 to about 1.0% carbon 
on ladle and mold-treated carbon and alloy steels, they showed a linear 
decrease in the average hardenability factor for boron from about 
2.0 at 0.20% to 1.0 (no effect) at about 0.90% carbon. 

These results effectively stopped further experimental work on 
boron in high carbon steels until the present shortage of some alloy- 
ing elements made imperative the substitution ci lower alloyed boron 
treated for standard carburizing steels on the basis of equivalent core 
hardenability. Doubts were immediately raised regarding the ability 
of the boron-treated steels to harden in the case. However, scattered 
data published in the last year by Wray (2), Knowlton (3) and 
McBride (4) and obtained from carburized end-quenched bars indi- 
cate that a significant hardenability effect of boron is obtained in the 
higher carbon levels of the case, provided that single quench practice 
is used and/or the maximum carbon concentration in the case is re- 
stricted to about 0.90%. No systematic investigation of the effects 
of all commercial carburizing and hardening treatments on a single 
boron-treated carburizing steel has heretofore been published. 


PROCEDURE 


Four grades of boron treated carburizing steels were selected for 
study, namely, 80B20, 94B20, 94BV20 and 47B20, the base analysis 
of the last type being a low nickel modification of SAE 4620 used 
extensively during World War II by the bearing industry. These 
steels were procured in the form of 114-inch diameter hot-rolled bars 
from commercial, ladle-treated open-hearth and electric furnace heats. 
Untreated steels of the same compositions were obtained, when neces- 
sary, in the form of 30-pound induction heats forged to the same 
size. The analyses and other essential data are shown in Table I. 
Standard end-quenched hardenability curves for these steels in the 
uncarburized condition, quenched from 1700 °F (925 °C), are given 
in Fig. 1. 

End-quench bars machined from these steels were heat treated 
in two ways. The bars destined for double quench treatments were 
gas carburized in a small Hevi-Duty fan driven retort carburizer for 
16 hours at 1700°F (925°C) using a 10:1 ratio of RX to 
natural gas. Dummy bars, l-inch diameter by 6-inch long, carefully 
machined on centers were inserted alternately with the end quench 
bars in such numbers that a dummy bar for carbon gradient determina- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Compositions of Steels Tested 

Boron ———— Chemical Analysis Grain 
Type Heat No. Addition C Mn Si Cr Ni Mo Cu Vv Ti B Al Size 
8020 9653 tee. |. ceun 6.23: 3.32 O26 8.96 (6:48 Oe Op seks ee aa ees nas ee 5/ 
80B20 10541 E.F. Ge. #79 «0.39 @.78. 0,32 6.21. 0.37 0.10 @O.43 ..... 0.038 0.0007 0.055 5/7 
9420 Sys ys Roh See y See Oe. er ee AR: Be ks BR ee es habe: BSS 5/7 
04820 687750.H. Gr. #79 0.22 0.83 0.24 0.40 0.36 0.12 0.09 ..... 0.020 0.0007 0.017 5/8 
9420 68696.0.H. 5.28 a a aa ae eee Os ae. WORE us knecwia cba e Re tad aleoes 5/8 
04BV20 40189 O.H. Gr. #1 0.18 0.90 0.27 0.45 0.46 0.12 0.08 0.045 ..... 0.0003 0.043 5/7 
4720 y to ae a ee aad Oe Boe eae See wha eo Ub pate eae bas 0 bios 6/8 
47B20 02324E.F. Gr. #79 0.23 0.65 0.20 0.60 1.24 0.29 0.12 ..... 0.040 0.0008 0.036 6/8 
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Fig. 1—Standard Hardenability Curves of All Steels in 
onan Condition, End-Quenched From 1700 °F 


tion was present for each hardening temperature of each steel. After 
carburizing, all bars were removed from the retort and air-cooled. 
Preliminary experiments showed clearly that the error in prior struc- 
ture due to air cooling from the carburizer rather than oil quenching 
was negligible compared to the errors in subsequently grinding flats 
on distorted bars. Both the standard and dummy bars were reheated 
in a salt bath for 45 minutes at temperatures of 1475, 1525, 1600 and 
1700 °F (800, 830, 870, 925°C), the standard bars end-quenched 
and the dummy bars cooled in Silocel. Thirty- minute tempering at 
1200 °F (650°C) was found necessary in a few cases to facilitate 
machining of the dummy bars. The precaution of putting the dummy 
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bar through the same hardening austenitizing treatment as the end- 
quenched bar was shown by preliminary experiments to be vitally 
necessary since the carbon diffusion encountered at the higher harden- 
ing temperatures caused discrepancies of as much as 0.07% carbon 
between as-carburized and reheated bars. 

The end-quench bars destined for single quench treatments were 
pack carburized at 1700 °F (925°C) in a low energized compound 
to produce the same carbon gradient as the gas carburizing cycle, ap- 
proximately 0.01% carbon drop per 0.001-inch depth between 1.0 and 
0.50% carbon. Dummy bars were included for each steel and each 
of the two treatments, (a) direct quench from 1700°F (925 °C), 
and (b) furnace cool from 1700 to 1525 °F (925 to 830°C), fol- 
lowed by quenching. The standard bars were end-quenched as the 
final step in these treatments and the dummy bars cooled in Silocel. 

The dummy bars were machined in 0.005-inch increments, the 
chips analyzed for carbon and carbon-depth curves constructed for 
each steel and treatment. Depths corresponding to at least the 0.60, 
0.70, 0.80, 0.90 and 1.00% carbon levels were picked off these curves 
and duplicate flats wet ground on the corresponding end-quenched 
bars. All ground flats were etched in 4% Nital and carefully exam- 
ined for grinding damage. Any doubts regarding the accurate position- 
ing of the flats were resolved by checking the depths by the M, case 
depth measuring technique (5) on wafers cut from the end-quenched 
bars. 

Since the hardenability may vary rapidly with small changes in 
carbon content under certain of the conditions of test, Rockwell A 
and 500-gram Tukon hardnesses were taken and converted to Rock- 
well C in order to minimize the effect of depth of penetration of the 
indenter. The hardness-depth curve was first run completely on the 
Rockwell A scale and several Tukon readings taken to precisely 
determine the hardness position corresponding to Rockwell C-60. 
Conversion curves were obtained directly by using all three measuring 
methods on a single polished flat of an end-quenched bar of 4700 steel 
melted to 1.0% carbon which covered the full range of microstruc- 
tures encountered. 

The distance on the end-quenched bar to the Rockwell C-60 
position was taken as the hardenability criterion in all cases. This 
value approximates closely the 90%- martensite level but, more im- 
portantly, is only slightly above the generally conceded minimum ac- 
ceptable hardness for carburized parts. 


RESULTS AND DISCUSSION 


The carburized end-quench data for the four temperatures plotted 
as distance to the Rockwell C-60 versus carbon content for the 8020 
and 80B20 steels are shown in Fig. 2. The untreated steel exhibits 
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Fig. 2—Case Hardenability of 8020 and 80B20 Steels After Air Cooling From 
Carburizing and Reheating to Four Hardening Temperatures. 
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the familiar maximum in the hardenability-carbon curve correspond- 
ing to the point at which excess carbide is retained in the austenite to 
nucleate the transformation during quenching and to deplete the 
austenite in alloy content. This maximum shifts to higher harden- 
‘bility values and higher carbon contents as the hardening tempera- 
‘ure is raised. 

The boron-treated counterpart shows the usual large increase in 
iardenability at the 0.60 and 0.70% carbon levels, thus maintaining 
ihe advantage shown at 0.20% carbon (Fig. 1). Above about 0.80% 
arbon, however, the boron steel loses this advantage rapidly when 
juenched from the 1475 to 1525 °F (800 to 830°C) range until at 
|.0% carbon, the effect of boron is negligible. This checks well with 
he original Rahrer and Armstrong (1) data. When quenched from 
1600 and 1700 °F (870 and 925 °C), however, the boron steel retains 
a significant advantage at all carbon contents, although the increment 
due to boron is much less at 1.0% than at 0.60% carbon. 

Plotted together in Fig. 3 are the results on both steels after the 
single quench treatments. On the plain steel, the results are not 
essentially different from the reheating treatment at 1700 °F 
(925°C). The results at the 0.70% carbon level are low by an 
amount about equal to the probable experimental error, about 1% 
sixteenths in this hardenability range. The 80B20 steel, however, 
shows a distinct loss in hardenability at all carbon levels as a result 
of either direct quenching from 1700°F (925°C) or pot cooling to 
1525 °F (830°C) followed by quenching when compared with the 
1700 °F (925 °C) reheat. Wray (2) reported a loss in core harden- 
ability in 86B20 steel on quenching direct from the carburizer when 
compared to a reheat to approximately the same temperature. His 
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Fig. 3—Effect of Single Quench Treatments on the Case 
Hardemability of 8020 and 80B20 Steels. 


results showed that pot cooling to 1575 °F (855 °C) before quench- 
ing restored the core hardenability to the level obtained on reheating. 
Only at the 0.80% carbon level did we get a hardenability improve- 
ment of the pot cool to 1525 °F (830°C) treatment over the direct 
quench and neither reached the level of the 1700 °F (925 °C) reheat 
although they are probably within the experimental error at 1.0% 
carbon. The two dotted curves in Fig. 3 represent data by Jominy 
taken from an SAE Division VIII report edited by Knowlton (3) on 
an 80B20 heat of lower alloy content which confirms the lack of effect 
of pot cooling prior to quenching in this carbon range. The large 
case hardenability advantage of single over double quench treatments 
at normal hardening temperatures is, of course, obvious. 

The effect of boron on the hardenability through the case of steel 
of somewhat higher alloy content (94BV20) is shown in Fig. 4. Some 
important differences from the previous pair of steels are immediately 
apparent. At the 1475 °F (800 °C) hardening temperature, the plain 
and boron-treated steels are an exact match over the entire carbon 
range shown, while at 1525 °F (830°C) the plain 9420 has slightly 
higher hardenability in the 0.80 to 0.90% carbon range. Only at the 
higher reheating temperatures of 1600 and 1700 °F (870 and 925 °C) 
does the boron-treated material show to real advantage. Even here, 
the hardenability difference is reduced to near zero at 1600°F 
(870 °C) before the 1.0% carbon level is reached while at 1700 °F 
(925 °C) the effect is quite small at this carbon level. When proper 
allowance is accorded to the alloy difference between the two steels, 
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Fig. 4—Case Hardenability of 9420 (Heat 57222) and 94BV20 Steels After Air 
Cooling From Carburizer and Reheating to Four Hardening Temperatures. 
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Fig. 5—Standard Core Hardenability Curves of 9420 
(Heat 57222) and 94BV20 End-Quenched From 1525 and 
1700 °F (830 and 925°C). 


the boron-treated heat appears to better advantage and, at these high 


hardening temperatures, the boron effect is about the same as in the 
80B20 steel. 
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Fig. 6—Effect of Single Quench Treatments on the Case 
Hardenability of 9420 (Heat 57222) and 94BV20 Steels. 
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It is believed that the differences from the 8000 series steels 
noted at the lower hardening temperatures are due partly to the lower 
alloy content of the boron-treated analysis but principally to the 
vanadium content of the 94BV20. Fig. 5 shows clearly the usual in- 
crement in core hardenability increase of the 94BV20 over the 9420 
when quenched from 1700°F (925°C) in spite of the low boron 
value of 0,0003%. When a quenching temperature of 1525 °F 
(830 °C) is used on the 94BV20, however, the hardenability falls to 
a value little greater than that of the 9420 quenched from 1700 °F 
(925 °C), while the plain 9420 quenched from 1525 °F (830°C) 
shows only a small drop. It is the authors’ opinion that the poor 
response of the carburized 94BV20 at all case carbon levels from the 
1475 to 1525 °F (800 to 830°C) hardening range is due to the 
nucleating effect of the undissolved vanadium carbide in the austenite. 

A glance at Fig. 6 is sufficient to reveal that the single quenching 
treatments on the 9400 steels show nothing startling. The results on 
the plain heat are in good agreement with the 1700°F (925 °C) 
quench of Fig. 4 and the same may be said of the boron-treated 
analysis. The small loss in hardenability on cooling to 1525 °F 
(830 °C) before quenching may not be real. Of course, a great ad- 
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Fig. 7—Case Hardenability of 9420 (Heat 68696) and 94B20 Steels. Bottom, 
after air cooling from carburizer and reheating to four hardening temperatures, and 
Top, after carburizing at 1700 °F (925 °C), cooling to 1525 °F (830 °C) and quenching. 


vantage in case hardenability exists in favor of single quenching over 
a double quench treatment at a normal hardening temperature of 
1525 °F (830 °C). 

In view of the results obtained on 94BV20, a heat of 94B20 
(Heat No. 68775 of Table I), treated with Grainal No. 79, was 
chosen as representative of this type. Since the alloy content of this 
heat was considerably lower than the original 9420 heat (No. 57222), 
an additional 9420 heat (No. 68696) was chosen as companion 
material to test with it. The double quench treatments on both heats 
at the four quenching temperatures are shown in the lower part of 
Fig. 7 and exhibit the same behavior as the 8020 and 80B20 types of 
Fig. 2, also Grainal No. 79 treated. There is little effect of the boron 
above 0.90% carbon until the quenching temperature is raised to 
1600 °F (870°C). 

Of the single quench treatments, only the one involving cooling 
from the carburizer to. 1525 °F (830°C) before quenching was used. 
The results are a good match for the respective 1700 °F (925 °C) 
reheating treatments. Jominy’s data, taken from the same SAE Divi- 
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sion VIII report edited by Knowlton (3), on a 94B20 heat of similar 
base composition are shown as the two dotted curves in Fig. 7. The 
agreement is better than on the 80B20 material except at the high 
carbon levels. Insufficient information was given in Reference 3 re- 
garding the details of procedure to determine the possible causes of 
the discrepancies. However, if Jominy used Rockwell C indications 
for hardness measurement, the deeper penetration of the Rockwell C 
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Fig. 8—Case Hardenability of 4720 and 47B20 Steels After Air Cooling From 
Castemans and Reheating to Four Hardening Temperatures. 
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indenter into the harder underlying structure would affect the hard- 
ness results, and the shape of the final curve obtained would be altered 
accordingly and in the direction indicated. 

Finally, in order to show the behavior of boron in a base com- 
position of higher alloy content, the same series of tests were run on 
a 4720 and 47B20 heat. The results for the double treatments, shown 
in Fig. 8, are quite fragmentary because at many of the testing con- 
ditions the hardenability of the intermediate carbon levels is too high 
for the end-quench test to measure. The behavior of boron at this 
alloy level is quite similar to the previous types tested. There is no 
effect of boron at the 1.0% carbon level for quenching temperatures 
as high as 1600 °F (870 °C), while a significant improvement due to 
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Table Il 


Boron Multiplying Factors for All Carbon Levels and Treatments 
Corrected to Base Analysis of Boron-Free Steel 





Quench 
Temperature Carbon Level——_—____——_~ 
°F 0.60 0.70 0.80 0.90 1.00 1.05 
80B20 (Heat 10541) Corrected to Heat 2653 
1475 1.52 1.47 1.40 1.21 1.08 
1525 1.52 1.47 1.36 cone 1.05 
1600 1.57 1.54 1.53 1.37 1:23 
1700 1.57 1.54 1.53 1.44 1.25 
1525D ‘ee 1.68 1.68 1.32 1.06 
1700D awa 1.65 1.43 1.33 1.06 
94BV20 (Heat 40189) Corrected to Heat 57222 
1475 1.07 1.10 1.10 1.07 1.07 1.06 
1525 1.13 1.12 1.00 1.00 1.00 1.04 
1600 1.62 1.47 1.45 1.30 eae 1.06 
1700 1.70 1.62 1.50 1.38 1.28 Sih 
1525D 1.65 1.55 1.50 1.33 Be > | 
1700D 1.65 1.62 1.43 1.33 1.33 
94B20 (Heat 68775) Corrected to Heat 68696 
1475 1.50 1.28 1.20 1.09 1.02 1.03 
1525 1.45 1.30 1.24 1.15 1.04 1.00 
1600 1.54 1.35 1.31 1.15 1.10 1.03 
1700 1.57 1.53 1.44 1.38 1.20 1.05 
1525D 1.50 1.62 1.55 1.28 1.18 Say 
47B20 (Heat 02324) Corrected to Heat 2654 
1475 1.20 1.20 1.25 1.15 1.00 0.97 
1525 1.50 Gina see 1.19 1.90 0.97 
1600 1.67 alk te ‘ 0.97 
1700 1.50 era 
1525D 1.50 
1700D 1.44 


boron was noted at the 0.90% carbon level. The single quench treat- 
ments, though run, are not included because only the 0.60% carbon 
levels were measurable. 

The data of Table II are an attempt to summarize the effect of 
boron on the case hardenability of all steels for all treatments covered 
in the investigation. In Table II are listed the multiplying factors for 
boron at each carbon level and treatment computed by the same pro- 
cedure as was used by Rahrer and Armstrong (1). Briefly, the dis- 
tances to Rockwell C-60 (approximately 90% martensite) on the 
hardenability curves were converted to DI values for both the plain 
and boron-treated steels. The DI values for the boron-treated steels 
were then corrected to the base analysis of the appropriate boron-free 
steel. The ratio of these DI values is the multiplying factor for boron 
at each carbon level and treatment. It is recognized that this is a 
synthetic multiplying factor in some respects since solution is far 
from complete in many treatments. It is assumed that the degree of 
solution in the boron-treated and boron-free steel at a given carbon 
level and treatment are the same and hence the multiplying factor is 
a true relative value of the boron effect. 

The increase in boron effect with increase in quenching tem- 
perature and decrease in carbon level is clearly apparent. It is equally 
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clear that, as far as the carburized end-quenched bar is able to follow, 
the boron effect from the Grainal No. 79 additions is very close to 
the same value at all three levels of alloy content. 


SUMMARY 


The carburized end-quenched test was used to evaluate the effect 
of boron on the case hardenability of 80B20, 94BV20, 94B20 and 
47B20 over the range of carbon contents between 0.60 and 1.0% for 
several heat treating conditions. Boron-free steels of substantially the 
same base analyses were procured and processed through all treat- 
ments with their boron-treated counterparts. Double quench treat- 
ments were simulated by gas carburizing the end-quench bars at 
1700 °F (925 °C), air-cooling, reheating to quenching temperatures 
of 1475, 1525, 1600 and 1700 °F (800, 830, 870 and 925°C) and 
end-quenching. Two popular single quench treatments were per- 
formed by pack carburizing the end-quench bars at 1700 °F (925 °C) 
direct end-quenching one group and pot cooling the other to 1525 °F 
(830°C) before end-quenching. Dummy specimens destined for 
carbon gradient determinations were included for each steel and treat- 
ment and carried through the entire heat treating cycle except for 
cooling in Silocel instead of end-quenching. Duplicate flats were wet 
ground at approximately 0.010-inch carbon level increments from 1.0 
to 0.60% carbon, the longitudinal hardness determinations made by 
Rockwell A and 500-gram Tukon methods and converted to Rock- 
well C. The results are presented as a series of plots of the distance 
from the quenched end to the Rockwell C-60 position on the end- 
quench bar for each hardening treatment on each steel. Multiplying 
factors for boron were computed and are presented in tabular form 
for each carbon level and treatment for the boron-treated steels with 
the analyses of these steels corrected in DI value to the base com- 
position of the boron-free counterparts. 


CONCLUSIONS 


1. For all heat treatments used, the effect of boron on the case 
hardenability of all four boron-treated steels investigated decreased 
with increase in carbon content. 

2. In double quench practice, the effect of boron is low to neg- 
ligible at high carbon levels with anormal hardening temperature in 
the 1475 to 1525 °F (800 to 830°C) range. In general, the boron 
effect increased with quenching temperature at a given carbon level. 

3. Both single quench treatments employed yielded much higher 
boron effects at the higher carbon levels than double quench treat- 
ments at normal hardening temperatures. Both treatments yielded 
results about equal to that obtained on reheating and quenching from 
1700 °F (925 °C). No evidence of serious fading of the boron effect 
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as a result of direct quenching was noted in the carbon range in- 
vestigated and pot cooling to 1525 °F (830°C) before quenching did 
not increase the boron effect. 

4. In the normal hardening range of 1475 to 1525 °F (800 to 
830 °C) with double quench practice, the single heat of 94BV20 
(treated with Grainal No. 1) tested exhibited negligible boron hard- 
enability effect at all carbon levels investigated. Higher hardening 
temperatures and single quench treatments yielded as large boron 
effects as any obtained. It is believed that this behavior is due to the 
nucleating effects of undissolved vanadium carbide on austenite trans- 
formation at low solution temperatures. In contrast, a heat of 94B20 
(Grainal No. 79 treated) showed much higher boron effects at low 
hardening temperatures and underwent only the normal small in- 
crease in boron effect with increase in quenching temperature. 

5. Within the limits of hardenability measurement, the steels 
treated with Grainal No. 79 appeared to show the same behavior over 
the full range of alloy content from 80B20 to 47B20. 
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DISCUSSION 


Written Discussion: By E. J. Dofter and W. E. Jominy, Engineering 
Department, Chrysler Corp., Detroit. 

The authors should be commended on their excellent paper in which 
due recognition was given to precautions necessary in running carburized 
end-quench hardenability test bars. Based on work done in our labora- 
tories on carburized steels of similar composition, we generally agree with 
the results presented in this paper. Perhaps because of the renewed inter- 
est in carburized hardenability test bars, there has been less agreement 
between laboratories on techniques to be used in running such tests as well 
as in how data should be reported. 

In their paper the authors mentioned that carburized and direct 
quenched bars were reheated in a salt bath to succeedingly higher temper- 
atures. Since no mention was made of the type of salt used or what meas- 
ures were taken to protect the surface of the carburized bars, we wondered 
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if the authors experienced any difficulty from surface disturbances such as 
carburization or decarburization on the test bars. 

The authors also mention that the 500-gram Tukon load was used to 
determine exactly the hardness position corresponding to Rockwell C-60 
after the bar had been run using the Rockwell A. In this connection, it 
has been our experience that light loads, such as are frequently used with 
the Tukon, tend to give more scatter due to inhomogeneities and banding 
in steel, so that it is generally more difficult to determine exactly the hard- 
enability to a given hardness. As the authors mention, tests made on car- 
burized bars using heavy loads yield erroneous results because of the pene- 
tration effect. As a compromise between these two conditions we have 
employed the Rockwell N-15 scale with very satisfactory results. 

It has also been our experience that on carburized bars at.1.00% carbon 
and above, the maximum hardness is seldom attained near the water- 
cooled end on direct-quenched test bars due to the presence of retained 
austenite. It thus becomes very difficult to determine hardenability at 
high carbon contents using hardness methods. Metallographic examination 
of test bars can overcome this. It has been our practice to sub-cool bars 
where the presence of retained austenite is suspected. Would the authors 
care to comment on their experience with retained austenite in carburizing 
hardenability studies? 

Written Discussion: By Harry B. Knowlton, chief engineer, Materials 
Engineering, International Harvester Co., Chicago. 

The authors are to be congratulated on presenting some very timely 
and valuable data upon the effect of boron on the case hardenability of 
various alloy steels. We are certainly much concerned with developing all 
possible information with regard to the effect of various alloying elements 
upon the hardenability of the case portion of case-hardened steel parts. 
We have been fairly successful in calculating the expected hardenability 
of 0.90 carbon layers of some of the alloy steels, although we have been 
told that the same multiplying factors, which are given for hardenability 
effect of different elements at 0.40 carbon, cannot always be used at carbon 
contents of 0.70 to 0.90. It has been stated that high nickel content has 
a much greater effect upon the hardenability of high carbon steels than it 
does with 0.40 carbon steels. We believe that there is need for a great 
deal more data on this subject. 

We feel very much encouraged over the results presented by the 
authors of this paper, as they would indicate that while the hardenability 
effect of boron decreases with increase of carbon content, it seems to re- 
‘ main fairly constant for different alloy steels when given a direct quench 
from 1700°F. We are particularly interested in this subject because we 
feel that we must determine the mifimum hardenability which may be 
expected with the lowest hardenability heat of any proposed steel. Cer- 
tainly we must guarantee that any production part under consideration 
can be hardened to the specified minimum (Rockwell C-57 or 60) on the 
surface with a production quench. 

Similarly it may be necessary that different depth below the surface 
shall attain the minimum necessary hardness to meet the stress at that 
depth. The authors of this paper are concerned primarily with hardness 
of Rockwell 60 and above, which is logical for their products. The writer 
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Fig. 9—Farmall H Gear Dynamometer Results Versus Tooth Root Properties. 


elieves, however, that those concerned with heavy-duty case-hardened 
gears and pinions should take into consideration the minimum hardness 
which will be obtained by a production heat treatment of various steels, 
it various depths below the surface. 
In some cases the boron steels have shown an advantage over pre- 
vious steels in that they have produced a hardness of Rockwell C-50 for 
greater depth. (See Fig. 9.) In another case, we found a tendency for 
he hardness at a depth of about 0.015 to 0.020 inch below the surface, 
ietermining the difference between success and failure. We would urge 
veryone concerned with case-hardened alloy steel parts to make an exten- 
sive study of the effect of hardness, at different levels in the case, upon 
ictual performance in service. 


Authors’ Reply 


We are happy that some interest has been shown in this subject of 
carburized hardenability, since it has such real importance on the per- 
formance of heavy-duty gears and roller-bearing components. 

Messrs. Dofter and Jominy’s question regarding surface protection 
during reheating of the bars in salt is well taken. A 50% KCI1-50% 
NaCl bath was used at the lower temperatures and a 90% BaClh-—10% 
NaCl bath at 1700°F. These baths were deoxidized at regular intervals 
and the carbon cuts taken on the dummy bars never showed carbon loss 
to a depth greater than 0.005 inch. Since the dummy bars had a greater 
opportunity for carbon loss than the end-quench bars (due to Silocel 
cooling) and no hardness readings were taken at depths below the surface 
of less than 0.015 inch, We did not feel that decarburization affected the 
results in any way. 


The 500-gram Tukon test does produce significant scatter of readings 
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due to heterogeneity but the average of several readings always pro- 
duced good correlation with the Rockwell A test. In our laboratory the 
Tukon tester happens to be a more convenient instrument than the 
Rockwell Superficial but we see no reason why the latter should not 
be at least as satisfactory. 

With regard to retained austenite and its effect upon the results of 
this study, we took the entirely practical viewpoint that the end-quenched 
bars would satisfactorily reflect the hardness and microstructure of the 
production part quenched after the same austenitizing conditions. While the 
presence of retained austenite in the case of these steels (particularly the 
4720 grade) does lower the hardenability over that obtained after sub-zero 
treatment, it is seidom that one can afford to treat production parts in 
this manner. It is only in those few cases that the sub-zero treated end- 
quenched bar should provide useful data for production control. 

We agree with Mr. Knowlton that much has yet to be learned about 
the effects of the common alloying elements on the hardenability of 
high carbon steels and carburized cases. We intend to publish some work 
from our own laboratory on this subject in the near future. 

Our thanks are due to the discussers of this paper for the additions 
they have made to its value. 





THE ROLE OF ANELASTICITY IN CREEP, TENSION, 
AND RELAXATION BEHAVIOR 


By J. D. LuBAHN 


Abstract 


The gradual shortening that follows the removal of 
the load in a creep test is called creep recovery. The ex- 
pertments described in this paper show that creep recovery 
exhibits the same behavior characteristics as anelastic de- 
formation. Both can be described in terms of a mechanical 
model composed of springs and dashpots. 

In a Cr-Mo-V steel, the amount of creep recovery as 
a function of time is related to (a) the deviations from 
linearity of a stress-strain curve at small stress, (b) the 
temporary shortening and eventual lengthening following 
partial unloading, and (c) the stress relaxation behavior 
(at constant length) following partial unloading. The ob- 
servations are explained quantitatively by identifying creep 
recovery with anelastic deformation. 

There is a limiting stress for the Cr-Mo-V steel, below 
which creep 1s essentially all anelastic. This limiting stress 
depends somewhat on the duration of the creep test; it 1s 
about 20,000 psi at 800 °F (425°C) and can be raised to 
at least 40,000 psi by as little as one per cent plastic strain 
at 800 °F (425 °C). 


[HE INFLUENCE OF STRESS AND TIME ON CREEP RECOVERY—PArT I 


ORSION pendulum experiments (1) on metal wires have | 
shown that a sufficiently small constant stress will produce non- 
instantaneous strain (creep) that is completely recoverable isother- 
mally in a sufficiently long time. This noninstantaneous strain has 
been called anelastic strain (or anelastic creep), and is to be distin- 
guished from elastic strain, which occurs instantaneously. Anelastic 
strain exhibits the following characteristics in isothermal tests: 

(a) The amount of strain introduced in a given time is propor- 
tional to the stress ; 

(b) The curve of shortening versus time after unloading is 
identical with the prior curve of lengthening versus time under con- 
stant load, for times that are considerably shorter than the duration 
of prior load ; 

1The figures appearing in parentheses pertain to the references appended to this paper. 


The author, J. D. Lubahn, is associated with the Metallurgy Research 
Department, The Knolls, General Electric Co., Schenectady, N. Y. Manuscript 
received July 3, 1952. 
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(c) When the time after unloading is comparable with or ex- 
ceeds the loading time, the curve of shortening versus time is related 
to the prior lengthening curve in a more complex manner. The rela- 
tionship is also more complicated when the prior load is not constant 
or when only part of it is removed. However, the mechanical be- 
havior under any conditions can be described in terms of a mechanical 
analogy (2) in which springs and dashpots are arranged in the man- 
ner shown in Fig. 1. 

The anelastic characteristics described above have been deter- 
mined at very low stress levels—so low that plastic strain (permanent, 





Load 


Fig. 1—Schematic Dia- 
ram Showi a Spring- 
ashpot Analogue to An- 
elastic Strain. 


or nonrecoverable strain) does not occur and the specimen will return 
to its original configuration if allowed to remain at zero applied stress 
for a sufficiently long time. It has been found (3-6) that gradual 
shortening also will occur isothermally following unloading from much 
higher stresses, particularly stresses so high that plastic creep has 
occurred, that is, the specimen will not return subsequently to its 
original length. Under these conditions the gradual shortening ob- 
served after unloading may be of a different nature from what has 
been called anelastic behavior, and so it has become customary to 
refer to it as “creep recovery” rather than anelasticity. It will be the 
purpose of this paper to examine in detail the nature of creep recovery 
at comparatively high stresses both in the presence and absence of 
plastic strain, to show that creep recovery conforms to the same set 
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of laws as does anelastic shortening, and thus actually is anelastic 
shortening, and to inquire into the effects of this anelastic strain on 
various deformation behaviors. 


Test Procedure and Equipment 


The tests were made in a four-bar horizontal creep furnace, the 
temperature of which could be controlled to within 3°F with time 
and along the gage length. The furnace winding was a spiral with a 
tap and resistor approximately 12 inches from each end to adjust 
temperature distribution manually. A movable platinum — platinum- 
rhodium thermocouple in a tube parallel to the specimens and equi- 
distant from all of them provided a convenient and accurate means 
of checking the temperature distribution. 

Load was applied through a 100: 1 lever combination. The bar 
from which the weight pan was hung was maintained in a horizontal 
position by means of a threaded rod and nut at the opposite end of the 
furnace, which facilitated moving the entire specimen assembly either 
forward or backward under load, thus raising or lowering the lever 
arm as its angular position changed with the creep. 

When a load was to be applied, the lever arm was first raised to 
the top of its stroke so that when the load was applied the lever arm 
would come to a horizontal position rather than to the bottom of its 
stroke. The load was applied in a second or two. 

The specimen was one-half inch in diameter and had a 10-inch 
gage length. The change in distance between split clamps at the ends 
of the gage length was transferred to the outside of the furnace by 
means of two pairs of rods, each pair consisting of a rod from each 
end of the gage length. The relative motion for the two rods of 
each pair was measured by a 1/10,000-inch dial gage. The two pairs 
of rods were symmetrically disposed so that the two dial gages meas- 
ured extension on diametrically opposite sides of the bar. The changes 
in reading on the two gages were averaged and divided by ten to 
obtain centerline strain. 


Strain-Time Relations for Creep Recovery 


Fig. 2 shows strain-time data for a Cr-Mo-V? steel at 800 °F 
following unloading from 46,000 psi. The prior load of 46,000 psi 
caused about 0.0002 plastic strain in its 100-hour duration. Curve b 
in Fig. 2 is a magnification in time of curve a. The rate of shortening 
is very large at first, but it diminishes rapidly and becomes very 
small in a length of time comparable with the load duration. 
Further shortening cannot be measured with the present gage in a 
time that is reasonable to wait. The curve has the general form of 


_ ®Main constituents: 0.41% carbon, 0.99% chromium, 0.58% molybdenum, 0.31% vana- 
a “a from 1650 °F as a 3-inch round, tempered 12 hours at 1240 °F, then 5 
ours at 1 oa 








790 TRANSACTIONS OF THE 4A.S.M. Vol. 45 


© Data Points 
Data Fitted With 
—-—-—— One Term 
—-— Two Terms 
——— Three Terms 
Four Terms 


elt Pt tat 
Mr 
AEE EEE 











Creep Strain - microinches per inch 
i 


02 468 © 2 WB 6D 22 
Time-minutes 


——-(a) Strain-Time Curve at 800°F After Unloading 
oximately a 100-Hour Period at 46,000 Psi and 800 °F; 
(b) “Nenad cations in Time of (a). 


the exponential decay curves that are characteristic of anelastic short- 
ening. Fig. 2 shows that the curve cannot be fitted with a single term 
of the form 

e-a(l—e*”), Equation 1 
where e€ is the shortening per unit length, t is time beginning at the 
instant of unloading, and a and +r are constants. In other words, it 
is necessary that there be several spring-dashpot combinations with 
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different relaxation times + in the mechanical analogue of Fig. 1. A 
method of successive approximations, using more and more terms as 
required (see Fig. 2), shows that four terms, with relaxation times a 
factor of ten apart in successive terms, are required to fit the data. 
Thus, the equation for the curve is 


10° « = 63.4 (1 —e™) + 63.4 (1 —e*™) + 
17.8 (1—e**) + 54.0 (1—e*"**). 
Equation 2 


The concept of a relaxation spectrum provides a more direct 
method of finding the exponential series that fits the creep recovery 
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Fig. 3—Creep Curve for Cr-Mo-V Steel at 40,000 Psi and 800 °F After Pre- 
straining by 0.007 at 68,000 to 72,000 Psi and Resting 1000 Hours at 4000 Psi. 


data. Consider an infinite series of terms, each like that in Equation 1, 
each having an infinitesimal as its coefficient, and each having a relax- 
ation time greater by an infinitesimal than that of the preceding term. 
Then the series can be represented by a graph, with ordinate y(r), 
which is called a relaxation spectrum. Dividing the area under the 
curve into infinitesimally narrow vertical rectangles, the area of each 
rectangle is the coefficient “‘a’”’ of one of the terms of the infinite series, 
and the abscissa to the center of the rectangle is the logarithm of the 
relaxation time 7 for that term. Such a relaxation spectrum can be 
approximated by finite series similar to Equation 2 when the elements 
of area have finite width. 

The relaxation spectrum can be determined to a close approxi- 
mation (7) by plotting the creep recovery versus log time and meas- 
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uring the slopes. The slopes are nearly the correct ordinates for the 
relaxation spectrum if the log time values are taken as the corre- 
sponding abscissa values. It was found for the material and con- 
ditions of the present investigation that this first approximation to 
the relaxation spectrum usually corresponds to a slightly higher 
strain versus log time curve than the measured one; but if the differ- 
ence is small, the first approximation relaxation spectrum can be ad- 
justed to the correct curve. The adjustment is made by subtracting 
the strain versus log time curve calculated from the approximate re- 
laxation spectrum from the measured strain versus log time curve, 
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Fig. 4—Relaxation Spectrum Corresponding 
to the Creep Data of Fig. 3. 


and measuring the slopes of the difference curve to obtain an incre- 
ment relaxation spectrum to add to the first approximation. A single 
correction often is sufficient. 

Figs. 3, 4, and 5 illustrate the calculation of the relaxation spec- 
trum from creep recovery data. Fig. 3 shows creep data, expressed 
as creep strain versus log time obtained under conditions (see Part 
III) where the specimen eventually returned to its original length 
following removal of the load. By the definition given in the intro- 
duction, the creep strain for the test, of Fig. 3 was anelastic strain. 
The solid line in Fig. 3 fairs the data points, and the measured slopes 
of this line are plotted in Fig. 4 as a first approximation to the relax- 
ation spectrum. The strain-time curve corresponding to this approxi- 
mate relaxation spectrum is shown dashed in Fig. 3. From the dif- 
ference between the solid and dashed curves in Fig. 3, the approxi- 
mate relaxation spectrum in Fig. 4 was corrected to the final one. 
Fig. 5 shows that the strain-time curve corresponding to the final 
relaxation spectrum compares favorably with the original data. For 
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Fig. 5—Creep Curve for Cr-Mo-V Steel at 40,000 Psi and 800 °F After Pre- 
straining by 0.007 at 68,000 to 72,000 Psi and Resting 1000 Hours at 4000 Psi. 


purposes of accuracy in this example, the successive relaxation times 
were taken only a factor of three apart, but for most purposes a factor 
of ten in the successive relaxation times is good enough. 

The general form of curves of creep recovery versus time has 


also been investigated by Johnson (3), who proposed a logarithmic 
relation 


e ~ log (= +- 1) Equation 3 


up to a certain time, after which the length remains constant. Fig. 6 
depicts Johnson’s creep recovery data following the longest duration 
of loading at each temperature. Equation 3 fits quite well provided 
that t, is suitably chosen. Johnson’s data exhibit the same general 
characteristics as those described above. The rate of shortenirig is 
very large at first, although it soon becomes very small. The spread 
of relaxation times necessary to represent his data by an exponential 
series is very broad, as is illustrated in Fig. 7 where Equation 3 has 
been approximated by an exponential series over a range of times 
slightly greater than that of Johnson’s data. The figure illustrates a 
fact that is generally true for the conditions of this investigation, 
namely, that if an exponential series is to fit a set of creep recovery 
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Fig. 6—Creep Recovery of a 0.17% Carbon Steel. From the data of Johnson (3). 
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Fig. 7—Approximation to Log (t + 1) by an Exponential Series. 


data, the spread of relaxation times will have to be approximately the 
same as the spread of time values covered by the data. 

Although Equation 3 fits Johnson’s data fairly well prior to the 
point of leveling off, it is not entirely satisfactory because there is 
nothing about the relation to indicate when or in what manner level- 
ing off will occur, or how the proportionality constant depends on the 
prior load duration. It will be shown that an equation of the form 
of Equation 2 fits his data just as well, and that it does make specific 
predictions as to the way in which the rate of creep recovery changes 
and the time and manner of leveling off. 





1953 ANELASTICITY IN CREEP AND TENSION 795 


iz 58 0.100 

& |$S8 Foose. 

S15" § 0.092 }~Total Conventional Strain 

o _ (mils per inch) 0.24 

2 ‘ q i's 0.22 

€ U 9 0.082 POO tO a a Om nan Oe oe me aC 

£ELIH oO 100 200 300 # 400 500 600 700 800 

Eliz Time - hours 0.16 

7 8 0.14 

e ff] 0.12 

2 Creep Recovery Following Removal of the Load 

c F (See Also Insert Above) 0.10 

> De Om Om Om Oma 0 Ome ee Ome Gm OO Om mn Om OO OOM OMOM Om O— Om Ome 0 Om OMO™ (1) 3 

S425 0.06 

34g 0.04 

° wo? 

me 0.02 
0 


0 100 200 300 400 500 600 700 800 
Time -hours 


Fig. 8—Creep and Creep Recovery in Cr-Mo-V Steel at 800°F. 72,000 psi was 
soutielt for 22.96 hours and then removed. 


Although Johnson’s data (3) seem to indicate that creep recovery 
eventually ceases, the possibility still remains that the rate of shorten- 
ng becomes increasingly smaller, but does not vanish. Consequently, 
he question of whether or not creep recovery eventually ceases was 
re-examined in some detail. Of course, it is to be expected that creep 
recovery would cease when the specimen had returned to its annealed 
length, for it seems unlikely that more strain would be regained by 
creep recovery after unloading than the creep caused by the original 
load. On the other hand, the small magnitude of the creep recovery 
effects compared with the very large values of prior creep under load 
suggests that the specimen might stop shortening at a length 
considerably longer than the initial length. Whether or not the - 
specimen will stop shortening at a length longer than the annealed 
length is a fundamental matter; for if it does not, the term “plastic 
strain” to denote the part of the creep that is not recoverable, even in 
very long times, is meaningless. 

When creep recovery data are represented directly as strain ver- 
sus time, there is sometimes the appearance of an equilibrium length 
having been reached, while at other times it appears that shortening 
will always continue, though at an ever-decreasing rate. Fig. 8 shows 
data where an equilibrium length appears to have been reached. 
Within the limit of the scattering, the length has not changed during 
an interval of time that is as long as the period during which short- 
ening occurred. Fig. 9 shows data where there is no clear indication 
that an equilibrium length will be reached. The whole curve has 
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Fig. 9—Creep Recovery at 4000 Psi Following About 1200 Hours at 68,000 to 
72,000 Psi. 800°F. Cr-Mo-V steel. 


about the same shape as a magnification in time of its early portion, 
suggesting that creep recovery may be no more complete after 1000 
hours than it was after 140 hours. 

For the purpose of making a better estimate of whether or not 
an equilibrium length is reached during creep recovery, the long-time 
data for the various tests are represented in Fig. 10 as strain versus 
t/(t-+ 5) (tin hours). The reduction in, and duration of, prior load 
and the resulting plastic strain are also shown in the legend of Fig. 10. 
The time function of Fig. 10 has the advantage that t = 0 and t = « 
are at finite positions on the abscissa scale: at t/(t +5) —0O and 
t(t-+ 5) =1. The curves for tests 1, 5, 6, and 9 definitely approach 
a finite value. For test 9, the definiteness of approach to a limit is 
indicated more clearly in Fig. 11, which shows more of the earlier part 
of the curve. This curve, as well as the curve for test 5 in Fig. 10, 
becomes concave downward near the end of the test, thus showing a 
particularly clear approach to a finite limiting strain. 

Although four of the nine curves in Fig. 10 appear to approach a 
limiting strain, three of the others (2, 7, and 8) are so steep at long 
times that it is impossible to say whether a limit is approached or not, 
even by expanding the abscissa scale to reduce the steepness (Fig. 12). 
Also, there is some doubt about the existence of a limiting strain for 
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Fig. 10—Creep Recovery per Unit Stress Decrement for Cr-Mo-V Steel at 800 °F. 


tests 3 and 4. It is significant that the three curves not having an 
obvious limiting strain correspond to the longest durations of prior 
loading. One might suspect that the length of time for leveling off 
might increase with the duration of prior load, so that the failure of 
tests 2, 7, and 8 to level off might be due solely to the fact that the 
creep recovery measurements were not extended far enough in com- 
parison to the duration of prior load. 

The possible influence of prior load duration on the “leveling-off” 
time was investigated for those curves that definitely “leveled off”. 
Of course, the leveling-off time is a somewhat indefinite quantity that 
will have to be determined in accordance with a more or less arbitrary 
definition. The leveling-off time was taken as the time when the 
strain first fell short of the extrapolated limiting strain by less than 
the spread of scattering of the data points with respect to strain. 
Fig. 13 shows that “the typical scattering at long times is about 
5 X 10 for a stress change of 30,000 psi, and Fig. 14 shows that the 
worst scattering is about 1 x 10° to 2 x 10° for a stress change of 
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Fig. 11—Creep Recovery per Unit Stress Decre- 
ment for Cr-Mo-V Steel at 800°F. Test No. 9 follow- 
ing 50 hours at 46,000 psi. 
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Fig. 12—-Creep Recovery per Unit Stress Decrement for Cr-Mo-V 
Steel at 800 °F. Magnification of last part of curve of Fig. 10. 


20,000 psi. Taking 3 x 10°! per unit stress change as a rough value 
of the scattering in Fig. 10, the leveling-off times as shown in Table I 
are obtained. These values have been plotted against the duration of 
prior load in Fig. 15, which shows that leveling off occurs in about 
2.5 times the duration of prior load for the material and conditions 
of the present investigation.* Consequently one would expect to see 

8Johnson (3) found for a given temperature that the leveling-off time for creep recovery 


— between % and 15 times the load duration depending on the absolute maznitude of load 
uration. 
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Table I 
Test No. Duration Prior Load Leveling-Off Time 
Hours) (Hours) 
1 168 About 400 
5 24 About 150 
6 192 About 400 
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Fig. 13—Creep Recovery at 4000 Psi Following a Creep Test of 580 Hours 
Duration at 40,000 Psi and 800 °F (see Fig. 5). 


| definite limiting length being approached, if not already reached, 
when the creep recovery data extend to times at least 2.5 times the 
duration of prior load. On the other hand, it would not be surprising 
to find that the limiting strain, if any, was not apparent from creep 
recovery data extending to times considerably less than 2.5 times the 
duration of prior load. Fig. 16 shows that the definiteness of the lim- 
iting strain bears the expected relationship to the creep recovery time 
and to the duration of prior load. 

It seems reasonable to conclude from the foregoing that creep 
recovery eventually ceases after unloading a creep specimen, and 
therefore that part of the original creep is really plastic (nonrecover- 
able). Eventual cessation of shortening after unloading is one char- 
acteristic of anelasticity. Consequently, the conclusion that creep re- 
covery also ceases eventually supports the hypothesis that creep recov- 


ery is in reality anelastic shortening, conforming to the spring-dashpot 
analogy. 
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Fig. 15—Effect of Prier Load Duration on 
What Length of Sete Time at Zero Load Is 
Required to Reach Equilibrium Length on temper- 
ature: 800°F. Points are for tests at 5, 6, and 9 
in Fig. 10. 


Relations Between Creep and Creep Recovery 


When a load is removed only after stretching has ceased, and 
where all the strain eventually is recovered following removal of the 
load, the spring-dashpot analogy predicts that the strain-time curves 
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under load (creep) and following removal of the load (creep recovery ) 
will be congruent. This congruency has been observed for very small 
stresses and under other suitable conditions in torsion pendulum 
experiments (1). 

For the material and temperatures used in the present investi- 
gation, it was found possible under certain conditions to suppress 
plastic flow entirely during the application of the load (see Part IIT). 
Yet in no instance, whether plastic flow was suppressed or not, did 
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Fig. 16—Relationship Between the Definiteness With 
Which an Equilibrium Length Is Reached During Creep 
Recovery and the Ratio of Prior Load Duration to Ex- 
tent of Creep Recovery Measurements. 


there appear to be a limiting creep strain, or strain that would never 
be exceeded under load. Fig. 3 illustrates, for example, that a limit- 
ing anelastic strain had not been reached in 580 hours. In the present 
investigation, therefore, the load was always removed before stretch- 
ing had ceased. Under these conditions the spring-dashpot analogy 
predicts that the loading and unloading strain-time curves will be 
congruent at short times but will deviate at times comparable to the 
duration of the prior load. 

The observation that the recoverable part of the creep strain 
increases indefinitely with time at load is in contradiction to Johnson’s 
observations on 0.17% carbon steel that the recoverable part of the 
creep strain reaches a limit in 200 hours. In his tests this limit was 
not exceeded, even for times of 1000 hours. 

The fact that anelastic creep apparently does not approach a limit 
under load can be expressed also in terms of the relaxation spectrum. 
It means that the relaxation spectrum does not fall to zero, even for 
relaxation times that are considerably longer than the longest values 
of load duration used in the tests. On the contrary, the relaxation 
spectrum apparently falls to zero for relaxation times that are of the 
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Fig. 17—-Early Portion of Creep Recovery Curve Following 7 Days at 20,000 Psi. 
Cr-Mo-V steel tested at 800 °F. Specimen previously has been subjected to 45,000 psi 
for 96 hours but had rested 23 days before reloading. 
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Fig. 18—-Early Portion of Creep Recovery Curve Fol- 
lowing 96 Hours at 45,000 Psi. Cr-Mo-V steel. 800 °F. 


same order as the shortest times of measurement, as shown in Fig. 4. 
If the relaxation spectrum had exhibited a finite height for relaxation 
times considerably shorter than the shortest time of measurement, 
then considerable strain would have appeared between the change in 
load and the first reading, and extrapolation of the data to the length 
at the instant of load change would have been impossible. Under these 
conditions no clear separation of elastic and nonelastic deformation 
can be made by this method. This is the case for copper and for the 
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Fig. 19—Schematic Diagram Illustrating Method of Determining Anelastic 
Shortening After Unloading From Data on Anelastic Lengthening Prior to Un- 
loading. 
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Fig. 20—Creep Curve for 30,000 Psi Applied Following About 100 Hours of 
Creep at 46,000 Psi and Subsequent Resting for 100 Hours. Also shown is the 
calculated plastic creep taking account of the anelasticity (see Fig. 2) exhibited 
during the resting period. 


aluminum alloy 61ST at room temperature (8), except for exceed- 
ingly small load changes. For the conditions of the present experi- 
ments, however, extrapolation to the strain or length value imme- 
diately following a load change was usually feasible using a straight 
time scale (Fig. 17), but in a few cases the use of a t™ scale was re- 


Paver 
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quired to obtain a line that was straight enough to extrapolate reason- 
ably (Fig. 18). 

Fig. 5 shows creep data where plastic flow was suppressed (see 
Part III), and Fig. 13 shows the creep recovery data following re- 
moval of the load. If the spring-dashpot analogy is correct, the creep 
curve following unloading can be obtained by subtracting the original 
creep curve from itself with a time offset equal to the loading time, 


Creep Recovery o 4 3G 
Recoverable Creep 

introduced at Load ® s&: @ 
Test Temperature 425 455 485 °c 


Stress Level 

Prior to Creep Recovery 7 7 = # tons/sq.in. 
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Fig. 21—Comparison of the Time Dependence of 
Recoverable Creep Introduced at Load and Creep Re- 
covery Following Removal of a Load of Long Duration. 
From data of Johnson (3) on a 0.17% carbon steel. 


as shown in Fig. 19. In this manner one obtains the calculated un- 
loading curve shown in Fig. 13. This curve conforms very closely 
to the data at all values of time except the very longest times, where 
the specimen appears to be shortening somewhat more rapidly than 
predicted by the spring-dashpot analogy. In this experiment the 
creep strain is essentially all recoverable, and it is recovered in a man- 
ner conforming closely to the spring-dashpot analogy. 

According to the spring-dashpot analogy, one should be able to 
calculate anelastic creep at any stress from the creep recovery data 








1953 ANELASTICITY IN CREEP AND TENSION 805 


following removal of a different stress, if all the strain values (creep 
recovery) are multiplied by the ratio of the two stresses. An illus- 
tration of this type of calculation is shown in Fig. 20. This figure 
shows a creep curve at 30,000 psi following a 100-hour period of rest- 
ing from a period (about 100 hours) of previous loading at 46,000 psi. 
Fig. 2 shows the creep recovery obtained during the resting period. 
The anelastic creep at 30,000 psi was calculated from the creep re- 









(t in hours) 
| 5 iO 25 100 
° 
Experimental 
0.16 Data 695 hrs. 
o 0.2 hrs. 
& 2 hrs. . 
és tre. Duration 
@ 145hrs. of Load 
0.12 o 695)hrs. 
>| 2 
° 
w\i- 
s 5 2 hrs. Duration of Load 
= , 
fe Calculated 
a dc etme 
0.2 hrs. 
fe 102 103 104 10° 


Time After Unloading (Units of |0O sec.) 
Fig. 22—Johnson’s (3) Creep Recovery Data at 425°C and 7 Tons per Square 


Inch as Compared With Curves Calculated From the Faired Curve in Fig. 21 for 
425 °C. 


covery data in Fig. 2 by multiplying the creep recovery values by 
30,000/46,000. The resulting values then were subtracted from the 
creep curve in Fig. 20, which shows both the creep curve and the 
difference between observed creep and calculated anelastic creep. 
This difference would be the plastic part of the creep; and since the 
difference plots as a horizontal line, it must be concluded that the 
plastic part of the creep is negligible and that the data are consistent 
with the assumptions of the calculations—namely that the anelastic 
effects are linear in stress, identical on loading and unloading for 
times much shorter than the load duration, and, in general, conform 
to the spring-dashpot analogy. 

The experiments just described were carried out at stresses much 
higher than those of the torsion pendulum experiments, but still under 
conditions such that plastic flow was suppressed. It is more difficult 
to establish that the spring-dashpot analogy is valid for the anelastic 
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Fig. 23—Johnson’s (3) Creep Recovery Data at 455°C and 7 Tons 


per Square Inch as Compared With Curves Calculated From Faired Curve 
in Fig. 21 for 455 °C. 


part of the creep when the creep is largely nonrecoverable. However, 
Johnson’s data (3) throw some light on this question. In these ex- 
periments, the recoverable strain for a given duration of loading was 
determined by removing the load after that time and noting the sub- 
sequent shortening up to the point where shortening of the bar had 
apparently ceased. Fig. 21 shows that the recoverable strain intro- 
duced under load and determined by unloading as described is the 
same function of time at load as is the creep recovery upon unloading 
from a loading period of long duration. The agreement is best for the 
lowest temperature. 

The connection between the recoverable part of the creep strain 
and the creep recovery can be further investigated using Johnson’s 
data (3) by considering how prior load duration should affect the 
shape of creep recovery curves for the shorter durations of loading, 
when only part of the possible recoverable strain has been introduced. 
The exponential series 


e = 0.039 [6.2 — (0.378 + 1.4¢e7t™ +41, 5-8/8 4. 1 Se 8/0) | 


(see also Fig. 7) expresses the variation of anelastic strain with time 
for Johnson’s data at the lowest temperature (see Fig. 21). Using 
the method of Fig. 19, one can calculate creep recovery curves for 
each of the load durations that Johnson used. These calculated creep 
recovery curves have been plotted in Fig. 22 together with Johnson’s 
data points. The experimental data correspond to the calculated 
curves within the limit of scattering about a calculated curve con- 
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sidered as a trend curve. Of course, the nature of the calculations 
insures that the calculated curves will fit the data points at the ex- 
treme right (within the scattering of Fig. 21), but the good fit else- 
where in Fig. 22 lends support to the concept that the spring-dashpot 
analogy expresses the relation between creep recovery and the re- 
coverable part of the original creep, even when most of the creep is 
nonrecoverable and when the duration of loading has been so short 
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Fig. 24—Johnson’s (3) Creep Recovery Data at 485 °C and 4 Tons per 


Square Inch as Compared With Curves Calculated From the Faired Curve 
in Fig. 21 for 485 °C. 


hat only part of the possible recoverable creep was introduced. An 
inalysis similar to that in Fig. 22 was carried out for the other two 
temperatures that Johnson used. The results, as shown in Figs. 23 
and 24, in general confirm the conclusion from Fig. 22. The evidence 
available from Figs. 23 and 24 must be considered as having much 
less weight than that of Fig. 22, however, because of the sparser data 
and the larger scattering. 


Effect of Stress Decrement 


According to the spring-dashpot analogy, the creep recovery at 
a certain time following a load decrement should be proportional to 
the magnitude of the load decrement. 

The data (9) supporting the idea that anelastic effects are linear 
with stress are very meager, the range of stress covering only a factor 
of four. There are even less data relating to the linearity of creep 
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recovery with stress following creep that is partially plastic (3, 5), 
the range of stress being no greater than a factor of 1.5. In fact, one 
investigation (10) on tin at room temperature suggested that creep 
recovery was not linear with stress. To investigate further the linear- 
ity with stress, each of several bars was subjected to a different stress 
between 20,000 and 72,000 psi for a considerable length of time, and 
then the amount of shortening after unloading was observed as a 
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Fig. 25—Creep Pacwecey per Unit Stress Decrement as a Function 
of Time for Cr-Mo-V Steel Tested at 800 °F. 


function of time. Fig. 13 shows a set of data whose scattering was 
typical of all the tests except that at the lowest stress (20,000 psi). 
At 20,000 psi, the scattering was unaccountably greater than for the 
other tests (see Fig. 14). The data following unloading from differ- 
ent stresses, expressed as the ratio of gradual shortening to the pre- 
ceding stress decrement, are summarized in Fig. 25. The steep por- 
tion at the right is magnified in Figs. 10 and 12. 

Fig. 25 shows that for times less than about 3 hours, the creep 
recovery is proportional to the stress. The same fact is repre- 
sented in Fig. 26 in a more lucid manner in the three lowest curves. 
Fig. 26 also illustrates that the scattering for the longer times in Fig. 
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25 is not the result of a definite tendency toward a nonlinearity with 
stress, for the points show random scattering about horizontal trend 
lines. The magnitude of the scattering in comparison with the mag- 
nitude of the effect can be viewed more readily in Fig. 27, where the 
absolute magnitude of the creep recovery is plotted against stress. 
Here again, for times up to 3 hours, a comparatively high degree 
of linearity with stress is apparent. At 20 hours the scattering is still 
small except for the two tests which fall considerably off the curve 
at small stresses. (One of these represents the test with unusually 
large scattering shown in Fig. 14.) At still longer times there is a 
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Fig. 26—Creep Recovery Behavior of Cr-Mo-V Steel at 
800 °F—a Crossplot of Fig. 25. 


considerable increase in scattering, which is readily apparent when 
Fig. 10 is compared with the insert in Fig. 25. It is especially notice- 
able in Fig. 26, which shows a tenfold increase in scattering at 20 
days over that at 3 or 30 minutes although a tendency toward non- 
linearity with stress still does not appear, as shown by a lack of trend 
of the curve for 20 days. 

Since the greatly increased scattering at longer times in Fig. 26 
cannot be accounted for as a failure to conform to a condition of 
linearity with stress, a different explanation might be sought. The 
reason for the increased scattering becomes obvious from Fig. 28, 
where creep recovery divided by stress is plotted against the duration 
of the prior load—a variable not considered in the preceding figures. 
At long times following the prior load decrement, Fig. 28 shows a 
trend toward greater creep recovery per unit stress with increasing 
duration of prior load. In fact, the scattering about the sloping 
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Fig. 28—Effect of Duration of Prior Stress on the Creep Recovery per Unit 
Stress Decrement for Various Constant Values of Time Since the Stress Decre- 
ment. Cr-Mo-V steel tested at 800 °F. 
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trend curves for 4 days and 20 days in Fig. 28 is hardly greater than 
that for short times, and certainly it is much less than that in the 
upper curves of Fig. 26, where duration of prior load is not taken 
into account.* The effects of prior load duration shown by Fig. 28 
also account for much of the scattering for the longer times in Fig. 27. 

In Fig. 28 the increase in creep recovery with increasing load 
duration for long times (but not short times) following the prior load 
decrement is to be expected from the spring-dashpot analogy, since 
more recoverable deformation is introduced in a longer period of 
loading. The spring-dashpot analogy accounts equally well for the 
lack of effect of load duration for short times following the load 
decrement. The excess strain introduced during extended loading 
over that introduced during brief loading is characterized by a long 
time constant and is introduced slowly. This strain also reappears 
slowly following a decrease in load, so that in short times it would 
not be apparent as an excess over that recovered after brief loading. 
From the above discussion, it would be expected that an effect of the 
duration of prior loading would begin to be noticeable at a time fol- 
lowing the load decrement that roughly equals the shortest duration 
of prior load. Examination of Fig. 28 shows that these times are 
comparable, since the curve for 20 hours is the last to be horizontal 
and the shortest duration of load is 24 hours (log time = 1.38). 


SUMMARY AND CONCLUSIONS 


Creep recovery conforms to the spring-dashpot analogy under all 
conditions investigated so far. 

The shortening following unloading varies with time in a way 
that can be expressed by the equation 


oo 


creep recovery = fo —e'’’) y (7) dlogr, 


T= 
which can be closely approximated by the series 


creep recovery = Sa; (1 oo e/"1), 
i 


Each term in this series represents the behavior of a spring and dash- 
pot in parallel. 


The shape of the creep recovery curve can be described in terms 
of three portions. In the first part, the creep recovery varies with 


*The two sets of points in Fig. 28 that are considerably lower than the curves for four 
days and 20 days probably should not be considered as detracting from the definiteness of 
the trend, for two reasons: (a) one of them is a far more questionable test from the stand- 
point of scattering than any of the other eight tests; and (b) these two tests have proven 
their nonconformity at 20 hours, where the horizontal trend is well established from data 


at still shorter times and where a downward trend (to take account of the two low points) 
seems unlikely. 
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time after unloading in the same way that the recoverable part of the 
measured creep strain varies with time at load. Deviations occur at 
a time that is some fraction of the duration of prior load. This frac- 
tion depends on what is considered to be a significant “deviation’’. 
For practical purposes it may be taken as one-tenth. The last part 
of the curve is flat, the limiting value of creep recovery being equal 
to the recoverable part of the creep introduced during the prior load 
period. The time at which the creep recovery curve becomes flat is 
some multiple of the prior load duration. This multiple depends on 
what one means by “flat”, but it may be taken as three for practical 
purposes. The limiting length for creep recovery may be the an- 
nealed length or a considerably longer length, depending on the mag- 
nitude and duration of prior load and the conditions of strain harden- 
ing before applying this load. The middle part of the creep recovery 
curve is related to the curve of the recoverable part of the creep 
versus time at load in a complex manner that conforms to the spring- 
dashpot analogy. 

Also as predicted by the spring-dashpot analogy, the amount of 
creep recovery is proportional to the prior stress decrement for any 
value of the time after unloading that is substantially shorter than 
the prior load duration. 

The conformity of both creep recovery and anelasticity to the 
spring-dashpot analogy suggests that creep recovery actually is an- 
elastic shortening, and that the terms “creep recovery” and “anelastic 
shortening” may be used interchangeably. Identifying creep recovery 
with anelastic strain, one may envision creep as the sum of two dif- 
ferent kinds of strain, anelastic and plastic, occurring simultaneously 
but independently and according to different laws. This viewpoint 
is supported by an analysis of certain types of creep behavior that 
otherwise would be difficult to explain, but which are easily under- 
stood in terms of this viewpoint (see Part IT). 


INFLUENCE OF ANELASTICITY ON TENSION, CREEP, 
AND RELAXATION—Panrt II 


The coexistence of elastic behavior with either anelastic or plastic 
behavior in a single test has been widely recognized. The possibility 
that plastic and anelastic behaviors. may coexist has received much 
less attention. It has been shown in Part I that creep recovery 
conforms to the spring-dashpot analogy, as does anelasticity. From 
this fact it has been suggested that creep recovery is anelasticity, and 
that anelastic and plastic strains can appear simultaneously, but in- 
dependently and according to different laws. We shall now inquire 
further into this suggestion, and investigate in detail, and at significant 
stresses, a variety of experimental conditions for which two or more 
kinds of strain occur in the same test. 
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Fig. 29—-Behavior of Cr-Mo-V Steel at 1000 °F Upon Partial Unloading. 
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Fig. 30—Same as Fig. 29—Curve Segment for S = 15,000 Psi 
Greatly Magnified. 


Partial Unloading 


The simplest example of a test in which both anelastic and plastic 
strain occur is one in which a high load causes combined anelastic and 
plastic creep, and the anelastic strains are recovered upon subsequent 
unloading. This type of test has been discussed in detail in Part I. 

If part of the load is removed during a creep test, the conditions 
are suitable for the occurrence of all three types of strain. Because 
of the reduction in load, elastic strain occurs immediately and anelastic 
shortening occurs gradually thereafter ; because of the remaining load, 
plastic strain continues gradually thereafter. 

Figs. 29 and 30 illustrate the behavior that is observed under 


i 
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conditions of partial unloading. It is a characteristic of anelastic 
shortening that the rate of shortening is very high at first and dimin- 
ishes rapidly (see Fig. 2). On the other hand, the rate of extension 
due to plastic strain should be nearly constant during an increment 
of plastic strain that is sufficiently small compared with the value of 
the plastic strain at the beginning of the increment; in Fig. 29, for 
example, the plastic strain occurring at 15,000 psi is small compared 
to that occurring previously at 30,000 psi, so that the plastic creep 
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Fig. 31—Fractional Anelastic Shortening as a Function of Time—Same Con- 
ditions as Fig. 29. 


rate should not change appreciably during the second portion of the 
test. Thus, when anelastic shortening and plastic lengthening can 
occur together, the rate of shortening may exceed the rate of length- 
ening at first, while at longer times the net rate of elongation may 
become zero and then positive. This behavior is illustrated by Fig. 
30, which also shows that the plastic creep rate (after dying out of the 
anelastic effects) is nearly constant. 

By taking advantage of the constancy of plastic creep rate, the 
anelastic effects can be roughly determined. Thus, as shown in Fig. 
30, the anelastic shortening not yet obtained is the vertical distance 
between the experimental curve and the extrapolation of the linear 
portion at the right. Since anelastic’ behavior is usually expressed 
in terms of the fraction of the whole effect, the values of anelastic 
shortening determined from Fig. 30 were divided by the total short- 
ening of 0.199 mils per inch shown in Fig. 30. The upper value was 
determined by means of a short extrapolation, as shown in the inset 
in Fig. 30. The resulting function can be fitted quite closely (see 
Fig. 31) by the exponential expression 


a = 0.57e"*/"* +. 0.43e°*/* Equation 4 
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Fig. 32—Stress-Strain Curves of Cr-Mo-V Steel at 1000 °F and a Stressing 
Rate of 18,000 Psi per Hour. Also corrected stress-strain curve obtained by 
subtracting the anelastic strains as shown in Fig. 34. 


although a single exponential term will not represent the function 
(see also Fig. 2). In other words, the behavior cannot be described 
in terms of a single relaxation time. 


Modulus Effects 


The effect of anelastic behavior on the determination of modulus 
of elasticity is well known at very small stresses (1). The tests de- 
scribed below will illustrate the effects at large stress. 

In four identical tests on Cr-Mo-V steel at 1000 °F, the stress- 
strain curve always showed a convexly-downward tail preceding the 
straight portion (see Fig. 32), whereas the room temperature curve 
was straight throughout to a high degree of accuracy (see Fig. 33). 
When the anelastic strains were subtracted from the total strains, the 
resultant stress-strain curve was linear (Fig. 32). Apparently the 
phenomenon of anelasticity is responsible for the tail on the as- 
measured stress-strain curve at elevated temperature. 

The anelastic strains were determined from Fig. 31, which is 
derived from the results (Figs. 29 and 30) of an experiment per- 
formed later on the same specimen as that giving the left-hand mod- 
ulus curve in Fig. 32. Equation 4 gives the relative anelastic strain 
as a function of time for constant load. For a constant loading rate 
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Fig. 33—-Stress-Strain. Curves for Two Specimens of Cr-Mo-V 
Steel Tested at Room Temperature. 


(S = dS/dt) test beginning at t=O, the stress at time t will be 


S=St Equation 5 
and 


dS = Sdt Equation 6 
If the anelastic effects are linear with stress, the strain after time t 


at a stress S that is constant up to the instant considered can be found 
from Equation 4 as 


e (t) = KS (1 — 0.57e"*”"* — 0.43e°*’”) Equation 7 


where K is 0.199 & 10°% per 15,000 psi according to Fig. 30 or 1.33 
x 10° per unit stress. At time t’, there will be an anelastic strain 
de due to an increment of stress dS applied at time t. This strain is 


—t’ +t —t’ +t 
Ti mh 


de = KdS ( 1 — ae be ttt) Equation 8 


where a=0.57, b=0.43, 15: =7.5 and re=75. Substituting 
Equation 6 into Equation 8 and rearranging, 
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. t/r t/r 
tc ES ( co ao i i ) dt Equation 9 
ea ei 


Integrating over the range of times from zero to t’, 


€ t’ t’ 
ot , a j ~ . 
de=KS (« — <i e/1dt — zi e'/72 at) Equation 10 
oO > oO Co 


e=KS [t?—azn (l—e'/1) — bre (1 —e*'”2) J Equation 11 


Equation 11 has been plotted in Fig. 34 for the particular loading 
rate employed in the test of Fig. 32. It was the curve of Fig. 34 that 
was subtracted from the experimental curve in Fig. 32 to get the 
truly elastic line shown. 
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Fig. 34—Anelastic Strains Developed During Loading 
for a Constant Stressing Rate of 18,000 Psi per Hour. Cal- 
culated from the equation shown. 


The anelastic behavior affects not only the shape of the modulus 
urve, but also the value of modulus of elasticity, as shown in Fig. 32. 
(he curve of stress versus elastic strain has a slope of 24.2 « 10%, 
whereas a straight line through the observed points (neglecting the 
tail) has a slope of 19.6 « 10®. If the test were made sufficiently 
slowly, all the anelastic strain of Fig. 31 would occur at each stress, 

the stress-strain curve would be linear (since both elastic and eventual 
anelastic effects are linear with stress) and the modulus would be 


18.3 & 10% psi.5 
Combinations of Anelastic and Plastic Behaviors 


As discussed in Part I, creep recovery behavior is such that the 
rate of shortening is high at’first and is eventually very much smaller 





°Fig. 30 shows the ultimate anelastic strain for S = 15,000 psi as 0.199 mils per inch. 
The elastic strain would be 15,000/(24.2 X 10°) = 0.620 mils per inch. This gives a total 
strain of 0.819 mils per inch for S = 15,000 psi, or an apparent modulus of 18.3 X 10° psi. 
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Fig. 35—-Variation of Total Strain and Plastic Strain With 


Time Following Application of an Initial Stress of 5000 Psi for 
Quenched and Tempered (1250 °F) Cr-Mo-V Steel, Tested at 1100 °F. 


—say 10°* times the initial rate. This behavior is in sharp contrast to 
“plastic” behavior at elevated temperatures, where the strain rate at 
constant stress changes only gradually with time. The widely differ- 
ent relation between strain and time for anelastic and plastic defor- 
mation furnishes a basis for distinguishing them when they occur 
simultaneously. It is observed that the measured strain-time curve 
changes slope very rapidly following either an increase (Fig. 35) or 
a decrease (Fig. 36) in load. On increasing the load the bar length- 
ens rapidly at first and much more slowly later. Following a decrease 
in load (but not to zero) the bar shortens very rapidly at first, much 
less rapidly after awhile, and finally lengthens at a rate that ap- 
proaches a constant value or perhaps that decreases very slowly. 
These two widely different measured strain-time behaviors following 


loading and unloading respectively can be corrected for the anelastic 
behavior. 
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Fig. 36—Variation of Total Strain and Plastic 

Strain With Time After Reducing the (Conventional) 


Stress From 14,000 to 12,000 Psi. Quenched and tem- 
pered (1250 °F) Cr-Mo-V steel, tested at 1100 °F. 


The basis for the correction is the measured strain-time curve 
following unloading to zero stress from some stress that has been 
maintained constant for a long time (see Fig. 37). This curve gives 
the anelastic strain as a function of time for a particular stress change. 
The anelastic strain for some other stress change can be determined 
by multiplying by the ratio of the two stresses, since the anelastic 
effects are proportional to’stress (see Part 1). Then for creep fol- 
lowing an increase in load, the anelastic strain (as a function of time) 
corresponding to the load change can be subtracted from the total 
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37—Creep Recovery at Zero Stress After Removal of 


Fig. 
5000 Psi. Oil-quenched (3-inch round) and tempered (1250 
°F) Cr-Mo-V steel, tested at 1100 °F. 


strain (as a function of time), leaving the plastic strain (as a function 
of time). When this is done, the remaining curve (Fig. 35) is nearly 
straight with a slightly decreasing slope. In a similar manner, for 
creep following a decrease in load, the anelastic strain corresponding 
to the load change can be added to the total strain to give the plastic 
strain. Again the result is nearly a straight line with a positive and 
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Fig. 38—Creep Data on Lead Showing Effect of Tem- 


porary Unloading and Subsequent Reloading. From Hanff- 
stengel and Hanemann (6). 
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Fig. 39-——Schematic Diagram Showing the Con- 
ditions Under Which the Stress Would Be Expected 
to Increase During Relaxation. 
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Fig. 40—Calculated Relaxation Curve for Cr-Mo-V Steel at 800 °F Following 
168 Hours at 72,000 Psi and Reduction to 40,000 Psi. 


slightly decreasing slope (Fig. 36). Thus, the remaining curve has 
the same shape for positive and negative load increments; further- 
more, the shape corresponds to what would be expected as the plastic 
behavior. It is certainly a startling fact, if not a fundamentally sig- 
nificant one, that an exponential curve with a rapidly changing slope 
can be either added to or subtracted from widely different measured 
strain-time curves with the same result—a nearly straight line in both 
cases. 

Qualitatively similar behavior has been observed previously (4, 
6). Fig. 38, for example, shows data for lead (6) where the load was 
temporarily removed. Before unloading, the creep was linear; after 
unloading, 12 « 10° creep recovery occurred; upon reapplying the 
former load, the deviation of 16  10-* from the former linearity was 
mostly explainable in terms of the 12 & 10° of anelastic strain. 


Relaxation Phenomena 


The processes that result in creep_or creep recovery at constant 
load should also cause relaxation (gradually decreasing stress) if 
the length of the specimen is maintained constant. For example, if 
a specimen lengthens at constant stress because of creep, then to 
maintain constant length one should have to decrease the stress with 
time so that elastic contraction would compensate for lengthening due 
to creep. It is found experimentally that the stress does have to be 
decreased continuously to maintain constant length following a sudden 
change from zero load to some tensile load. This effect is relaxation, 
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Table Il 
Length Changes Accompanying Sudden Load Decrements 
Stress Changed Strain 
Temperature From Change Modulus 
800 °F 46,000 psi to zero 0.00174 26.4 X 106 
30,000 psi to zero 0.00112 26.8 X 10° 
30,000 psi to zero 0.00114 26.4 X 10° 
48,000 psi to zero 0.00182 26.3 X 106 
20,000 psi to zero 0.00074 27.0 X 10° 
72,000 psi to zero 0.00296 24.3 X 108 
72,000 psi to zero 0.00277 26.0 X 108 
72,000 psi to 4,000 psi 0.00272 25.0 X 10° 
40,000 psi to 4,000 psi 0.00139 25.9 X 10° 
1000 °F 20,000 psi to 16,000 psi 0.00017! 23.4 X 108 
16,000 psi to 12,000 psi 0.00017° 22.3 X 10° 
12,000 psi to 8,000 psi 0.00018* 21.8 X 10° 
8,000 psito 4,000 psi 0.000183 21.8 X 10° 
15,000 psi to 8,000 psi 0.000325 21.5 X 10° 
4,000 psi to 2,000 psi 0.000092 21.8 X 10° 
2,000 psi to 1,000 psi 0.00005° 20.0 X 10° 
30,000 psi to 16,000 psi 0.000708 21.2 xX 10° 
8,000 psito 4,000 psi 0.000188 21.3 X 108 
1100°F 5,000 psi to zero 0.000265 19.6 X 10° 
14,000 psi to 12,000 psi 0.000105 19.0 X 10° 
12,000 psi to 10,000 psi 0.00009° 22.2 X 108 
14,000 psi to 12,000 psi 0.000105 19.0 X 10° 
12,000 psi to 10,000 psi 0.000085 23.5 XK 108 





in the usual sense of the word. However, if the stress is applied and 
then reduced in such a way that creep recovery would have occurred 
at the reduced stress, then to maintain constant length at the reduced 
stress one should have to increase the stress gradually so that elastic 
lengthening would compensate for the shortening due to creep recov- 
ery, as shown schematically in Fig. 39. 

Fig. 40 shows the stress variation that would be expected at 
constant length if the anelastic behavior of Fig. 41 were to prevail 
ollowing a decrease to 40,000 psi from a 168-hour sojourn at 72,000 
psi and 800 °F (425 °C) and if no plastic strain occurred. The relax- 
ation curve in Fig. 40 was calculated by a series of approximations. 
‘‘irst the anelastic shortening at constant length was calculated as- 
suming no stress change following the change from 72,000 to 40,000 
psi, that is, due only to the zero — 72,000 psi change and the 72,000 
— 40,000 psi change. Then the stress increments that cause elastic 
lengthening just compensating for the anelastic shortening were deter- 
inined using E = 26,000,000 psi (Table IT) ; and this curve of stress 
versus time constitutes a first approximation to the relaxation curve. 
For succeeding approximations the anelastic shortening was recalcu- 
lated assuming the relaxation (stress versus time) curve of the pre- 
ceding approximation. Fig. 40 shows that the procedure converges 
quickly. 

The calculation of the anelastic strains resulting from the stress 
changes during relaxation:fequires an integration of the strain changes 
caused by all the infinitesimal stress changes due to the relaxation, 
according to the equation 





¢! 
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e= dS’ = a( l—e- "7, ) Equation 12 
So 


e= Za; (1 —e“*") Equation 13 





in which 


is the anelastic strain at time t caused by unit stress change, and the 
other symbols are defined by Fig. 39. Since the graphical strain-time 
relation of Fig. 41 was used instead of an algebraic relation such as 


(10° Sq. In./ Lb.) 


mon Ww SL a. 


0 
“20-16 -12-08-04 O O04 O08 12 16 20 24 28 3.2 


LODig Time in Hours 


Creep Recovery 
Reduction of Prior Stress 


Fig. 41—Creep Recovery Per Unit Stress Decrement as a Function of Time 
Following Unloading. Cr-Mo-V steel tested at 800°F. Averaged from tests in 
Figs. 10, 12 and 25 with long prior lead durations. 
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Equation 13, the integration of Equation 12 was performed graph- 
ically. Several convenient times were chosen, the integrations for 
which are exemplified by Fig. 42. 

Fig. 43 shows the results of a test under conditions similar to 
those in Fig. 39. The results are as expected in so far as the initial 
increase of stress at constant length is concerned; but the eventual 
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Fig. 43—Relaxation Test on Cr-Mo-V Steel 
at 800 °F in Which the Total Strain After Un- 
loading From 45, on to 30,000 Psi Is Maintained 
Constant. Upper fi gure is a magnification of the 


early portion of the lower figure. Creep strain at 
45,000 psi was 0.00047. 


decrease in stress to values even lower than the initial stress indicates 
the occurrence of plastic creep, an effect that was not expected from 
the results of an earlier experiment in which no plastic creep occurred 
at 30,000 psi after preloading about 100 hours at 46,000 psi and then 
resting 100 hours (Fig. 20). In the test of Fig. 43 there was more 
plastic prestrain (0.00047) than in the earlier experiment (0.00033), 
so that more subsequent resistance to plastic deformation would be 
expected in the.test of Fig. 43; but on the other hand, there was op- 
portunity for additional strengthening by strain aging during the no- 
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load period following the prestrain in the earlier test, in a manner 
observed previously (11). 


Applications 


Under ordinary conditions, anelastic strain is just as detrimental 
to the service life of a metal part as plastic strain. It contributes to 
the creep strain that occurs under constant load, just as the plastic 
strain does. In fact, under certain conditions, the creep may all. be 
anelastic strain (see Part III). The anelastic strain likewise con- 
tributes to relaxation in the same way as plastic strain, when the 
length is maintained constant following application of load. On the 
other hand, the anelastic effects depend on the prior stress change, 
rather than on the current value of stress as does plastic creep. Figs. 
30 and 43 show that prestraining at a higher load than the service 
load will result in anelastic strains of the opposite sign to the plastic 
strains when the load is reduced to the service load. They cause a 
tendency to shorten at constant load and a tendency toward increasing 
tensile stress at constant length. Thus, the anelastic effects following 
overstressing tend to counteract the plastic effects. 


SUMMARY 


Many mechanical tests show departures from a combination of 
ideal elastic and ideal plastic behavior. The departures studied in this 
investigation can be explained by assuming that anelastic strain occurs 
simultaneously with, and independently of, elastic or plastic strain. 

For purely elastic behavior the strain changes linearly and 
instantaneously with the stress; when anelastic strain also occurred, 
the stress-strain curve was no longer straight, and its average slope 
depended on the rate of loading. The measured deviations from 
linearity were consistent with the creep recovery that was observed 
following unloading. 

For purely plastic behavior the length of a specimen never de- 
creases as long as the load is a tensile load; when anelastic strain also 
occurred, however, shortening was observed whenever the load was 
decreased. Also, since the anelastic strain rate may change much 
more than the plastic strain rate, the creep curves sometimes had a 
much different shape when most of the strain was anelastic than when 
most of it was plastic. 

Anelastic strain affects the relaxation behavior in the same way 
that it affects creep behavior. If the length is held constant after 
applying an initial load, the stress decreases with time due to anelastic 
strain as well as to plastic strain. If the length is held constant after 
decreasing the load, however, the stress increases at first and then 
may decrease (due to plastic flow) or may not decrease if the remain- 
‘ing stress is not large enough to cause a significant plastic creep rate. 





1953 ANELASTICITY IN CREEP AND TENSION 827 


Thus, in either creep or relaxation, the anelastic effects tend to coun- 
teract the plastic effects if the specimen is prestrained at a higher load 
and then partly unloaded. 


Tue BoUNDARY BETWEEN ANELASTIC AND PLASTIC BEHAVIOR— 
Part III 


Early room temperature tension tests showed the existence of a 
rather definite limiting.stress below which a metal remained elastic 
and above which permanent deformation occurred. Both above and 
below this limit the deformation occurred almost instantaneously, and 
very little additional extension occurred in long periods of time at 
constant load. The rate of deformation had very little influence upon 
the stress-strain curve; in other words, the metal was not “rate sen- 
sitive” at room temperature. 

Later it was found that at elevated temperatures the deformation 
behavior of metals differed from that first observed at room tempera- 
ture. At high temperatures metals “crept”, or deformed with time 
at constant load. In addition, they were very rate-sensitive. Con- 
trary to low temperature experience, there did not appear to be a 
limiting stress below which plastic deformation would not occur, 
although the rate of creep was very small at very low stresses. 

Experiments using a torsion pendulum (1) have shown that 
creep at sufficiently low stresses is eventually recoverable. A twisted 
bar eventually returns to its original untwisted configuration. This 
behavior has been called ‘‘anelastic’’, and the eventually recoverable 
creep has been called anelastic strain. There is gradual recovery of 
part but not all of the creep introduced at higher stresses. This 
gradual and partial shortening has been called “creep recovery”. The 
evidence contained in Parts I and II suggests that creep recovery is 
anelastic shortening, and that creep is due to simultaneous and 
independent anelastic and plastic deformation. 

If creep is indeed a superposition of anelastic and plastic strains, 
there may be a limiting stress, below which creep is essentially an- 
elastic and above which it is partly plastic. Exceedingly small stresses 
generally have been used in the torsion pendulum tests (1) in order 
to avoid any measurable plastic strain. In these tests the stress level 
was teo small to be of engineering interest as a working stress value. 
On the other hand, the stress to which one could go before causing 
a measurable plastic strain might be considerably higher than that 
generally used in the torsion pendulum experiments. Furthermore, 
the amount of plastic strain that could be considered negligible in 
comparison with the anelastic strain would be much larger for engi- 
neering purposes than for research. We shall now investigate the 
behavior of metal when the plastic strain is comparable with or smaller 
than the anelastic strain. 
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It has been shown in Part I that the anelastic strain obtained in 
a given time is proportional to the stress (Fig. 27).6 The plastic 
strain obtained in a given time, on the other hand, varies much more 
rapidly with stress. Fig. 44 shows creep curves for a Cr-Mo-V steel 
plotted as log creep strain versus log time. At 800 °F (425°C) the 
curves are parallel lines for the four stresses shown. Fig. 45 is a 
crossplot of Fig. 44 at 1% hour and 100 hours showing how the creep 


Log Strain 





Log Time (Minutes) - 


Fig. 44—-Creep Curves at 800 °F for a Low- 
Alloy Steel. Three-inch round heated 1650 °F 
for 5 hours, oil-quenched; tempered 12 hours at 
1240 °F, 5 hours at 1100 °F. Elastic strain not 
included. 


strain varies with stress. The creep strain increases rapidly with 
stress—approximately as the second or third power. At some other 
time than ™% hour or 100 hours the stress-strain relation for creep 
would be similar, because the log-log plots in Fig. 44 are parallel. 

®Fig. 27 shows creep recovery data. The creep recovery equals the anelastic creep only 
if the duration of prior load is several times the creep recovery time. This condition is ful- 


filled for cr recovery times in Fig. 27 up to 20 hours. The anelastic creep might be 5 or 
10% higher than the creep recovery for a time of 4 days (see Fig. 28). 
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at left. Anelastic values are from Fig. 27 and creep values are obtained by cross 
plotting Fig. 44. 


60 


40 


20 





S (1000 psi) 


Loaded to |0000 psi in About O.! Hr. in 500 psi Steps 





Log,,€(Hr-') 


O 40 80 120 i690 200 240 280 320 360 
Creep Strain (x 10°S) 


Fig. 46—Step Test on Cr-Mo-V Steel at 800 °F. 


Fig. 45 shows also the anelastic data for % hour and 100 hours as 
reproduced from Fig. 27. Fig. 45 shows that the creep strain de- 
creases rapidly as the stress decreases, and becomes equal to the an- 
elastic strain at a stress of 20,000 to 30,000 psi. Because of the 
scattering caused by inherent differences between different specimens, 
there is considerable uncertainty as to the stress below which all the 
creep is anelastic; but it is clear from the figure that such a limiting 
stress does exist. Of course this limiting stress will depend some- 
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what on the duration of the measurement; the longer the time, the 
smaller the limiting stress (see also Fig. 45). The magnitude and 
characteristics of this limiting stress, called the “plastic creep limit’, 
will now be investigated. 

The nature of the plastic creep limit is suggested by creep data 
obtained from a “step test” at 800°F (425°C) on the Cr-Mo-V 
steel, where more load was added from time to time and finally the 
specimen was unloaded to zero stress (Fig. 46). During loading 
about 0.33 mils per inch of creep strain were introduced at an average 
rate of about 0.0033 mils per inch per hour, thus requiring about 100 
hours for the test. Examples of the strain-time curves obtained at 
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Fig. 47—-Examples of Creep Curves From the Step Test of Fig. 46. 


each successive stress are shown in Fig. 47. For each stress, Fig. 48 
shows the value of total strain that was reached just prior to adding 
more stress. The strain-time curve following unloading is shown in 
Fig. 2. The slope of the elastic line in Fig. 48 was established from 
measurements taken while loading up to the initial stress of 10,000 psi 
(see Fig. 49) and measurements of the instantaneous length changes 
accompanying each change in load (see Table III). The data from 
Table III indicate a modulus of 25.9 & 10® psi and Fig. 49 indicates 
a modulus of 26.0 « 10® psi; if the anelastic effects (see Fig. 2) due 
to a loading time in Fig. 49 of 0.1 hour were taken into account, the 
true modulus would be about 26.5 & 10® psi, agreeing favorably with 
the average from Table III. when the scattering is considered. 

It is evident from Fig. 48 that the nonelastic strains are quite 
small compared to the elastic strains, and from Fig. 2 that more than 
half the nonelastic strain is recoverable. To evaluate the nature of 
the strain obtained in the step test of Fig. 46, it was assumed that 
the creep recovery in Fig. 2 is anelastic strain, which conforms to the 
spring-dashpot analogy. According to this assumption, the anelastic 
strain introduced is the sum of the anelastic strains due to all pre- 
ceding stress increments. The anelastic strain due to any one stress 
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Table Ill 
Length Changes Accompanying the Sudden Load Changes of Fig. 46 — 800 °F 


Stress Changed From Strain Change Modulus 
12,000 to 16,000 psi 156 X 1076 25.7 X 108 psi 
16,000 to 20,000 psi 155 25.8 
20,000 to 26,000 psi 234 25 .6 
26,000 to 30,000 psi 152 26.2 
30,000 to 34,000 psi 162 24.7 
34,000 to 40,000 psi 228 26.4 
40,000 to 46,000 psi 228 26.4 
46,000 to zero 1735 26.5 
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Fig. 48—Total Strain Reached at Each Successively Higher Stress in the 
Test of Fig. 46. 


increment will be the appropriate value from Fig. 2 multiplied by the 
ratio of the stress increment to 46,000 psi, the time value used in 
Fig. 2 being the interval from the application of the load increment 
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Fig. 49—Stress-Strain Curve for Loading Up to the 
Initial Stress of 10,000 Psi in the Test of Fig. 46. 


to the instant under consideration.‘ Typical examples of calculated 
anelastic strains as a function of time are shown in Fig. 47 together 
with the time-dependent plastic strains determined by subtracting the 
anelastic strains from the measured total strains. 

In Fig. 50 the calculated anelastic strain is plotted versus the 
measured creep strain just before each additional load increment. The 
data points follow a 45-degree line up to a strain of about 0.075 mils 
per inch, and then there is a gradually increasing deviation such that 
the anelastic strain is smaller than the creep strain. Physically speak- 
ing, the creep is completely recoverable up to a certain point, while 
beyond it a larger and larger fractién i$ nonrecoverable. This point 
is the plastic creep limit. The corresponding stress can be found from 
Fig. 51, where stress is plotted versus the plastic part of the creep 
strain. The plastic strain was obtained by subtracting the calculated 
anelastic strain from the creep strain for each point in Fig. 50. Fig. 
51 shows that there is a definite plastic creep limit at about 20,000 psi. 


*Taking the creep recovery values in Fig. 2 as equal to the anelastic strain suffered dur- 
ing load results in slightly too little anelastic strain at long times (see Part I). 
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Of course this limit would be somewhat smaller if each load increment 
were maintained longer (see also discussion pertaining to Fig. 45). 
By contrast, Fig. 52, which shows the stress versus total creep, illus- 
trates the absence of a dividing line at finite stress between the two 
behaviors usually represented, namely elastic behavior and creep be- 
havior. According to Fig. 52 the “elastic limit’ that is so familiar 
and important in low temperature behavior is zero at 800°F 


(425 °C). 
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Fig. 51—-Stress Versus Plastic Strain 
Introduced at That Stress and All Pre- 
ceding (Lower) Stresses for Test of 
Fig. 46. 


The fact that there is no region of purely elastic behavior at 
elevated temperatures has been widely recognized. However, the 
prevalent conclusion drawn from this fact, namely, that there is no 
region where plastic behavior is absent, must now be reconsidered 
in the light of Fig. 51, which indicated a definite boundary below 
which plastic deformation is negligible. 
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Following the no-load resting period at the end of the test of 
Fig. 46, a stress of 30,000 psi was applied for a period of 48 hours. 
When the anelastic strain, calculated as before, was subtracted off, 
a practically horizontal line was obtained (Fig. 20), indicating that 
all the creep introduced at 30,000 psi was recoverable. Fig. 20 shows 
that the plastic creep limit can be raised by plastic strain. This limit 
is about 20,000 psi for no plastic strain (Fig. 51), whereas it is raised 
to something higher than 30,000 by 0.00033 plastic strain. 

Another example of increasing the plastic creep limit by plastic 
prestrain is shown by Figs. 3, 9, and 13. The metal was first pre- 
strained at 68,000 to 72,000 psi for about 1200 hours during which 
about 0.007 plastic strain was introduced. The stress was then re- 
duced to 4000 psi and maintained at this level for about 1000 hours. 
During this time, most of the creep recovery expected in infinite time 
occurred (Fig. 9). It is evident that additional shortening would have 
occurred in a longer time, because the curve in Fig. 9 has not yet 
leveled off completely ; however, slight additional shortening would 
not be significant in comparison with the effects of the subsequent 
load changes. 

After 1000 hours at 4000 psi the stress was increased to 40,000 
psi and maintained at this value for 580 hours. The resulting creep 
' curve is shown in Fig. 3. Using the faired curve, the expected creep 
recovery curve was calculated by the same method as used in Part I. 
The calculated and measured creep recovery curves are shown in 
Fig. 13. The calculated curve conforms closely to the data at all 
values of time except the very longest, where the specimen appears 
to be shortening somewhat more rapidly than the spring-dashpot 
analogy predicts. Thus, we see that the creep strain introduced at 
40,000 psi is all recoverable, and in a manner conforming to the 
spring-dashpot analogy. The fact that the strain was all recoverable 
shows that the plastic creep limit is at least as high as 40,000 psi, a 
considerable increase over the 20,000 psi indicated by Fig. 51. The 
increase must be attributed largely to the strain hardening caused by 
the 0.007 strain introduced previously at 68,000 to 72,000 psi, and 
possibly partly to strain aging during the no-load period following 
the prestraining, as suggested in Reference 11. 

A few general remarks should be made about the magnitude of 
the creep-recovery effects and their engineering importance. The 
creep recovery at 800°F (425°C) per unit stress e,/S is about 
6 < 10° for rather long times (Fig. 10). If the elastic modulus S/e, 
is 25 & 10° psi (Table II), the ratio of eventual anelastic strain to 
elastic strain is 


3 = £3 = = (6 x 10°) (25 x 10°) = 0.15 
Ce S ee 
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Fig. 52—Cumulative Nonelastic Strain Reached 
at Each Successively Higher Stress in the Test of 
Fig. 46. 
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Fig. 53—Creep Recovery of Cr-Mo-V Steel at 1000 °F. 


‘ig. 53 shows the creep recovery obtained at 1000°F (540°C). 
The value of creep recovery for the longest load duration and the 
longest time following unloading is 37 & 10° per unit stress decre- 
ment. For a modulus of 21.6 & 10® (Table II), the ratio of creep 
recovery to elastic strain is 0.80. The data at 1100°F (595 °C) is 
meager, but one test (Fig. 37) shows that creep recovery for a stress 
decrement of 5000 psi is 0.250 mils per inch. This is essentially equal 
to the elastic strain of 0.243 inch per inch (E = 20.6 & 10° from 
Table IT). 

The above data show that the creep recovery becomes an in- 
creasingly large fraction of the elastic strain, and therefore increas- 
ingly important, as the temperature increases. On the other hand, 
the largest stress, and thus also the largest elastic strain, that is of 
engineering interest decreases with increasing temperature, because 
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of the increasing ease with which plastic creep occurs. Consequently 
the largest absolute values of creep recovery that are practically attain- 
able in Cr-Mo-V steel are about the same for all temperatures, let us 
say of the order of 0.0003. 

Because of the way that plastic creep and creep recovery vary 
with stress, and because of the small absolute magnitude of the creep 
recovery effects, creep recovery is of practical importance only for 
stresses that are smaller than, or slightly larger than, the plastic creep 
limit. Below the plastic creep limit the plastic strains are negligible 
in comparison to the anelastic strains, and consequently there are 
many practical applications for the phenomenon of creep recovery. 
Creep can be prevented or even reversed by suitable prestraining, and 
stress relaxation can be prevented or reversed by prestraining at a 
stress higher than the service stress, as shown in Part II. For stresses 
slightly exceeding the creep limit—that is, when the plastic strains 
are significant, but smaller than the anelastic strains—the engineering 
applications of the creep recovery effects are similar to those for 
stresses below the creep limit. The creep or relaxation due to plastic 
strain can be counteracted by the anelastic effects following suitable 
prestraining treatments. However, for stresses that are very much 
larger than the creep limit, the creep recovery effects are negligible 
compared with the plastic effects. At these stresses the anelastic 
effects cannot possibly compensate for the plastic effects, so that the 
practical usefulness of creep recovery disappears. The situation is 
similar at higher temperatures, though in a manner not quite so 
startling, because of the somewhat larger rate sensitivity. The most 
likely possibility of utilizing the creep recovery effects at stresses 
significantly higher than the creep limit lies in suppressing plastic flow 
by strain hardening the metal in a manner similar to that producing 
the results of Figs. 13 and 20. 


SUMMARY 


At elevated temperatures, the anelastic strain for a given time 
increases linearly with stress. The plastic strain for a given time 
varies with stress approximately as the square or cube, with the effect 
that the strain rate for small stresses is exceedingly small, while the 
strain rate at stresses not too much higher is enormous. Conse- 
quently, there is a “plastic creep limit’’ below which the rate of plastic 
straining is negligibly small compared with the rate of anelastic strain- 
ing. In other words, there is a finite limiting stress below which 
plastic strain does not occur, although this fact has been obscured in 
the past by observations that the limiting stress is zero for the total 
nonelastic deformation. 

The plastic creep limit is at a practically significant stress. It is 
about 20,000 psi at 800 °F (425 °C) for a Cr-Mo-V steel quenched 
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as a 3-inch round and tempered. What is perhaps of more signifi- 
cance is that it can be raised by deforming the metal plastically at the 
elevated temperature. One experiment at 800°F (425°C) has 
shown that as little as 0.7% plastic strain produces enough strain 
hardening to raise the plastic limit from 20,000 to at least 40,000 psi. 

The existence of a plastic creep limit, as described above, does 
not mean that there is creep above a certain stress and none below it. 
It only means that creep is all anelastic below the stress, while at 
higher stresses the creep is partly anelastic and partly plastic. In 
fact, without a rigorous analysis using data obtained following un- 
loading from the creep load, it is generally impossible to observe any 
discontinuity in the creep behavior at the plastic limit. 

Then what is the practical significance of the plastic creep limit? 
The significance lies in inherent differences between anelastic and 
plastic behavior. A bar will either shorten anelastically if there has 
been a decrease in the tensile load or lengthen anelastically following 
a load increase, whereas plastic shortening never occurs under tensile 
load regardless of prior load changes. This means that the dimen- 
sional changes due to plastic deformation are always undesirable in 
structural applications, whereas the dimensional changes due to an- 
elastic deformation can be arranged to be desirable. If the stress is 
below the plastic creep limit, the plastic effects are negligible com- 
pared to the anelastic effects, and wholly desirable dimensional 
changes are attainable by suitable prestraining. In addition, within 
a restricted range of stress above the plastic creep limit, the anelastic 
effects can be made to counteract the undesirable plastic effects. 
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THE DETERMINATION OF THE ELASTIC CONSTANTS 
OF METALS BY THE ULTRASONIC PULSE TECHNIQUE 


By Myron B. REYNOLDs 


Abstract 


The ultrasonic pulse technique has been used to de- 
termine the Young's modulus, shear modulus, and Poisson 
ratio of the following polycrystalline metals: beryllium, 
columbium, zirconium, titanium, vanadium, thorium, ura- 
nium, alpha brass, and Type 347 stainless steel. 

The relationships between elastic wave velocities and 
elastic constants are given for the case of an isotropic solid. 
Elastic wave propagation and reflection are treated briefly. 
The ultrasonic pulse technique is described, including the 
internal reflection method of Hughes for determination of 
the shear wave velocity in cylindrical specimens. 

The ultrasonic pulse apparatus is described and the 
computation of wave velocities illustrated. 

The elastic moduli obtained are tabulated and dis- 
cussed. A comparison is made with data from the litera- 
ture where such data exist. For the metals columbium, 
titanium, thorium, and vanadium, it is believed that all 
three elastic constants have not been previously reported. 


INTRODUCTION 


HE ultrasonic pulse technique offers a convenient means for the 

measurement of the elastic constants of solid materials. The 
measurements are nondestructive. In addition, only one small sam- 
ple of material suffices for the determination of Young’s modulus, 
the shear modulus, and Poisson’s ratio. The use of ultrasonic tech- 
niques for nondestructive inspection of metals is well known through- 
out industry. The use of ultrasonic techniques for measurement of 
elastic constants of metals is probably not so well known and will be 
discussed in some detail for the benefit of those practicing metallur- 
gists unfamiliar with the method. 


Propagation of Elastic Waves in Solids 


Before describing the ultrasonic pulse technique for elastic con- 
stant measurement, it would be well to consider the types of elastic 
disturbances (or waves) which may be propagated through a solid. 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The author, Myron B. Rey- 
nolds, is associated with the!Knolls Atomic Power Laboratory, Fuel Systems 
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In general, these waves are of two kinds: those which are propagated 
on the surface of a solid in a manner analogous to the propagation 
of ocean waves and those which travel inside the material. Only 
the latter kind will be considered here. Internal elastic waves are 
of two types: longitudinal waves in which the particle displacement 
is parallel to the direction of propagation and shear waves in which 
the particle displacement is perpendicular to the direction of propa- 
gation. Shear waves in solids exhibit polarization phenomena of the 
type observed in the propagation of light. 

In general, the velocities of propagation of elastic waves in a 
solid are dependent upon the density of the solid, its elastic constants, 
the direction of propagation, and the ratio of the wave length* of the 
elastic disturbance to the physical dimensions of the solid. In iso- 
tropic solids the elastic constants are independent of direction, and, 
therefore, so are the wave velocities. The following relations hold 
for the velocities of elastic waves in an isotropic solid of physical 
dimensions large in comparison with a wave length: 


Vast V & Equation 1 
p 


y l1—e¢ 
Vi= ee E ti 2 
: - ae) Gab) er 


in which V, = shear wave velocity 
Vi. = longitudinal wave velocity 
# = shear modulus of elasticity 
Y = Young’s modulus 
¢ = Poisson’s ratio 
p = density of the solid 


The velocity of propagation of a longitudinal wave in a rod, 
in a direction parallel to the axis of the rod, is dependent upon the 
ratio of the transverse dimension of the rod to the wave length of the 
disturbance. If the transverse dimension of the rod is large in com- 
parison with the wave length, the velocity is that given by Equation 2. 
However, as the wave length increases or the rod cross section de- 
creases, the wave velocity decreases until the limiting velocity 


Vo= V ¥ Equation 3 
Pp 


is reached. This is the so-called “thin rod” velocity as compared 
with the “bulk” velocity given by Equation 2. 


Elastic Wave Reflection at Boundaries 


Elastic waves are reflected and refracted at boundaries between 
media of different elastic properties in the same manner as light 


*Wave length here is defined as the wave velocity divided by the predominant vibration 
frequency. For the derivation of Equations 1 and 2 the reader is referred to any standard 
text on elasticity or classical mechanics. “i 
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waves are reflected and refracted at boundaries between media of 
different refractive indices (1).1 As in the optical case, the angle of 
incidence is equal to the angle of reflection in the simple reflection 
of an elastic wave. However, at a “free surface’, that is, at the 
boundary between a solid and either air or vacuum, reflection of a 
different type occurs. In Fig. 1 let arrow A indicate the direction 


Gas or Vacuum 





Fig. 1—Elastic Wave Reflection at a Free Surface. 


of the propagation of a longitudinal wave in a solid so that its angle 
of incidence upon the free surface is 6,;. Then the condition of stress 
equilibrium at the boundary requires a shear wave C reflected at 
angle @2 in addition to the longitudinal wave B reflected at angle 4,. 
Angles 6, and 62 are related as follows: 
sin®, _ Vi 
sin®, V, 
Likewise, a shear wave incident upon a free surface results in 
both a reflected shear wave and a reflected longitudinal wave at 
angles which satisfy a relation of the same type as Equation 4. 


Equation 4 


Elastic Wave Propagation Between Parallel Boundaries of a Solid 


Let us consider a section of a solid which has two opposite 
surfaces accurately plane and parallel with two piezoelectric crystal 
transducers attached directly opposite each other on these surfaces. 
(See Fig. 2.) If one of the transducers (which shall be called the 
transmitter’) is properly excited, an elastic wave pulse will be gen- 
erated with its propagation direction normal to the surface. This 
pulse will travel through the solid along path ab, as in Fig. 2. Not 
all the energy in the wave pulse will be transferred to the “receiver” 
transducer, however; a wave will be reflected back along path ba. 
Upon reaching the first surface this wave then will be reflected back 
along path ab. These reverberations will continue until all the 
energy of the original wave pulse has been dissipated. The type of 
wave encountered will depend upon the transducer producing it: 
either a longitudinal or a shear wave reverberating in the same 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—Elastic Wave Propagation Between 
Reuntaaion in a Solid, 
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Fig. 3—Elastic Wave Propagation in a Cylindrical Rod. 


fashion. The successive reverberations may be detected by either 
transducer as a series of electrical signals separated by time intervals 
proportional to the total path length for a complete reverberation 
which is twice the perpendicular distance between the parallel 
surfaces. 


Wave Propagation in a Cylindrical Rod 


Let us consider a cylindrical rod with a diameter which is large 
in comparison with a wave length and with ends accurately perpen- 
dicular to its axis (2). Let appropriate piezoelectric transmitter and 
receiver transducers be cemented to the ends, as in Fig. 3, with the 
cross sectional area of the transducers approximately equal to the 
cross sectional area of the rod. 

Now let a short, longitudinal. elastic wave pulse be generated 
by exciting the transmitter crystal. (It is assumed that the trans- 
ducer generates only a longitudinal wave.) The simplest paths by 
which this wave pulse may reach the receiver crystal are as follows: 

a. Direct transmission along path ab. If the pulses appearing 
at the receiver are considered in chronological order, the first pulse 
received must correspond to this direct mode of transmission, since 
the highest possible velocity of proenen is the bulk velocity given 
by Equation 2. 
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b. Simple reflection at cylinder wall as in path cde. This mode 
results from the fact that the transmitter generates a divergent wave 
rather than a pure plane wave. The effect of this is to delay the 
arrival of the pulse at the receiver by a time which is proportional 
to the increase in path length over the direct path length ab. 
Inspection of Fig. 3 will show that the increase in path length is 
small and has no fixed value. Its only observable effect, therefore, 
is to lengthen and distort the received pulse. 

c. Conversion to shear mode by reflection at the surface with 
reconversion to longitudinal mode on the opposite surface as in path 
fghi. As a result of the cylinder wall reflections mentioned above, 
reflected shear waves originate at various points along the cylinder 
wall and are propagated across the rod at the angle predicted by 
Equation 4 for the case of grazing incidence. The effect of this mode 
of transmission is to delay the arrival of the pulse at the receiver by 
a fixed length of time which is equal to the difference between the 
pulse transit time along path gh at the shear wave velocity and the 
transit time along path jh at the longitudinal velocity. Referring to 
Fig. 3, it is apparent that 








Vs 
my 3 Equation 5 
Vi . 
If the rod diameter is D, 
nai D ; 
gh = Equation 6 
cos Y 
and 
jh = Dtany Equation 7 


Then the time delay resulting from this mode of transmission is 


1 tan Y 
At= Dit--—— Equati 
fe cos Y Vi ) wee * 





or 





D % 
t= v.V (ve — v.) Equation 9 
s L 


For a given rod At is a constant, since the exact point at which 
reflection and conversion to the shear mode takes place has no appre- 
ciable effect on the total path length. 

d. Multiple simple reflections at the cylinder ends to give paths 
such as abab, ababab, etc. This is a simple case of internal rever- 
beration between the cylinder ends and requires no comment since it 
was discussed in a previous paragraph. (See under Elastic Wave 
Propagation Between Parallel Boundaries of a Solid.) 

e. Any combination of the paths mentioned above. 
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Measurement of Wave Velocities in Cylindrical Rods 


The pulses arriving at the receiver end of the rod previously 
described may be amplified electricaliy and presented on an oscillo- 
scope as functions of time. The relative times of arrival of various 
received pulses may be measured with the appropriate electronic 
equipment, and wave velocities can be computed from these time data 
and from the rod dimensions if the pulses can properly be identified 
as to their path type. Due to the unlimited number of paths where- 


Time —. 


to t, te tz t4 ts te tz tg to 


Fig. 4—Chronological Presentation of Received Pulses. 


by a pulse may be propagated through a cylindrical rod, a single pulse 
applied to the transmitter end of such a rod could, in principle, give 
rise to an infinity of received pulses. Fortunately, the number of 
received pulses is limited due to absorption and scattering, and, there- 
fore, the number of received pulses to be identified is reasonable. 

The times of arrival of typical received pulses resulting from a 
single pulse are presented on a linear scale in Fig. 4 where the lines 
which represent pulse arrivals are de:ignated in chronological order 
as to, ti, te, ts, etc. The time of the application of the pulse to the 
transmitter end of the rod is represented on the scale at to, although 
in practice a pulse corresponding to this time rarely appears on the 
oscilloscope, and to is not measured directly. Time t; is that of a pulse 
arriving by the direct path corresponding to ab shown in Fig. 3. Time 
ts corresponds to arrival by path fghi; ts to arrival by a path in which 
two conversions to the shear mode take place along the way; t, to 
arrival by a path involving three such conversions; ts to arrival by 
path abab shown in Fig. 2; and tg to arrival by the path ababab. 
A brief study of Figs. 3 and 4 shows that if the rod length is L and 
the longitudinal wave velocity is Vy, the time of arrival of any pulse 
at the receiver end of the rod is given by 





ti = to + (2m +1) = + m,At Equation 10 
L 


in which At is defined by Equation 9 and in Fig. 4 has the values 
(te — ti), (ts — te), (ts — ts), (te— ts), (tg— ts), etc., and m, and 
ny are integers or zero. | 

It is evident from the above that for a cylindrical rod a single 
experiment can give sufficient data to permit the computation of both 
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Vz, and V,. In terms of rod diameter D and the delay time At, V, 
is computed simply : 
V;, = Vi 


J E ; a) Equation 11 
1+ D 


The longitudinal wave velocity Vy; may be determined from 
Equation 10 after eliminating to in either of two ways: by measuring 
t; as a function of L for mj = 0 and nj = 0, or by measuring t; as a 
function of n; at constant L and m, = 0. 

Although the method outlined above is very convenient for wave 
velocity determinations in the case of cylindrical specimens, it is 
apparent that wave velocity determinations can be made on any 
specimen of reasonable size which has two opposite surfaces accu- 
rately plane and parallel. If the longitudinal wave velocity is sought, 
transducers generating or receiving longitudinal waves are used; if 
the shear wave velocity is sought, transducers generating or receiving 
shear waves are used. Care must be taken that the shear trans- 
ducers are attached to the specimen with their vibration axes parallel. 
In either case the wave velocity sought is computed from the simple 
time-of-arrival formula 





i, 
ti = to + (2m, +1) Vv Equation 12 


in which V is the appropriate wave velocity, and the other quantities 
are the same as in Equation 10. 

Given the density of a solid and the velocities of waves in the 
solid, the elastic constants of the solid are computed as follows :* 





Shear modulus: «= V;.’p Equation 13 
Vi\2 
i Of8 ~*) 
Poisson’s ratio: © « = ————— Equation 14 
1 (~2)" 
Vs 


vey’ 

1—1/2 (= 

a V1t\? 
- (5) 


Apparatus and Experimental Technique 


Young’s modulus: Y = 2V,’p Equation 15 


The ultrasonic pulse apparatus is shown schematically in Fig. 5. 
In the present work the transmitter crystal was excited either with 
an R. F. pulse from a pulse generator similar to that described by 
Beers and Durand (3), or with a rectangular pulse from a Hewlett- 
Packard Model 212A pulse’ generator. The signal from the receiver 





*For an isotropic solid Y= 24 (1+ 9). Using this relation, Equations 13, 14 and 15 
follow directly from Equations 1 and 2. 
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crystal was fed directly into a preamplifier of the Jordan and Bell 
type (4). The output from this preamplifier was rectified, amplified 
by a video amplifier of approximately 100-db gain, and fed into the 
oscilloscope. A Du Mont Model 256-D oscilloscope was used to ob- 
serve and time the received pulses and to trigger the pulse generator. 
The variable calibrated sweep delays of this oscilloscope permit time 
measurements to be made with an error of not more than 0.1 psec 


under ideal conditions. 
Amplifier 
Oscilloscope 
Fen 


Detector and 
Preamplifier 
Trigger 


Receiver 
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Crystal 
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Transmitter 
Crystal 





Delay Line 





Generator 


Fig. 5—Ultrasonic Pulse Apparatus for Elastic Wave 
Velocity Measurements. 


The physical arrangement of the specimen holder and the accom- 
panying preamplifier is shown in Fig. 6. Electrical contact with the 
crystals was made by means of small strips of bronze spring stock. 
The block holding the transmitter crystal contact and the V-block 
holding the specimen were movable so that specimens of different 
size could be accommodated. 

For the generation of longitudinal wave pulses either barium 
titanate or X-cut quartz crystals were used. Barium titanate crystals 
were found to be more effective thar’ quartz as transmitters, since 
they can be connected directly to the coaxial cable from the output 
of a pulse generator with less impedance mismatch than is the case 
for quartz. They were inferior to quartz as receivers, however, due 
to the high input impedance of the preamplifier. Longitudinal wave 
transducers, whether quartz or barium titanate, were coupled to 
specimens by means of a thin film of light oil. 

Shear wave pulses were generated and received by means of AC- 
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cut quartz crystals. These crystals were attached to specimens by a 
thin film of salol, care being taken to keep the X-axes of the two 
crystals parallel. 

All the crystal transducers, as furnished by the manufacturers, 
were silvered on both sides in order to eliminate the need for separate 
electrodes. Crystals with resonant frequencies of 1, 2, 5, and 10 
mc/sec were available; the pulse vibration frequency which was used 
depended upon the specimen size, absorption, etc. 

The time zero, to, was found to be reasonably constant on the 
oscilloscope delay scale for any given pair of transmitter and receiver 





Fig. 6—Specimen Holder and Preamplifier, Showing a Specimen and Piezoelectric 
Crystals in Place. 


crystals, but it was dependent upon crystal thickness and also area 
to a slight extent. This zero was determined for each series of 
measurements either by measuring t; (see Fig. 4) for a standard rod 
or by measuring t,; for two or more rods of identical diameter and 
material but of different lengths. The values obtained were fitted 
to the equation 


t= t+aL Equation 16 


by the least square or an equivalent method. 

In order to check the technique of determining both wave 
velocities by the use of longitudinal pulses only, a number of brass 
cylinders were prepared from the same piece of stock. All the cylin- 
ders of one series had the same diameter but different lengths, while 
all the cylinders of the other series had the same length but different 
diameters. Measurements were made using crystals having 1, 2, and 
5 mc/sec resonant frequencies which were excited in each case with 
pulses of the appropriate vibration frequency. At each frequency t; and 
ty first were measured for each of the rods of the same diameter. Then 
to and a of Equation 16 were determined by the least square method. 
Having determined to, t; and te were measured for each of the speci- 
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mens of the same length but different diameters. The results of 
these wave velocity measurements are given in Table I. 


Table I 
Elastic Wave Velocities in Brass Rod 

Rod x» 
Diameter Frequency Vi X 10-5 Vs X 105 D 
1 in. 1 mec 4.261 cm/sec 1.982 cm/sec 0.17 
1 2 4.285 2.018 0.08 
1 5 4.283 2.019 0.03 
0.75 1 4.29 eens 0.22 
0.75 2 4.30 eka 0.11 
0.75 5 4.29 un eo 0.04 
0.5 1 4.05 Sine 0.34 
0.5 2 4.31 ‘eh oh 0.17 
0.5 5 4.31 ici 0.07 
0.375 1 *3.10 eam 0.45 
0.375 2 4.22 eiistio 0.22 
0.375 5 4.25 caehs 0.09 
0.25 1 *2.05 Cie 0.67 
0.25 2 4.03 ey 0.33 
0.25 5 jose sats 0.13 


As the rod diameter decreased, the sharpness of received pulses 
decreased until resolution finally became so poor that the measure- 
ments were meaningless. The starred values of Vy are questionable 
in view of the fact that the thin rod velocity for brass is 3.22 « 10° 
cm/sec. The ratio of wave length (longitudinal wave) to rod diam- 
eter is tabulated for comparison purposes, since velocity should de- 
pend upon this ratio rather than either diameter or wave length alone. 
The table shows that for values of A/D greater than approximately 
0.2 the wave velocity tends to decrease, but that the longitudinal wave 
velocities measured under conditions where A/D < 0.2 either are equal 
to true bulk velocities or are in error by a very small amount. 

The time delay, At, due to mode-conversion reflections in the 
l-inch diameter rods, was determined for each of the three frequen- 
cies. The shear wave velocities computed from these values are in 
close agreement. 

To illustrate the method for the computation of both wave veloci- 
ties from the results of a single set of measurements, data for a series 
of Type 347 stainless steel rods are given in Table II. The rod diam- 
eter was 2.49, cm. and the pulse vibration frequency was 5 mc/sec. 

The values of t; and rod length L in the above table were used 
to compute tp and a in Equation 16 by the least square method. 
Using the value obtained for to, Vi, was computed for each rod. The 
average value for V;, was computed from the least square value of a, 
since 

1 


= se Vi Equation 17 
a 


The average value of At was found to be 6.792 wsec for this 
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Table Il 
Wave Velocity Data, Stainless Steel Rods 
Rod Length to ti te At Vu* X 10-5 
4.600 cm 22.41 mw sec 30.42 « sec 37.19 w sec 6.77 m sec 5.743 cm/sec 
6.194 22.41 33.19 39.98 6.79 5.746 
9.244 22.41 38.50 45.28 6.78 5.735 
12.856 22.41 44.82 51.62 6.80 5.732 
16.87 22.41 51.78 58.60 6.82 5.744 


*Computed values. 
1/a = 5.741 XK 105 


to = 22.41 p sec } Least square values 





series of measurements. From this value, and from the value 2.49, 
centimeters for D, V, was computed from Equation 11 and found to 


be 3.092 & 10° cm/sec. 


The oscilloscope presentation of pulses transmitted through one 


Fig. 7—Oscilloscope Presentation of Pulses Transmitted Through a Cy- 
lindrical Rod of Stainless Steel. 


f the stainless steel cylinders is shown in Fig. 7. The individual 
ulses may be identified by reference to Fig. 4. A pulse correspond- 
ug roughly to to appears in this case because of electrostatic leakage 
etween the contact springs of the two crystals. 


MATERIALS 


Propagation velocities for both longitudinal and shear waves 
vere measured in the following polycrystalline metals: 

Brass. A series of seven rods ranging from 4.87 to 9.54 centi- 

ieters in length was cut from a piece of alpha brass 1l-inch diameter 
ound stock. Four additional rods, 5.39 centimeters in length and 
ranging from 0.639 to 1.91 centimeters in diameter, also were cut 
trom the same piece of stock. In each case the ends of the rod were 
faced off accurately perpendicular to the rod axis. The brass was 
found by chemical analysis to contain 1.5% lead and 39.0% zinc. 

Beryllium. A piece of Brush BPOM beryllium in the form of a 

rectangular parallelepiped, 3.73 by 5.89 by 7.30 centimeters, was 
ground to secure accurately parallel faces. A similar parallelepiped 
of extruded beryllium was available as well as a specimen of hot- 
pressed material prepared in this laboratory. 

Columbium. Four pietés were cut from a piece of 14-inch diam- 

eter Fansteel columbium rod. After vacuum annealing these pieces for 
one hour at 1050 °C (1920 °F), ends were ground so that they would 
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be perpendicular to the cylinder axes. Lengths of the rods ranged 
from 3.03 to 13.74 centimeters. 

Zirconium. Three cylinders were cut from a piece of 1.507- 
centimeter diameter rod of Bureau of Mines zirconium. This rod 
was vacuum-annealed for one hour at 800 °C (1470 °F) before ma- 
chining off the ends of the cylinders. The lengths of the cylinders 
ranged from 5.52 to 11.27 centimeters. Wave velocities also were 
measured in a cylinder of crystal bar metal 1.25 centimeters diameter 
by 10.42 centimeters long. 

Thorium. <A cylinder, 8.786 centimeters long by 10.20 centi- 
meters diameter, was machined from a piece of thorium obtained 
from the Ames Laboratory. 

Vanadium. <A cylinder, 4.84 centimeters long by 0.914 centi- 
meter diameter, was machined from a piece of ductile vanadium 
prepared at this Laboratory. 

Titanium. A sample was obtained from each of two heats of 
Allegheny Ludlum titanium and from a titanium casting of unknown 
origin. Specimen diameters ranged from 2.53 to 8.54 centimeters. 
and lengths ranged from 3.08 to 11.02 centimeters. 

Uranium. A number of cubes, approximately 3 centimeters pe: 
side, were cut from uranium metal. Anisotropy resulting from fabri 
cation was destroyed by heat treatment. 

Stainless Steel. A piece of Type 347 stainless steel round wa: 
annealed at 1070 °C (1960 °F), followed by a water quench. Th: 
rod then was centerless ground to 2.49 centimeters diameter and cu! 
into cylinders ranging in length from 4.60 to 16.87 centimeters. 


RESULTS 


The results of wave velocity measurements are listed in Table I1! 
which also includes the computed elastic constants. Where more thar: 
one specimen was measured, the velocities given are mean velocities. 
The densities given are measured values except in the cases of ura 
nium and thorium where literature values are used. The quantities 
tabulated are the following: 

V. Longitudinal wave velocity in cm/sec 
s Shear wave velocity in cm/sec 
Poisson’s ratio 
Density in grams/cm? 
Shear modulus in dynes/cm* 
Young’s modulus in dynes/cm? 
Wave vibration frequency in megacycles/sec 

The elastic constants given in Table III are estimated to be in 
error by not more than +1% except in the cases of columbium, 
titanium, and vanadium. For these three, the error may be as high 
as 3 or 4% due to variations among individual specimens for colum- 
bium and titanium and to the smal cross section of the one available 
vanadium specimen. 


2h oS 








1953 ELASTIC CONSTANTS OF METALS 851 


The values obtained for the elastic constants were converted intc 
English units and in Table IV are compared with the values obtained 
by other workers. Sufficient information is not available to justify 
detailed comment in the case of most of the metals listed, but it is 


Table IIt 
Elastic Wave Velocities and Elastic Constants for Some Metals* 
Metal Vit X10° Vs xX 105 o p wx 10-0 Y x 10-41 f 
Alpha a 
Brass 4.28 2.02 0.36 8.45 3.45 9.35 5 
Beryllium 12.89 8.88 0.05 1.87 14.7 30.9 10 
Zirconium: 
Bu. Mines 4.62 2.34 0.33 6.57 3.61 9.57 5 
Crystal bar 4.65 2.25 0.35 6.48 3.28 8.84 5.10 
Columbium 4.92 2.10 0.38 8.56 3.75 10.4 5 
Titanium 5.99 2.96 0.34 4.54 3.98 10.6 2 
Uranium 3.37 1.94 0.25 18.6 7.03 17.6 2 
Thorium 2.94 1.56 0.30 11.5 2.80 7.28 2 
47 Stainless 
Steel 5.740 3.092 0.30 7.91 7.57 19.6 5 


Vanadium 6.00 2.78 0.36 6.03 4.66 12.7 10 





*All quantities given in cgs units. 
1 dyne/cm? = 1.4504 X 10-5 psi 





vident that the elastic constants obtained by the ultrasonic pulse 
echnique generally are lower than those obtained by the conventional 
ensile test methods. The reason for this is not clear, since the essen- 
ially adiabatic values obtained by the ultrasonic pulse method should 
e greater than those obtained under the more nearly isothermal con- 
itions of the conventional test. It should be noted that there is close 
greement between the values obtained for beryllium here and those 
btained by Gold (6) who also used the ultrasonic pulse technique. 

Schwope and co-workers (7) have measured the Young’s modulus 

‘{ sheet Bureau of Mines zirconium as a function of direction relative 
o the rolling direction. They obtained the value 13.9 « 10® psi for 
he modulus parallel to the rolling direction which was in agreement 
with the value computed in this report from wave velocities in the 
axial direction in rod specimens of this material. These rods have 
not been examined for evidence of rolling texture, but there is little 
doubt that they were not entirely isotropic. The crystal bar metal 
exhibited lower elastic moduli than the Bureau of Mines metal. Since 
texture information was not available for either metal, it is difficult 
to say whether the difference in moduli was due to texture difference 
or simply to difference in purity. 

The values obtained for uranium in this work differ from those re- 
ported by Laquer (8), who used the vibrating-rod technique to deter- 
mine wave velocities. This, difference is not unexpected, since Laquer’s 
uranium had not received special treatment to ensure random grain 
orientation. In the present work, longitudinal wave velocities were 
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Table IV 
Comparison of Results of the Present Work With Literature Values 

Metal Y x 10 “xX 10-4 c Source 
Alpha 13.6 psi 5.00 psi 0.36 Present work 
Brass 15 phen alas Metals Handbook (5) 
Beryllium 44.8 21.3 0.05 Present work 

43.0 21.2 0.01 Gold (6) 

12.8 — 13.9 4.76 — 5.24 0.33-—0.35 Present work 
Zirconium 13.6 — 14.2 eis 0.32 —0.35 Schwope, Stockett (7) 

11.35 one’ oes ¢ Metals Handbook 
Columbium 15.1 5.44 0.38 Present work 
Titanium 15.4 5.77 0.34 Present work 

16.8 éwae <an% Metals Handbook 
Uranium 25.5 10.2 0.25 Present work 

29.8 12.1 0.23 Laquer (8) 
Thorium 10.6 4.06 0.30 Present work 
347 Stain- 28.4 11.0 0.30 Present work 

less Steel 28 cata dane Metals Handbook 

Vanadium 18.4 6.76 0.36 Present work 

21.0 — 22.5 pata’ ate Kinzei (9) 


measured in three mutually perpendicular directions in each of more 
than a dozen different specimens of uranium, some of which were 
in the as-worked condition. Although these specimens differed mark- 
edly in their degree of anisotropy, the geometric mean of the longi- 
tudinal wave velocities in the three directions for any given specimen 
was never found to deviate from the value of 3.37 « 10° cm/sec by 
as much as 1%. Specimens were selected for shear wave velocity 
measurements only after isotropy had been assured by longitudinal! 
wave velocity measurements for each of the three directions. 


SUMMARY 


The principles of elastic wave propagation have been outlined 
with particular reference to the relation of the elastic wave velocities 
in an isotropic solid to the elastic moduli of that solid. The elastic 
pulse technique for wave velocity measurements has been described, 
including the technique outlined by Hughes for determining shear 
wave velocities in cylindrical rods using the same longitudinal wave- 
type crystal transducers as are used for the longitudinal wave velocity 
determination. 

The utility as well as the limitations of the ultrasonic pulse tech- 
nique for elastic constant determinations has been demonstrated by 
measurements on two well-known metals: alpha brass and stainless 
steel. The technique has been applied to the determination of both 
elastic moduli and the Poisson ratio of each of a number of less 
common metals: columbium, titanium, thorium, and vanadium. In 
addition, the elastic moduli and Poisson ratio of beryllium, uranium, 
and zirconium have been redetermined. The results of these meas- 
urements have been tabulated and are briefly discussed. 
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DISCUSSION 


Written Discussion: By Darrell S. Hughes, professor of physics, The 
University of Texas, Austin, Texas. 

Ultrasonic pulse methods offer a quick and accurate method of deter- 
mining elastic constants. For isotropic materials, the method of utilizing 
the dilatational-rotational conversion to derive the longitudinal and rota- 
tional velocities from a single experimental setup is particularly convenient, 
as driver and detector need be coupled only for dilatational energy trans- 
mission to the sample. This is so much simpler than shear coupling that a 
considerable saving is effected. 

In work with separate driver and detector crystals, we have found a 
modulated pulse to offer no detectable advantage and indeed to entail some 
disadvantages. If a single crystal is used as driver and detector, the modu- 
lated pulse is apparently highly advantageous. The velocity is computed 
from the time of arrival of the pulse. The precise time that will be read 
depends upon the amplifications, the judgment of the observer, and vari- 
ous Other factors. It can usually be safely assumed that the arrival is read 
late, i.e. the computed velocities are low. Actually, if wide-band amplifiers 
are used and care taken in the readings, this error can be made very small, 
of the order of 0.034 seconds. A very sharp rising pulse is desirable. We 
use a rise time of about 0.054 seconds. The measurements can be repeated 
with high precision. Thus our measurements on brass agree precisely with 
the value of Vz of Table III and are less than 0.5% different for Vs. 

There is of course some question of whether the simple geometrical 
theory outlined on the fourth and fifth pages is adequate. Dr. W. L. 
Pondrom in some unpublishéd work* has investigated rigorously the propa- 





__ “Propagation of Elastic Pulses in Rocks, W. L. Pondrom, Technical Report No. 7, 
N6onr-266 T. O. VII. 
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gation of pulses in cylindrical rods and’ flat plates. This investigation 
showed that energy is transmitted by the paths shown in Fig. 3. Actually, 
the line fg should be drawn along the boundary. These arrivals are ob- 
served because all possible paths of this type have the same transmission 
time. Paths such as cde have varying transmission times and hence show 
no detectable first arrival. We have measured the shear velocity in fused 
quartz both by this method and by means of Y-cut crystals and found the 
two methods to agree within about 0.05%. 

A more serious error can perhaps arise from the fact that inevitably 
the measured velocity is the velocity of high frequency waves of an un- 
known frequency and band width. The possibility of the velocity and par- 
ticularly the shear velocity being a function of frequency cannot a priori 
be ruled out. 

Thus in Table IV, Laquer’s and Reynolds’ values for uranium differ by 
about 17%. If Reynolds’ shear velocity is about 8% high, this discrepancy 
would disappear. Assuming that uranium may display anelasticity as form- 
ulated by Zener, a strain relaxation time of about 0.06 seconds with an 
assumed signal frequency of 2 mc. would give just this change in shear 
velocity. A method of determining the velocity of waves of definite fre- 
quency is certainly desirable, but appears to be unobtainable at the pres- 
ent time. 

On the other hand, the resonant frequency of a bar is a complex func- 
tion of the rod shape, dimension, and elastic constants. It is difficult to 
allot an error to measurements made by this method, but 8% seems exces- 
sive. Until the same sample of uranium can be measured by both methods, 
it is probably useless to undertake an elaborate explanation of the dis- 
crepancy. 

Probably a check with published values should not in general be ex- 
pected. First, it is difficult to be certain that the materials are the same. 
Second, different methods will almost certainly give somewhat different 
results. In the usual static testing machine it is doubtful that sufficient 
time for temperature equilibrium is allowed. Static testing usually involves 
rather large deformations, and strain hardening may ensue. The past his- 
tory of the material also may have a decided effect. Thus we have found 
that in hardened 4340 steel the elastic constants increase by 3% as the 
drawing temperature is raised from 300 to 1200 °F. 

Apparently unexplainable discrepancies remain. Our measurement of 
the adiabatic constants of Armco iron is about 3% low compared to Bridg- 
man’s isothermal values. We have measured the isothermal moduli of 
fused quartz and Carboloy and the adiabatic moduli by pulse methods. 
For these materials, the adiabatic values appear some 1 to 2% too high. 


Written Discussion: By Henry L. Laywer, staff member, University of 
California, Los Alamos Scientific Laboratory, Los Alamos, N. M. 

Dr. Reynolds has reported an interesting set of measurements of the 
sound velocities and elastic constants for some of the metals which are 
of special interest to the atomic energy program. He has used the ultra- 
sonic pulse technique which by now is well known but certainly not stand- 
ardized in detail, i.e., different laboratories use quite different mechanical 
and electronic assemblies to achieve the same results. 

We have made similar and as yet unpublished measurements at Los 
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Alamos using both the previously described resonance or vibrating rod 
technique,” operating at frequencies between 5 and 150 Kc, and a modifica- 
tion of the ultrasonic pulse technique, operating at frequencies between 
0.55 and 5 Mc. In the pulse technique work, we have used only quartz 
crystals. We have also used Y-cut shear crystals for the direct determina- 
tion of Vs, rather than relying on the conversion to the shear mode which 
dispenses with the shear crystals and the difficulties involved in attaching 
them to the specimen but which does require that all sample surfaces be 
machined accurately and smoothly. Another difference in techniques is 
that, since we do not “detect” the signal, we observe the individual cycles 
in each pulse rather than the pulse envelope. This avoids some of the 
difficulties sometimes encountered in locating the “foot” of the echo, and 
it certainly simplifies the differential measurements which are involved in 
the determination of the pressure and temperature coefficients of the ve- 
locities. 

The directly determined experimental quantities are frequencies with 
the resonance technique and times with the pulse technique. With a 
knowledge of the length of the specimen one then readily calculates the 
velocities V. and V;., in the former case, and Vx and V, in the latter. The 
moduli are derived quantities in any dynamic measurement and involve the 
square of the velocities and the densities. For this reason we prefer to 
make all comparisons in terms of the velocities rather than of the moduli, 
1 presentation which also, incidentally, halves the percentage discrepancies. 

Table V lists our measurements on single samples of miscellaneous 
naterials together with the results of Reynolds and of other workers. 
Juantities in brackets represent derived values, and measurements indi- 
ated as made at “low” frequency were made with the resonance technique. 
None of our samples received any special heat treatments. Our work does 
y no means represent a complete study but was done in a rather haphaz- 
ird manner, usually at the request of other people from our laboratory. 
‘he only reason for presenting the data is to show that they are in gen- 
ral agreement with those of the other workers. 

Our beryllium sample was a disk pressed from powder and had a 
iensity of only 1.59, or 85% of that of Reynolds. Unpublished work on 
ther powder compacts of less than theoretical density has indicated that 
there is an approximate proportionality between Vx and p, so that one 
inight expect velocities about 15% below those for the full density material. 

Our first zirconium sample was swaged Bureau of Mines material, and 
the agreement is excellent. Our second sample was a very coarse-grained 
foote Mineral Company crystal bar which had been machined into a cylin- 
der. This material appeared to have pronounced directional properties and 
was investigated for that very reason. The measured shear velocity, V,, 
is 2% above that of Reynolds but about 3.5% below the value for the 
swaged material. The rod velocity, Vo, is 5% higher than that caiculated 
from Reynolds’ data; on the other hand, it is within 1% of the value cal- 
culated for the swaged material. Finally, the longitudinal wave velocity, 
Vi, derived in this case, since the measurements were made by the reso- 
nance technique, is very high and obviously incorrect, whereas Reynolds’ 
directly measured Vx is in’ very close agreement with the results on the 


: 7H. L. Laquer, W. E. McGee and M. F. Kilpatrick, “The Elastic Constants of Ura- 
nium”, Transactions, American Society for Metals, Vol. 42, 1950, p. 771. 
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Bureau of Mines samples. This shows that with anisotropic materials rela- 
tively small differences in the measured quantities can lead to large dis- 
crepancies in the derived quantities. 

Our titanium sample was a 10-pound Du Pont ingot and did not trans- 
mit sound equally well at different points, indicating some porosity or blow- 
holes. Nevertheless, the agreement is quite close for Vi; however, our V; 
is 7% high. Fusfeld* used the resonance technique on commercial rods 
which he subjected to a 66% reduction in area and then annealed. 

Our molybdenum sample was taken from stock and is probably Fan- 
steel rod. It had a density of 9.96 + 0.04 gms/cc, or about 98% of the 
X-ray value. 

The results compared in Table V thus indicate that whenever there is 
no question as to preferred orientation or soundness of material, different 
observers using different techniques at different frequencies readily agree 
on sound velocities within 2% and hence should agree in the elastic moduli 
to within 4 or 5%. This general agreement then excludes appreciable sys- 
tematic errors and makes the pronounced disagreement in the case of 
uranium most disturbing. In Table VI we have compared Reynolds’ ura- 
nium data with our previous averages* and have added some recent results 
on samples of different thermal and mechanical treatment. On the basis of 
the information available to Reynolds at the time his report was written, 
one could have suggested at least three possible explanations for the 5 to 
8% discrepancies between the velocities shown in the first two lines of 
Table VI. We shall now discuss the following three possibilities : 

(a) a frequency dispersion of the velocities, 

(b) preferred orientation in our samples, 

(c) different materials, due to the very different heat treatments 

employed. 

A variation of the velocity of sound in any metallic material as a func- 
tion of the frequency has, to the best of my knowledge, not been reported 
for the frequency range of 1 Kc to 10 Mc. The pulse technique measure- 
ments on the as-cast specimen No. 6a indicate that the measured Vi agrees 
with our previously calculated value. On the other hand, we did not suc- 
ceed in transmitting shear waves through this or any other sample of 
coarse-grained uranium. However, the pulse technique results obtained 
with two samples containing sufficient impurities to obstruct grain growth 
(Nos. 63, 64) fall between our previous data and those of Reynolds. After 
one makes a correction for the slight density difference, the velocities in 
these “impure” samples are less than our previous averages by 2%, which 
is not much more than the combined experimental errors. However, the 
fact that the shear velocity measured by the pulse technique on these sam- 
ples is less than our previous average by ohly 3% makes most unlikely the 
explanation that the 8% discrepancy with Reynolds’ data is caused by 
frequency dispersion. 

The second possible explanation of the discrepancies and the one sug- 
gested by Reynolds is that our previous samples might have had appre- 
ciable preferred orientation. Now it is true that uranium is notoriously 
prone to the development of directional properties and that the resonance 
technique does not permit the detection and elimination of these directional 


*See footnote 5 in Table V. 
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Table V 
Fre- 
quency Vi Vs Vo 
(Mc) (cm/sec)X10° Diff. (cm/sec)x105 Diff. (cm/sec)X10° Diff. o 

Beryllium: 

REY 10 lao ee: docs SBS2004 9... ... an |, Slow es 0.05 

Gold*® 10 12.65 — 2% 8.88 0% (12.65) — 2% 0.015 
Overton* 10 12.55+0.02 — 3% 8.83+0.03 -—0.6% (12.55) — 2% 0.011 

LA 2%,5 11.57+40.03 —10% 7.74+0.04 —13% (11.45) —11% 0.095 
Zirconium, Bureau of Mines: 

REY 5 GHOTO02 2 n.cics Bue. ke ace eee 0.33 

LA 2%.5 4.69+0.01 +1.5% 2.36+0.01 +1% (3.84) +0.5% 0.33 
Zirconium, Crystal Bar: 

REY 5, 10 4654+0.02 ...... rn seas oe RRM cr. et 0.35 

LA Low (6.14) +32% 2.29 +2% 3.86 +5% 0.42 
Titanium: 

REY 2 DP eOAs: ivcctr Ree acieas SR i oS we Sarees 0.34 
Fusfeld® 5.0 ea es 4.97+0.01 +2% es 

LA 1,2%,5 6.02+0.03 +05% 3.174001 +7% (5.13) +6% 0.31 
Molybdenum: 
_LA 23 «6.374002 = ...... 3.414006 ...... MP Fe. iste. 0.30 





8Louis Gold, “Evaluation of the Stiffness Coefficients for Beryllium From Ultrasonic 
Measurements in Polycrystalline and Single Crystal Specimens’, Physical Review, Ser. 2, 
Vol. 77, 1950, p. 390. 


4W. C. Overton, Jr., “Ultrasonic Measurements in Metallic Beryllium at Low Tempera- 
tures’, Journal of Chemical Physics, Vol. 18, 1950, p. 113. 


5H. I. Fusfeld and J. T. Gilbert, “Some Physical Properties of Titanium”, Physical 
Review, Ser. 2, Vol. 77, 1950, p. 302. 


properties in as elegant a way as Reynolds did with his measurements 
long the three perpendicular directions of his cubes. (By the way, it 
vould be interesting to see the three different values whose geometric 
nean is 3.387, say for the best and worst sample.) Our approach then was 
o eliminate or at least minimize orientation effects by studying samples 
‘f different thermal and mechanical history. The previously studied sam- 
les had been swaged and annealed, y-extruded, and as-cast. Of the new 
-amples No. 6a was cast and then furnace-cooled. Sample No. 9 was cast 
'y induction heating into a 1-inch diameter crucible and cooled much more 
apidly. Samples Nos. 21 and 23 were hot drawn and then annealed. All 
hese samples, with the exception of No. 23, gave results in substantial 
greement with our previous data, and it would appear most unlikely that 
ill these samples should be subject to the same kind of preferred orientation. 
\nother check on whether any sample has preferred orientation can be 
had by comparing Poisson’s ratio, ¢, as calculated from two of the veloci- 
ties and also o¢pisp as obtained from the velocity dispersion for higher 
harmonic resonances.” Thus the cold-swaged and only slightly annealed 
samples Nos. 22 and 24 show exactly this kind of anisotropy, and it is 
interesting to note that their V. values are within a per cent of the value 
calculated from Reynolds’ data, but the V. values are higher by 9%. Thus 
we have shown that one can produce one kind of preferred orientation 
which does make V, too large in terms of Reynolds’ results, but at the 
same time introduces an effect opposite to the observed one in Vo, and 
also an abnormal ¢ value, which did not occur in our earlier work. 

We are then left with the last possibility, namely, that there were in- 
herent structural differences in the samples studied. This explanation does 
appear rather far-fetched at first glance, and I certainly do not know of 
any other material in which heat treatment can produce such large effects 
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without being evident in the microstructure. It seems likely that Reynolds 
subjected his samples to a very drastic quench so as to secure random 
orientation. Our one water-quenched sample No. 16’ gave values even 
lower than those of Reynolds, and appreciably so. How the quenched ma- 
terial differs from slowly-cooled annealed material I do not know. In 
quenching from the §-range, the transformation probably proceeds in a 
diffusionless martensitic fashion. Also, a rapid quench could produce micro- 
cracks. If the effect is real, then it might be possible to produce even larger 
differences by quenching thinner pieces. 

We can only conclude that it is obviously difficult for different inves- 
tigators to obtain concordant results on a metal as anisotropic and capri- 
cious as uranium, and that it will require further investigation before this 
specific problem can be solved. 

Written Discussion: By Harry Majors, Jr., lead engineer, California 
Research and Development Co., Livermore, Calif. 

Here is discussed a very timely paper on a convenient method which 
is of interest to all who make stress calculations, especially where thermal 
stresses are predominant. The ultrasonic pulse technique has many advan- 
tages. 

The trend in engineering design is to calculate for elevated tempera- 
ture conditions ; hence, one would like the elastic constants as a function 
{ temperature. What is the upper temperature limit at which the ultra- 
onic apparatus can be used? What modifications are needed to permit the 
letermination of the elastic constants at various temperatures? 

Table IV presents some results for the Poisson ratio of beryllium in 
vhich a value of 0.05 appears to be exceptionally low. Would the author 
omment whether or not a variation of Poisson’s ratio was detected with 
he direction of working? 

It would have been of great interest if the conventional, isothermal 
.oduli were available for comparison with the adiabatic moduli of Table 


r 


Ve 


Further comments are made. First, a search was made for reported 
alues of Poisson’s ratio which are tabulated in Table VII. 


Table VII 


Poisson’s Ratio of Materials That Rupture With a Brittle Fracture 
at Room Temperature in a Uniaxial Stress Field 


Material Poisson’s Ratio 
Cast iron, no alloying element ................00e000. 0.211 
Multicomponent glass, Type 496/644 ...........+2+55. 0.197 
Multicomponent glass, Type 506/602 ..............+... 0.221 


NT MAM NOIRE. ulhc.6 0c 0.55.5 609 6Od Ninctneedc de 0.228 
Range of values for other types of multicomponent glass 0.197 to 0.319 


Even though glass and cast iron are considered brittle generally, the 
discusser cannot say that they are anisotropic. 


Secondly, Table VIII was produced from Equation 18. 


si be 1 Equation 18 
a= 2G quation 


This equation is derived from well-known relationships in the theory 
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of elasticity and is valid for these assumptions: 
(a) Material is homogeneous 
(b) Material is isotropic 
(c) Forces acting cause small deformations 
(d) No effect of past history 
(e) Laws of Newtonian Mechanics are valid 

As indicated in Table VIII, small changes in ratio of E/G produce large 
changes in wu. 

Beryllium is anisotropic, but Poisson’s ratio was computed from an 
equation assuming isotropic conditions. 

Maybe the low value recorded here is due to the fact that beryllium is 
not isotropic and that the equation used is very sensitive to small changes 
in the variables. On the other hand, when Poisson’s ratio is reported for 
known brittle materials the values hover around 0.20. 


Table VIII 


Poisson’s Ratio Versus the Ratio of E/G 
(using Equation 1) 


= 
Q 


au 
-00 


0 
1 
1 
2 


ooooo 
UuMmnonun 


0.35 
0.50 
= modulus of elasticity in tension 


= modulus of elasticity in torsion 
“& = Poisson’s ratio 


WNNNNNN 
OnNMwWhHeO 


. 


, 
Om 


Vaiue of Poisson’s ratio for cast iron was obtained from a Master of 
Science Thesis by R. W. Vose, Massachusetts Institute of Technology, 
1936, while the values for glass were obtained from the International Crit- 
ical Tables, Volume II, p. 93, Table II. 


Author’s Reply 


The author wishes to express his thanks to the reviewers for the inter- 
est indicated by their comments. 

Professor Hughes’ comment concerning the geometry of Fig. 3 is in- 
deed justified, although the author intended in the text to convey the fact 
that paths fg and hi were actually parallel to the cylinder wall. 

The author has observed no dependence of wave velocity upon pulse 
vibration frequency which could not be attributed to variation in the ratio 
of wavelength to specimen cross section, although admittedly no detailed 
investigation of this phenomenon has been attempted. 

The author has discussed the question of wave velocities in uranium 
with Dr. Laquer in person. It is quite possible that his explanation for 
the difference in our wave velocity values is correct. When time permits, 
this matter will be investigated in somewhat more detail, using new sam- 
ples of uranium. 

The low Poisson ratio for beryllium was a topic of considerable dis- 
cussion when it was first brought to the attention of metallurgists at this 
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Laboratory several years ago. As Mr. Majors points out, the sensitivity 
of the Poisson ratio to variations in the ratio of the two elastic moduli 
makes a precise determination of this constant somewhat difficult. How- 
ever, the Poisson ratio for beryllium turns out to be roughly an order of 
magnitude less than that for more common metals. An error of approxi- 
mately 20% in the ratio of the two elastic moduli would be required to 
produce an order of magnitude error in the value of the Poisson ratio. 
Commercially available polycrystalline beryllium is indeed textured, but 
the author has found that the variation in wave velocity with direction in 
this material does not exceed a few per cent. This applies to both wave 
velocities and is based on measurement of both wave velocities in each of 
the three mutually perpendicular directions, in each of a number of beryl- 
lium specimens. Since the wave velocities reported are mean velocities, it 
would be rather difficult to explain the low value of the Poisson ratio for 
beryllium on the basis of experimental error in the wave velocity deter- 
minations. Also, a determination of the shear modulus of beryllium by the 
torsion pendulum technique gave a result in good agreement with that 
obtained by the ultrasonic pulse method. Consequently, there is good 
reason to believe that the Poisson ratio of beryllium is unusually low in 
value. 

The temperature limitations of the ultrasonic pulse technique are 
determined by the properties of the piezoelectric transducers and of the 
coupling fluid or cement. Because of its rather low Curie temperature, 
barium titanate is useful only at temperatures below about 70°C. Quartz, 
however, with a couplant such as solder, or a high melting point cement, 
may be used at temperatures up to within perhaps 100°C of its alpha-beta 
transformation point (573°C). The vibrating rod technique is probably 
much more suitable for high temperature measurements than is the ultra- 
sonic pulse technique, particularly if the rod is driven by the electrostatic 
method. 

Since the above paper was written, the elastic wave velocities in vana- 
dium have been redetermined, using a larger (and purer) specimen of 
vanadium than was originally available. The elastic constants obtained 


irom the new measurements differ from the previously determined values 
by less than 1%. 








CONSUMABLE-ELECTRODE ARC MELTING OF 
ZIRCONIUM METAL 


By W. W. StepHeEns, H. L. Grtspert anp R. A. BEALL 


Abstract 


A production-model, consumable-electrode arc melt- 
ing furnace for zirconium and its alloys has proved 
successful, 

Contamination experienced in other methods of melt- 
ing 1s avoided by using a pressed electrode of zirconium 
metal, 


Metal recovery from 8-inch diameter, 200-pound 
rough ingots varies from 75 to 85%. Scalpings are re- 
used in later runs. 


INTRODUCTION 


S A CONTINUATION of the zirconium-melting development 
work by the Bureau of Mines at Albany, Oregon, a production- 
model inert-atmosphere arc melting furnace has been developed in 
which consumable electrodes are employed to produce ingots of zir- 
conium and its alloys. 

Earlier work (1)! showed that consumable-electrode melting has 
advantages over tungsten-electrode (2, 3) or graphite-crucible melt- 
ing (4, 5), in that no tungsten or carbon is picked up and the spat- 
tering commonly encountered when sponge is melted poses no 
problems. 

The prototype furnace for consumable-electrode melting em- 
ployed in this work utilized electrodes formed by hot forging and 
rolling iron-sheathed sponge briquettes (1). These electrodes were 
not only expensive to produce but, owing to their physical condition 
and shape, required a threaded electrical connection. An ingot was 
made up, using many electrodes, and cold shuts often occurred in the 
finished ingot at the locations where electrodes were changed. As the 
formed electrodes had an irregular cross section, they were not 
amenable to the system of feed rolls and sliding contacts employed 
by Parke and Ham (6) and later by Kessler and Hansen (7) in the 
experimental melting of molybdenum and alloys. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, W. W. Stephens 
was formerly metallurgist, H. L. Gilbert is chemical engineer, and R. A. Beall 
ie eS of the Bureau of Mines, Albany, Ore. Manuscript received 
Tune 26, . 
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EXPERIMENTS 


The principal problem encountered in forming pressed or sin- 
tered bars of zirconium lay in the massive form of the sponge metal 
produced by the Kroll process. This sponge was hand-cut to pass 
l-inch mesh size, and bars compacted from such lumps had poor 
cohesion. 

Later, use of a large gyratory crusher made it possible to pro- 
duce a fairly uniform material that would pass a ™%-inch mesh size. 





Fig. 1—Sketch of Power Application and Drive Rolls. 1) Lock nut for rotor, 
2) Rotary contact, 3) Stationary contact, 4) Mechanical-drive roll, 5) Power-applica- 
tion roll, 6) Spring-loaded roll bearings, 7) Worm gears for feed rolls, 8) Interlock 
chains, 9) Drive crank. 


[t was found that 50 tons per square inch die pressure would con- 
solidate such sponge into a usable electrode. Use was made of a dual- 
action powder metallurgy press at the Bureau of Mines Boulder City, 
Nevada, station to produce 2 by 2 by 20-inch electrodes. A lateral 
die-holding pressure of 1500 tons and a vertical-compaction pressure 
of 2000 tons were employed. Bars made by this method were strong 
and dense. Electrical resistivity of the pressed bars was found to 
vary from 125 to 155 & 10°* ohms/cm./cm.? 

When two bars were beveled slightly at the ends and joined by 
inert atmosphere tungsten,arc welding, the electrical resistivity of the 
joint section was found to be lower than that of an equivalent length 
of normal bar. Several bars were joined and provided with an elec- 
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Fig. 2—Photograph of Power Application and Drive Rolls. 


trical power connection at one end for a test melt. Voltage drop and 
subsequent preheating in the bars were found to be undesirable for 
production of a well-consolidated ingot. 

As the pressed bars presented a highly uniform cross section, 
the possibility of. sliding contacts for applying power near the pool 
level was considered, but abandoned in favor of water-cooled copper 
rollers that would have less tendency to seize or gall. A sketch of 
these power application and drive rolls and photographs of the assem- 
bly are shown in Figs. 1, 2, 3. As a practical limit to the length 
of prewelded electrodes was evident, the welding step was incorpo- 
rated into the melting furnace. The general design of the furnace 
is shown in Fig. 4. 

The supply of pressed electrodes, 1, is contained in the bar- 
joining tank, 2. Bars are entered in the guide, 3, and, by use of the 
view port, 4, and a pair of sealed-in rubber gloves, 5, the bars are 
joined by a small tungsten electrode powered through a separate 
direct-current circuit, 6. The drive box, 7, contains the drive rolls, 8, 
powered by a hand crank, 9. Power is applied by water-cooled cables 
and copper tube, 10, to the water-cooled copper power rolls, 11. 
Electrical insulation is provided by a phenolic resin washer, 12, 
vacuum-sealed by rubber “O” rings, as are all other joints in the 
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Fig. 3—Photograph of Power Application and Drive Rolls. 


furnace. The water jacket, 13, is machined inside to provide a 
'g-inch water gap between the jacket and the %-inch thick copper- 
melting crucible containing the ingot, 14. About 20 gallons per minute 
of cooling water at 45 pounds pressure flows from bottom, 15, to 
top, 16. Power is applied to the copper-melting crucible by a bus-bar 
connection, 17. The eyepiece, 18, permits observation of the molten 
pool of metal. Attachment and removal of the melting-crucible 
assembly are facilitated by a small cart, 19. Two vacuum lines are 
provided for quick evacuation. 


OPERATION 


In operation, a supply of pressed bars is placed in the bar- 
joining tank and the furnace evacuated to a pressure of less than 50 
microns. The gloved entrances are protected by internal mechanical 
locks. After evacuation, the furnace is filled with mixed inert gas 
consisting of 80% helium and 20% repurified argon. This mixture 
permits a higher-voltage arc than pure argon and a steadier arc than 
pure helium. The gloye-port locks are then opened, and the bar 
joining is begun. The %-inch tungsten electrode is employed, with 
a power input of 25 volts and 100 amperes direct current (straight 





866 TRANSACTIONS OF THE 4.S.M. Vol. 45 





Fig. 4—General Design of Furnace. 1) Electrode supply, 2) Vacuum- 
tight tank, 3) Aligning guides, 4) Viewing yess 5) Rubber glove for bar 
joining, 6) Welding power leads, 7) Drive box, 8) Mechanical-drive rolls, 
9) Crank for electrode drive, 10) Main power to electrode, 11) Power appli- 
cation rolls, 12) Electrical insulation ring, 13) Water jacket, 14) Zirconium 
ingot in melting cup, 15) Water inlet, 16) Water outlet, 17) Main power to 


. 


melting cup, 18) Eyepiece, 19) Cart for removing melting-cup assembly. 
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polarity). Bars are welded on the two opposed sides not in contact 
later with the drive and power rolls. When enough bar is made up 
to reach to a zirconium starter pad in the bottom of the melting 
crucible, the power generators are started and melting is initiated. 

For routine work, three men are employed. The bar joiner 
places bars in the guide, and welds the joints as they pass his position. 
The generator tender controls the welding generators, checks water 
temperature and pressure, and relieves the melter on a 10-minute 
schedule. Observation through the eyepieces permits the generator 
tender to adjust the power to give optimum melting conditions. The 
melter operates the feed crank to advance the electrode at such a rate 
as to maintain a predetermined voltage across the arc. Fig. 5 shows 
the equipment and two of the operators during a run. 

Power requirements do not vary widely for a given metal or 
alloy. An input of 3500 to 3700 amperes at 40 to 45 volts direct 
current (straight polarity) assures a wall-to-wall melt of zirconium 
in an 8-inch diameter crucible. In all cases the power input has to 
be reduced during the last few minutes of melting, or serious shrink 
pipes result. 

Actual rate of melting or kilowatt-hour requirement per pound 
of electrode consumed varies with the amount of magnesium, residual 
or added for purposes of arc stabilization (1). Normal variation is 
0.39 to 1.15 kilowatt-hour per pound of electrode consumed, the 
higher inputs being employed in questionable cases to assure adequate 
consolidation of the ingot. Usual addition of magnesium for this 
purpose is 0.02 to 0.04% as wire placed in the sponge during pressing. 

Ingots of 200 pounds rough weight have been produced without 
difficulty. Recovery of finished metal after the ingots are machined 
to cylinder is 75 to 85%, depending upon the residual magnesium 
and magnesium chloride in the sponge metal from which the bars are 
pressed. All metal removed in dressing the ingots is recovered and 
added to the sponge employed in making further electrode bars. The 
appearance of a pressed bar and of rough and finished ingots is shown 
in Fig. 6. 

Production of alloys in this furnace was again complicated by the 
relatively coarse particle size of the sponge zirconium. Divided metal 
additives or master alloys may be added during pressing, but segre- 
gation was so serious as to require that individual bar charges be 
mixed separately. Wires or rods of the additive may be prepared 
to calculated diameter, so that a 20-inch length constitutes the exact 
amount desired per bar. This wire or rod may then be placed in 
the center of the electrode bar during pressing. 

A series of alloy ingots was prepared in this manner, with addi- 
tion of 2.5% of a given metal as wire. The usual distribution range 
in the finished ingots was 2.2 to 2.8%. 
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Fig. 5—Photograph of the Equipment end Operators During a Run. 


A mechanical feeder geared to the electrode-feeding crank was 
found satisfactory for adding metal shot or wire to the molten pool, 
with homogeneity equal to or better than that obtained by. making 
the addition to the bars during pressing. 

If greater homogeneity were required for research purposes, the 
initial ingot was press-forged and form-rolled to a 2-inch square rod 
and remelted in the same furnace.. Several such “double-melted” 
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Fig. 6—Showing Appearance of Pressed Bar and of Rough and Finished Ingots. 


ingots varied only slightly from the desired alloy concentration. 
Metal recovery on remelting was 95%, as no magnesium chloride was 
present to form intrusions at the crucible wall. 

It must be noted that the press employed in making up the 
electrode bars for this furnace is of unusual capacity. To eliminate 
use of this press, one may utilize a small automatic press to turn out 
round, rectangular, or hexagonal compacts approximately 1 inch 
thick. These forms can be continuously machine-welded up the sides 
to give the effect obtained with the present bars. Tests also indicate 
the feasibility of continuously pressure-welding a stack of such com- 
pacts during the melting,eperation by use of a very heavy secondary 
current applied by auxiliary contact shoes or rollers. 

The present furnace may be employed with equal success in 
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melting tantalum, niobium, hafnium, titanium, thorium, uranium, 
molybdenum, and other refractory metals and alloys. While it offers 
no outstanding advantages over the auto-extrusion electrode furnace 
developed by Parke and Ham (6) in the case of powdered metals, 
it does provide for use of more massive lumps of metal and permits 
remelting alloys without modification of equipment. 

This furnace design also permits retraction of the electrode at 
any time, which is impossible with the auto-extrusion furnace. 

No size limitation of this equipment is seen in producing ingots 
through 16- or 18-inch diameter. The use of direct current is de- 
sirable from the standpoint of high recovery of ingot, but tests have 
shown that alternating current may be employed in most cases. Use 
of three-phase alternating current with three electrodes might prove 
useful in producing ingots larger than 18 inches in diameter should 
the need for such ingots arise. 

Combination of the furnace described herein with the extraction 
principle of earlier furnaces employed by the Bureau of Mines (1) 
and Parke and Ham (6) would greatly increase the practical length 
of ingots and offer the further advantage of a fixed length of electrode 
from contact rolls to molten pool. 


CONCLUSIONS 


It is felt that the furnace described offers a practical means for 
producing large ingots of refractory metals and alloys with a power 
requirement of less than 0.5 kilowatt-hour per pound. Initial recovery 
of machined ingot ranges from 75 to 85% of input metal. Recovered 
scalpings are remelted. 

Alloy ingots may be remelted for improved distribution of addi- 
tives in the same furnace without modification. 

The process and equipment are simple, effective, and economical. 
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SOME PROPERTIES OF HIGH PURITY ZIRCONIUM 
AND DILUTE ALLOYS WITH OXYGEN 


R. M. Treco 


Abstract 


A_ systematic investigation has been made of the 
physical and mechanical properties of dilute alloys of 
oxygen in high purity iodide-refined zirconium. A marked 
strengthening effect was observed as a result of oxygen 
additions. Results of tensile tests at elevated temperatures 
up to 400°C (750°F) are also presented. Preparation 
of alloys is discussed in detail. 


INTRODUCTION 


HE development of zirconium as an important metal for atomic 
energy applications has been considerably slowed because of the 
effect of very small amounts of impurities on the otherwise excellent 
corrosion resistance of this metal. On the other hand, very pure 
crystal bar, though not lacking in corrosion resistance, is soft and 
ductile with consequent deficiency in hardness and tensile strength. 
Attempts to prepare zirconium alloys having greater strength have 
been limited by several factors. Chief of these has been the difficulty 
involved in melting such alloys in a suitable crucible and atmosphere 
so as to preserve the original corrosion resistance of the iodide crystal 
bar. In view of these difficulties, the use of gaseous elements, such 
as oxygen and hydrogen, appears attractive in view of the high 
affinity of the metal for these gases. 

Earlier work on the zirconium-gas systems arose as a natura! 
consequence of the van Arkel hot-wire method of preparing iodide 
crystal bar as outlined in the classical work of J. H. de Boer and J. D. 
Fast (1, 2).1 Later investigations by J. D. Fast (3), Sieverts and 
Roell (4), Ehrke and Slack (5), Hall, Martin and Rees (6) have been 
concerned with the sorption and desorption of gases in zirconium used 
as a “getter” in vacuum tubes. The results of these investigations 
vary considerably because of differences in the purity of the zirconium 
available. A recent paper by Gulbransen and Andrew (7) discusses 
the kinetics of the reactions of several gases with zirconium at rela- 
tively low temperatures. However, the effect of dissolved gases on 

1The figures appearing in parentheses pertain to the references appended to this paper. 


This work was carried out at the M. I. T. Metallurgical Project under Contract No. 
AT(30-1)-981 with the U. S. Atomic Energy Commission. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. The author, R. M. Treco, 1s 


research metallurgist, Bridgeport Brass Co., Bridgeport, Conn. Manuscript 
received May 1, 1952. 
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the properties of the metal itself does not appear to have been pre- 
viously investigated. 

The use of hydrogen as a strengthening agent was considered to 
be of secondary importance and the present work outlines detailed 
results for oxygen additions only. 


MATERIALS 


The zirconium used for this work was supplied by the Foote 
Mineral Co. and consisted of a number of iodide crystal bars of low 
hafnium content, having excellent corrosion resistance. Results of 
chemical and spectrographic analyses of the bars are given in Table I 


Table I 
Analyses of Zirconium Crystal Bars 


Bar No. Z62-1 Z62-2 Z62-3 Z62-4 Z62-5 Z62-6 Z62-7 Z62-8 


Element 
(ppm) 
Cc 650 340 260 330 310 420 250 230 
Oz 260 360 a ne 210 ieee 220 220 ae 
Ne 10 8 36 14 16 6 16 10 
Fe 280 160 350 500 235 290 280 640 
Ni < 50 110 480 410 <25 <25 <50 70 
Al 30 30 30 20 <25 <25 25 <25 
Ca 15 15 10 15 12 <10 10 <10 
Cr 15 20 65 <10 <10 <10 <10 <20 
Cu 10 45 <10 <10 10 10 10 <10 
Mg 8 ge <2 5 <5 <2 <3 =< 5 
Mn <5 _ 3 <2 ae 2 < is <= a 
Pb <20 <20 <20 <20 <20 < 20 <20 <20 
Si 40 25 <25 35 < 25 60 25 45 
Sn <20 < 20 <20 <20 <20 <20 <20 <20 
Ti 45 35 <25 20 <25 <25 60 <25 
V < 100 < 100 < 100 < 100 < 100 < 100 < 100 < 100 
Hf 280 290 ee 180 tae é ote 240 ese 
< = less than. 


and it will be noted that the initial oxygen content was about 0.025% 
by weight with approximately 0.001% nitrogen in most of the bars. 
Degassing indicated an average initial hydrogen content of 0.01% 
by weight. Principal impurities were carbon, iron and nickel. 

Linde tank oxygen of 99.5% purity was used for the gas addi- 
tions. Gas of this purity was sufficient since the addition of one 
weight per cent of oxygen could only increase the nitrogen content 
by about 44 ppm.? The gas was dried by passing it over evacuated, 
sieved Drierite through an alcohol — dry ice cold trap into a mercury- 
sealed storage flask. 


PREPARATION OF METAL 


The individual crystal bars were prepared by machining small 
flats on opposite sides of each bar for the entire length (about 18 


*Chemical analyses indicate that considerably less nitrogen than this is actually added 
to the metal with experimental technique outlined due to its much slower sorption in the 
metal. Nitrogen increases of about 5 ppm or less were actually obtained. Hence, the gas is 
in effect “purified”. 
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inches). In order to bring the bars to size, they were reduced 20% 
in thickness by cold rolling followed by annealing for one hour at 
650°C (1200°F) in a vacuum furnace. After this treatment, the 
bars were recrystallized and could be cold-reduced another 20%. 
This treatment was repeated until all bars were reduced to the same 
thickness of 0.170 inch. Cold working and annealing had the effect 
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Fig. 1—Schematic Diagram of a High Vacuum System for Controlled Additions of 
Gases to Metals. 


of breaking up the original coarse grains into a fine-grained homo- 
geneous structure, while retaining the original hardness level of the 
bars. 

The annealed strips were then cut into specimens 3 inches long 
by % inch thick, the widths varying from ™% to % inch, and a small 
hole drilled in one end. 

In order to remove tool contamination from machining, the 
metal was etched for 2 to 4 minutes in a solution of 50% nitric acid 
by volume to each 100 cc of which 10 to 15 drops of hydrofluoric acid 
were added. The solution was prepared fresh for each use. The 
metal was also degreased in acetone and then stored in a vacuum 
desiccator. 


EXPERIMENTAL PROCEDURE 


The preparation of gas alloys of zirconium requires a high vacuum 
system and some method of introducing the desired gas under known 
and reproducible conditions. For this work a glass system consisting 
of three parts was especially designed to satisfy these requirements. 
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A schematic diagram is shown in Fig. 1. The first part consisted of 
an oil diffusion pump and a high vacuum manifold to which was 
attached a movable quartz tube approximately 30 by 3.5cm. A high- 
frequency induction coil for heating the specimens was closely fitted 
to the quartz tube. The second part of the system consisted of a 
water-jacketed, calibrated gas burette, of the type used for gas 
analyses, connected to the vacuum manifold and a mercury manom- 





Fig. 2—View of High Vacuum System and Gas Measurement Apparatus Showing 
Arrangement of Parts. 


eter for pressure measurements. A cold-trap separated the first and 
second parts of the system for the isolation of mercury vapor. The 
third part of the system consisted of a large mercury-sealed gas 
storage flask which could be connected to either the gas measuring 
system or to a drying train and cold-trap through which gas was 


supplied to the system. A view of the entire assembly is shown 
in Fig. 2. 
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DEGASSING OF METAL 


In order to put all the metal in a similar condition and to pre- 
vent weight losses during diffusion, a degassing operation was re- 
quired. Weighed samples were hung from a tantalum rod in the 
evacuated quartz reaction tube and the system evacuated to 5 x 10° 
mm. Hg or better. The metal was at first heated to 1055 °C (1930 
°F) and a large volume of gas removed. Heating was continued 
until a pressure less than 0.02 to 0.04 micron was attained at 
temperature. This required 30 to 60 minutes for 10 to 12 grams of 
metal. Further heating to 1280°C (2335°F) produced little in- 
crease in pressure. 

Later experiments on 150-gram and larger bars required only 90 
to 120 minutes for complete degassing, indicating that the degassing 
rate depends more on the geometry of the bar (hence the effective 
diffusion distance) than the weight of metal in the bar. These last 
figures were for large-diameter (+4 inch) crystal bars. 

On cooling there was a distinct evolution of gas at 865 °C 
(1590 °F), indicating that the solubility of the gas is considerably 
greater in the beta than in the alpha phase, as is well known. The 
gas is apparently hydrogen since no condensate was formed on the 
glass and neither oxygefi nor nitrogen appears to be removable in 
this way. T. T. Magel (8) has also shown previously that the gas 
evolved from crystal bar is hydrogen. 

At temperatures in excess of 1500°C (2730°F) there is an 
evolution of other metal impurities (particularly iron, manganese and 
magnesium). At these temperatures zirconium may also distill onto 
the quartz tube. 

A number of important phenomena accompany the degassing 
operation. There is, of course, an appreciable weight loss as shown 
in Table II, which also shows the equivalent hydrogen content of the 
original metal. In addition there is a considerable surface roughening 
and a definite volume change (usually contraction) amounting to as 
much as 10%. The volume change did not correlate with the 
hydrogen content. It appears that the dimensional changes and 
surface roughening during degassing are the product of two separate 
reactions. In the first case, a decrease in volume occurs as hydrogen 
is removed and the density is increased. , However, during degassing, 
heat was applied until the evolved gas choked the vacuum pumps at 
which time the metal was allowed to cool until the pressure dropped 
again. This heating and cooling through the transformation appar- 
ently caused the surface roughening and warping noted, although 
stress relief may also contribute to warping. The number of thermal 
cycles varied for each specimen, but no account was taken of the 
number of cycles. 


Considerable warping of some specimens along the longitudinal 
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Table II 
Degassing Data 

Specimen Degassing Weight Loss Equivalent 
No. Temp. (°C) (%) at % He 
1-A 1055 0.0113 1.01 
1-B 1055 0.0078 0.70 
2-A 1055 0.0080 6.72 
2-B 1280 0.0069 0.62 
2-C 1280 0.0088 0.79 
3-A 1280 0.0060 0.54 

, 3-B 1280 0.0096 0.86 
3-C 1055 0.0083 0.74 
3-D 1055 0.0065 0.58 
4-A 1280 0.0057 0.51 
4-B 1280 0.0120 1.08 
5-A 1055 0.0149 1.33 
5-B 1055 0.0124 1.08 
5-C 1055 0.0101 0.90 
5-D 1055 0.0111 1.00 
6-C 1280 0.0140 1.25 
6-D 1280 0.0120 1.08 
7-A 1280 0.0087 0.78 
7-B 1280 0.0086 0.77 
7-C 1280 0.0079 0.71 
8-A 1280 0.0085 0.76 
8-B 1280 0.0051 0.46 
8-C 1280 0.0058 0.52 
8-D 1280 0.0059 0.53 
8-E 1280 0.0146 1.30 


axis, occasionally accompanied by twisting about this axis, also oc- 
urred. After straightening, warping sometimes occurred on reheat- 
ing, but a number of specimens showed no further tendency to warp. 
ound specimens used in later work showed no warping tendency 
even after severe cold working. 


PREPARATION OF OxYGEN ALLOYS 


The preparation of oxygen alloys depends on the well-known 
‘gettering”’ activity of zirconium metal for gases and the rapid diffu- 
ion of these gases in the metal so as to leave a fresh surface exposed 
ior further absorption. Various data have been reported in the liter- 
ature (see Ref. 9 for a convenient summary) indicating that oxygen 
is rapidly absorbed at temperatures ranging from 200 to 1600°C 
(390 to 2910°F). Since it was desired to keep the grain size as 
small as possible while minimizing diffusion time, first attempts were 
made at 1055 °C (1930 °F). 

The method of adding oxygen was as follows: A degassed sam- 
ple was hung from a tantalum rod (both sample and rod having been 
previously weighed) in a quartz reaction tube with a flat bottom. 
The reaction tube, manifold and gas burette were all evacuated to a 

pressure less than 10° mm. Hg. The burette, gas storage flask and 
manometer were then closed off from the rest of the system and a 
known amount of oxygen measured out and sealed into the burette. 
Excess oxygen was then pumped out and after a good vacuum was 
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again attained the reaction tube was closed off from the diffusion 
pump. Oxygen in the burette was then released into the system and 
the manometer pressure noted. The zirconium specimen was heated 
to 1055 °C (1930 °F) and held at temperature until the pressure in 
the system dropped to about 1 mm. Hg at which point a brilliant 
corona discharge appeared in the tube. Further heating was then 
useless since the ,vacuum would not improve and a considerable 
amount of zirconium can be sputtered from the specimen at this 
pressure. The system was then opened to the diffusion pump and 
rapidly evacuated, after which the specimen was held at the diffusion 
temperature for the necessary time to produce a homogeneous alloy. 
At 1055 °C (1930 °F), 45 minutes was required to absorb all the 
oxygen, but when the temperature is raised to 1280°C (2335 °F) 
(corrected true temperature*) the time is reduced to 2 to 5 minutes 
for a 0.4 weight per cent alloy. At this temperature one hour is ample 
to produce a completely homogeneous alloy by diffusion. 

After diffusion, specimen and hanger were removed from the 
vacuum system, weighed again and the increase compared with the 
calculated quantity of gas added to the system. Recoveries of about 
99% of the added gas can usually be attained. 


PREPARATION OF TEsT PIECES 


Specimens after oxygen diffusion were ground on all sides int: 
small slabs approximately 3 by 0.250 by 0.110 inches. Grinding pro- 
vided a good surface for resistivity measurements and also suffice: 
to straighten any pieces which had warped slightly. Straightening 
by bending was not successful for the higher concentration alloys 
which proved to be quite brittle. 

Following the resistivity test, specimens were ground to form 
tensile blanks with a l-inch gage length, 0.150 inch wide by 0.110 
inch thick, with suitable radii at the ends of the gage length. 


RESULTS AND DIscussION 


The results of the physical and mechanical tests to which these 
alloys were subjected are most conveniently summarized in the data 
of Table III in which experimental properties are tabulated in order 
of increasing atom per cent of oxygen. Specimens having the same 
numeral were cut from the same bar and designated A, B, C, etc. 
Whenever possible, average figures have been noted. Exact values 
are shown in the following curves for the individual properties 
discussed. 


8Stated temperatures were obtained by means of a recently calibrated Leeds and _ 

p Optical pyrometer sighted on bright metal surface through a silvered prism and the 
bottom of the quartz tube. A calibration curve for each quartz tube was determined with a 
tantalum ribbon filament lamp for the absorption correction. Finally, the temperature was 
corrected for a spectral emissivity value of 0. 32. 
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OxyYGEN ANALYSES 


Representative samples were taken after final grinding from 
each bar to which oxygen had been added as well as from suitable 
control bars. Oxygen analyses were made on these bars by the 
hydrogen chloride method (10) and the results compared with the 
amount of added oxygen. It must be remembered that the analytical 
results show the total oxygen present which includes the initial oxy- 
gen present in the bars (a variable quantity) as well as the added 
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Fig. 3—Effect of Oxygen on Electrical Resis- 
tivity of Iodide Zirconium. 


oxygen. All results of tests described below are based on the cor- 
rected total amount of oxygen. Comparison of added and corrected 
oxygen content may be obtained by reference to columns 2 and 3 
of Table ITT. 

Resistivity—Resistivity measurements were made with the speci- 
mens clamped between knife edges in a constant temperature oil bath 
near room temperature. Resistivities thus obtained were corrected 
to 0°C for comparison purposes using a temperature coefficient of 
4.4 10°8/°C (11). The average resistivity value for pure, de- 
gassed, annealed metal was found to be 39.84 * 10-* ohm-cm. at 0 °C. 
This is slightly lower than the value of 41.0 x 10° ohm-cm. for the 
same temperature given by van Arkel (11). The difference is con- 
sidered to be significant i in view of the higher purity of metal used 
in this work. 

Fig. 3 is a plot of the resistivity data showing a linear relation 
between this property and atomic per cent oxygen. Extrapolation 
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of this curve to zero oxygen indicates a resistivity of 38.8 «x 10° 
ohm-cem. for virtually gas-free zirconium. 

Thermal Conductivity—Thermal conductivities were calculated 
from the Wiedemann-Franz ratio which appears to be consistent with 
experimental values of electrical resistivity and thermal conductivity 
(12) obtained for zirconium. The equivalent thermal conductivity 
for a measured resistivity of 39.84 « 10° ohm-cm. is 0.040 cal/°C 
cm/sec. Thermal conductivity on this basis is decreased about 10% 
for each atomic per cent of oxygen added. 

Hardness—A great many hardness tests were made both on lon- 
vitudinal surfaces and across transverse sections in order to ascertain 
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Fig. 4—Effect of Oxygen on Hardness of Io- 
dide Tvceniuats. Comparison of initial and degassed 
hardness as shown by the dotted lines. 


‘he uniformity, hence homogeneity, of the diffused alloys. For this 
‘atter purpose, the 15N scale was selected and a total variation of 1.0 
point edge-to-edge existed, for example, in sample Z62-2C. This is 
a very small variation for practical purposes. 

The hardness test is very sensitive to structural variations so 
that even average results must be interpreted with care. This is 
particularly true of the pure metal samples which were very soft and 
coarse-grained. The effects of degassing and annealing were to lower 
the hardness about 13 points Rockwell A, an average value for pure 
metal after hydrogen removal being A-21. However, one or two 
samples showed soft spots somewhat below this value. It is note- 
worthy that the softest specimen (Z62-6B) did not have the greatest 
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elongation since orientation also has a large influence on this property. 

The average results of a great many hardness tests are shown 
in Fig. 4, and it appears that the first small additions of oxygen have 
the greatest hardening effect, though hardness continues to increase 
with greater amounts of oxygen. 

It is apparent that hardness does not increase linearly with added 
oxygen although forming an extensive solid solution with zirconium. 
J. H. de Boer and J. D. Fast (13) have shown that the oxygen atoms 
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Fig. 5—Effect of Oxygen on Ultimate Tensile 
Strength and Elongation of Rectangular Test Speci- 
mens of Iodide Zirconium. 


occupy an interstitial position. One explanation of the rapid embrit- 
tling effect of oxygen may be the distribution of these atoms in pre- 
ferred positions which inhibit the normal slip processes of the hex- 
agonal lattice during plastic deformation. This blocking of the lattice 
movements is reflected in higher yield strengths. 

It is believed that hydrogen has a similar though smaller effect 
on hardness and ductility. Substantial cold reduction of crystal bar 
is usually impossible without prior degassing. 

Tensile Properties—It will be seen from Table III that the 0.2% 
yield strength is increased by a factor of nearly three for the first 0.7 
atomic per cent of oxygen added, but increases less rapidly with fur- 
ther additions, while the ultimate strength is increased about 60% 
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for each atomic per cent of added oxygen with a corresponding de- 
crease in ductility. 

A few values obtained for the modulus of elasticity indicate that 
no change was evident in this property. 

The tensile properties as a function of oxygen content are sum- 
marized in Figs. 5 and 6. An unsuccessful attempt was made to cor- 
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Fig. 6—Effect of Oxygen on 0.2% Yield 


Strength of Iodide Zirconium Determined by Dou- 
ble Dial Gages Attached to the Specimens. 


relate scattered points on these curves with minor impurities; e.g., 
arbon, iron, etc. The wide variation in per cent elongation for the 
ontrol samples is thought to be the result of orientation differences 
in individual grains since these samples were comparatively coarse- 
-rained. 

Metallography—The microstructure of these alloys and also the 
pure metal are very similar to crystal bar as received. No structural 
eatures related to the added oxygen were detected or expected in 
view of the high solubility of oxygen in zirconium. 

Fig. 7 shows a typical microstructure after the addition of 0.13 
weight per cent Og. The mixed structure is typical of metal which 
has been cycled through the alpha-beta transformation. 

In some cases the coarse-grained structure was undoubtedly re- 
sponsible for some of the erratic results. For the work at elevated 
temperatures, the alloys were cold-worked and annealed to produce 
a recrystallized structure. A typical recrystallized structure for a 
0.14% alloy is shown in Fig. 8 after a 6% cold reduction followed 
by 2 hours at 800 °C (1470 °F). 

W orkability—An alley of 0.25 weight per cent O2 was cold- 
rolled bare from a thickness of 0.196 to 0.056 inch, a total reduction 
of 72%. During this reduction the hardness increased from A-50 to 
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_ Fig. 7—Typical Microstructure of Iodide Zirconium After Degassing and Addition 
of 0.13 Weight Per Cent Oxygen. Electropolished. Polarized light. xX 50. 


Fig. 8—Recrystallized Structure of 0.14 Weight Per Cent Oxygen Alloy After Cold 
a garg of 6% Followed by 2 Hours at 800 °C in Vacuum. Electropolished. Polarized 
light. X 100. 


A-61. Further rolling was possible, although edge cracking appeared. 
The alloy, as has been shown, could also be annealed for further 
rolling. In general, oxygen alloys may be readily cold-worked if the 
oxygen does not exceed about 0.25 weight per cent. If the alloy ex- 
ceeds this amount, the ductility suffers and hot working is preferable. 

Annealing—Oxygen does not appear to effect the recrystalliza- 
tion of zirconium after cold working followed by vacuum or purified 
inert-gas annealing treatments. However, the hardness level of re- 
crystallized oxygen alloys cannot be lowered by any treatment to 
values less than those shown in the hardness composition curve of 
Fig. 4. 

Diffusion Rate—The diffusion of oxygen in zirconium at tem- 
peratures exceeding 1000°C (1830°F) is remarkably fast. Time 
was not available for a detailed analysis of diffusion rates. However, 
an approximate diffusion constant at 1280°C (2335°F) was ob- 
tained by determining the homogeneity of an alloy sample to which 
a known amount of oxygen was added and the time noted for com- 
plete diffusion through a known volume. The relation between these 
quantities is as follows (14): 
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Q 
x= 
VrDt 
where D = diffusion constant, cm’/sec 
¢ = concentration, cc O2/cc Zr 
t — time, second 
Q = ratio of diffused oxygen to surface area, cc/cm* 
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Fig. 9—-Elevated Temperature Tensile Properties. 


The diffusion constant thus obtained is equal to 5.25 « 10°* cm?/sec 
and represents a minimum value since a homogeneous condition may 
have been present before the elapsed time of 60 minutes. This value 
when applied to metal sections of entirely different geometry gave 
values for the diffusion time in accord with those actually observed. 

Elevated Temperature Tensile Tests—The tensile properties of 
the zirconium-oxygen alloys at elevated temperature are of interest, 
particularly as compared with the properties of pure zirconium. 

For comparison purposes, two large crystal bars from the same 
lot of material described above were made into a number of round 
tensile bars. Sample preparation included: degassing of bars; 
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machining to cylinders ; cold swaging and annealing to bring the bars 
down to the correct diameter; addition of 0.13 weight per cent O. 
to the samples from one of the bars; cold reduction and annealing to 
recrystallize the coarse-grained structures; and, finally, machining 
and precision grinding to final test bar shape and size. 

The tensile bars were 3 inches long, having a 4-32 thread on 
each end, a gage length of 1.000 inch with a ground radius at each 
end and a diameter of 0.171 inch. 
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Fig. 10—Stress-Strain Curve 22 °C. 


The tensile specimens were screwed into stainless steel adapters 
made long enough to fit into a split-type resistance furnace. An 
atmosphere of heated purified argon surrounded the specimens during 
the test, and temperature was maintained quite accurately by means 
of two thermocouples attached at either end of the specimen gage 
length. Extension of the specimens was measured by the bridge 
travel as indicated by 0.0001 and 0.001 inch dial gages. For the room 
temperature tests an Olsen extensometer reading to 0.0001 inch was 
clamped directly on the specimen. It was found that a correction 
factor was necessary to compensate for the stretch of the linkages 
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Table IV 
Elevated Temperature Tensile Tests—0.13% Oxygen Alloy 





Young’s 
Wt. % 0.1% 0.2% Modulus Ultimate Elong. Red. 
Specimen* Added Temp. Yield Yield (psi) Tensile inlIn. in Area 

No. Oz (°C) (psi) (psi) (X 10-) (psi) (%) (%) 
9A-3 0.135 22 24,200 31,600 12.0 48,500 10.9 57.1 
9B-2 0.136 22 25,650 30,700 11.7 55,380 22.5 40.7 
9D-1 0.134 22 16,000 21,100 11.25 48,860 13.4 42.8 
9D-4 0.131 MR St eabae es Npenod oa 53,460 20.4 40.3 
9A-2 0.136 RG <° gdeawe 3 <7 eas Sie 29,140 28.2 62.8 
9B-1 0.138 200 13,3006 16,000 7.0 29,120 37.9 53.9 
9C-1 0.122 200 13,200 16,000 11.8 28,770 28.3 eae 
9D-2 0.136 200 12,700 15,400 11.8 29,030 44.6 56.2 
9A-1 0.124 300 8,000 9,300 12.0 19,990 40.4 79.9 
9B-4 0.132 300 6,000 8,500 omar 19,620 44.0 —_es 
9C-2 0.126 300 8,200 9,500 i.e 19,560 34.1 73.3 
9D-3 0.133 RE pergiaie Aer. Kirn's 16,230 38.7 Spin 
9A-4 0.126 Y= edo oboe: See ates 15,700 37.1 
9B-3 0.117 Ge Soa eke oo - panne eee 14,300 32.5 
9C-3 0.124 CS at a gi tes toa ae Seah 14,490 34.8 
9C-4 0.126 We ebiewa. > lewis ae an ig 14,630 33.4 


*All tensile specimens from same original crystal bar. 


Table V 
Pure Zirconium Elevated Temperature Tensile Tests 


Young’s 
0.1% 0.2% Modulus Ultimate Elong. Red. 
Specimen* Temp. Yield Yield (psi) Tensile inlIn. inArea 

No. (°C) (psi) (psi) (xX 10) (psi) (1%) 
10C-4 Re sg Papier en eee a 31,900 30.5 42.5 
10B-4 22 8,750 10,600 12.0 29,600 33.8 nes & 
10D-3 22 Seema. <>.) wean eee 32,000 35.5 46.6 
10C-3 ee mes ea sia _ 19,200 61.0 94.4 
10D-4 200 2,800 4,800 9.3 19,000 44.9 64.8 
10E-4 200 3,550 5,700 17.5 18,500 69.3 72.7 
10B-3 200 3,300 4,890 9.8 19,600 28.3 56.2 
10D-2 RT: int ke pa eal ems 16,250 54.4 86.4 
10E-3 ee amine oS Bs ga ies 14,550 43.1 62.6 
10C-2 300 2,850 3,900 14.3 15,475 48.9 84.5 
10B-2 300 Sie ee: eee naka chs 16,000 SFi3 80.0 
10B-1 Renee ra oe acdc aaa 13,150 46.3 87.8 
10C-1 400 iawn tc eee Ee an 13,020 51.9 94.8 
10D-1 ae ope Kedope ioe 13,800 52.6 okie 

10E-1 ee. eows lk ais ‘aa 12,600 28.7 





*All tensile specimens from same original crystal bar. 


attached to the specimen. This was obtained by direct calibration 
using all three gages. Despite the above care, it was very difficult 
to get good results for the yield strength and modulus of elasticity. 
This is due in part to the small size of the specimens, the require- 
ment of a correction factor and the nature of the stress-strain curves 
for these materials. 

After testing, the tensile specimens were sectioned through the 
gage length and the threaded portion. These sections were analyzed 
for oxygen and it was found that the bars were quite homogeneous 
in composition. 


Table IV gives the tensile properties for the oxygen alloys. 
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Fig. 11—Stress-Strain Curve 200 °C. 
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Fig. 12—Stress-Strain Curve 300 °C. 


while Table V shows the results for the pure zirconium. These 
results indicate that the very pure, degassed zirconium is much softer 
and more ductile than previous values in the literature have shown. 
As a result, the values for the oxygen alloys must be considered only 
in relation to the control samples. 

Fig. 9 summarizes the elevated temperature properties of the 
two sets of samples, alloy and pure metal. It will be seen that the 
ultimate strength of the alloy is greater at all temperatures, but that 
the difference is greatest at room temperature, while at 400°C 
(750 °F) the difference is small, indicating that the 0.13% alloy 
loses strength more rapidly than. pure zirconium as the temperature 
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is increased. In the case of the 0.2% yield strength, the picture is 
not quite so bad, since the alloy has about double the strength of the 
pure metal at 300 °C (570 °F). 

In ductility, of course, the alloy, being harder, lags behind the 
pure metal. However, the picture is still encouraging since ductility 
of both is ample at elevated temperatures. 


Weamgoe Zr 
o—9 Zr+0.13 Oo 


Stress, psi x 107° 
on 





0.00! 0.002 0.003 0.004 0.005 0.006 
Strain, in./in. 


Fig. 13—Stress-Strain Curve 400 °C. 


These curves also show the advantages of hot working the alloys 
above 300 °C (570°F) where the yield strength is low and ductility 
creat. 

Figs. 10, 11, 12 and 13 show relative stress-strain curves of pure 
zirconium and the 0.13% Os alloy at each of the testing temperatures 


employed. It is apparent that there can be no definite yield point 
tor the higher temperature tests. 


SUMMARY 


It has been shown that the strength properties of pure crystal 
bar zirconium are enhanced by the addition of small amounts of 
oxygen with resistivity and ductility only slightly impaired, while 
larger amounts produce brittleness. 

The oxygen alloys were found to have good working properties 
and are comparable to pure zirconium in this respect. 

Tensile properties at elevated temperature have been compared 
for the 0.13 weight per cent alloy and pure zirconium. It is shown 
that strength at elevated temperatures is increased by the addition 
of oxygen. if 


In addition, the techniques for producing these alloys are dis- 
cussed in some detail. 
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DISCUSSION 


Written Discussion: By J. H. Keeler, Metallurgy Research Depart- 
ment, General Electric Company, The Knolls, Schenectady, N. Y. 

There is a great need for information concerning the influence of oxy- 
gen on the properties of zirconium, and the author has made a worth-while 
contribution to the literature. 

It should be pointed out that all crystal-bar zirconium does not have 
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to be degassed before substantial cold reduction. A number of investi- 
gators have reported considerable reduction without prior degassing, and 
at the General Electric Research Laboratory we have cold-rolled crystal- 


bar zirconium about 99.8% to a thickness of slightly less than 0.001 inch 
without degassing or any intermediate anneals. 


on 
oO O 


mo Ww + 
Oo Oo 


a Average Grain Dia.= 0.005 mm. 


Average Grain Dia.= > 
'OFo.012, 0.037 mm. 
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Fig. 14—Higher Ultimate Strength Exhibited 
by Specimens Having Larger Grain Size. 
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Fig. 15—yYield Point Effect, as Shown by Sudden Drop in Stress- 
Strain Curve, Occurs With Fine-Grained Specimens. 


Could the author tell us the grain size of his crystal-bar tensile speci- 
mens? We have found that large-grained material exhibits lower strength 
values in the 25 to 300 °C temperature range than does fine-grained mate- 
rial as shown in Fig. 14. 

In our tests between 200 and 370 °C, we observed in fine-grained speci- 
mens a more or less sudden change in slope of the stress-strain curve 
(Fig. 15) which was interpreted as a yield point effect. This yield point 
effect was not observed at room temperature or in the coarse-grained 


. 
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specimens. Perhaps the specimens in the tests reported by Mr. Treco were 
coarse-grained and thus did not exhibit a yield point. 


Author’s Reply 


It is interesting to note that Mr. Keeler has observed a grain-size 
effect in zirconium on both ultimate strength and the yield point phenom- 
ena, which varies with testing temperature. While no attempt was made 
to correlate grain size with mechanical properties in the present work, 
there did not appear to be any grain size effect for the oxygen alloy of 
Table [V. Specimens from bar No. 9A which were fine-grained (0.050 mm) 
do not appear to be markedly different from those obtained from bar No. 
9D which was coarse-grained (0.200 mm). 

The pure zirconium specimens of Table V were generally fine-grained 
since the heat treatments were designed to produce similar structures. It 
is true, however, that strain-aging phenomena are more likely to be ob- 
served in fine-grained metal, and some recent high sensitivity tensile work‘ 
on pure titanium has shown a similar yield point phenomena on very fine- 
grained metal at temperatures greater than about 120°C. The method of 
strain measurement in the zirconium-oxygen alloys may not have been 
sufficiently sensitive to detect such phenomena if they occurred above 
room temperature, 

Iodide zirconium may be cold-reduced readily without a previous de- 
gassing operation. In some cases, however, the presence of hydrogen may 
seriously affect ductility. For this work it was necessary to degas for 
other reasons, and a surprising amount of hydrogen was removed from the 
original crystal bar. It is probable that the amount of gas depends upon 
the equilibrium conditions existing during reduction and this may account 
for variable quality in iodide process metal. 


. D. Rosi, F. C. Perkins and B. H. Alsenter. “*Mechanical i Fgeeios of Titanium”, 
aaa No. YE52-0451, Sylvania Electric Products Inc., Bayside, N 








THE ZIRCONIUM-NICKEL PHASE DIAGRAM 
By E. T. Hayes, A. H. RoBerson Aanp O. G. PAASCHE 


Abstract 


A diagram for the zirconium-rich portion of the 
zirconium-nickel system has been develeped which shows 
a very limited solubility of nickel in alpha zirconium at 
room temperature. The maximum solubility of nickel in 
heta zirconium is 19% at 961°C (1762 °F). Two mter- 
mediate phases are recognized and tentatively identified as 
ZreNi (24.4% Ni) and ZrNi (39.2% Ni). Eutectic reac- 
tions occur at 17% nickel and 961 °C (1762 °F) and 27% 
nickel and 985 °C (1805 °F). 


ESEARCH to enhance the physical properties of ductile zirco- 
nium by alloy additions is receiving ever-increasing attention 
as it becomes evident that zirconium, like its sister metal titanium, is 
destined to become available for everyday engineering use. However, 
before any new metal can reach its ultimate effective use, data regard- 
ing basic fundamental properties and relationships with other metals 
must be established. The paucity of information on zirconium phase 
diagrams led the Bureau of Mines, U. S. Department of the Interior, 
and the Air Matériel Command into a cooperative program designed 
to provide a firm base for alloy development and further study of 
mechanical properties. Previously published reports on a portion of 
this work include the zirconium-iron (1),! zirconium-titanium (2), 
and zirconium-chromium (3) equilibrium diagrams. The zirconium- 
nickel series presented herein was studied because it was hoped that 
nickel, in addition to raising the mechanical strength of zirconium, 
might improve the heat resistance. 

In the absence of any literature reference to the zirconium-rich 
portions of the system, the preliminary assumption was made that it 
resembled the Fe-Fe;C type found in the zirconium-iron (1) and 
zirconium-chromium (3) systems. All prior work listed in the litera- 
ture was directed toward the nickel-rich portion of the system. 

Wallbaum (4) made a few cursory studies of the nickel-rich area 
and noted the presence of ZrNis. Likewise, Allibone and Sykes (5) 
surveyed the same portion of the diagram. The validity of their work 
is questionable, since their melting crucibles were made of alundum, 


*The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, E. T. Hayes 
and A. H. Roberson are metallurgists, Federal Bureau of Mines, Albany, Ore.; 
O. G. Paasche is a metallurgist, W.A.E., Bureau of Mines, and associate pro- 
fessor of mechanical engineering, Oregon State College, Corvallis, Ore. Man- 
uscript received July 10, 1952. 
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which undoubtedly introduced appreciable amounts of aluminum and 
oxygen into their alloys. 

The diagram shown by Hansen (6) indicates the presence of a 
eutectic at about 45% nickel. However, this is outside the range of 
the present investigation and was not verified. 


PREPARATION OF ALLOYS 


The alloys used in this investigation were prepared from high- 
grade zirconium sponge produced by magnesium reduction of zirco- 
nium tetrachloride. A typical analysis of this material showed the 
following values: Obs, 0.08%; Fe, 0.06%; No, 0.01%; C, 0.02%; 
and other impurities, such as Pb, Ti, Si, Ni, and Al, less than 0.01% 
each. Nickel was added in the form of foil normally used as plate 
caps in radio-transmission tubes. 

All alloys were prepared by melting 50-gram compacts in a 
Kfoll-type (7) arc furnace in an inert atmosphere. The furnace 
was evacuated twice and back-filled with helium, which was gettered 
by melting a center zirconium button immediately before the alloys 
were melted. Each alloy was remelted at least once to promote 
homogeneity. 

Specimens containing up to 4% nickel could be rolled at 850 °C 
(1560 °F). After a soaking period of 120 hours at 950°C (1740 
°F), they were encased in an iron sheath and rolled to 0.080-inch 
sheet. The rolled sheet was cut into convenient-size specimens, which 
were again sealed in quartz tubing, heated for 120 hours, and water- 
quenched. The quenched specimens were reheated to selected tem- 
peratures and cooled at various rates. 

Above 4% nickel the as-cast buttons were sealed in quartz, 
homogenized for 120 hours at 950°C (1740°F), and water- 
quenched. Suitable specimens were cut from the ingots, resealed in 
quartz, and given the same heat treatments as the rolled samples. 

A total of over 200 alloys was prepared during the investigation. 
The more pertinent compositions are shown in Table I. 


Table I 


Alloy Composition 
Alloy No. % Ni - Alloy No. % Ni 
1739 0.43 3429 2.50 
3408 0.52 3430 3.00 
3409 0.80 3431 3.9 
1745 1.0 1783 4.7 
3411 1.06 1779 7.2 
3410 1,32 1787 7.8 
3412 1.40 1789 9.6 
3426 1.45 1793 14.9 
3427 1.73 1794 20.0 
1741 1.90 1795 29.7 
3413 1.95 1797 39.6 
3428 2.00 1800 49.9 
3414 2.15 1802 59.3 
_ 
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Differential thermal analysis was used to determine the eutectoid 
temperature. A Leeds & Northrup X-Y recorder simultaneously 
plotted specimen temperature versus temperature differential between 
the specimen and a nickel neutral body. A temperature difference of 
2.5 °C produced a deflection of 1 inch on the Y axis of the recorder. 
All chromel-alumel couples were checked against a Bureau of 
Standards secondary standard thermocouple. Uniform heating and 
cooling rates of 5 °C per minute were obtained by using a Wheelco 
program controller. All measurements were made in vacuum (less 
than 1 micron) or in purified helium. 





Temperature °C 







ee ee eee oe 
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Fig. 1—Zirconium-Nickel Equilibrium Diagram. 


Melting points of the eutectics and the compounds were measured 
in a high-vacuum induction furnace, using an optical pyrometer. 
Pyrometer readings were taken on the bottom of a hole drilled in 
the sample to determine the onset of melting. When the material 
could not be drilled, wedge-shaped openings about 3% inch deep were 
filed in the specimens. A marked decrease in the heating rate at the 
instant of melting was detected readily by this method, and data 
could be reproduced with an accuracy of plus or minus 10 °C. 

X-ray diffraction patterns were obtained with a North American 
Philips recording Geiger spectrometer. Both powdered and bakelite- 
mounted specimens were used in this work. 


CONSTITUTION DIAGRAM 


The diagram developed by this research is shown in Fig. 1. 
The solubility of nickel in alpha zirconium was not determined pre- 
cisely, since it was believed to be very small. The presence of small 
amounts of iron in the starting materials obviated the possibility of 








896 TRANSACTIONS OF THE 4A.S. M. Vol. 45 


using metallographic techniques, since the presence of the Zr-Fe 
eutectoid masked any effects of small nickel additions. X-ray diffrac- 
tion patterns of 0.43% nickel alloys showed no detectable change 
from that of pure zirconium, indicating a very low solubility of nickel. 


Temperature °C 





O 0.5 1.0 1.5 2.0 25 3.0 
Nickel % 


Fig. 2—Beta Field of the Zirconium-Nickel Equilib- 
rium Diagram. 


Outlining the beta field depended entirely on metallographic 
techniques, since the beta phase could not be retained by any of the 
quenching methods used, thus eliminating any possible use of X-ray 
diffraction studies. Specimens were heated at varying temperature 
levels and water-quenched. All specimens exhibiting a 100% trans- 
formed beta structure were considered to have been beta at the 
temperature from which the specimen-was quenched. The acicular 
structure of transformed beta is similar to that of martensite in steel 
and results from the polymorphic transformation at high temperatures. 
The typical Widmanstatten pattern of the acicular alpha grains 
(transformed beta) is shown in Fig. 3. 

The results of quenching and slow cooling selected alloys from 
various temperature levels are depicted in the detailed diagram of the 
beta field shown in Fig. 2. 

The presence of a second phase, which occurred as a finely 
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Fig. 3—Acicuiar Alpha Grains (Decomposed Beta), 1.3% Nickel, Quenched 
From 950°C. xX 500. 


Fig. 4—Alpha (Beta at Temperature) With ZreNi, 1.95% Nickel, Quenched 
From 850 °C. X 500. 


Fig. 5—Eutectoid 1.3% Nickel, Rapidly Cooled From 950°C. X 500. 


Fig. 6—First Eutectic (Beta Plus ZreNi) As-Cast. X 500. 
All specimens etched with Vilella’s reagent. 


divided random precipitate, was first observed in the 1.9% nickel 
alloy quenched from 950 °C (1740 °F) and indicated that the solu- 
bility of nickel in beta zirconium probably did not exceed 1.9% at 
the eutectic temperature (961°C). Fig. 4 shows a typical area of 
the quenched 1.95% alloy, with the Zr2Ni precipitated in a beta 
matrix. 


Furnace cooling the alloys showed that the beta phase decom- 
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Fig. 7—Second Eutectic (ZraNi+ ZrNi) As-Cast. x 500. 
Fig. 8—Intermediate Phase ZreNi As-Cast. x 500. 


Fig. 9—-Intermediate Phase ZrNi As-Cast. x 500. 
All specimens etched with Vilella’s reagent. 


posed eutectoidally. The eutectoid composition was shown to be 
1.3% nickel. 

The eutectoid structure was best developed in rapidly cooled 
specimens, the optimum structure development being produced by 
removing the specimens from the furnace while they were still en- 
cased in quartz and placing them in front of a blower. 

Fig. 5 shows the typical structure of the 1.3% alloy, which was 
cooled as described above. 

Thermal analysis studies placed the eutectoid temperature at 
808 + 5°C. The alpha plus beta field was tentatively established 
by extrapolating from the transformation temperature of zirconium 
(862 °C) to the eutectoid composition and temperature (1.3% nickel 
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and 808°C). This tentative establishment was made necessary by 
the known presence of about 0.08% oxygen in the zirconium. De Boer 
and Fast (8) showed that even small amounts of oxygen might cause 
significant shifts in the transformation range, and data obtained by 
thermal analysis indicated that the transition temperature was as 
much as 50 °C above the accepted values. 

Metallographic examination of homogenized as-cast structures 
placed the eutectic of beta zirconium, Zr2Ni, at 17% nickel. Fig. 6 
is typical of the appearance of a representative homogenized 17% 
alloy. Melting point studies established the eutectic temperature at 
961 °C (1762 °F). Unlike its Zr-Fe and Zr-Cr predecessors, which 
showed only one intermediate phase ZrXe, the zirconium-nickel 
system instead shows two compounds, Zre2Ni and ZrNi. Zre2Ni, 
containing 24.4 weight % nickel, has a melting point in the vicinity 
of 1200°C (2190°F). This compound forms a eutectic with the 
next intermediate phase, ZrNi (39.2% nickel), at 27% nickel and 
985 °C (1805 °F). The typical structure of this second eutectic is 
illustrated in Fig. 7. The melting point of Zr-Ni is about 1470 °C 
(2680 °F). Diagram studies were not carried beyond this point. 
The microstructures of the two intermediate phases are shown in 
Figs. 8 and 9, respectively. The presence of minor constituents is 
the result of small variations from the theoretical compositions. The 
location of both eutectics and compounds was accomplished by metal- 
lographic examination of homogenized cast specimens. 

Numerous heat treated samples were examined by X-ray dif- 
fraction but neither phase was positively identified as to actual struc- 
ture. The fact that the two zirconium-rich eutectics have melting 
points within 25°C of one another can be classed only as a co- 
incidence, since the metallographic evidence and melting points of 
the two compounds preclude the extended solubility-type system 
encountered in titanium-chromium or a peritectic-type reaction. 


SUMMARY 


An investigation of the zirconium-nickel system covering com- 
position ranges up to 40% nickel was accomplished, and the following 
salient features were established : 

1. Negligible solubility of nickel in zirconium at room temper- 
ature. 

2. Eutectoidal decomposition of the beta solid solution at 1.3% 
nickel and 808 °C (1486 °F). 

3. The maximum solubility of nickel in beta zirconium is about 
1.9% at the eutectic temperature (961 °C). 

4. Presence of an ‘intermediate phase at 24.4% nickel. This 


phase, believed to be Zr2Ni, has a melting point near 1200°C 
(2190 °F). 
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5. A eutectic reaction occurs between beta zirconium and the 
intermediate phase Zr2Ni at 17% nickel and 961 °C (1762 °F). 

6. A second intermediate phase was located at 39.2% nickel 
and tentatively identified as ZrNi. This compound melted at ap- 
proximately 1470 °C (2680 °F). 

7. Between the two intermediate compounds a eutectic was 
located at 27% nickel and 985 °C (1805 °F): 
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THE SYSTEM ZIRCONIUM-SILICON 
By C. E. Lunpin, D. J. McPHERsoN anp M. HANSEN 


Abstract 


The phase diagram of the zirconium-silicon system 
was determined, with particular emphasis on the zirco- 
nium-rich portion. The principal methods used were met- 
allography of cast and heat treated specimens, detection 
of incipient melting, thermal analysis, and X-ray diffrac- 
tion analysis. The alloys were prepared under protective 


helium atmospheres m a nonconsumable electrode arc 
furnace. 


HE zirconium-silicon phase diagram was developed in conjunc- 
tion with the study of seven other zirconium binary systems 
under the sponsorship of the Atomic Energy Commission. No pre- 
vious diagram exists. Limited information (1)! exists concerning 
the intermetallic compound ZrSig (38.09 weight per cent silicon). 
The structure is reported to be orthorhombic, with lattice constants: 


a= 37ZA; b= 14.61 A, c = 3.67 A. 
EXPERIMENTAL PROCEDURE 
Materials 


Westinghouse “Grade 3” iodide zirconium crystal bar (nomi- 
nally 99.8% pure) was sand-blasted and pickled in HF-HNOsz solu- 
tion to remove the surface film of corrosion product, resulting from 
grade designation tests. The crystal bar was cold-rolled to strip, 
pickled again for iron removal, and cut into squares approximately 
33 inch thick and 4% inch square. These platelets were then cleaned 
in acetone, dried, and stored for furnace charging. 

High purity silicon, 99.99%, in the form of pyrolytic crystals, 
was obtained from duPont and Johnson Matthey and Company. The 
crystals were of appropriate size for arc furnace charging and required 
no further preparation. Another grade of silicon, used in alloys 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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containing more than 50 atomic per cent of this element, was 80-mesh 
Electro Metallurgical Corporation silicon powder of 99.9% purity. 
This material was not suitable for the arc furnace, so it was con- 
solidated by premelting in an atomic hydrogen arc and then crushed 
to —\%-inch granules for charging stock. 


Equipment and Procedures 


The element zirconium is closely related to titanium in physical 
properties and, accordingly, the same precautions for melting and 
heat treating zirconium binary alloys and special techniques for phase 
diagram determination are required. Equipment for melting and 
annealing such alloys and for the determination of melting points 
and solidus curves under highly protective conditions has been de- 
scribed in an investigation of the titanium-silicon system (2) and in 
a concurrent paper dealing with zirconium-tin alloys (3). 

Twenty-gram ingots of the alloys were prepared by arc melting 
with a tungsten electrode in a water-cooled copper block under a 


Table I 
Pretreatment* and Annealing Data for Zirconium-Silicon Alloys 
Annealing Hours at 
Temperature, °C Alloys, % Silicon Temperature 
1467 0—0.4, 1, 5, 10, 15, 20, 35 bed 
1400 0—-0.4, - 5, 10, 12; 24 y, 
1300 0-0. 4, 5, 3, 10, 15 1 
1200 0-13, 15, 17 6 
1100 0-13 16 
1000 0—13, 15, 17, 21, 24, 30, 35 24 
900 0-13, 15, 17, 20, 24 50 
875 0-13 100 
850 0-13 100 
825 0-13 100 
800 0-13, 15, 20, 24, 30, 35 100 
700 0—0.4, 0.6, 0.8, 1, 5, 7, 10, 13 250 





*Prior to the tabulated isothermal anneals, specimens were cold-pressed 0 to 55% 
homogenized 50 hours at 1150 °C, then reduced by cold rolling 0 to 89%. The largest cold 
reductions were obtained with the most dilute alloys. Alloys with more than 7% silicon were 
not amenable to any cold reduction. 


protective atmosphere of high purity helium. The alloys were in- 
verted and melted four times without opening the furnace. 

Alloy ingots were homogenized and cold-worked to the maximum 
extent possible prior to isothermal annealing. 

Specimens were annealed in Vycor or quartz bulbs sealed in 
vacuo or under argon, depending upon the temperature of treatment. 
Molybdenum liners were used for some high temperature anneals. 
Quenching was accomplished by breaking the annealing bulbs under 
water. Temperature control was within +3°C of the reported 
temperatures. A schedule of pretreatment and annealing data for 
zirconium-silicon alloys is presented in Table I. 

The melting points of the metals and intermetallic compounds, 
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and eutectic and peritectic temperatures were determined by the 
metallographic detection of incipient melting in specimens quenched 
in a high temperature vacuum induction furnace, and, independently, 
by thermal analysis for temperatures under 1650°C (3000 °F). 


Furnaces and techniques for both methods have been described in 
detail (2). 


RESULTS AND DISCUSSION 
The Phase Diagram 


The addition of a small increment of silicon by weight to zirco- 
nium causes a rather large shift in the atomic per cent silicon. This 
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Fig. 1—The Zirconium-Silicon System, Atomic Per Cent Silicon. 


is more prominent in the zirconium-rich portion of the diagram, and 
manifests itself by a crowding of phase fields on a weight per cent 
diagram toward the zirconium end. Accordingly, it was necessary 
to prepare many alloys in small increments of silicon by weight to 
completely survey the phase fields. The contracted scope of work 
for this system was to determine the phase diagram from 0 to 50 
atomic per cent (23.53 weight per cent) silicon. However, a suffi- 
cient number of alloys were cast to survey the entire binary system. 

_ Figs. 1 and 2 represent the phase diagram on an atomic and 
weight per cent basis, respectively. Analyses of the zirconium-silicon 
alloys are presented in Table IT. 





TEMPERATURE, DEGREES C 


Fig. 2—The Zirconium-Silicon System, Weight Per Cent Silicon. 


Alloy No. 


ZS-0. 1-463 
ZS-0.2-464 
ZS-0.3-465 
ZS-0.4-466 
ZS-0.5-467 
ZS-0.6-439 
ZS-0.7-468 
ZS-0.8-440 
ZS-1-441 
ZS-2-450 
ZS-3-451 
ZS-4-452 
ZS-5-453 
ZS-5-409 
ZS-6-454 
ZS-7-455 
ZS-7-555 
ZS-8-456 
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Analyses of Zirconium-Silicon Alloys 


Wt. % Silicon 
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Alloy No. 
ZS-16-853 
ZS-17-549 
ZS-18-854 


ZS-18.5-856 


ZS-19-855 


ZS-19.5-857 


ZS-20-413 


ZS-20.5-862 


ZS-21-548 


ZS-21.5-859 


ZS-22-547 


ZS-22.5-860 
ZS-23.5-861 


ZS-24-545 


ZS-24.5-863 


ZS-25-414 
ZS-26-544 
ZS-28-543 
ZS-30-415 
ZS-35-416 
ZS-45-417 
ZS-55-418 
ZS-65-419 
ZS-75-420 
ZS-85-422 
ZS-95-423 


Alloys Dilute in Silicon 


Fig. 3, containing the results of the isothermal anneals, shows 
the zirconium-rich region of the diagram on an expanded scale. 
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Fig. 3—The Constitution of Zirconium-Rich Zirconium-Silicon 
Alloys. 


The allotropic transformation, a = 8, in zirconium has been re- 
ported by Vogel and Tonn (4) to occur at 862+ 5°C (1585 °F), 
and is accepted by the authors in the construction of the diagrams. 
Investigations were made on the transformation of “Grade 3” zirco- 
nium crystal bar preliminary to the phase diagram studies. It was 
found that specimens from five different crystal bars exhibited two- 
phase (a-+ 8) structures after annealing in the temperature range 
between 851 and 868 °C (1560 and 1595 °F). Because of impurity 
content, this grade zirconium appears to transform over a temperature 
range close to the ideal transition point. 

Consequently, the effect of silicon additions on the allotropic 
transformation of zirconium could not be precisely determined be- 
cause this element displays extremely limited solubility in both zir- 
conium modifications. Three-phase structures, stemming from the 
above-mentioned two-phase field in unalloyed zirconium, were ob- 
served in the very dilute alloys. 

The maximum solubility of silicon in beta zirconium is illus- 
trated by a 0.18% silicon alloy quenched from 1467 °C (2670 °F) 
(Fig. 4). Crystals of Zr4Si are present in a matrix of decomposed 
beta. Silicon solubility in alpha zirconium is less than 0.1%. This 
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4—0.18% Silicon Alloy, Water-Quenched After Annealing % Hour at 1467 °C 

«2675 ey. Crystals of ZrsSi in a re of decomposed beta. Limited solubili Le sili- 
beta zirconium evident. Etchant: 20% HNOs, 20% HF in glycerin. xX 

¥,,*-2 em Silicon Alloy, Water-Quenched After jnotins: a Hou ; — 7 

(sig ‘. Crystals of ZrsSi_in a matrix of equiaxed alpha zi Limited solubil- 


Y= - alpha zirconium evident. Etchant: 20% HNO, 2 20% HF in glycerin. 
Fig. 6—0.60% Silicon Alloy, Tage Cneeeeey Alter Annealing 100 Hours at 875 °C 
(1605 °F). ZrsSi crystals in a matrix of zirconium. Sone asenquibbetons alpha 
also eee Etchant: 20% “HNOs, 20% HF ia in gh x 500. 
. 7—0.60% Silicon Alloy, Water fter Annealing 100 Hours at 850 °C 
(1560 ED. 2xe ZrsSi — in a matrix aoa alpha. Etchant: 20% HNOs, 20% 
HF in x 


is shown in Fig. 5; ZrgSi crystals are present in a matrix of iso- 
thermal alpha after an anneal at 825°C (1515°F). The transfor- 
mation level for silicon alloys lies between 875 and 850 °C (1605 and 
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Fig. 8—2.9% Silicon Alloy, As-Cast. Structure of the eutectic, Zr-ZrsSi. Etchant: 
20% HNOs, 20% HF in glycerin. X 250. 


Fig. 9—4.1% Silicon Alloy, As-Cast. Primary crystals of ZrsSi in a matrix of 
eutectic Zr-ZrsSi. Etchant: 20% HNOs, 20% HF in glycerin. X 250. 


Fig. 10—4.9% Silicon Alloy, Water-Quenched After Annealing 6 Hours at 1200 °C 
(2190 °F). Predominantly ZrsSi in a network of beta agglomerated from the annealed 
eutectic. Etchant: 20% HNOs, 20% HF in glycerin.  X 250. 


Fig. 11—4.9% Silicon Alloy, As-Cast. Primary ZreSi crystals, peritectic rims of 
ZrsSi in a matrix of eutectic. Etchant: 20% HNOs, 20% HF in glycerin. x 250. 


1560 °F), as shown by Figs. 6 and 7. Both are 0.60% silicon alloys; 
the former, quenched from 875 °C (1605 °F), contains transformed 
beta plus Zr4Si, while the latter, quenched from 850°C (1560 °F), 
shows equiaxed a + Zr,Si. 

These data indicate that silicon additions to zirconium may re- 
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Fig. 12—9.2% Silicon Alloy, As-Cast. Primary ZrsSie crystals and peritectic rims 
of ZreSi. No detectable Zrs4Si rims, but appreciable residual eutectic. tchant: 20% 
HNOs, 20% HF in glycerin. X 500. 


_ Fig. 13—14.3% Silicon Alloy, As-Cast. Cracked primary crystals of ZrsSie, peritectic 
rims of ZreSi, and a small amount of residual eutectic. Unetched, polarized light. X< 200. 


Fig. 14—14.5% Silicon Alloy, As-Cast. First appearance of ZrsSis primary crystals, 
cracked peritectic walls of ZrsSiz, secondary rims of ZreSi, and some eutectic. Etchant: 
20% HNOs, 20% HF in glycerin. X 250. ; 


Fig. 15—17.6% Silicon Alloy, As-Cast. Nearly single-phase ZrsSis. Some residual 
ZrsSie at boundaries. Etchant: 20% HNOs, 20% HF in glycerin. X 250. 


sult in either a eutectoid or a peritectoid reaction at less than 0.1% 
silicon and between 850 and 875 °C (1560 and 1605 °F). 
Intermediate Phases 


Due to the large number of intermediate phases within a limited 
range of composition, the interpretation of structures and the micro- 
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_ Fig. 16—18.7% Silicon Alloy, As-Cast. Primary crystals of ZreSis, rosette peritectic 
rims of ZraSis, and matrix of ZrsSie. Etchant: 20% HNOs, 20% HF in glycerin. x 250. 


_ Fig. 17—20.1% Silicon Alloy, As-Cast. Nearly single-phase ZreSis and peritectic 
rims of ZrsSis and ZrsSie. Etchant: 20% HNOs, 20% HF in glycerin. xX 250. 


Fig. 18—22.3% Silicon Alloy, As-Cast. Primary ZreSis surrounded by peritectically 
formed ZrSi. Etchant: 20% HNOs, 20% HF in glycerin. X 250. 


Fig. 19—23.5% Silicon Alloy, As-Cast. Small primary rosettes of ZreSis in a 
matrix of the peritectically formed ZrSi. Etchant: 20% HNOs, 20% HF in glycerine. 
X 150. 


scopic identification of phases were exceedingly difficult under bright- 
held illumination. The use of polarized light proved to be excep- 
tionally helpful in this respect because all of the intermediate phases 
yielded striking contrasts in,color. 

The eutectic between zirconium and Zr4Si (7.14% silicon) at 
1610 + 15°C (2930°F) is shown in Fig. 8, the as-cast structure 
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of a 2.9% silicon alloy. Fig. 9, an as-cast 4.1% silicon alloy, depicts 
primary crystals of Zr,Si in a matrix of eutectic. Fig. 10 is a 4.9% 
silicon alloy, annealed at 1200°C (2190°F). Approximately 75% 
Zr4Si in a matrix of zirconium is present in this structure, which 
indicates a compound composition of about 7% silicon. The as-cast 
structure of a 4.9% silicon alloy shows primary crystals of another 
phase, designated Zr2Si (tentative, 13.33% silicon), peritectic walls 
of Zr4Si, and a matrix of Zr-Zr4Si eutectic, as in Fig. 11. Accord- 
ingly, Zr4Si*is formed by the peritectic reaction: Zr2Si-+ melt 
(4.5% Si) = Zr4Si at 1630 + 15 °C (2965 °F). 

Fig. 12, an as-cast 9.2% silicon alloy, depicts still another pri- 
mary phase, designated ZrsSig (17.02% silicon) and peritectic walls 
of Zr2Si, indicating that another peritectic melt has been passed. 
This reaction is: ZrgSig -+ melt (9% Si) = Zr2Si, at 2110 + 25 °C 
(3830 °F). Fig. 13, a 14.3% silicon alloy, as-cast, contains the 
same phases, but a decided increase in the amount of ZrsSie present. 
However, in Fig. 14, the as-cast structure of a 14.5% silicon alloy, 
another peritectic melt has been passed, and new primary crystals, 
designated Zr4Sigs (18.74% silicon) appear, with peritectic rims of 
ZrsSi2. ZrgSig is formed by the reaction: Zr4Sis-+ melt (14.4% 
Si) = ZrgSig at 2210 + 25°C (4010°F). This same configuration 
of phases, with an increase to nearly 100% of Zr4Sis, is seen in 
Fig. 15, a 17.6% silicon alloy. 

Fig. 16, an as-cast 18.7% silicon alloy, discloses new primary 
crystals of the phase designated ZrgSis (20.40% silicon), surrounded 
by peritectic walls of ZrgSis. This reaction involves: ZrgSis + melt 
(18% Si) = Zr4Sis at 2225 + 25°C (4035 °F). ZreSis is the only 
intermediate phase in the zirconium-silicon system which melts with 
an open maximum. The melting temperature is 2250 + 25 °C 
(4080 °F). Fig. 17, the as-cast structure of a 20.1% silicon alloy. 
shows a nearly single-phase ZrgSis structure. 

In an alloy containing 22.3% silicon, Fig. 18, ZrgSis remains 
the primary phase, but is surrounded by new peritectic rims of a 
phase designated ZrSi (23.53% silicon). Rosette-shaped primaries 
of ZrgSis are still seen in an alloy containing about 24% silicon, 
Fig. 19. However, in the as-cast structure of a 24.3% silicon alloy, 
Fig. 20, ZregSis has disappeared; ZrSi is the primary phase (nearly 
100%) with a peritectic network of the phase designated ZrSie 
(38.09% silicon). Accordingly, ZrSi is formed at 2095 + 25°C 
(3805 °F) by the reaction: ZrgSis + melt (24.2% Si) = ZrSi. 

Fig. 21, the as-cast structure of a 36.1% silicon alloy, depicts 
primary ZrSi crystals, peritectic walls of ZrSie, and a matrix of 
ZrSie-Si eutectic. The composition of the peritectic liquid which 
reacts with ZrSi to form ZrSig is very nearly approached in Fig. 22, 
an as-cast alloy containing 45.6% silicon. Very small amounts of 
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Fig. 20—24.3% Silicon Alloy, As-Cast. Nearly single-phase primary crystals of 
ZrSi in a matrix of peritectically formed ZrSie. Etchant: 20% HNOs, 20% HF in 
glycerin. X 250. 


Fig. 21—36.1% Silicon Alloy, As-Cast. Gray primary crystals of ZrSi, peritectic 


walls of ZrSie, and divorced eutectic ZrSie-Si. Etchant: 20% HNOs, 20% HF in glyc- 
erin. X 250. 


Fig. 22—45.6% Silicon Alloy, As-Cast. Small amount of gray primary ZrSi crys- 
tals surrounded by peritectic walls of ZrSie in a matrix of eutectic ZrSieSi. Etchant: 
20% HNOs, 20% HF in glycerin. X 250. 


Fig. 23—54.9% Silicon Alloy, As-Cast. Primary crystals of ZrSie in a matrix of 
eutectic ZrSie-Si. Etchant: 20% HNOs, 20% HF in glycerin. X 200. 


ZrSi primary crystals remain, surrounded by ZrSie peritectic walls 
and a matrix of eutectic. The reaction involves: ZrSi-+ melt 
(46% Si) = ZrSie at 1520 + 15 °C (2770 °F). 

ZrSig is the primary phase in a eutectic matrix in Fig. 23, 
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Fig. 24—76.2% Silicon Alloy, As-Cast. Structure of the ZrSie-Si eutectic. Etchant: 
20% HNOs, 20% HF in glycerin. Xx 200 

Fig. 25—84.5% Silicon Alloy, As- Cast. Primary silicon crystals in a matrix of 
ZrSiz- i eutectic. Etchant: 20% HNOs, 20% HF in glycerin. X 250. 


representing a 54.9% silicon alloy. The structure of the eutectic, 
ZrSie-Si at 1355 + 15 °C (2470 °F), is shown in Fig. 24, a 76.2% 
silicon alloy. Fig. 25, an as-cast 84.5% silicon alloy, contains about 
50% of primary silicon crystals in a matrix of eutectic. The solu- 
bility of zirconium in silicon is considerably less than 5%, but no 
attempt was made to precisely determine the value. 

The intermediate phase ZreSi (13.33% silicon) was tentatively 
placed at its theoretical composition, in view of work done by Pau! 
Pietrokowsky (5) and from the relative amounts of phases present 
in alloys made in this investigation. The alternative formula Zr;Si 
(9.30% silicon) is a possibility, but is not likely from the previous 
considerations. 

The formulas ZrgSig and Zr4Sis were the most likely ar the two 
peritectically formed intermediate phases between 14.5 and 20.1% 
silicon. Two nearly single-phase structures were observed at about 
20.1 and 24.3% silicon, and conform to the ideal compositions ZrgSis 
and ZrSi, respectively. The intermediate phase ZrSig was previously 
identified by Naray-Szabo (1). 

X-ray structure determination was limited in the present work, 
because all except one of the intermediate phases are peritectically 
formed. Annealing to obtain nearly single-phase structures was 
virtually impossible because of very low rates of diffusion. A Debye- 
Scherrer photogram of a 24.4% silicon alloy representing nearly 
100% ZrSi was successfully «indexed. A hexagonal lattice was 
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Table Ill 


Melting-Range Determinations 
Alloy Thermal Analysis -—————I ncipient Melting ——————_, 
Wt. % Silicon Arrests, °C Melting Observed, °C No Melting, °C 
Pure Zirconium “mes 1852 nek 
1.8 1585 isos 
3.0 1610 ee ct 
2.9 ees 1615 1580 
4,9 1630 sales emi 
4.9 5 Biave 1630 1600 
9.4 1630 aeies bite 
14.3 ase 2130 2090 
14.5 2225 2195 
19.5 2225 oo ag 
20.1 2250 
22.3 jack 2095 
44.2 1520, 1365 oi as 
45.6 cis 1520 
74.5 1350 is 


Pure Silicon 1410 


indicated, with lattice constants: c= 12.772 A, a= 7.005 A, c/a= 
1.823. 


Melting Determinations 


Thermal analysis of a large portion of the diagram was impos- 
sible, due to the high temperatures involved. Incipient melting tech- 
niques were relied upon to supply information concerning the high 
temperature features. This method, too, was more difficult to apply 
than is normally the case because of the complexity of structures 
resulting from the many peritectic reactions. Whereas the normal 
accuracy of determinations at 2200°C (3990°F) has proved to be 
about +15°C (if quenching increments are kept small enough), 
detection of incipient melting in the complicated structures observed 
for this system was at times uncertain and exterior signs of melting 
had to be used. This would place the values in error on the high side 
and the order of accuracy perhaps —50 °C. 

In general, the thermal results obtained correlated well with as- 
cast structural relationships. Table III presents the thermal analysis 
and incipient melting data. 


SUMMARY 


Zirconium-silicon alloys, systematically prepared throughout the 
range of compositions, were examined metallographically in the as- 
cast and heat treated state. In conjunction with thermal analysis and 
incipient melting data, the diagrams of Figs. 1, 2 and 3 were deter- 
mined. The system is characterized by seven intermediate phases, 
Zr4Si (7.14% silicon), ZreSi (13.33% silicon), ZrsSig (17.02% 
silicon), ZrgSig (18.74% silicon), ZregSis (20.40% silicon), ZrSi 
(23.53% silicon), and ZrSig (38.09% silicon). Only one, Zr¢Sis, 
displays an open maximum melting temperature (2250°C). The 
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remainder are formed peritectically. The peritectic temperatures and 
compositions of the reacting melts are as follows: for Zr4Si, 1630 °C 
(2965 °F) and 4.5% silicon; for ZreSi, 2110 °C (3830 °F) and 9% 
silicon ; for ZrgSie, 2210 °C (4010 °F) and 14.4% silicon; for Zr4Sis, 
2225 °C (4035 °F) and 18% silicon; for ZrSi, 2095 °C (3805 °F) 
and 24.2% silicon; and for ZrSie, 1520°C (2770°F) and 46% 
silicon. There are two eutectics, one between zirconium and Zr,Si 
at 2.9% silicon and 1610 °C (2930 °F), and the other between silicon 
and ZrSie at 75% silicon and 1355 °C (2470 °F). The solubility of 
silicon in zirconium is very limited in both alpha ( <0.1% ) and beta 
(<0.2% ) zirconium. The effect of silicon on the allotropic trans- 
formation of zirconium is undetermined, but shown to be very small. 
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THE SYSTEM ZIRCONIUM-TIN 
By D. J. McPHERsON AND M. HANSEN 


Abstract 


The highly reactive zirconium-tin alloys were pre- 
pared and heat treated under protective conditions. The 
phase diagram was established, based on micrographic and 
X-ray diffraction analysis, metallographic detection of 
incipient melting, and thermal analysis. 


HE zirconium-tin system was investigated as a part of an Atomic 

Energy Commission program on the equilibrium diagrams of 
binary zirconium alloys. No previous unclassified work has been 
done on this diagram. Micrographic analysis of as-cast and heat 
treated specimens was the principal tool in the present work. Thermal 
analysis and X-ray diffraction served as auxiliary techniques. 


EXPERIMENTAL PROCEDURES 
Materials 


A “low-hafnium” zirconium crystal bar, produced by the de- 
‘omposition of a volatile iodide onto a hot filament, was employed 
‘or these studies. Westinghouse “Grade 3” crystal bar was used for 
the majority of alloys. A limited number of alloys were prepared 
with the higher purity Westinghouse “Grade 1” zirconium for final 
refinement of certain phase boundaries. The zirconium crystal bar, 
as-received, was coated with corrosion product from a standard auto- 
clave test by which its Grade designation is determined. This was 
cleaned by a sand-blasting and HF-HNOs pickling technique devel- 
oped by the Atomic Energy Commission. The bars were then cold- 
rolled to approximately z5-inch sheet, pickled for iron removal, 
sheared to 44-inch squares, cleaned in acetone, and stored for arc 
furnace charge. 

High purity tin was received in the form of hemispherical ingots 
from Vulcan Detinning Company. Spectrographic analysis provided 
by the manufacturer showed this tin to be 99.99% pure. These ingots 
were rolled to sheet, sheared, and cleaned as above. 


This paper is based on a portion of the work carried out at Armour Research Foundation 
for the Atomic Energy Commission under Contract No. AT(11-1)-149, “Phase Diagrams of 
Zirconium-Base Binary Alloys’. Final Report, No. (COO-89). 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, D. J. McPherson 
1s supervisor, Physical Metallurgy Research, and M. Hansen is chairman, Met- 
als Research Department, Armour Research Foundation of Illinois Institute of 
Technology, Chicago. Mantscript received April 9, 1952. 
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Melting Practice 


Zirconium-tin alloys were prepared by arc melting in a water- 
cooled copper crucible, employing a tungsten-tipped electrode and an 
atmosphere of high purity helium. A drawing of the furnace and 
description of general melting techniques have been presented by the 
authors in previous publications (1, 2).2 Alloys containing 0 to 35% 
tin were melted in the cavity of a copper block inserted into a spun 
copper crucible. The arc was struck on a tungsten stud in the copper 
block, obviating initial contact between the tungsten electrode and 
alloy charge. Alloys containing more than 35% tin were character- 
ized by high tin losses when melted in this manner. This difficulty 
was overcome in large measure by pre-compacting the alloy charge 
and melting directly in a conical-bottomed copper crucible. - All alloys 
were inverted and remelted three to five times without opening the 
furnace. Most of the alloys employed weighed 20 to 30 grams. 
Control melts of unalloyed zirconium were prepared and checked 
for hardness and microstructure throughout the melting program. 


Tungsten analyses on a number of random alloys averaged less than 
0.05%. 


Annealing Treatments 


Alloy ingots were cold-compressed, homogenized, then cold 
rolled to the maximum possible reduction as a pretreatment prio: 
to isothermal annealing. Those compositions too brittle for cold work 
were only homogenized before the equilibrium anneals. In order to 
avoid contamination of these highly reactive alloys, no hot working 
steps were employed. 

Annealing treatments were carried out with specimens sealed in 
Vycor (up to 1100°C) or quartz bulbs. For treatments up to 950 
°C (1740°F), the bulbs were evacuated. Above this temperature, 
a reduced pressure of argon, necessary to balance one atmosphere 
of external pressure at the annealing temperature, was admitted to 
prevent collapse of the bulbs. Liners of 0.003-inch molybdenum 
sheet were placed in bulbs scheduled for treatment above 1200 °C 
(2190 °F), serving the dual purpose of specimen protection and 
physical support for the bulb walls. An unalloyed zirconium control 
specimen was included with every heat treatment. Specimens were 
quenched from the furnace into tanks provided with hinged paddles. 
The specimen bulbs were broken under water, thus insuring a rapid 
quench. 

Both vertical and horizontal tube furnaces were available for heat 
treatments up to 1500°C (2730°F). Temperature control within 
+3 °C was accomplished with Wheelco Model 252P Capaciline in- 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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struments or Leeds and Northrup Micromax controllers, operated in 
conjunction with Claud S. Gordon Xactlines. 


Melting-Range Determinations 


For the determination of solidus curves and eutectic and peri- 
tectic horizontals occurring at high temperatures above the useful 
range of thermocouples, the micrographic detection of incipient melt- 
ing in heated and quenched samples is an expedient technique. A 
high temperature vacuum induction furnace and quenching technique 
to accomplish this have been described (1). Specimens are supported 
by a tungsten wire within a tantalum heating chamber. Temperatures 
are determined with an optical pyrometer calibrated against the 
melting points of several pure metals. Specimens are quenched from 
a series of temperatures by allowing the wire and sample to drop onto 
a cold bottom plate, and are examined microscopically for signs of 
incipient melting. 

A thermal analysis technique, employing doubly-protected plati- 
num/platinum — 10% rhodium thermocouples and high purity graphite 
crucibles in a hermetically sealed induction furnace has also been 
described (1). This equipment was useful in detecting melting 
temperatures below about 1650°C (3000°F). Cooling and heating 
curves were automatically plotted on a Brown Electronik Recorder, 
wired to plot a point every second. Generally, two cooling and two 
heating curves, employing a rate of 1 to 2°C per second, were ob- 
tained for each alloy. 


RESULTS AND DISCUSSION 
The Phase Diagram 


The phase diagram of the zirconium-tin system is presented in 
Fig. 1. An expanded diagram of the zirconium-rich region, including 
most of the data points, is given in Fig. 2. Some data points were 
omitted for the sake of clarity. The diagrams are based on the ana- 
lyzed compositions listed in Table I. A large number of unanalyzed 
alloys gave supporting evidence to the phase relationships shown. 


Zirconium-Rich Alloys 


A preliminary investigation was undertaken in order to check 
the temperature of the allotropic transformation, a = B, in “Grade 3” 
zirconium crystal bar. Five random bars were pretreated by cold 
pressing, homogenization and cold rolling, then annealed at five 
temperatures between 850 and 890 °C (1560 and 1635 °F) and water- 
quenched. The production of two-phase (a-+ 8) structures gave 
evidence that this material transforms over a range of temperatures 
(because of impurities!) near the ideal transformation point. The 
apparent range of transformation, from this limited study, extended 
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Table |! 
Analyses of Zirconium-Tin Alloys* 

Alloy No. Wt. % Tin Alloy No. Wt. % Tin 
ZT 0.5-161 0.49 ZT 21-189 22.3 
ZT 1-162 0.85 ZT 22-191 23.5 
ZT 2-168 1.9 ZT 23-192 23.1 
ZT 2-803 2.1 ZT 24-196 24.2 
ZT 3-169 ae ZT 25-123 25.9 
ZT 4-170 3.9 ZT 30-124 29.4 
ZT 4-804 4.3 ZT 35-125 30.6 
ZT 5-171 4.7 ZT 40-126 37.0 
ZT 6-172 5.8 ZT 45-128 40.2 
ZT 6-805 6.3 ZT 50-129 40.7 
ZT 7-173 7.3 ZT 43-208 42.1 
ZT 8-806 7.9 ZT 45-157 44.1 
ZT 8-174 8.5 ZT 47-202 46.7 
ZT 9-449 9.0 ZT 50-158 48.5. 
ZT 10-807 9.8 ZT $2-207 50.5 
ZT 10-177 10.5 ZT 55-152 52.6 
ZT 11-178 11.3 ZT 56-209 38.5 
ZT 12-808 11.8 ZT 58-210 57.2 
ZT 12-179 12.2 ZT 60-153 58.5 
ZT 13-180 12.9 ZT 65-148 64.9 
ZT 14-182 14.1 ZT 70-154 65.6 
ZT 15-183 15.5 ZT 75-155 73.3 
ZT 16-184 15.9 ZT 80-156 79.5 
ZT 17-185 i7 2 ZT 85-147 87.1 
ZT 18-194 20.2 ZT 90-149 92.6 
ZT 19-187 20.7 ZT 95-151 95.5 
ZT 20-122 21.2 


*Method of analysis: Specimens dissolved in fluoboric and dilute sulphuric acids. Acidity 
adjusted to 20% HCl. Tin reduced with iron powder and titrated with N/10 iodine. 


Atomic % Tin 
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Fig. 1—The Zirconium-Tin System 
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Fig. 2—The Constitution of Zirconium-Rich Zirconium-Tin Alloys 


from 851 to 868 °C (1565 to 1595 °F). This is, at least, quite close 
to the value of 862 + 5 °C reported by Vogel and Tonn (3), so this 
figure was adopted for construction of the diagram. 

On a basis of preliminary time versus temperature studies for 
equilibrium states, the heat treatments in Tables II and III were 
scheduled. In addition to these isothermal anneals followed by water 
quenching, the examination of as-cast alloys and alloys slowly cooled 
through certain regionsr was also instrumental in determining the 
phase relationships. 


The position of the eutectic at 23.5% tin is bracketed quite 
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Table Ii 
Pretreatment* and Annealing Data for Zirconium-Tin Alloys 
Annealin Hours at 
Temp.,° Alloys, % Tin Temp. 
1472 17-23 i 
1460 16-22 
1400 0.5-25, 30, 35, 40 
1350 0.5-25, 30, 35, 40 2 
1300 0.5-25, 30, 35, 40 5 
1247 0.5-25, 30, 35, 40 5 
1200 0.5-25, 30, 35, 40 7 
1153 0.5-25, 30, 35, 40 16 
1098 0.5-25, 30, 35, 40 20 
1048 0.5-25, 30, 35, 40 20 
997 0.5-25, 30, 35, 40 20 
947 0.5-25, 30, 35, 40 28 
902 0.5-25, 30, 35, 40 30 
851 0.5-15, 17, 19, 21, 23, 
25, 30, 35, 40 50 
750 2, 4, 6-10, 12, 14, 16, 18, 
20, 22, 24, 30, 35, 40 150 
652 2, 4-10, 12, 14, 16, 18, 
20, 22, 24, 30, 35, 40 247 
548 2, 4, 6, 8, 10, 12 400 


*Prior to the tabulated equilibrium anneals, specimens were cold-pressed, then homogenized 
5 hours at 1100°C and water-quenched, and finally cold-rolled to the maximum reductions pos- 
sible. The degree of cold work depended upon composition. The 2% tin alloy was cold-pressed 
31% and cold-rolled 82%, whereas these respective reductions for a 20% tin alloy were 2% and 
0%. Alloys containing more than 24% tin were not amenable to any cold reduction. 


Table Ill 


Pretreatment* and Annealing of Special “Grade 1” Zirconium-Tin Alloys 
Annealing Hours at 
Temp., °C Alloys, % Tin Temp. 

1100 1, 2, 4, 6, 8-14 20 
1054 1, 2, 4, 6, 8-14 16 
1006 1, 2, 4, 6, 8-14 45 
957 1, 2, 4, 6, 8-14 70 
905 1, 2, 4, 6, 8-14 74 
853 1, 2, 4, 6, 8-14 120 
801 1, 2, 4, 6, 8-14 145 
748 1, 2, 4, 6, 8-14 280 
702 1, 2, 4, 6, 8-14 355 
656 1, 2, 4, 6, 8-14 400 
604 1, 2, 4, 6, 8-14 445 


*Prior to the tabulated equilibrium anneals, these compositions were cold-pressed 14 to 33%, 
homogenized 5 hours at 1100°C and water-quenched, then reduced by cold rolling 19 to 79%. 
The degree of cold reduction decreased with increasing tin content. 


accurately by the alloys of Figs. 3 and 4. The eutectic temperature 
was confirmed independently by the microscopic evaluation of speci- 
mens quenched in the incipient melting furnace and by thermal anal- 
ysis. Fig. 5, an as-cast 30.6% tin alloy, is typical of the ZrsSns 
plus eutectic structures obtained in the 24 to 46% tin composition 
range. 

The highest temperature at which the B/8 + ZrsSng phase 
boundary was experimentally located was 1472 °C (2680°F). Figs. 
6 and 7 show 17.5 and 20.2% tin alloys, respectively, quenched after 
an anneal at this temperature. The extrapolation of this phase 
boundary to the eutectic temperature indicates a maximum solubility 
of tin in beta zirconium of approximately 21%. 
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Fig. 3—23. 1% Tin Alloy, As-Cast. Predominantly eutectic, with some residual pri- 
maries of beta zirconium. Etchant: 20% HF, 20% HNOs in glycerine. X 750. 


Fig. 4—24.2% Tin Alloy, As-Cast. Predominantly eutectic with a few primary crystals 
of ZrsSns. Etchant: 20% HF, 20% HNOsin glycerine. X 750. 


Fig. 5—30.6% Tin oer As-Cast. Primary crystals of ZrsSns in a matrix of Zr-ZrsSnsz 
eutectic. Unetched. X1 


Fig. 6—17.5% Tin la, Water-Quenched After Annealing 14 Hour at 1472°C. Transe 
formed beta structure. Etchant: 20% HF, 20% HNO: in glycerine. X 150. 


The sequence of as-cast zirconium-tin microstructures gave no 
clue as to the existence of a zirconium-rich intermediate phase; how- 
ever, anneals in the solid state clearly proved that Zr4Sn, having a 
singular composition at 24.55% tin, is formed by the peritectoid re- 
action: B- ZrsSng <= Zr4Sn at about 1325°C (2415°F). Figs. 
8 and 9 are the microstructures of a 23.5% tin alloy, quenched after 


3 
i 
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Fig. 7—20.2% Tin Alloy, Water-Quenched After poneatiog | Hour at 1472°C. Trans- 
formed beta plus ZrsSnz crystals. Etchant: 20% HF, 20% 3 in glycerine. X 150. 


Fig. 8—23.5% Tin Alloy, Water-Quenched After Annealing 2 Hours at 1350°C. Trans- 
formed beta plus ZrsSnz crystals. Etchant: 20% HF, 20% HNOs in glycerine. X 150. 


Fig. 9—23.5% Tin Alloy, ane ener a ter Annealing 5 Hours at 1300°C. Orig- 
inal structure of transformed beta and ao small dark crystals) reacting peritectoidally 
to form ZrsSn phase (gray). Etchant: 20% HF, 20% HNOs in glycerine. X 150. 


Fig. 10—24% Nominal Tin Alloy, Induction-Melted in _- Some primary ZrsSn; 
in a matrix of divorced Zr-ZrsSnsz eutectic. Unetched. X 150 


annealing at 1350 and 1300°C (2460 and 2370°F), respectively. 
The peritectoid nature of the compound formation is better illustrated 
in the sequence of structures in Figs. 10 and 11. This alloy, contain- 
ing, nominally, 24% tin, was induction-melted in a graphite crucible. 
Fig. 10 represents the as-cast structure and Fig. 11 is the same alloy 








ZIRCONIUM-TIN SYSTEM 


Fig. 11—24% Nominal Tin Alloy (Induction-Melted), Water-Quenched After Annealing 
20 Hours at 1051°C. Peritectoid formation of Zr4Sn from the reaction between beta zir- 
conium and ZrsSnsz. Etchant: 20% HF, 20% HNOs in glycerine. X 150. 


Fig. 12—24.2% Tin Alloy, Water-Quenched After Annealing 45 Hours at 951°C. Nearly 
single-phase ZrsSn. Small amounts of unreacted beta and ZrsSnz3 remain. Etchant: 20% 
HF, 20% HNOs in glycerine. X 150. 


Fig. 13—29.4% Tin Alloy, Water-Quenched After Annealing 5 Hours at 1247°C. An- 
nealed in the ZraSn + ZrsSns field. Small amounts of unresorbed beta phase remain. Etchant: 
20% HF, 20% HNOs in glycerine. X 150. 


Fig. 14—7.9% Tin Alloy, Water-Quenched After Annealing 45 Hours at 1006°C. Trans- 


formed ~— and ZrsSn phases are in equilibrium. Etchant: 20% HF, 20% HNO: in glyce- 
rine. XX 150. 


after an anneal at 1051 °C (1925°F). Since the reaction is not 
complete, the three-phase peritectoid arrangement is clear. The 
optimum amounts of Zr4Sn were obtained by annealing a 24.2% tin 
arc-melted alloy at various temperatures below 1300°C (2370 °F). 








pes 
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Fig. 15—7.9% Tin Alloy, Water-Quenched After / Hours at 957°C. I 
thermal a csenslermet bets ane enaieen. Etchant: HF. 20% HNOs in glyee. 
rine, 
Fig. 16—1 Tin Alloy, Water-Quenched After Annealing 74 Hours at 905°C. ‘“‘Ser- 
rated” alpha ormation Fou, the stay annealed in the beta field. 
Etchant: 20% HF. 20% HNOs in glycerine = 
Fig. 17—2.1% Tin Alloy, W: Seaeaieie 74 Hours at 905 °C. geese 
isothermal alpha transf. on quenching. 
was A eee aad. Etchant: bn giveutien, X 150. . 


, 20% 
Fig. 18—6.3% Tin Alloy, Water 4 Hours at 905°C. 100% 
ae eon Se ee eet: eae 20% HF HE aie HNOo ie divcoine x 150. 


Fig. 12 shows the structure of this alloy after a 45-hour anneal at 
951 °C (1745 °F). Only small residual amounts of beta and ZrsSns 
remain. The peritectoid temperature level was checked by reanneal- 
ing specimens of the nearly 100% Zr4Sn alloy at 1100, 1200, 1300, 
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and 1350°C (2010, 2190, 2370, and 2460°F) in order to reverse 
the reaction. Only the specimen annealed at 1350°C (2460 °F) 
decomposed into beta and Zr;Snz phases. 

Fig. 13 represents the structure of a 29.4% tin alloy annealed 
at 1247 °C (2280 °F), in the Zr4Sn+ ZrsSng field. The reaction 
is nearly complete, but some unresorbed beta phase remains. 

A sample of the 24.2% tin alloy containing nearly 100% Zr,Sn 
was subjected to X-ray analysis. The specimen was prepared by 
filing. Iron particles were removed magnetically and the powders 
were exposed to filtered, characteristic copper Ka radiation. The 
resulting pattern was indexed on a face-centered tetragonal Hull- 
Davey chart. The lattice parameters were: a=/7.645A, c= 
12.461 A; c/a = 1.63. 

The alpha solid solution enters into the peritectoid reaction: 
8+ Zr4Sn = a at approximately 980°C (1795 °F) and 9% tin in 
this system. The photomicrographs of Figs. 14 and 15 show the 
best evidence for the peritectoid temperature level. Both figures 
represent a 7.9% tin alloy; the former, annealed at 1006 °C (1845 
°F), consists of B+ Zr4Sn, while the latter, annealed at 957 °C 
(1785 °F), contains a-+ 8. This peritectoid level was placed by 
the examination of several series of annealed alloys prepared with 
extremely clean Westinghouse “Grade 1” zirconium crystal bar. 
Considerable difficulty had been experienced earlier in interpreting 
the structures obtained in “Grade 3” zirconium alloys. 

The sequence of structures in Figs. 16 through 19 presents 
excellent evidence of the phase relationships in this region of the 
diagram. This series of alloys was annealed at 905 °C (1660 °F) ; 
Fig. 16, 1.0% tin alloy, is transformed beta, Fig. 17, a 2.1% tin 
alloy, contains a+ 8. Fig. 18, a 6.3% tin alloy, falls in the alpha 
solid solution field, and Fig. 19, a 7.9% tin alloy, represents an 
a + Zr4Sn structure. 

The alpha solid solution field extends to about 9% at the 
peritectoid temperature, 980°C (1795 °F). The solid solubility of 
tin in alpha decreases rather sharply with falling temperature as 
indicated by Figs. 20 and 21, representing alloys annealed at 801 °C 
(1475 °F). In this case, again, alloy structures based on “Grade 3” 
zirconium crystal bar were exceedingly difficult to interpret. The 
relatively large number of impurity particles always present in this 
grade zirconium made it nearly impossible to detect the initial appear- 
ance of the Zr4Sn phase, which also precipitates as a very fine dis- 
persion of particles in the lower temperature ranges. Use of the 
special “Grade 1” zirconium-base alloys, which yielded alpha struc- 
tures relatively free of impurities, made it possible to locate the 
a/a-+- Zr4Sn phase boundary with considerable accuracy. 
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Fig. 19—-7.9% Tin Alloy, Water-Quenched After Annealing 74 Hours at 905°C. Alpha 
plus fine precipitation of ZrsSn particles. Etchant: 20% HF, 20% HNOs in glycerine. X 150. 

Fig. 20—2.1% Tin Alloy, Water-Quenched After Annealing 145 Hours at 801°C. 100% 
equiaxed alpha. Unetched, polarized light. X 150. 

Fig. 21—4.3% Tin Alloy, Water-Quenched After Annealing 145 Hours at 801°C. Aipha 
plus ZrsSn particles, principally in the grain boundaries. Note the decrease in grain size 
as crossing the a/a-+ ZrsSn boundary (compared with Fig. 20). Unetched, polarized 
ight. XX 150. 

Fig. 22—40.2% Tin Alloy, As-Cast. Primary crystals of ZrsSns in matrix of Zr-ZrsSns 
eutectic. Unetched. X 150. 


The Intermediate Phase at 47% Tin 


i 
; 
t 
; 


The intermediate phase which enters into a eutectic reaction 
with zirconium presented unusual experimental difficulties. Figs. 
22 through 24 represent as-cast 40.2, 44.1 and 46.7% tin alloys, 
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Fig. 23—44.1% Tin Alloy, As-Cast. Cracked ZrsSns primaries and small amount of 
residual eutectic. Unetched. X 150. 


Fig. 24—46.7% Tin Alloy, As-Cast. Nearly 100% primary ZrsSns crystals. Unetched. 
xX 150. 


Fig. 25—65.6% Tin Alloy, As-Cast. Primary crystals of ZrsSns, peritectic rims of ZrSn, 
and a matrix of tin. This specimen was allowed to stand 15 minutes after polishing before 
photographing. The ZrsSnz darkens rapidly in air and contrasts sharply with the peritectic 
phase. Unetched. X 250. 


Fig. 26—95% Nominal Tin Alloy, Melted in Porcelain Crucible for Thermal Analysis. 
Primary ZrSn crystals in a matrix of tin. Etchant: 20% HF, 20% HNOsin glycerine. X 150. 


respectively. Some residual eutectic is present in both the former 
allovs, whereas the last represents nearly 100% of this phase. Melt- 
ing point determinations on the 46.7% alloy showed that this phase 
melts with an open nidximum at 1985+ 25°C (3605°F). The 
phase is exceedingly unstable toward air and/or moisture; a freshly 
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polished surface will commence to discolor in a matter of minutes, 
and whole ingots disintegrate to powder in a few weeks. Alloys for 
the investigation of this region of the diagram had to be freshly pre- 
pared periodically, because of this fact. Storage of melted specimens 
in a vacuum desiccator prolonged their usefulness appreciably. 
Alloys containing 30 to 45% tin showed less tendency to completely 
disintegrate than the alloys in the 45 to 75% tin range. 

The formula in closest agreement with the observed single-phase 
composition is ZrgSng (46.45% tin) ; however, Pietrokowsky, in a 
recent investigation (4) of the zirconium-tin phase, has reported that 
the structure is Zr,Sn, (hexagonal, Mn,Si, type), so this formula 
has been tentatively adopted in the present work. Zr;Sng corre- 
sponds to the composition 43.84% tin, which is about 3% lower in 
tin than the observed single-phase alloys. In the diagram, the phase 
is placed at the experimentally determined, rather than the ideal, 
ZrsSng composition. This shift may not be too surprising in view 
of the relative size independence of the Mn,Sis type of structure, in 
which atom substitutions might rather easily occur. A similar shift 
from stoichiometric ratio has been noted in the case of the phase 
TisSig (1). Attempts to index the Debye-Scherrer X-ray patterns 
of many as-cast an@ heat treated alloys in this composition area were 
unsuccessful at this laboratory. 

The general instability of these alloys made efforts to determine 
whether this intermediate phase has a variable composition fruitless. 
Tentatively, it should be considered to have a singular composition. 


Tin-Rich Alloys 


The two types of structures which occur in alloys containing 
more than 47% tin are illustrated in Figs. 25 and 26. The former 
is a 65.6% tin alloy showing a typical three-phase peritectic arrange- 
ment: primary ZrsSng crystals, a peritectic wall of a new inter- 
mediate phase, and a matrix of tin. The latter is a nominal 95% 
tin alloy which contains only primary dendrites of the new phase in 
a matrix of tin. Only the tin-rich alloys which were nearly free of 
ZrsSng showed any stability in normal atmospheres; others tended 
to decompose rapidly after preparation. This fact, and the coexist- 
ence in the alloys of phases melting at 1985 and 232°C (3605 and 
450 °F), made heat treatments to develop the peritectically formed 
intermediate phase virtually impossible. A series of thermal analyses 
indicated that the peritectic temperature was located at 1140 + 15 °C 
(2085 °F). The only other heating and cooling arrest was obtained 
at 231+1°C. The position of the peritectic melt, deduced from 
the disappearance of ZrsSng as a primary phase in arc-cast alloys, 
was roughly located between 80 and 87% tin. A special series of 
alloys in the composition range 75 to 95% tin was prepared to check 
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this more accurately. These alloys were placed in carbon cups inside 
sealed quartz capsules and held for 20 hours at 1152 °C (2105 °F), 
just above the peritectic temperature. Alloys containing 85% or 
more tin were completely molten; while alloys containing less than 
80% tin contained liquid plus solid phases at this temperature. 
Accordingly, the peritectic melt must be at 83 + 3% tin. 

Identification of the intermediate phase formed by the peritectic 
reaction at 1140 °C (2085 °F) between Zr;Snz and the melt contain- 
ing 83% tin required rather special techniques. Several two-phase 
alloys containing primary crystals of this intermediate phase were 
subjected to anodic dissolution in a 10% NaOH electrolytic bath, 
stainless steel plates serving as cathodes. The tin matrix was taken 
into solution and small deposits of the primary phase were collected. 
Two samples from separate alloys were adequate for semimicro 
analyses. The tin contents proved to be 53.3 and 51.2% in the two 
tests. The most likely stoichiometric composition in this vicinity is 
ZrSn (56.55% tin). Since the analytical accuracy on such samples 
cannot be considered too high, this formula is tentatively adopted for 
the intermediate phase, although the evidence is not entirely satis- 
factory. Certainly, the analytical evidence seems to refute the exist- 
ence of a phase located nearer the end of the peritectic ‘horizontal, 
such as ZrSng (72.33% tin). 

Some of the material collected from the electrolytic baths was 
subjected to X-ray analysis. A Debye-Scherrer pattern was taken, 
using filtered, characteristic copper Ka radiation. A complex pattern 
was obtained which has tentatively been indexed as orthorhombic, 
with the following parameters: a= 7.43 A, b= 5.82 A,c=—5.16A; 
a: b:e== 1.26: 1: Q885. 

By the rules of phase equilibria, tin must enter into either a 
eutectic or a peritectic with ZrSn. In order to check this point, 
alloys with 95, 97, 99, and 99.5 nominal % tin were examined metal- 
lographically and subjected to accurate thermal analysis. The arrests 
in these alloys were not distinguishable from that of pure tin within 
+1°C. The alloy most dilute in zirconium (99.5% tin) still showed 
primary ZrSn crystals in a tin matrix. Accordingly, the eutectic or 
peritectic must occur between 99.5 and 100% tin, and at 231 + 1 °C. 


Melting-Range Determinations 


A preliminary investigation was undertaken to determine the 
melting point of the “Grade 3’’ Westinghouse zirconium crystal bar 
used as melting stock. An average value of 1852 °C (3365 °F) was 
obtained in about a dozen checks in the incipient melting furnace. 
The maximum variation between individual runs was +10°C. The 
figure compares favorably with 1857°C (3375°F) obtained by 
Zwikker, quoted by de Boer (5), and 1865 °C (3390 °F) reported 
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by Cubicciotti (6), and was accordingly used in construction of the 
diagrams. 

The incipient melting techniques described earlier were employed 
for solidus, eutectic, and intermetallic compound melting determina- 
tions in the 0 to 47% tin alloy range, but were inapplicable at higher 
tin contents because of the presence of free tin in all of these alloys. 
Thermal analysis was employed for zirconium-rich alloys melting 
within the useful temperature range of platinum/platinum — 10% 
rhodium thermocouples and in all tin-rich alloys. The data are sum- 
marized in Table IV. 


Table IV 
Melting-Range Determinations 








Alloy, Thermal Analysis —————Incipient Melting 
Wt. % Tin Arrests, °C Comments Melting Observed, °C No Melting, °C 
4.7 aa a od Pte 1710 1675 

10.5 bcm uk Tt ae ie 1635 . 1600 
20* 1592> 1604 Sloping es ga 
21.2 ia ore ee. hepa 1610 1575 
24.2 BU ihc > eh 3 na gg 1575 1555 
24* ee Oe See Pe an 
30.6 i ies Re se bi ee 1585 
37.0 Se aa Reece Cente ata ee eee 1905 
46.7 w dhe. Ee ales Sao 1985 
50.5 ete wt, Co ee 1875 
60* ae: § . Sse Une 
62* 1144 Sharp, level 
70* 1140. . .230 Sharp, level 
75* Be a ee gee 
85* S3Gpit wee Pe ae 
95* 231 Iron-Constantan 
97* 231 Iron-Constantan 
99* 231+ Iron-Constantan 
99 .5* 231 Iron-Constantan 

100 231+ Iron-Constantan 





*Nominal composition. 


GENERAL COMMENTS ON ZIRCONIUM-TIN ALLOYS 


Some safety precautions have been found necessary in the han- 
dling and storage of zirconium-tin alloys, particularly those contain- 
ing 45 to 65% tin. On one occasion a freshly prepared alloy within 
this composition range burst into flames spontaneously in a sample 
envelope, causing a small fire among similarly stored specimens. 
Alloys in the vicinity of the eutectic composition (24% tin) tend to 
spark brilliantly on cutting and burn if in finely divided form, 
although there is no danger of spontaneous combustion in this com- 
position range. 

In view of the general phase relationships, as well as the insta- 
bility of tin-rich zirconium-tin alloys, they are considered to be devoid 
of possible utility, and of academic interest only. 


SUMMARY 


Techniques for the production and heat treatment of high purity 
zirconium-tin alloys free from contamination are described. 
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The phase diagram of this system has the following features: 

1. Three intermediate phases exist; these are ZrgSn (24.55% 
tin), which is formed by the peritectoid reaction: 8 + Zr,Sn, = 
Zr4Sn at 1325 + 20°C (2415 °F); ZrsSng (tentative; 43.84% tin) 
which melts with an open maximum at 1985 + 25°C (3605 °F) ; 
and ZrSn (tentative; 56.55% tin) formed by a peritectic reaction 
between ZrsSng and a melt containing about 83% tin at 1140 + 15 °C 
(2085 °F). 

2. Zirconium and Zr;Sng give rise to a eutectic at 23.5% tin 
and 1590 + 15 °C (2895 °F). 

3. The solubility of tin in beta zirconium is approximately 21% 
at the eutectic temperature, 15% at 1325°C (2415 °F), and 6.5% 
at 980 °C (1795 °F). 

4. Tin raises the a= transformation temperature of zirco- 
nium, which results in the peritectoid reaction: 8 + Zr,Sn=a at 
980 + 20 °C. 

5. The solubility of tin in alpha zirconium decreases from 9% 
at 980 °C (1795 °F) to about 1.5% at 600°C (1110 °F). 

6. Tin displays no appreciable solid solubility for zirconium. 
The eutectic or peritectic (undetermined) between tin and ZrSn must 
exist at higher tin content than’99.5%, and not more than 1 °C above 
or below the melting point of tin. 
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DISCUSSION 


Written Discussion: By H. A. Wilhelm, associate director, Ames Lab- 
oratory, U.S. Atomic Energy Commission, Iowa State College, Ames, Iowa. 

Previous to the writing of this paper, the authors and I were together 
in a conference on this system, and data from my laboratory were com- 
pared with data of the authors. Although we differ slightly in observa- 
tions on two or three minor points, the material as the authors have pre- 
sented it is entirely acceptable at this time. The authors are to be com- 
mended on the high quality of their experimental investigation leading to 
this outstanding contribution. 

Written Discussion: By H. A. Saller, supervisor, and F. A. Rough, 
assistant supervisor, Battelle Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated for having done an excellent job 
in working out the zirconium-tin system. This alloy system was also stud- 
ied at Battelle Memorial Institute, and the resulting data are in close 
agreement with those of the authors. In the work which was done at Bat- 
telle, considerable emphasis was placed upon the determination of the solu- 
bility of tin in alpha zirconium and the possible effects of various base 
material compositions upon this solubility. 

The study of the solubility of tin in alpha zirconium is complicated 
by the difficulty in obtaining equilibrium. Hence, a first appraisal might 
lead one to think that considerably more tin is soluble in alpha zirconium 
than has been reported. However, when the alloys are suitably heat treated 
for long periods of time, a decreasing and generally lower solubility curve 
is detected similar to that presented in the paper under discussion. 

The solubility of tin in alpha zirconium was first determined using arc- 
melted alloys prepared from Grade I Foote Mineral Company crystal bar 
zirconium. Subsequently, arc-melted alloys were prepared and studied 
using Grade III Westinghouse crystal-bar zirconium and Bureau of Mines 
AB Grade sponge zirconium. AB Grade sponge-base alloys were also 
induction-melted in graphite crucibles for similar studies. For those who 
are not familiar with zirconium, the spectrographic purity of these three 
base materials is generally good, with small variations in the amounts of 
the various elements which are present. One exception to this is the pres- 
ence of perhaps 1500 ppm of magnesium in the AB sponge zirconium. In 
addition, the oxygen and nitrogen contents vary roughly as follows: 


Oxygen Nitrogen 
Crystal-bar zirconium 100 to 200 ppm 10 to 30 ppm 
AB sponge zirconium 1000 ppm 20 to 50 ppm 


The vacuum-induction-melted AB sponge-base alloys also contained from 
0.2 to 0.3 weight per cent carbon while the magnesium content was reduced 
to perhaps 200 ppm by vacuum melting. 

The solubility of tin in alpha zirconium in all of the above-described 
alloys was found to be similar, indicating that the base material composi- 
tion variations had no appreciable effect upon this feature of the system. 


Authors’ Reply 


The authors are grateful for the corroborating comments and addenda 
of Messrs. Wilhelm, Saller and Rough. The characteristic analyses of the 
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various zirconium grades supplied by Messrs. Saller and Rough are partic- 
ularly appreciated. Regarding the effect of inherent contaminants on the 
solute solubility in alpha zirconium, we have not studied the solubilities 
in magnesium-reduced zirconium. We have, however, studied this feature 
in several “sister” systems with titanium, using both magnesium-reduced 
and iodide titanium-based alloys, and have found, in agreement with Saller 
and Rough, that the alpha solid solubility is not measurably affected when 
these solubilities are low. In connection with the phase boundaries origi- 
nating from, and in the immediate vicinity of, the a<8 transition point, 
however, such impurities have an exceedingly detrimental effect on the 
placement of boundaries. Since most zirconium actually does not trans- 
form at a singular temperature (i.e., possesses a two-phase a+ 8 field near 
the transition temperature due to impurities), limited ternary fields will 
result in this area of any binary system, and affect the placement of the 
apparent binary phase boundaries. The greater the oxygen and nitrogen 
content of the zirconium or titanium used, the more severe is this problem. 

The authors were aware of the concurrent work on the zirconium-tin 
system by both the lowa State and Battelle groups and had most informa- 
tive discussions with them during the course of the work presented. No 
reference to this was made in the paper because of the classification status 
of their work at that time. 





THE MARTENSITE TRANSFORMATION TEMPERATURE 
IN TITANIUM BINARY ALLOYS 


By Pot DuwEz 


Abstract 


The temperature at which the martensite transforma- 
tion from beta solid solution to alpha prime supersaturated 
solid solution takes place has been measured in binary 
alloys of titanium with columbium, tantalum, tungsten, iron, 
chromium, and manganese. In all cases, the M, curve de- 
creases with increasing amount of all elements. The critical 
concentration above which the beta structure is retained 
after quenching in the above-mentioned binary alloys 1s dis- 
cussed in connection with results pone by other in- 
vestigators. 


INTRODUCTION 


REVIOUS studies have shown that in titanium binary alloys th: 

beta solid solution is not retained by quenching, unless the con 
centration of the alloying element is above a certain critical value. Fo: 
lower concentrations, the beta solid solution decomposes, at least par 
tially, into a supersaturated alpha solid solution, generally referred t: 
as alpha prime. The temperature at which this reaction takes plac: 
has been shown to be independent of the rate of cooling in the cas: 
of titanium-molybdenum (1)? and titanium-vanadium (2) alloys; 1! 
is therefore believed to be of the martensitic type. The present worl 
is concerned with the determination of the temperature at which the 
martensite-like reaction, beta to alpha prime, takes place in binary 
alloys of titanium with columbium, tantalum, tungsten, iron, chro- 
mium, and manganese. 


PREPARATION OF ALLOYS AND METHODS OF MEASURING 


The alloys of titanium with manganese, tungsten, and tantalum 
were obtained from Battelle Memorial Institute through the courtesy 
of Dr. R. I. Jaffee, and some of the titanium-columbium alloys were 
kindly furnished by Dr. Max Hansen-of Armour Research Founda- 
tion. All these alloys were made with pure titanium produced by the 
iodide process and were melted in a water-cooled copper crucible in 
an arc under helium or argon. The alloys of titanium with iron and 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. The author, Pol Duwez, is pro- 
fessor of mechanical engineering, California Institute of Technology, Pasadena, 
Calif. Manuscript received April 10, 1952. 
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chromium and some of those with columbium were prepared in this 
laboratory in an are furnace previously described (1). 

The technique used for the determination of the transformation 
temperature during rapid cooling was that described by Greninger in 
his study of martensite in carbon steels (3). The same technique has 
been used more recently for the study of some titanium binary systems 
(1, 2,4). The specimens were about 0.020 inch thick and 1/16 inch 
square. Chromel-alumel wires, 0.005 inch in diameter, were placed be- 
tween the two pieces and the assembly spot-welded. The specimens 
were heated by means of a molybdenum coil in vacuum and rapidly 
cooled by a helium jet. The temperature was recorded on a rotating 
drum-type oscillograph. The break in the cooling curve due to the 
heat released by the transformation was quite easy to locate with an 
accuracy of +5 °C. However, the scatter between results obtained on 
different samples of the same alloy was generally greater than +5 °C. 


RESULTS 


The results of measurements of transformation temperature versus 
concentration are shown in Figs. 1 and 2. In Fig. 1, the curves pre- 
viously published for titanium-molybdenum (1) and titanium-vana- 
dium (2) alloys have been reproduced. For each alloy, at least 10, 
and in some cases as many as 25, tests were made with cooling rates 
in the range of 100 to 10,000°C per second. In all cases, no appre- 
ciable effect of rate was found and the length of the vertical bar on 
the diagrams of Figs. 1 and 2 indicates the temperature interval cor- 
responding to the random scatter in experimental results. 

The results of this study indicate that as the amount of alloying 
element soluble in beta titanium is increased, the beta-to-alpha-prime 
transformation temperature decreases steadily. In addition, it has been 
shown (1, 2) that the relative amount of beta transforming into alpha 
prime decreases also with increasing concentration, and hence the 
thermal arrest becomes weaker and difficult to observe. It is therefore 
not possible, with the sensitivity of the present method of measure- 
ment, to establish the M, curves below approximately 300°C 
(570°F). These curves, however, could be extrapolated, providing 
the concentration above which the beta phase is retained by quenching 
is determined by other methods. Microscopic observation is probably 
the most reliable method for determining the concentration at which 
the change occurs from a beta-plus-alpha-prime needle structure into 
a pure beta structure. The results of previous studies (5-12) on this 
subject are summarized in Table I. 

When the various critical concentrations given in Table I are 
plotted on the graphs of rFigs. 1 and 2 on the horizontal axis, it be- 
comes apparent that, with the exception of iron, the M, curves may be 
extrapolated to these concentrations, although in some cases a rather 
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Fig. 1—Ms Curves for Titanium Binary Alloys With Tantalum, 
Columbium, Tungsten, Vanadium, and Molybdenum. 


Table I 
Concentration of Alloying Element Above Which Beta Is Retained After Quenching 
Alloying Concentration Reference 
Element (wt. %) 
molybdenum 12 1 
between 11 and 12 12 
tungsten between 20 and 25 5 
columbium about 36 6 
tantalum between 40 and 50 5 
vanadium 14.9 2 
about 15 7 
manganese about 6.4.“ 5 
chromium between 5.4 and 6.5 10 
iron between 3.08 and 4.07 9 


abrupt change in curvature is required. For iron, the critical con- 
centration in the range of 3.08 to 4.07% lies definitely on the left side 


of the intercept of any reasonable extrapolation of the M, curve with 
the horizontal axis. 
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It must be emphasized that the study of the titanium-iron system 
(9) was made with titanium obtained by the Kroll process and hence 
the impurities might have been responsible for stabilizing the beta 
structure. In addition, the titanium-iron alloys containing 4.07 and 
5.9% iron were found by Worner (9) to be quite hard in comparison 
with those containing 8.7% and more of iron, in which the beta struc- 
ture was retained after quenching. In view of this fact, Worner states, 
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_ Fig. 2—Ms Curves for Titanium Binary Alloys With Chro- 
mium, Manganese, and Iron. 


“It would seem that the 4.07 and 5.9% alloys may not actually be 
strictly unaltered beta solid solutions after the quench, and the evi- 
dence obtained from observations under the microscope is inconclu- 
sive.” On the basis of this statement, and as a result of the present 
investigation, the critical concentration for retaining beta in titanium- 
iron alloys is believed to be around 6%. 

As shown in a previous paper (1), the beta-to-alpha transforma- 
tion in pure titanium is progressively lowered when the rate of cool- 
ing increases from 10 to 10,000°C per second. This behavior is in- 
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Fig. 3—Ms Curves for Titanium Binary Alloys With Concentrations Expressed 
in Atomic Per Cent. 


dicated on the vertical axis of the graphs of Figs. 1 and 2 by two 
points limiting the temperature range from 885 to 855°C (1625 to 
1570°F). The extrapolation of the M, curves for the various alloy- 
ing elements to zero concentration seems in all cases to intercept the 
vertical axis somewhere in the temperature range corresponding to 
the transformation of pure titanium. A similar result is found in the 
iron-manganese system, in which a martensite transformation from | 
gamma solid solution to a supersaturated alpha solid solution has 
been studied by Troiano and McGuire (13). 

The alloying elements studied “in the present investigation are 
soluble in beta titanium to various extents; tantalum, columbium, 
molybdenum, and vanadium form continuous series of solid solutions 
(1, 2, 5, 6 and 7) whereas iron, chromium, manganese, and tungsten 
are only partially soluble in titanium. For the elements completely 
soluble in beta titanium, it might be anticipated that the location of 
the martensite transformation curve would be somewhat related to the 
difference in atomic diameter between titanium and the solute element. 
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To substantiate this hypothesis, tantalum and columbium should have 
about the same effect on lowering the beta-to-alpha-prime transfor- 
mation temperature, molybdenum should come next, and vanadium 
should have the greatest effect of these four elements. When the 
curves of Fig. 1 are replotted on the basis of atomic concentration 
(Cf. Fig. 3), the tantalum and columbium curves are very close to 
each other, at least up to 5.5 atomic per cent, which was the maxi- 
mum concentration of the tantalum alloys available for this study. 
At higher atomic concentrations, the M, curve for tantalum would 
probably separate from the columbium one, since it should extrapolate 
to about 17.8 atomic per cent tantalum against 22.5 atomic per cent 
columbium (Cf. Table 1). In addition, the M, curves for molybdenum 
and vanadium are not in the expected relative position, since the dif- 
ference in atomic diameter between titanium and molybdenum is 
smaller than the difference between titanium and vanadium and yet 
molybdenum depresses the M, transformation temperature more than 
vanadium does. 

For the elements leading to a phase diagram of the eutectoid 
type, namely chromium, iron, and manganese, the M, curves are 
rather close to each other (Cf. Fig. 3) and it does not appear that 
the consideration of differences in atomic diameter is a determining 
factor in the relative locations of the M, curves. Factors other than 
atomic size are obviously involved in the process of beta-to-alpha- 
prime transformation. 
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THE INFLUENCE OF INSOLUBLE PHASES ON THE 
MACHINABILITY OF TITANIUM 


By R. M. Gotpuorr, H. L. SHaw, C. M. CraIGHEAD 
AND R. I. JAFFEE 


Abstract 


The machinability of titanium has been. shown to be 
very sensitive to strength level and to machining conditions. 
The machinability of titanium doubles when purity 1s in- 
creased from that of the commercial magnesium-reduced 
grade to that of the high purity iodide titanium grade. 
Similarly, when the tool-thrust load is increased or the 
speed of cutting is decreased, the machinability of titanium 
increases relative to free-cutting steel much more than does, 
say, 18-8 stainless steel. 

In an attempt to improve the machinability of titanium, 
alloy additions that formed insoluble phases with titanium 
were investigated. Some, like boron, arsenic, tellurium, 
sulphur, and selenium, made a moderate improvement in 
machinability when added in suitable amounts. Others, 
particularly carbon, were very detrimental to machinability. 


INTRODUCTION 


O DATE, very little information concerning the machining 
characteristics of titanium or its alloys has been published. All 

of the literature on this subject is very general, and has been mostly 
concerned with the recommendation of machining practices, such as 
suggesting the use of high speed tools, heavy cuts, and slow speeds 
(1, 2).1 In the past, general statements have been made to the effect 
that the machining properties of titanium are similar to those of stain- 
less steel or perhaps free-cutting stainless steel. More recently tita- 
nium has been described as having machining properties similar to jet- 
engine alloys (3). It should be pointed out that in almost all instances 
these conclusions are drawn from the experience of titanium fabrica- 
tors. Such information is valuable, but its nature certainly points to 
the obvious need for fundamental machining studies on titanium and 
its alloys. An enormous effort is being put on the development of 
titanium and its alloys, and it is essential that so important a phase 
*The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. The authors, R. M. Goldhoff, 
H. L. Shaw, C. M. Craighead and R. I. Jaffee, are associated with Battelle 
Memorial Institute, Columbus, Ohio. Manuscript received April 10, 1952. 
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as machinability keep pace. While no one program can be devised 
to answer all the questions that might be raised about titanium ma- 
chinability, much information of limited scope can be provided. The 
work described here covers the limited field of the effect of insoluble 
phases on machinability, and attempts to answer the question whether 
any insoluble phases in titanium cause the marked improvement in 
machinability that lead does in brass or sulphur or selenium does 
in steel. 

The elements which are commonly used to produce free-machin- 
ing alloys are effective because they have a relatively low solubility 
in the base and form inclusions which act as aids to lubrication and 
lower the shear strength of the chip being cut. They are frequently 
present in the alloy as elemental phases such as lead in copper-base 
alloys and steel. 

So far as is known, none of the alloying elements, low melting or 
otherwise, exist as elemental phases in titanium. Many of the common 
free-machining additions, such as lead, silver, and bismuth, have a 
relatively high solubility in titanium. Many of them have vapor 
pressures such that they are quite difficult to introduce into molten 
titanium. These two factors, high solubility and high vapor pressures, 
eliminate from consideration in this study many of the elements com- 
monly used to improve machinability in other metals. 

When the work began, available information indicated that only 
a few elements were known to have a low order of solubility in tita- 
nium. Falling into this class of additions were carbon, sulphur, silicon, 
boron, and beryllium. These then were the first additions to be in- 
vestigated. Sulphur was added as both TigS4 and MoSe. It was 
thought that the latter compound, providing it could retain its identity 
and not form TigS4 on melting, might impart antifriction properties 
to the titanium, thus improving machining characteristics over and 
above those due to the sulphur addition. Other possibly insoluble 
additions added to titanium in this program were germanium, tellu- 
rium, selenium, phosphorus, and arsenic. It was necessary to prepare 
master alloys of titanium and the latter four elements to introduce 
them into molten titanium. 

This study has been directed solely at determining the effects of 
insoluble phases on the machinability of titanium and its alloys. The 
results reported here have not been, for were they intended to be, 
an exhaustive study of the machining characteristics of titanium. 
Rather, the work has been directed toward the possible development 
of a free-machining alloy. 


PREPARATION OF ALLOYS 


The base material used in this study was magnesium-reduced 
titanium sponge. Before use, the material was crushed to the proper 
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Table | 
Actual and Intended Compositions of Titanium Alloys Used in Machinability Testing 
Intended 
Alioy Composition, ao Actual ee % 
No. % Alloy N ; e Cc 
1 Unalloyed sea 0.023 0.07 0.12 0.05 
14 Unalloyed te 0.023 0.22 0.11 0.07 
16 Unalloyed on 0.023 0.17 0.11 0.08 
18 Unalloyed vee 0.023 <%.01 0.14 0.06 
19 Unalloyed 5 0.025 0.20 Beas 
23 Unalloyed ot 0.023 0.73 
27 Unalloyed ee 0.020 0.36 
31 Unalloyed ‘, 0.023 0.01 
35 Unalloyed nie 0.023 0.47 
39 Unalloyed tes 0.004 0.016 
44 Unalloyed ore 0.006 0.27 
48 Unalloyed oh 0.007 0.09 
53 Unalloyed whee 0.007 0.17 
54 Unalloyed om 0.002 0.028 ae 
Iodide Ti 0.001 0.030 
8 0.25C 0.25C 0.021 cial 
9 0.50C 0.47C 0.020 
49 0.05B 0.067B 0.007 
2 0.10B 0.13B 0.028 
47 0.10B 0.10B 0.007 
10 0.25B 0.29B 0.031 
3 0.50B 0.57B 0.023 
46 1.00B 0.67B 0.015 
4 0.10Be 0.02Be 0.023 
5 0.25Be 0.08Be 0.022 
11 0.50Be 0.16Be 0.022 
6 0.10Si 0.09Si 0.023 
15 0.25Si 0.25Si 0.024 
7 0.50Si 0.46Si 0.022 
41 1.00Si 0.87Si 0.006 
12 0.05S* 0.025S 0.020 
13 0.10S* 0.035S 0.022 
17 0.25S* 0.118S 0.022 
20 0.03ST 0.02S 0.025 
21 0.10St 0.10S 0.021 
22 0.25ST 0.258 0.026 
43 0.50ST 0.32S 0.009 
42 1.00ST 0.68S 0.008 
24 0.10Se 0.09Se 0.024 
25 0.25Se 0.25Se 0.027 
26 0.50Se 0.52Se 0.027 
50 1.00Se 0.99Se 0.006 
28 0.10P 0.07P 0.025 
29 0.25P 0.17P 0.023 
30 0.50P 0.39P 0.035 
32 0.10Te 0.07Te 0.033 
33 0.25Te 0.16Te 0.038 
34 0.50Te 0.27Te 0.023 
51 1.00Te 0.47Te 0.007 
36 0.05Ge 0.03Ge 0.024 
37 0.10Ge 0.11Ge 0.025 
38 0.25Ge 0.24Ge 0.023 
45 0.25As 0.26As 0.007 
40 0.50As 0.51As 0.007 
52 1.00As 0.67As 0.006 


*Sulphur added as MoSe. tSulphur added as TisS«. 





size for melting stock and leached in methanol to remove residual 
magnesium chloride. Analysis of this stock showed the following im- 
purities: approximately 0.05% carbon, 0.15% iron, and 0.03% 
nitrogen. 

For the preparation ,of alloys, arc-melting techniques were used. 
This arc furnace was developed at Battelle and has been previously 
described (4). Its essential features include an inert argon atmos- 





944 TRANSACTIONS OF THE A.S.M. Vol. 45 


phere, a water-cooled copper crucible and an inert, water-cooled 
tungsten electrode. In the initial melting, two 0.5-pound ingots of 
each alloy were prepared. Each of these ingots was machined to chips, 
and the chips were then combined and remelted. The chipping opera- 
tion was used between melts to insure homogeneous distribution of 
the alloying additions. The final ingot of each composition weighed 
about 1 pound. 

After melting, the ingots were surface-ground and forged at 
1750°F to 1%-inch square bar stock. 

The forged bar stock was sand-blasted, ground, and pickled to 
remove all scale and surface contamination from the forging opera- 
tion. The alloys were then hot-rolled at 1450°F (790°C) to %-inch 
diameter bars and given a process anneal which consisted of heating 
in air for % hour at 1450°F (790°C) followed by cooling in air. 
This fabricated and annealed bar stock was the ans point for the 
machinability tests. 

Table I shows the intended and actual compositions of all the 
alloys studied. Nitrogen analyses are given for all alloys, and tung- 
sten analyses are given for all unalloyed samples. These analyses are 
included to show the minor variations in composition expected for 
these elements. The analytical method for oxygen in titanium is in an 
uncertain state, therefore no oxygen analyses were attempted. Carbon 
analyses on a number of unalloyed samples, as shown in Table I, were 
consistent, hence no great variation of carbon content is to be expected 
in the alloys. 


METHODS FOR EVALUATING MACHINABILITY 


The important choice of testing methods for studying machin- 
ability are mostly dictated by the quantity and shape of available stock 
Furthermore, testing methods should simulate machining operations 
of commercial importance. This latter point is significant because a 
material superior in one specific test may not fall into the same clas- 
sification in other cutting operations. Because lathe operations are 
widely used in evaluating machinability, single-tool lathe tests were 
used in this study. Saw tests were also included as a means of com- 
paring machinability with another type of cutting operation. 


Constant-Pressure Lathe Test 


The equipment used for machinability testing is comparatively 
simple. It was developed at Battelle (5) and, among other things, 
was instrumental in the development of a superior Bessemer free- 
cutting steel (6, 7). It consists basically of a lathe with the tool car- 
riage disconnected from the fixed-feed mechanism and mounted on 
ball bearings ; a means of applying a predetermined lateral tool pres- 
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Fig. 1—Machinability Testing Equipment. 


sure; and a device for recording the number of spindle revolutions 
occurring during a certain length of tool travel. Fig. 1 is a photo- 
graph of the testing equipment. 

The cable attached to the weight shown at the left of the photo- 
graph moves the carriage by producing a torque on the drum mounted 
behind the hand wheel. The drum and hand wheel move the carriage 
by means of a pinion and rack in front and below the ways. The rate 
of carriage travel is controlled by the amount of weight used and the 
resistance of the metal t0 cutting. Variation in cutting rates among 
different materials is believed to be controlled by the friction produced 
between the chip and tool. The small pulley at the lower left is 
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mounted on ball bearings and its only purpose is to change the direc- 
tion of the cable. 

The black wheel behind the pulley at the lower left of the photo- 
graph is connected to the tool carriage by means of a shaft, sprocket, 
and roller chain. The periphery of the wheel moves 1 inch for each 
0.2 inch of tool travel. The cogs on the circumference of the bakelite 
disk mounted in front of the wheel are spaced uniformly and operate 
the switch mounted below the device, thereby indicating tool travel. 
The switch closes an electrical circuit after each 0.2-inch increment 
of tool travel and causes a signal bell to ring. 

The mechanical counter on the column at the left of the lathe is 
driven by a roller chain and sprockets connected to the lathe spindle, 
and indicates the revolutions of the spindle. 

The special tool holder consists of a solid block of steel rigidly 
fastened to the compound of the tool carriage. It holds the tool so 
the cutting edge forms a right angle with the axis of the test piece 
and the direction of tool travel. 

The tools used for testing were 34-inch square high speed steel 
tools. The tools were ground with 12-degree side-relief, 12-degree 
top-rake, 4-degree end-clearance, and 10-degree end-relief angles. 
A 1/16-inch turning cut was used in testing the titanium alloys, and 
all tests were run dry. 

In order to facilitate comparisons between samples tested at dif- 
ferent times and to reduce the effect of slight differences in tool con 
ditions, a bar from a lot of Type 304 austenitic stainless steel was 
tested several times in each series and was used as a reference stand. 
ard. This standard material was considered to have a machinabilit) 
rating of 100 in all tests. Materials which cut faster, or had heavier 
feeds than the standard material under otherwise fixed conditions, 
were given numerical ratings higher than 100. Conversely, those 
materials which cut slower, or had lighter feeds than the standar« 
material, were given ratings*lower than 100. The ratings may be 
calculated by either of the following methods: 


Average feed on unknown 
Machinability Index = 100 x material 


Average feed on standard 
material 


or 


Average number of spindle 
revolutions for ten 0.2-inch 
increments of tool travel on 
the standard material 
Machinability Index = 100 x Average number of spindle 
‘ revolutions for ten 0.2-inch 
increments of tool travel on 
the unknown material 
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The two methods are equivalent, because feed is defined as the dis- 
tance of tool advance per spindle revclution. The machinability in- 
dexes are usually calculated by the second method because the number 
of spindle revolutions is available from the primary test record. The 
original observations of the spindle revolutions, called “R” values, 
correspond to the number of spindle revolutions for 0.1 inch of tool 
travel. By definition, the feed equals 0.1 inch divided by “R”. Because 
of this relationship, machinability comparisons can be based on “R”’ 
values instead of feeds calculated from them. 

Ordinarily, a group of samples is tested with one tool in a series 
which includes three tests on the standard material. The order of test- 
ing each material is varied systematically in different series in order 
to compensate for any tool wear. To increase the reliability of the 
machinability ratings and to minimize the effect of different tools, each 
material is usually included in six series of tests, using a different 
tool in each series. The machinability rating of a material is based 
on a comparison with the average feed of the standard material in the 
same series. 

Standard testing conditions include the choice of a testing load 
(weight plus the weight of the hanger) and a combination of spindle 
speed and bar size to obtain a given surface speed of cutting. Since 
prior data on titanium were not available, it was necessary to experi- 
ment with this first series of alloys to determine the proper testing 
conditions. Previous studies on the testing equipment had shown that 
bar size is important only in determining the surface speeds available 
for testing. Other factors considered in the choice of testing conditions 
involved getting a large spread in resulting feed between different 
materials, consideration of the effects of speed on performance and 
the sequence of testing, tool-life considerations, and avoidance of ex- 
cessive temperature changes in tool and workpiece. The selection of 
these variables is discussed in detail in the section on lathe tests. 


Saw Test 


The 54-inch diameter bars, remaining after the turning tests had 
been completed, were used in saw tests. For this work a Wells band 
saw, Type 8-M-43, was used. The blade was 11 feet 6 inches long and 
traveled at a rate of 46 feet per minute. This saw blade was 34 inch 
wide, of 2l-gage material, and had 10 teeth per inch with a “raker” 
set. The maximum load available with the saw, about 40 pounds, was 
used in this test work. 

In the initial test, alternate cuts were made on Type 304 stainless 
steel and the various alloys according to the following sequence: stain- 
less steel, test alloy, stainless steel, test alloy, and stainless steel. The 
time to cut through the bars was recorded. The three values for stain- 
less steel were averaged and a similar average was obtained from the 
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Sequence in Test 


Fig. 2—Relative Effect of Saw Wear on the Cutting Time for Type 304 Stain- 
less Steel and Unalloyed Titanium. 


two cuts on each of the various titanium alloys. Using the average: 
time to cut stainless steel as 100, an index was then calculated for each 
test of the titanium alloys. It was evident from the observed data that 
Type 304 stainless steel is a relatively insensitive material insofar as 
saw wear is concerned. The relative effect of saw wear on the cutting 
time for alternate sawing of Type 304 stainless steel and unalloyed 
titanium is shown graphically in Fig. 2. The data plotted in this 
graph are the average times to cut Type 304 stainless steel and un- 
alloyed titanium during a sequence of testing. Obviously titanium is 
markedly sensitive to saw wear, whereas the stainless steel shows little 
effect from wear. Because of these diverse characteristics of stainless 
steel and titanium, comparisons based on sawing stainless steel are 
meaningless. 

Since stainless steel could not be used as a standard material, 
another saw test was made on the same alloys used previously, but 
using one of the unalloyed titanium samples as a standard material. 
In this test a cut was made on the standard, followed by three con- 
secutive cuts on the alloy being tested, and then by a cut on the stand- 
ard. From this test, using unalloyed titanium as a standard, fairly 
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Fig. 3—The Effect of Carbon, Sulphur, Beryllium, Boron, and Silicon on the 


i Properties of Titanium. 


reproducible ratings were obtained on the various alloys. To show 
whether position in the test had any effect on the rating in the saw 
test, the order of testing the alloys was reversed. In general the order 
seemed immaterial. Therefore, this test using unalloyed titanium as 


a standard was adopted as a method for evaluating the sawing charac- 
teristics of all the alloys. 
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Fig. 4—The Effect of Phosphorus, Germanium, Selenium, Tellurium, and Arsenic 
on the Mechanical Properties of Titanium. 


MECHANICAL PROPERTIES OF ALLOYS TESTED 


After completion of the saw test, the remaining 54-inch rounds of 
each sample were used to prepare tensilé specimens. The standard %4- 
inch round specimen with l-inch gage length was prepared. These 
specimens were then tested in tension. 

The effect of the various additions of alloying elements on the 
mechanical properties of titanium is shown in Figs. 3 and 4. Generally 
the trend is for minor increases of strength with corresponding 
ductility decreases. The best strength increases observed were for 
the 0.68% S alloy, 0.67% As alloy, 0.39% P alloy, and the 0.09% 
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Fig. 5—Representative Microstructures of Titanium Alloys Studied. (a)—0.32% 
sulphur as TisSs (b)—0.25% silicon. (c)—0.47% carbon. (d)—0.57% boron. (e)— 
0.118% sulphur as MoSe2. (f)—0.67% arsenic. 


Si alloy. Ultimate strengths of about 100,000 psi and yield strengths 
of about 80,000 psi were obtained. These values represent increases 
of about 20,000 psi over the unalloyed ultimate and yield strengths. 
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Fig. 5—-Representative Microstructures of Titanium Alloys Studied. (g)—0.99% 
selenium. (h)—0.47% tellurium. (i)—0.25% germanium. (j)—0.39% phosphorus. (k)— i 
0.02% beryllium. (1)—Unalloyed Mg-reduced titanium. ) 


In all cases good ductility was obtained in these alloys. The results 


for the Ti-Si alloys are anomalous in that there was a maximum in 
strength at the 0.09% silicon content. The samples were checked 
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spectrographically to determine the possibility of a mixup, but this 
was not the case. The maximum strength occurs in the alpha solid- 
solution region of the Ti-Si phase diagram, and drops off in the two- 
phase alpha-plus-compound region. The decrease in strength in the 
region of compound formation is unusual but has been observed before. 


MICROSTRUCTURE OF ALLOYS 


After completing machinability tests on the alloys, transverse and 
longitudinal sections were taken from the %-inch diameter bars for 
microscopic examination. Of the ten alloying elements studied, eight 
produced a discrete, nonallotropic second phase. A _ representative 
longitudinal structure for one composition of each of the elements 
studied is shown in Fig. 5 along with a representative unalloyed tita- 
nium structure. Only the beryllium and germanium alloys failed to 
show an insoluble phase up to the limit of composition studied. 

The structures observed are generally equiaxed alpha with a 
randomly distributed insoluble phase, e.g., titanium carbide, titanium 
boride, titanium sulphide, etc. The amount of second phase increased 
with increasing alloy addition and, in some specimens, appeared to 
have been drawn out and elongated during forging and rolling. Also, 
most of the specimens have small amounts of beta phase present with- 
in the alpha grains or at the grain boundaries. The beta phase is 
thought to be the result of beta-stabilizing impurities, particularly iron, 
which is present to the amount of 0.15% in the magnesium-reduced 
titanium sponge. 

Although the same annealing treatment, % hour at 1450°F 
(790°C) following hot rolling, was given to all specimens, some of 
them apparently were not completely recrystallized. This condition 
was encountered in several unalloyed specimens as well as a number 
of the alloys. Consequently, flow lines resulting from residual cold 
work are quite evident in a number of specimens. This undoubtedly 
accounts for the range of hardness and mechanical properties ob- 
served, particularly among the unalloyed specimens. 

Listed below are the elements studied and the lowest per cent 
addition at which they appear as insoluble compounds in the micro- 
structure : 


Composition at Which Insoluble 


Element Compound First Noted, % 
Carbon 0.25 
Boron 0.067 
Beryllium None noted up to 0.15 
Silicon 0.09 
Sulphur (as MoSs) 0.025 
Sulphur (as TisS.) 0.02 
Selenium if 0.25 
Phosphorus 0.07 
Tellurium 0.47 
Germanium None noted up to 0.24 


Arsenic 0.26 
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LATHE TESTS 


The titanium alloy samples ready for machinability testing were 
in the form of 7%-inch rounds, which had been hot-rolled at 1450°F 
(790°C), annealed for % hour at 1450°F (790°C), and then cooled 
in air. Before turning tests could be made, it was necessary to machine 
the samples to 34-inch rounds. This allowed for two 1/16-inch turn- 
ing cuts and left a %-inch round for use in other work. Actually in 
testing, only one 1/16-inch cut was taken on the 34-inch rounds be- 
cause chatter was encountered at the smaller, 54-inch diameter. Be- 
fore proceeding to other tests, the bars were finish turned to %-inch 
diameter. 

The original bars for turning were machined on centers. A rough 
cut was made on the samples to a diameter of 13/16 inch; then the 
samples were turned in one 1/32-inch cut to %-inch diameter. This 
final cut was made at a surface speed of 32 feet per minute and a 
feed of 0.0021 inch per revolution. A carbide tool was used for the 
turning operation. These specimens were then ready for turning 
evaluation. 


Profilometer Measurements 


Profilometer surface-roughness measurements were made on al! 
samples and indicated that all alloys could be turned to give a smoot): 
surface finish. The readings were made parallel to the axis of the bar 
Results of this test indicate a wide variation among samples including 
the unalloyed specimens. This is believed to be due to small, uninten 
tional differences in tool contour and conditions. Even though the dif 
ferences in profilometer readings produced by different tools arc 
greater than the variations among individual samples, there appear to 
be some differences in profilometric readings resulting from com 
position. As an example, silicon seems to be detrimental to smooth- 
ness while beryllium may be beneficial. Generally the unalloyed tita- 
nium specimens, including iodide titanium, varied from 15 to 30 micro- 
inches, while the alloy specimens showed no great departure from 
this range of values. In addition there seems to be no relation between 
surface finish and hardness. 

An interesting note regarding surface finish was made in the case 
of the 0.10% S (as TisS4) alloy, Sample No. 21. Trouble was en- 
countered in the melting of this alloy and it undoubtedly had a high 
degree of oxygen contamination as shown by its comparatively high 
hardness and mechanical-property values. The surface was quite 
smooth, being 8 to 9 microinches. No reason is offered for the 
relatively good finish on this alloy. 
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Effect of Test Variables 


Before turning tests could be made on the titanium alloys, proper 
testing conditions had to be determined. Testing speed was set to 
conform to commercial machining practice for titanium. Exploratory 
tests with a sample of commercial titanium gave a satisfactory feed 
with a 94-pound thrust and a speed of 27 surface feet per minute. 
However, under these conditions some of the alloys failed to cut, and 
the thrust’ was increased to 107 pounds without changing the speed. 
Heavier feeds were obtained under these conditions but several 
samples stopped cutting during the tests. Cutting could only be re- 
sumed by increasing the load. Therefore, the thrust load was increased 
to 120 pounds so that all samples could be tested under the same con- 
ditions. At the same time the speed of testing was increased to 56 
feet per minute in an effort to reduce the feed and thereby increase 
the sensitivity of measurement. Under these conditions the small 
rounds were not stiff enough and excessive chatter accompanied each 
test. Accordingly, it was decided to standardize the test conditions at 
a 120-pound thrust load and 27-feet-per-minute surface speed. Never- 
theless, the effect of these variables was further checked by running 
a series of alloys at 27 surface feet per minute over a range of tool- 
thrust loads consisting of 107, 120, and 134 pounds. 

The feed versus load data obtained are plotted on a log-log scale 
in Fig. 6. Straight lines have been drawn through the data points 
for each material. This was done because most of the data can best 
be fitted by a straight line and because it was found in previous work 
with steel that load-feed data can be fitted on a log-log plot by a 
straight line. 

It is apparent from Fig. 6 that the feeds of the titanium alloys 
vary much more with tool-thrust load than those of Type 304 stain- 
less steel. The shapes of the log-feed versus log-load lines for the 
titanium alloys average out to a value of 2.9. This corresponds to a 
response of feed to almost the cube of the tool thrust. The shapes of 
the log-feed versus log-load lines for Type 304 stainless steel average 
out to a value of only 1.5, which is a much smaller response. It 
should be noted that the data for most steels also correspond to a feed 
varying with the 1.5 power of the load. Mathematically, these ex- 
pressions correspond to the following :? 


Titanium and titanium alloys: f = K,L?* 
Type 304 stainless steel: £ — KL? 
Most steels: f—K;L?“ 


where f= feed in inches per revolution 
L = thrust load in pounds. 


The K values for the titanium alloys are very much smaller than 


2The customary e — for the load-feed relationship is L = Kft. The corresponding 


expressions rons ae i alloys, L = Ki’f®-; Type 304 stainless steel, L = Koe’f°-; and most 
steels, L = Ke’f 
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those of stainless steel, on the order of 1 & 10° as compared with 
5 X 10°. The tool-thrust loads were of the order of magnitude used 
in commercial practice. These loads were sufficient that the high ex- 
ponent values of the titanium alloys overbalanced their low “K” coeffi- 
cient values. Thus the titanium alloys were found to cut better than 
the stainless steel under the condition of test. 
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Effect of Composition 


The effect of various alloy additions on the machinability of 
unalloyed titanium is shown in Figs. 7 through 10. Both turning and 
saw-test results are shown together. 

An outstanding result of the turning tests was the finding that 
the machinability of iodide titanium was very much better than mag- 
nesium-reduced sponge titanium. Using the average of several unal- 
loyed sponge titanium samples as 100, the relative index for the iodide 
metal was 227. This far exceeds the improvement in turning index 
resulting from any of the alloying additions added to sponge metal. 
In addition, benefits were obtained in turning tests from the following 
additions to magnesium-reduced sponge titanium : 

0.05, 0.10, 0.13, and 0.29% boron 

0.118% sulphur (as MoS:) 

0.07, 0.27, and 0.47% tellurium 

0.26 and 0.51% arsenic 

0.03% germanium. 
As can be seen from the data, the benefits of these additions are rela- 
tively small. From the standpoint of the turning operation, the low 
concentrations of boron and arsenic seem to have the most promise. 
Improvements up to 40% are indicated. The carbon alloys are defi- 
nitely detrimental to turning, and the silicon alloys exhibit a minimum 
at 0.25% silicon where the relative turning index is very low. 


Saw TESTs 


Reference is again made to Figs. 7 through 10 where the effect 
of the various alloying additions on the saw-test rating of titanium is 
shown. The average ratings have been calculated on the basis of the 
individual standards having a rating of 100. 

As in the turning test, an outstanding result of the saw tests is 
the superior sawing properties of the high purity iodide titanium as 
compared with magnesium-reduced metal. Based on the average of 
the unalloyed magnesium-reduced titanium samples used in the same 
test as 100, the relative saw rating for iodide titanium is 175. This 
value is also far above any obtained as a result of alloying magnesium- 
reduced metal. Benefits in sawing were obtained from the following 
additions : 


0.10 and 0.13% boron 
0.02% sulphur (as TisS,.) 
0.09% selenium 

0.27% tellurium 

0.03% germanium 

0.26 and 0.51% arsenic. 


The improvements noted were relatively small, being a maximum of 


about 10% for the selenium alloy. The carbon and sulphur additions 
appear to be definitely detrimental. 
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Fig. 7—The Effect of Carbon and Boron on the Machinability of Unalloyed Titanium. 


DISCUSSION OF RESULTS 


Despite the fact that stainless steel was used as the comparison 
standard in the turning tests, and unalloyed titanium was used as the 
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Fig. 8—The Effect of Beryllium, Silicon, and Sulphur on the Machina- 
bility of Unalloyed Titanium, 


standard in the saw test, there is a considerable degree of correlation 
in the results from the two tests. Both the turning and saw-test re- 
sults show that high purity iodide titanium machines better than mag- 
nesium-reduced titaniim. This result clearly demonstrates that re- 
ducing the carbon, oxygen, and nitrogen level, with the corresponding 
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Fig. 9—The Effect of Sulphur, Selenium, and Tellurium on the Machina- 
bility of Unalloyed Titanium. 


lower hardness and strength level, has a greater effect on machin- 
ability than any of the compound-forming additions used in this study. 
Comparative data on alloys produced from high purity and commer- 
cial titanium might very well show a similar trend. 

A comparison of the data from the two tests shows that increased 
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Fig. 10—The Effect of Phosphorus, Arsenic, and Germanium on the Ma- 
chinability of Unalloyed Titanium. 


machinability was obtained in both types of tests from the following 
additions : 

0.10 to 0.13% boron 

0:03% germanium 

0.27% tellurium 

0.26 and 0.51% arsenic. 
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This is illustrated in Fig. 11, which compares the various alloys for 
their effect on turning and sawing indexes. Additions of 0.05% boron, 
0.29% boron, 0.02% sulphur (as TigS4), 0.09% selenium, and 0.07% 
tellurium produced a limited improvement in machinability in one but 
not in both tests. 

Both turning and sawing tests show that carbon additions are 
detrimental to machinability. The machinability curves of Fig. 8 for 
titanium-silicon alloys show the same trends: a minimum in machin- 
ability occurs at 0.25% silicon, for both turning and sawing tests. 


lodide 
se ~, Titanium 


Additions that improve sawing Additions that improve both sawing 
but not turning and turning 


Additions that improve turning 
but not sawing 


Saw Rating 


Unalloyed Titanium 





40 50 60 70 80 90 100 I10 20 130 140 150 
Turning Index 


Fig. 11—Plot of Saw Rating Versus Turning Index for Titanium Alloys. 


Where compound formation is accompanied by no increase or 
only mild increase in strength level, machinability is benefited. Any 
strength increases, whether from solid-solution effects or compound 
formation, seem detrimental to machinability. Thus, the smaller addi- 
tions of boron, arsenic, and tellurium have a negligible effect on 
strength level, and form insoluble phases.“ They improve machinability. 
Higher amounts of boron increase strength to a considerable degree, 
and machinability falls off markedly. The alloys with selenium also 
bear out this trend insofar as sawability is concerned. Sulphur and 
phosphorus have definite strengthening effects, and, where these occur, 
machinability falls off. The two alloys containing carbon both had 
carbide in the microstructure, and both showed very poor machin- 
ability. The increase in strength caused by carbon is moderate, and 
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Fig. 12—Correlation of Vickers Hardness and Ultimate Strength With the Saw 
Rating and Turning Index of Titanium Alloys Based on Unalloyed Titanium. 


one would have expected a moderate decrease in machinability. The 
drastic decrease in machinability appears disproportionate with the 
strength-level increase. Hence, it appears that the carbide phase is 
especially detrimental to machinability. The alloys with beryllium and 
germanium did not show insoluble phases. Strength increases were 
low with these elements and, correspondingly, machinability was only 
moderately decreased. The titanium-silicon alloys bear out the con- 
tention that machinability varies with strength level. Silicon is soluble 
in alpha titanium to about 0.4% (8) and is a potent solid-solution 
strengthener. The low turning rating at the 0.09% silicon addition 
level corresponds to an increase of strength from 75,000 psi to 110,000 
psi. Then as the strength falls off with increasing silicon content, ma- 
chinability improves. Further evidence of this effect is found in an 
alloy with an intended composition of 0.1% sulphur, Sample No. 21. 
This alloy was contaminated in melting when the melting crucible 
was perforated and water came in contact with the melt. The con- 
tamination was most probably oxygen, which is a potent interstitial 
alpha strengthener. The tensile strength increased from about 80,000 
psi to 140,000 psi and the ductility remained excellent, but the turning 
machinability decreased to very low values. In most cases the alloy 
bar could not be turned under the test conditions used. 

A correlation plot, of Vickers hardness and ultimate strength with 
saw ratings and turning indexes is shown in Fig. 12. In addition to 
substantiating the foregoing discussion on the effect of strength level 
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Fig. 13—Comparative Turning and Sawing Indexes for Unalloyed Titanium, 
Type 304 Stainless Steel, and a Titanium — 0.47% Carbon Alloy. 


on machinability, these curves show the superior machining prop- 
erties of low-strength, low-hardness, iodide titanium. 

It is interesting to speculate on the shape of the machinability 
curves shown in Figs. 7 through 10. Ideally, one would expect those 
additions not appreciably soluble in titanium to show a peak in ma- 
chinability when an optimum amount of insoluble phase is present, 
with the benefit falling off when toggreat a concentration of the in- 
soluble phase is introduced. Where appreciable solubility of the addi- 
tion in titanium is present, as with silicon, an initial decrease in ma- 
chinability due to strengthening would be expected, followed by an 
increase in machinability to a maximum after the appearance of a 
compound. This theory is borne out at least partially by the experi- 
mental work but the data are not extensive enough to make any 
definite statements as to its general applicability. 

In Fig. 13, comparative turning and sawing indexes for stainless 
steel, unalloyed titanium, and a titanium—0.47% carbon alloy are 
shown. For the conditions of testing, titanium is shown to be much 
superior to stainless on turning but inferior to stainless on sawing. 
This paradoxical situation points up the extreme sensitivity of tita- 
nium to testing conditions. It is likely that the titanium could be made 
to saw better than stainless if higher blade pressures and slower blade 
speeds were used. 

SUMMARY - 


The influence of insoluble phases on the machinability of titanium 
has been studied. Turning tests and saw tests were used for the evalua- 
tion. The alloying additions studied were boron, carbon, beryllium, 
silicon, sulphur, selenium, phosphorus, tellurium, germanium, and 
arsenic. 

Titanium was shown to be very sensitive to the conditions of test- 
ing, particularly tool thrust. In the turning test, various combinations 
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of tool thrust and surface speed of turning were investigated and their 
influence on titanium machinability was shown. 

High purity iodide titanium was shown to be much more ma- 
chinable than commercial, magnesium-reduced titanium. For alloys 
made with magnesium-reduced titanium, improvements of up to 40% 
in turning ratings were noted with low concentrations of boron and 
arsenic, while improvements of up to 10% in saw-test ratings were 
obtained with low selenium concentrations. Carbon additions were 
detrimental to machinability. 

A good correlation between machinability and strength level was 
found in these tests. Machinability tends to decrease with increasing 
strength level. Where the strength level is maintained constant, 1n- 
soluble phases improve machinability. 
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DISCUSSION 


Written Discussion: By Burt H. McKibben, chief metallurgist, Mal- 
lory-Sharon Titanium Corp., Niles, Ohio. 

We wish to congratulate Messrs. R. M. Goldhoff, H. L. Shaw, C, M. 
Craighead and R. I. Jaffee on their paper. They have done an excellent 
piece of work, and the report of their findings is quite outstanding. 
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We at Mallory-Sharon Titanium Corporation feel that these gentle- 
men have reported a very realistic approach to the machinability problem, 
and their report on this work is quite timely, inasmuch as machinability 
is one of the fabricating problems that is outstanding in everyone’s mind. 
They have answered some of the questions that are given to us almost 
daily by the potential users of this metal, and have backed up their results 
with some excellent experiments. The effect of carbon, as pointed out in 
the graph in Fig. 7, is extremely interesting and important to us. 

We concur with the findings of the authors and their work, but would 
comment on the sawing and turning indexes for unalloyed titanium and 
Type 304 stainless steel as shown in Fig. 13. It has been our observation 
that this grade of titanium has approximately the same average index of 
machinability as Type 304 stainless steel. 

Again, we wish to congratulate the authors on this outstanding piece 
of work which, in our opinion, is quite a contribution to the titanium 
industry. 

Written Discussion: By K. W. Stalker, supervisor, Manufacturing 
Methods, General Electric Co., Aircraft Gas Turbine Dept., Cincinnati. 

Improving the machinability of titanium would increase production 
and lower the cost of jet engine parts made from that material. It appears 
at this time that there are two ways of accomplishing that end. The first 
is by developing a new high speed machining alloy. The second answer is 
to improve machining practice, tool design, and coolant application with 
respect to presently available forms of titanium and its alloys. 

Scientists at Battelle Memorial Institute and Kennecott Copper Com 
pany have been conducting an exhaustive study into the problem of deve!l- 
oping an alloy with better machining characteristics. Their findings to 
date, while far from being conclusive, offer considerable hope and encour- 
agement that alloys having insoluble phases will provide the answer to 
many machining problems. Their studies indicate that many of the solubi: 
elements, often found in commercial titanium, have considerable influencc 
on machining properties. 

The importance of developing a high speed machining alloy can be 
seen when we realize that it takes 1%4 times longer to machine a titanium 
compressor wheel than one made of steel. Furthermore, the titanium re- 
quires 14% times more tool steel. 

It should be to their best interests, as well as ours, for the metal pro- 
ducers to carry on the studies that have already been started. They should 
be eager to develop a machining alloy of titanium and determine its engi- 
neering properties. However, that program will necessarily be of a long- 
range nature. 

More immediate benefits should restlt from studies of tool life and 
lubrication. It has been observed that the tool cutting edge pits as a result 
of the ignition of small titanium flakes. This dulls the tool and causes it 
to overheat, which in turn enables the titanium to literally dissolve and 
absorb the tool tip. 

Development of higher strength tool material, in combination with 
more effective cooling of the cutting edge, should help to improve the 
machinability of present production alloys as well as alloys developed in 
the future. 
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Machinability tests conducted by General Electric have been limited 
to forms of titanium that are commercially available today, and more par- 
ticularly to those alloys that are used to produce jet engines. Our studies 
have been aimed chiefly at determining the effects of gas contamination, 
and to date the results have been quite revealing. As an example, in a 
drilling study it was found that tool life varied as much as 300%, depend- 
ing on whether the work was being performed on a gas-contaminated or a 
gas-free material. The difference in hardness of these two materials was 
only about Rockwell C-5. Similar results were obtained on grinding tests. 

On the basis of tests performed by General Electric, it seems ques- 
tionable whether the constant-weight technique is the best for testing 
machinability of titanium! This is substantiated to some extent by the saw 
test, which uses a constant-weight technique. Titanium has different ma- 
chining characteristics from steel, and our tests have shown that a posi- 
tive feed will generally give more accurate results. For this reason, we 
prefer a load-temperature recording system for collecting machinability 
data. 

With a 40% increase in machinability, titanium could be worked at 
approximately the same rate as steel. To get that much increase, it will 
probably be necessary to develop a new high speed machining alloy and 
improve presently used tools and lubrication systems. Further, extensive 
study in both of these fields will be necessary to accomplish the goal, but 
the rewards will be well worth the efforts. 


Written Discussion: By Edward A. Loria, senior engineer, Metallurgy, 
The Carborundum Co., Niagara Falls, N. Y. 

The authors are to be congratulated for presenting the first explora- 
tory paper on the machinability of titanium and titanium alloys. Useful 
data on turning and sawing tests are presented and one would ask if the 
study has now been extended to include drilling and grinding tests? 

In regard to the effect of constant-pressure test variables, would the 
authors comment on the scatter in R values with changes in tool-thrust 
loads and in the speed of testing, also the tendency toward tool wear 
with these changes? 

The individual average constant-pressure indices are not tabulated but 
are plotted in the diagrams in relation to alloy content. Would the authors 
include or discuss the data on the coefficients of variation for the different 
alloys so that’ one may know the reproducibility of the results? 

Perhaps the coefficient of variation may be high in those alloys which 
have a relatively low machinability rating. Also, in those cases where the 
alloying element may tend to segregate on casting and forging, the coeffi- 
cient of variation may be higher than ordinarily. 

Battelle has also adapted the constant-pressure lathe test for machin- 
ability measurements on gray cast iron.** Small variations in the cutting 
characteristics produced by variations in gray iron chemistry and micro- 
structure can be detected. As expected, the predominant effect of carbon 
and silicon in promoting graphitization results in higher indices for irons 
=" greater quantities of these elements. 

A. Loria, err of Gray Iron by Constant-Pressure Lathe Tests’, Foundry, 
Vol. SO Anson 1952, p. 194. 


4E. A. Loria, F. W. Sicless and H. L. Shaw, “‘What Constituents Affect Machinability 
of Gray Irons”, American Machinist, Vol. 96, October 1952, p. 122. 
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Written Discussion: By O. W. Simmons and L. W. Berger, metal- 
lurgists, Pitman-Dunn Laboratories, Frankford Arsenal, Philadelphia. 

During the preparation of certain titanium alloys at Frankford Arsenal 
it was observed that samples containing sulphur were “easier to saw and 
drill”. Although machinability studies on titanium were not included in 
the Frankford Arsenal mission to develop titanium casting methods, some 
simple quantitative tests to substantiate these casual observations were 
considered to be justified. 

To accomplish the above aim in as short a time as possible, the fol- 
lowing testing procedure was devised: 

1. Titanium alloy ingots (approximately 100 grams in weight) were 
prepared under an argon atmosphere in a water-cooled copper arc furnace. 
These ingots, measuring 2 inches in diameter, were fairly uniform in cross 


section from specimen to specimen, with a maximum thickness of a half 
inch. 


2. Hardness measurements were taken of each ingot with the 3000- 


kilogram load. 

3. The as-cast ingots were then mounted in a mechanical hacksaw 
(engaged to cut through one edge along the diameter of the button), and 
sawed for 2 minutes at 100 strokes per minute. The cut was then stopped 
and the specimen was rotated to present a fresh surface for testing. In 
all, three cuts were made in each specimen with the same blade, a new 
blade being used for each new specimen. The blade used was of high speed 
steel, 12 inches long by 1 inch wide by 0.065 inch thick, containing ten 
teeth per inch with a raker set. . 

4. The cross sectional area of each cut was then measured by insert- 
ing a piece of graph paper in the cut, and then tracing around the ingot. 
A planimeter was used to scale the area. Assuming the cut to be of con- 
stant width, this area is then a measure of the amount of material re- 
moved during each cut. The reduction in amount of material removed in 
the second cut and the third cut would be a simple indication of blade wear. 

5. Some sections of the buttons were examined microscopically. 

Results of the above testing procedure are shown in Table II. In gen- 
eral, the amount of material removed had no correlation with the Brinell 
hardness of the specimens. Considerable improvement in the sawability of \ 
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certain alloys, however, was effected through sulphur and selenium addi- 
tions. Moreover, these additions markedly affected blade wear in some 
cases. 
Heats 23 through 27 (Table II) show the effect of iron sulphide addi- 
tions on a 0.5% carbon alloy. Maximum increase in material removed is 
noted when adding 0.55% of sulphide (0.2% of sulphur), especially in the 
second and third cuts, which strongly indicates increased blade life due 
to the sulphide addition. Improvements in sawability of other alloys upon / 
the addition of 0.2% of sulphur was also observed (Heats 22 and 13, 20 
and 18). Heat 13 especially indicates increased blade life in an iron-carbon 
alloy, which shows almost a four-fold increase in material removed in the 
third cut over Heat 22. The addition of 0.2% of selenium to the same 
alloy (Heat 28) shows similar results. 
Fig. 14 is a photomicrograph of 2% iron-—0.2% sulphur — titanium alloy. 
The insoluble phase, to which has been attributed the increase in saw- 
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Fig. 14—2% Iron-0.2% Suiphur-— Titanium Alloy Showing the Insoluble Grain 
Boundary Constituent. »X 250. 


ability, appears as a grain boundary constituent. This preferred distribu- 
tion of insolubles in the cast alloys as opposed to random distribution 
shown by Goldhoff et al in forged material is expected to have a much 
more detrimental effect on the mechanical properties of the cast alloys. 
Thus, such additions to promote machinability are unlikely to be accept- 
able in cast alloys because of the associated loss in ductility. 





Table Il 
Results of Saw Testing Some Titanium Alloys 


Cross Sectional ae of Saw-Cut 


Heat BHN ————- (sq. in. )——_,, 
No. Composition, % 3000 Kg ist Cut ond Cut 3rd Cut 
10 Unalloyed 163 0.65 0.61 0.45 
11 2 Fe 229 0.60 0.57 0.45 
17 2 Fe, 0.05 S 241 0.52 0.50 0.45 
22 2 Fe, 0.5 C 229 0.35 0.16 0.12 
13 2 Fe, 0.5 C,0.20S 229 0.53 0.47 0.43 
28 2 Fe, 0.5 C, 0.20 Se 262 0.46 0.40 0.41 
14 2 Fe, 2 Al 212 0.39 0.36 0.36 
15 2 Fe, 2 Al, 0.20 S 229 0.46 0.41 0.30 
21 2 Fe, 2 Al, 0.5C 269 0.15 0.11 0.08 
16 2 Fe, 2 Al, 0.5 C,0.20S 255 0.28 0.09 0.09 
20 Fe, 0.3 Mo 285 0.36 0.35 0.31 
18 2 Fe, 0.3 Mo, 0.20 S 241 0.60 0.54 0.49 
23 0.5C 197 0.42 0.16 0.10 
24 0.5 C, 0.09 Fe, 0.05S 212 0.43 0.20 0.11 
25 0.5 C, 0.17 Fe, 0.10 S 217 0.36 0.21 0.10 
26 0.5 C, 0.35 Fe, 0.20S 241 0.46 0.34 0.29 
27 0.5 C, 0.52 Fa, 0.30S 229 0.11 0.13 0.12 


Note: Dupont Process A titanium sponge used in all heats. Sulphur added as FeS. 
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Written Discussion: By E. A. Gee, section manager, E. I. du Pont 
de Nemours & Company, Chemical Division, Newport, Del. 

The authors are to be complimented for their effort. It appears to be 
the first laboratory study of the machinability of titanium. Data are 
sufficiently detailed to provide an excellent basis for other investigators 
to initiate further studies of the effects of insoluble phases upon machin- 
ability. | 

The writer is well aware of the difficulty associated with the adoption 
of a machinability scale. It is felt, however, their use of a constant pres- 
sure lathe test does provide practical information in the form of feed-thrust 
constants, 

Unfortunately, the authors have discovered no marked increase in ma- 
chinability from the addition agents used. If one makes note of the ob- 
served solubility of the various elements in relation to turning and sawing, 
it is seen there is no consistent change in machinability with precipitation 
of the excess phase. This leads the writer to believe there are other fac- 
tors operating that have not been considered. The physical properties and 
dispersion of the insoluble phases may be important factors. 

Since carbon and boron form hard insoluble phases in titanium, they 
would be expected to exhibit the same general behavior. It is difficult to 
understand the apparent marked improvement in machinability resulting 
from boron addition compared to carbon. 

Since we are sponge producers, we question the validity of selecting 
magnesium reduced sponge as a machinability standard. Sponge in itself 
is quite variable in properties. It is indicated in the paper the commercial 
purity titanium used for the experiments had a yield strength of the order 
of 55,000 to 60,000 pounds per square inch. This represents sponge of mod- 
erate purity. We know sponge more closely approaching iodide titanium 
can be made with much lower yield strength. Conversely, harder sponge 
has yield strengths in the range of 80,000 psi. It is believed an effort to 
investigate the effects of sponge purity alone would be worth-while. li 
this is done, care should be taken to avoid tungsten variation from electrode 
burn-off, since it may affect machinability. Consumable electrode melting 
should be considered for such a study. 

The authors by their approach to the problem should most certainly 
stimulate interest in this field. Their work indicates the complexity of the 
subject. 


Authors’ Reply 


The authors appreciate the discussions sent in by Gee, McKibben, 
Stalker, Loria, and Simmons and Berger. We will answer to each of these 
in turn. - 

We agree with Mr. Gee that the physical properties and dispersion 
of the insoluble phases may be important factors in affecting the machin- 
ability of titanium. Equally, or perhaps more important than this factor, 
would be the oxygen and nitrogen contents of the specimens. Solid-solu- 
tion strengthening by oxygen and nitrogen, as has been shown, has a 
strong detrimental effect on machinability. The improvement in machin- 
ability noted with the low concentrations of boron is more likely the result 
of the lower yield strength of these alloys, rather than from any contri- 
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bution from the boride phase itself. The effects of sponge variation were 
beyond the scope of our investigation, but we agree that such an investi- 
gation would be highly desirable. 

Mr. McKibben’s kind remarks are much appreciated. His comment 
on the equivalence between the machinability of unalloyed magnesium- 
reduced titanium and Type 304 stainless steel needs to be qualified by 
the test method and the conditions under which the test was conducted. 
As the data in our paper show, depending on the speed and tool thrust 
used, the machinability rating in turning of this type of titanium can 
be either less than, the same as, or greater than Type 304 stainless. 

The comments made by Mr. Stalker on the experience of the 
General Electric Co. on machining commercial titanium alloys are a most 
desirable addition to the discussion. It is unfortunate that sufficient 
material was not available in our work to include tool life as one of the 
test results, because there is no doubt that this is one of the most 
important aspects of the machining of titanium-base materials. We have 
conducted no machining tests using constant feed, and so cannot comment 
on Mr. Stalker’s opinion that such tests produce more accurate results 
than the constant-pressure tests used. 

Mr. Loria’s questions are pertinent to any set of experimental data. 
A study of the constant-pressure test results indicated that most of the 
titanium samples showed much greater variations in test data than most 
steel samples. The Type 304 stainless steel used as an arbitrary standard 
gave quite reproducible results. The coefficient of variation for thirty-five 
tests on this material was approximately 11%. Coefficients of variation 
for four to six tests on each of the titanium samples ranged from 9 to 
approximately 50%. The higher coefficients of variation are believed 
to be caused by the higher sensitivity to slight changes in tool conditions. 
The amount of scatter in test results noted for the various samples did 
not appear to be influenced by the alloying element nor did it appear to 
be associated with the relative machinability level. 

In tests designed to obtain standard testing conditions, the effects 
of changes in tool thrust and testing speed on the resulting feed were 
studied. These tests were of an exploratory nature and were limited 
because of the small amount of material available for each composition. 
Changes in tool thrust did not influence the amount of scatter in the 
test data. Tool wear was not measured in these tests, but heavier tool 
thrusts and higher testing speeds appeared to give greater tool wear. 

The exploratory sawing tests conducted by Messrs. Simmons and 
Berger were conducted on as-cast material and, as such, cannot be 
compared conveniently with our results which were conducted on forged 
material. The improvement noted in the sawability of as-cast Ti-Fe-C 
and Ti-Fe-Al alloys by sulphur and selenium additions are most interest- 
ing. We noted no such improvement in sawing wrought titanium 
containing such additions. 





MECHANICAL PROPERTIES AND STRAIN AGING 
EFFECTS IN TITANIUM 


By F. D. Rost anp F. C. PERKINS 


Abstract 


The tensile properties of titanium of commercial 
purity were investigated in the temperature range 77 to 
925°K (—196 to 652°C) at constant strain rates of 
0.003 min-t and 0.138 min-?. The results of these tests 
showed that this material exhibits the usual mechanical 
effects associated with strain aging. The curves describ- 
ing the dependence of a number of mechanical properties 
on temperature indicate that the strain aging is more 
marked in certain temperature ranges. 

Some observations were made on the nature of 
Liiders’ bands in an extended, coarse-grained sheet 
specimen. 


ECENT experiments at this laboratory on the recrystallization 
of cold-rolled commercially pure titanium suggest that strain 
aging effects may be anticipated in the plastic deformation of this 
metal at elevated temperatures. Consequently, it was decided that 
a study should be made of the gross shape of the stress-strain dia- 
grams for titanium of this purity over a wide temperature range. 
Such a study would certainly reveal much information regarding the 
temperature range where one could expect strain aging effects as wel! 
as the temperature dependence of such mechanical properties as the 
yield strength, tensile strength, and ductility. 

In general, strain aging is characterized by the yield point 
phenomenon (double yield point), discontinuous yielding (serrated 
stress-strain curve), and strengthening. It is noteworthy that these 
mechanical effects have been observed in a number of metals and 
alloys which contain small quantities of certain impurities. A classic 
example is mild steel, where the strain aging effects are associated 
with the presence of small amounts of carbon and nitrogen (1, 2).’ 
In view of this fact alone, it is not altogether surprising that titanium 
should exhibit strain aging phenomena, since in its commercial form 

1The figures appearing in parentheses pertain to the references appended to this paper. 
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it does contain a number of impurities including carbon and nitrogen. 
Moreover, these effects have been found to occur more often in 
metals of the body-centered cubic (Fe, Mo) and hexagonal close- 
packed (Cd, Zn) types. 


EXPERIMENTAL 


The material used in this investigation was commercially pure 
titanium of the following composition: Fe =—0.10%, N = 0.08%, 
C= 0.05%, Si= 0.04%, W = 0.01%, Ti=remainder. This ma- 
terial was supplied in the form of hot-rolled 7-inch diameter rods, 
from which %-inch standard tensile specimens were machined.. 
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Fig. 1—Grain Structure of Tensile Specimens. 100 X. 


Prior to extension, all specimens were annealed in vacuum for 24 
hours at 1560 °F (850°C) in order to produce a uniform structure 
in all samples. This annealing treatment produced a fine, uniform 
grain structure, which is shown in the photomicrograph of Fig. 1. 
Such a structure is desirable, since a fine grain size is known to 
accentuate strain aging phenomena (3-6). 

Tensile tests were made with a Baldwin-Southwark-Tate-Emery 
hydraulic machine using a dial range of 24,000 pounds. At all 
temperatures, stress-strain diagrams were obtained at strain rates 
of 0.003 min and 0.138 min“. A uniform strain rate was main- 
tained by the use of a pacing instrument which showed the relation 
between a predetermined uniform rate of crosshead speed and the 
actual rate at which the test was proceeding. Such a strain device 
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permitted synchronization of the actual rate to the desired rate by 
manual control of the application of load. 

For the low temperature tests and those up to 230°C, strain 
measurements were made using the Baldwin SR-4, bonded, resistance- 
wire gage and a strain indicator, which permits a reading accuracy 
of 2 microinches per inch. For extension beyond the 2% limit of 
these gages, strains were measured with a Starrett dial gage indicator 
attached to the moving crosshead. With a gage length of 2 inches, 
this dial extensometer permitted a reading accuracy of 2.5 x 10°. 

Load and strain readings were taken simultaneously at 30-second 
intervals, and these data were used to plot the stress-strain diagrams. 
In a number of tests at room temperature, the stress-strain curve 
was recorded automatically on a revolving drum. This was made 
possible by the use of an extensometer attached to the specimen 
along with a Microformer-type recorder. For the more rapid strain 
rate tests, the yield point (as well as other mechanical properties ) 
was determined in most cases by visual examination of the loading 
dial, since the duration of these tests was of the order of several 
minutes. 

The same apparatus was used for the low and high temperature 
experiments. This consisted of a nichrome-wound stainless stee! 
tube, 2%4 inches in diameter, surrounded by another tube 8 inches 
in diameter. At the bottom of the inner tube was welded a stainless: 
steel plate which contained the lower part of the grip assembly. 
This assembly, in turn, was fixed to a plate which was welded t« 
the outer tube. Such a design provided a liquid-tight system. Th« 
entire apparatus was then mounted to the moving head of the tensile 
machine. For the liquid nitrogen and powdered dry-ice tests, Santoce' 
powder was used for thermal insulation in addition to a split cork 
ring at the bottom of the inner tube, while for the tests at elevate: 
temperatures, Silocel powder was used. A heavy oil was used as a 
medium for testing temperatures up to 660°F (350°C), while for 
higher temperatures, tests were conducted in an atmosphere of argon. 

Temperature control for the elevated temperature experiments 
was obtained by using a powerstat which was connected directly 
across a 110 A.C. source. With this method of control it was pos- 
sible to maintain a specimen temperature of +3 °C during a complete 
test to fracture. Temperature readings’ were obtained with a chromel- 
alumel thermocouple placed in contact with the specimen at the 
center of its gage length. 


RESULTS AND DISCUSSION 


Mechanical Properties—Unless otherwise noted, the tensile test 
data are presented as curves of stress (psi) versus strain at a con- 
stant strain rate of 0.003 min“. In the absence of a double yield 
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point, the yield strength was defined as the stress required for a 
0.2% offset. 

Typical stress-strain diagrams for tensile tests from 77 to 925 °K 
(—196 to 652 °C) are reproduced in Figs. 2 and 3. It is apparent 
from Fig. 2 that the gross shape of the stress-strain curves from 
liquid nitrogen to room temperature are similar in that there is no 
well-defined yield point, very little strain hardening, and a smooth 
shape to the curve. Testing at 390 °K (117°C) produces the first 
evidence of a double yield point; this persists up to a testing temper- 
ature of 555 °K (282°C). As has been observed with other strain 
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Fig. 2—Stress-Strain Diagrams for Titanium of Commercial Purity at Various 
Temperatures. 


aging effects, the yield point phenomenon, which is characterized by 
a decrease in stress with strain, occurs within a narrow temperature 
range and becomes less pronounced (U.Y.P.—-L.Y.P.) at both the 
upper and lower limits of this range. 

The first evidence of discontinuous yielding or serration in the 
stress-strain curve appeared in the test conducted at 725 °K (452 °C) 
(Fig. 3) in the form of a slight depression in the curve at approxi- 
mately the ultimate stress. Furthermore, this test appears to have a 
higher rate of strain hardening and slightly greater yield stress than 
for that at the lower temperature of testing, 625°K (352°C). 
Examination of the stress-strain diagrams at still higher temperatures 
shows a definite increase in the degree of serration but no over-all 
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Fig. 3—Stress-Strain Diagrams for Titanium of Commercial Purity at 
Various Temperatures 
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Fig. 4—Stress-Strain Diagram at 925 °K (652 °C). 


strain hardening. In fact, it is interesting to note that the discon- 
tinuous yielding at the higher strains for the test at 925 °K (652 °C) 
is not even accompanied by a strengthening effect, which was a 
characteristic of the curve obtained at 825°K (552°C). Instead, 
the curve takes on the form of a series of steps, which gives the 
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impression that the drop in stress associated with each increment of 
strain at constant stress increases with increasing total extension, 
while the strain increments, themselves, decrease. This effect is 
better illustrated by the diagram in Fig. 4, which is a magnified plot 
for the test at 925 °K (652°C). From the appearance of this curve, 


one might expect at a still higher temperature of testing that the 
curve would become smooth. 


00 


50 


Yield Strength, psi x 1079 





O 200 400 600 800 1000 
78 


Fig. 5—Dependence of Yield Strength on Temperature for Tests at 


the Two Strain Rates: Solid Circle = 0.138 min-'; Open Circle = 0.003 
min-}, 


The effect of increasing the strain rate by a factor of approxi- 
mately 50 on the gross shape of the stress-strain diagram is illus- 
trated by the dashed curve in Fig. 2 for the test at room temperature. 
As would be expected, the curve has been displaced upward for the 
more rapid rate of testing, with the result that both the yield strength 
and ultimate stress have been increased by 10 to 15%. 

Figs. 5 to 9 summarize the data on the general dependence of 
a number of mechanical properties on temperature for specimens 
tested at strain rates of 0.003 min“? and 0.138. In all cases the 
curve through the solid points represents the temperature dependence 
at the larger strain rate. 

It may be seen from Fig. 5 that the yield strength increases 
rapidly with decreasing temperature, reaching a value of 130,000 
psi at 77 °K (—196 °C) for the slower strain rate. This is approxi- 
mately double the value of the yield strength at room temperature. 
In the temperature tange 208 to 555°K (—65 to 282°C), the 
yield strength appears to decrease linearly with rising temperature, 
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Fig. 6—Dependence of Ultimate Strength on Temperature for Tests 
at the Two Strain Rates: Solid Circle = 0.138 min-'; Open Circle = 
0.003 min-'. 
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Fig. 7—-Dependence of Fracture Stress on Temperature for Tests 


at the Two Strain Rates: Solid Circle = 0.138 min-4; Open Circle = 
0.003 min-*. 


whereas for testing temperatures above 555 °K. (282 °C) it remains 
relatively constant and, in fact, increases slightly at 725 °K (452 °C). 
On testing at 925°K (652°C) the yield stress again decreases 
with increasing temperature to the low value of 6000 psi. It 1s 
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further evident from Fig. 5 that the effect of increasing the strain 
rate does not significantly change the general temperature dependence 
of the yield strength. The curve does show, nevertheless, the tem- 
perature range in which this property is most sensitive to changes 
in rate of straining. This rate sensitivity effect reaches a maximum 
in the neighborhood of 300 to 425 °K (27 to 152 °C), and becomes 


gradually less pronounced as the temperature both increases and 
decreases. 
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Fig. 8—Dependence of Elongation on Temperature for Tests at the 
Two Strain Rates: Solid Circle = 0.138 min-1; Open Circle = 0.003 
min-}, 


The dependence of the ultimate strength on temperature is given 
in Fig. 6. A comparison of these curves with those of Fig. 5 shows 
that the ultimate strength increases with decreasing temperature in 
a manner very similar to the yield strength for the tests at both 
strain rates. In the case of the ultimate strength, however, there 
appears at the higher temperatures of testing a second temperature 
range where the effect of increasing the strain rate on this property 
is considerable. For purposes of comparison the mean value of the 
ultimate strength at the lower strain rate decreases from a value of 
137,000 psi at 77 °K (—196 °C) to one of 81,000 psi at room tem- 
perature, and even more significantly to a value of only 6000 psi for 
tests at 925 °K (652 °C). 

Fig. 7 describes the temperature dependence of the fracture 
stress, which was calculated from the original cross sectional area. 
As in the case of both the yield and ultimate strengths, the stress 
at fracture also increases appreciably with decreasing temperature 
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from 13,000 psi at 725 °K (452 °C) to 137,000 psi at 77 °K (—196 
°C). On testing at 925 °K (652 °C), the fracture stress drops almost 
to zero. It is further apparent from Fig. 7 that the fracture stress 
is practically insensitive to a variation in the speed of testing. 

The effect of temperature on the ductility of these specimens is 
shown in Figs. 8 and 9, where, respectively, the per cent elongation 
and reduction in area are plotted against the absolute temperature. 
It may be seen from Fig. 8 that for both strain rates the elongation 
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Fig. 9—Dependence of Reduction of Area on Temperature for 
Tests at the Two Strain Rates: Solid Circle = 0.138 min-+; Open 
Circle = 0.003 min-. 


increases linearly with rising temperature up to approximately 500 
°K (227 °C). In the temperature range 500 to 700 °K (227 to 427 
°C), there is a gradual decrease in the elongation despite the higher 
temperature of testing, and this can be attributed to a strain aging 
phenomenon. Above 700°K (427 °C), the elongation once again 
increases with rising temperature at a more rapid rate. A comparison 
of the curves shows that the principal effect of increasing the strain 
rate is to minimize the strain aging effect in the temperature range 
500 to 700 °K (227 to 427°C). An extrapolation of the curves in 
Fig. 8 to 0% elongation suggests that low temperature brittleness for 
this material will occur at approximately 25 °K (—248 °C). 

The curves of Fig. 9 also demonstrate a possible strain aging 
effect in the temperature range 500 to 700°K (227 to 427 °C). 
In this range the per cent reduction in area no longer increases with 
increasing temperature, but, instead, remains essentially constant. 
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It would appear from this constancy that the property of elongation 
is more sensitive to strain aging. It is evident from Fig. 9 that the 
singular effect of increasing the strain rate is to shift the temperature 
range in which strain aging occurs to higher temperatures. 

The variation in the elastic modulus with temperature is shown 
in Fig. 10. As might be expected, this property decreases linearly 
with increasing temperature from a mean value of 17,300,000 psi 
at the temperature of liquid nitrogen to one of 11,600,000 psi at 505 
°K (232°C). In determining the elastic modulus in this temperature 
range, strain measurements were obtained by the use of resistance- 
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Fig. 10—Dependence of Elastic Modulus on Temperature. 


type strain gages, which permit a reading accuracy of 2 x 10°. 
Readings of strain and load were taken simultaneously every 30 
seconds on testing at the slow strain rate of 0.003 min“. Values 
of the elastic modulus at the higher temperatures of testing were not 
included in Fig. 10, since the technique used in measuring strain 
at these temperatures was not considered sufficiently accurate for a 
reliable comparison with the plotted values. 

Fig. 11 shows the plastic portion of the true stress-strain curve 
for a room temperature test at a constant strain rate of 0.003 min“. 
This curve was obtained from simultaneous readings of the axial 
load and specimen diameter, which permitted a determination of the 
instantaneous area ofthe cross section. It may be seen that the 
curve is linear from approximately the point of maximum load 
(tensile strength) to the point of fracture. The slope of this straight- 
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Fig. 11—True Stress-Strain Curve for a Room Temperature Test at a 
Constant Strain Rate of 0.003 min-—. 
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Fig. 12—True Stress-Strain Curve of Fig. 11 Plotted Logarithmically. 


line portion of the true stress-strain curve is equal to 80,000 psi, 
which is the rate of strain hardening for this particular region of the 
curve (necking region). As might be expected from the work of 
Ludwik (7) and, more recently, that of Hollomon (8), a plot of true 
stress 6 versus true strain 8 on logarithmic coordinates for the curve 
of Fig. 11 results in a straight line (see Fig. 12) which yields values 
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_ Fig. 14—-The Effect of a Pre-Strain at Liquid Nitrogen on the Stress- 
Strain Diagram at 505 °K (232 °C). 


of 0.162 for the strain hardening coefficient n, and 128,000 psi for the 
strength coefficient K in the generalized parabola: o—K2®. 

It has been pointed out by Cottrell (9) that the yield phenom- 
enon is identified by the following characteristics: (a) The yield 
point exhibits an upper and lower yield stress, or a yield point elon- 
gation zone (flow at a constant stress) ; (b) on immediately retesting 
a specimen which has been plastically strained, there is a smooth 
transition from the elastic to the plastic range instead of the yield 
phenomenon described in (a); and (c) on annealing a prestrained 
specimen (strain aging), the yield point phenomenon returns. 
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In an effort to establish the existence of a yield phenomenon in 
titanium of commercial purity in accordance with the above criteria, 
the following experiment was conducted, the results of which are 
summarized in Fig. 13. The specimen was initially strained at a 
temperature (505 °K, 232 °C) where a yield phenomenon could be 
anticipated. Following a prestrain of approximately 2%, the speci- 
men was immediately reloaded, strained an additional 2% and then 
given an anneal at 505 °K (232 °C) for 20 hours at no load. Imme- 
diately following the strain aging treatment, the specimen was re- 
loaded at 505°K (232°C), strained another 2%, strain-aged at a 
higher temperature, 575 °K (302°C) for 20 hours, and reloaded 
again at 505 °K (232°C). It may be seen from the stress-strain 
diagrams of Fig. 13 that the initial loading at 505 °K (232°C) did 
produce a double yield point, which disappeared immediately upon 
reloading after the initial prestrain of 0.02. It is further evident 
that upon reloading at 505 °K (232 °C), after the aging treatments 
at 505 and 575 °K (232 and 302°C), the yield point phenomenon 
returned, being more pronounced at the higher aging temperature. 
The dashed line in the figure represents the shape of the curve in 
the absence of interruptions in the loading. It would appear from 
these results, therefore, that the yield point phenomenon in titanium 
is well established, insofar as it satisfies the characteristics outlined 
above. 

Fig. 14 demonstrates the effect of a prestrain at liquid nitrogen 
on the stress-strain diagram of a specimen tested at 505 °K (232 °C). 
By comparison with the dotted line which represents the flow curve 
of a specimen initially loaded at 505 °K (232°C), it may be seen 
that the gross shape of the stress-strain diagram is essentially un- 
altered by a prestrain of approximately 0.05 at liquid nitrogen. On 
the other hand, the prestrain did prevent the occurrence of a double 
yield point on reloading at the higher temperature. 

The effect of aging temperature on the reloading curve of a 
specimen which had been previously strained at room temperature 
is shown in Fig. 15. Following a preplastic strain of 0.045 at room 
temperature, the specimens were annealed at various temperatures 
for 1 hour at no load, and then immediately retested at room tem- 
perature. It may be seen that on annealing at 200°C strain aging 
effects occurred, as evidenced by the appearance of a yield point and 
a general strengthening of the flow curve on reloading at room 
temperature. Annealing at 400°C produced a softening effect, de- 
spite the appearance of a yield point elongation zone (flow at con- 
stant stress), while heating at temperatures of 600 and 800°C 
apparently results in an over-all recovery. These results further 
show that the yield point becomes less pronounced as the temperature 
of annealing increases. Similar observations have recently been re- 
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ported by Lubahn (10), who conducted similar experiments while 
studying the strain aging effects in OF HC copper. 

As a corollary to the experiments of Fig. 15, the effect of aging 
at room temperature for 48 hours on the stress-strain curve of a 
specimen which had also been given a prestrain of 0.045 at room 
temperature is shown in Fig. 16. As in the case of annealing at 
200 °C for 1 hour in Fig. 17, this aging treatment resulted in the 
appearance of a yield point on reloading at room temperature as well 
as a slight displacement upward of the entire flow curve. 
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Fig. 15—The Effect of Aging Temperature 
on the Stress-Strain Curve at Room Temperature. 


Fig. 17 demonstrated the effect of increasing strain on the ap- 
pearance of the yield point on reloading a specimen which had been 
prestrained at room temperature followed by annealing treatments 
at 400°C for 1 hour. It is evident from the two reloading curves 
following identical heat treatments that the extent of the yield point 
elongation zone is greater for the test at the higher total extension. 

Typical appearance of fractures obtained at the different tem- 
peratures of testing at a strain rate of 0.003 min“ are illustrated 
in Fig. 18. It is apparent from these photographs that with in- 
creasing temperature of testing (right to left) the cross section at 
fracture tends to become elliptical. At 925°K (652°C) the frac- 
tured surface has the appearance of a slightly rumpled thin sheet, 
which results in a maximum reduction in area (Fig. 9). It is 
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Fig. 17—-Effect of Increasing Strain on the Appearance of a Yield 
Point Following Aging in the Stress-Strain Curve at Room Temperature. 
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Fig. 18—Appearance of Fractures at Different Temperatures of Testing at a Con- 
stant Strain Rate of 0.003 min-. 


interesting to note that for the test at liquid nitrogen (77 °K), well- 
defined, radial cracks, rather uniformly spaced, appear along the 
entire surface of the specimen. Similar cracks appear on testing at 


208 and 295 °K (—65 and 22°C), but are not as well defined. 
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Fig. a a of Liiders Bands Near Gripped End in 
Coarse-Grained eet Specimen of Titanium. Arrow indicates direc- 
tion of applied stress. 


With the possible exception of the test at liquid nitrogen, the fracture 
at all temperatures exhibits those characteristics typical of ductile 
materials. 

Appearance of Liiders’ Bands—lIt is generally accepted that the 
upper and lower yield points of the stress-strain curve are intimately 
associated with a localized and discontinuous yielding resulting from 
the formation and broadening of deformation bands, called Liiders’ 
lines. Since titanium exhibits this yield point phenomenon, the 
appearance of Liiders’ deformation in this material might well be 
anticipated. Although it is not the purpose of this study to include 
an investigation of the nature of these bands, an observation of their 
occurrence in a coarse-grained sheet testpiece is considered worthy 
of some discussion. 

In the course of studies on the plastic flow elements in arc- 
melted titanium sponge, a sheet specimen (% by 0.05 inch), which 
contained grains ranging from 2 to 5 millimeters in diameter in its 
gage length of 1%4 inches, was extended approximately 5% at room 
temperature, using conventional methods of gripping. At one end 
of the gage length (in the vicinity of the grip), Liiders’ bands were 
formed which spread over the specimen in a direction approximately 
50 degrees to the specimen axis or direction of applied stress. These 
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Fig. 20—Appearance of Liiders Bands at Higher Magnification. 


bands are shown in Fig. 19, which also reveals a slight necking in 
the region associated with the bands. It is further evident from 
this photomicrograph that the deformation within these bands 
(degree of blackening) varies across the specimen and appears to 
be a maximum near the edges of the specimen. Careful microscopic 
examination of the surface on which these bands developed revealed 
that these bands are actually made up of clusters of fine, parallel lines. 
This characteristic of Ltiders’ bands is shown in Fig. 20, which was 
taken at higher magnification. The round inclusions are simply un- 
absorbed grains which are frequently observed in the production of 
coarse grains by the strain-anneal technique, which was used in this 
case. It is further interesting to note that the deformation in these 
bands also appears to. be greater in the vicinity of such inclusions. 

Fortunately, the Liders’ deformation appeared across grains 
sufficiently large to permit X-ray analysis of the crystallographic 
nature of the fine, parallel deformation lines. This analysis showed 
that these fine traces coincided with a prismatic plane {1010}, which 
has been found to be the predominant slip plane in titanium at room 
temperature (14). Thus, it appears that the Liiders’ bands observed 


in this coarse-grained specimen actually consist of clusters of fine 
slip bands. 
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Further extension of the sheet specimen resulted in fracture on 
a plane, which appeared parallel to the prismatic traces of the 
Liiders’ bands. 


SUMMARY 


The tensile properties of titanium of commercial purity were 
investigated in the temperature range 77 to 925 °K (—196 to 652 
°C) at constant strain rates of 0.003 min“ and 0.138 min“. The 
results of these tests showed that this material exhibits the usual 
mechanical effects associated with the strain aging phenomenon. As 
mentioned previously, this is not altogether surprising, since this 
material contains as impurities small amounts of nitrogen and carbon, 
which are generally associated with the appearance of these effects. 

The yield point phenomenon was observed in the temperature 
range 390 to 555 °K (117 to 282°C). As is generally the case (15, 
16) this phenomenon disappears gradually with increasing or de- 
creasing temperature. The maximum effect (U.Y.P—L.Y.P.) ap- 
peared to occur in the vicinity of 505 °K (232°C). Discontinuous 
yielding or serration in the stress-strain curves was observed at a 
higher temperature range 725 to 925 °K (452 to 652 °C). 

The temperature dependence of a number of mechanical prop- 
erties also revealed the occurrence of strain aging phenomena. For 
example, the curves showing the effect of temperature on per cent 
elongation and reduction in area both exhibited discontinuities. In 
the range 505 to 725 °K (232 to 452 °C) there is actually a decrease 
in ductility with increasing temperature. In the case of the yield 
strength, there is no change in this property with increasing temper- 
ature in the range 625 to 825 °K (352 to 552 °C), whereas the effect 
of increasing strain rate on this property is greatest in the range 300 
to 400 °K (27 to 127 °C). 

Aging at 200 °C resulted in both the appearance of a yield point 
and a strengthening in the room temperature curve of a specimen 
which had been given a prestrain of approximately 5%. Aging at 
higher temperatures brought about the disappearance of the yield 
point and a softening resulting from a recovery effect. 

Some observations were made on the nature of Liiders’ bands 
in an extended, coarse-grained sheet specimen. These bands were 
found to consist of clusters of fine, parallel lines, which were iden- 
tified by X-ray analysis to be traces of prismatic {1010} planes. 
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DISCUSSION 


Written Discussion: By A. N. Holden, Knolls Atomic Power Labora- 
tory, General Electric Co., Schenectady, N. Y. 

I congratulate the authors for their fine study of the discontinuous 
yielding and strain aging effects in titanium. These effects are becoming 
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more the rule than the exception as careful studies are made of commer- 
cial metals. 

I know the authors, in common with many of us, would like to know 
what alloying element is causing strain aging effects in titanium, and it 
seems to me this information might be obtained by either of two alter- 
nate means. 

The most direct method would be to eliminate in some fashion cer- 
tain elements from the metal, and I would certainly begin, as the authors 
suggest, with carbon and nitrogen. It seems unlikely that substitutional 
elements will be effective in causing strain aging at room temperature in 
any reasonable time. The second approach would be to measure the rate 
of occurrence of some comparable manifestation of strain aging at several 
temperatures and determine an activation energy for the process, which 
of course is only useful if it agrees with a known activation energy for 
the diffusion of something in titanium. I hope the authors may soon indict 
the responsible element, although I share their lack of surprise at observ- 
ing strain aging in a commercially pure material. 

I do not fully appreciate Fig. 14. After its deformation at liquid air 
temperature, was the material aged at 505°K (232°C) for a long enough 
period to acquire the yielding manifestation of strain aging? The shortest 
effective aging time mentioned in this work for a comparable temperature 
is 1 hour at 200°C (see Fig. 15). If the second test in Fig. 14 represents 
immediate retesting at 232°C after the liquid air prestrain, the results are 
in accord with expectation, but if the test was done after aging 1 hour or 
longer at 232 °C, the absence of a yield point is mildly surprising. 


Authors’ Reply 


In reply to Dr. Holden’s question as to the exact significance of the 
tests in Fig. 14, it should have been emphasized in the manuscript that 
this experiment was performed to demonstrate simply the effect of a pre- 
strain at a low temperature on the yield point phenomenon and gross 
shape of the stress-strain diagram of a specimen tested at an elevated 
temperature, where a yield point phenomenon could be expected on load- 
ing without a prior pre-strain. It was not intended to complicate this test 
by introducing an intermediate aging treatment. Consequently, the speci- 
men was kept at a temperature of dry ice for approximately 6 hours 
following the pre-strain at liquid nitrogen, for the expressed purpose of 
avoiding any strain-aging effect. The observation that discontinuous yield- 
ing did not occur on reloading at the elevated temperature suggests that 
the effect of a pre-strain on the stress-strain characteristics of this mate- 
rial is independent of the temperature of pre-straining (compare Fig. 14 
with the initial and second loading in Fig. 13). 

With regard to Dr. Holden’s comments regarding the methods for 
isolating the element or elements responsible for the observed strain-aging 
effects in titanium, the authors are in complete agreement. Unfortunately, 
however, no work has been done in this direction at the present time. 
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MECHANICAL PROPERTIES, INCLUDING FATIGUE OF 
TITANIUM-BASE ALLOYS RC-130-B AND Ti-150-A 
AT VERY LOW TEMPERATURES 


By S. M. Bisnop, J. W. SpRETNAK AND M. G. FonTANA 


Abstract 


Titanium alloys RC-130-B and Ti-150-A were sub- 
jected to tensile, fatigue, impact, hardness, and dilatometric 
tests at low temperatures. Data are reported for: tensile 
and fatigue at 77, —108 and —321 °F (25, —78 and —196 
°C); impact and hardness at 77, —108, —197, —321 and 
—423 °F (25, —78, —127, —196 and —253 °C) ; dilatom- 
etry over the range from room temperature to —321 °F 
(—196 °C). Some description is given of apparatus and 
techniques, and an effort is made to explain unusual be- 
haviors. 


URING the past few years titanium and alloys of titanium have 
received considerable attention from several diverse fields of 
engineering. Aircraft structures designers and corrosion engineers 
are particularly interested in these materials because of their remark- 
ably high strength — weight ratios and their phenomenal resistance to 
certain corrosive environments. 

The investigation covered in this paper was undertaken to deter- 
mine rather completely the low temperature mechanical properties 
of two recently developed, commercially available titanium alloys, 
RC-130-B and Ti-150-A. The behavior of metals and alloys at low 
temperatures is important and must be known for efficient and proper 
design of aircraft and other structures. 

Because of the grossness of most mechanical tests, the lowest 
practical temperature is the boiling point of liquid hydrogen, —423 
°F (—253 °C). Boiling liquid nitrogen, —321 °F (—196 °C), fur- 
nishes another datum point for tests, while the melting point of 
methyleychlohexane, —197 °F (—127 °C), and the sublimation point 
of dry ice, —108 °F (—78 °C), give two more low temperature lev- 
els. For comparison purposes, the materials were run through the 
complete gamut of tests at a warm room temperature, about 75 to 
80°F (25°C). Some modifications of standard mechanical testing 
techniques were required to maintain test specimens at these low 

A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, S. M. Bishop 
is research fellow, Ohio State University Research Foundation, Columbus; J. W. 
Spretnak is associate professor and M. G. Fontana is professor and chairman, 
Department of Metallurgy, Ohio State University, Columbus, Ohio. Manuscript 


received April 22, 1952. 
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temperatures, but whatever modifications were made were of a super- 

ficial nature and did not influence the experimental results. 
MATERIALS 


Titanium alloys RC-130-B and Ti-150-A are high strength al- 
loys having compositions shown in Table I. Ti-150-A was received 
as ¥%-inch round rod which had been annealed (6 hours at 1200 °F), 


Table I 
Chemical Composition of Titanium Alloys 
Ti-150-A, ae 4 No. X-1106 RC-130-B, a No. B-3084 

Fe — 1.3 Cc —0.24 
Cr — 2.7 Al —3.8 
N — 0.08 maximum Mn — 3.8 
C —0.05 maximum Ti — balance 
Ti — balance 


pickled and centerless ground. RC-130-B was purchased as annealed 
(1 hour at 1300 °F and air-cooled) 54-inch round rod which had 
been given no special surface treatment. 


APPARATUS 


A previous paper on the subject of low temperature testing (1 ) 
contains a very thorough description of the apparatus used in these 
tests, with the exception of the dilatometer. 

For thermal expansion measurements a simple setup was con 
structed as illustrated in Fig. 9. With this equipment it was possible 
to regulate the temperature of the specimen to within +0.5 °C, since 
the massive aluminum cylinder surrounding the specimen served to 
minimize thermal gradients. Cold nitrogen gas introduced at the bot- 
tom of the vacuum-jacketed cryostat worked its way up past the alu- 
minum cylinder and out a vent at the top. An electrical vibrator was 
attached to the side of the cryostat to prevent sticking of the quartz 
rods and the dial gage. Temperature was measured by means of the 
two thermocouples, shown in Fig. 9, and a Leeds and Northrup 
potentiometer. 


PROCEDURE 


No important changes have beer’ made in the procedures de- 
scribed in previous papers (1, 2, 3); however, the details of proce- 
dure for thermal expansion measurements must be described. 

Liquid nitrogen was fed from a Dewar flask into a “boiler” or 
chamber whose “heat leak” could be controlled. The cold nitrogen 
gas thus produced entered the cryostat in Fig. 9 and refrigerated the 
aluminum cylinder which surrounds the specimen. During the cool- 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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ing part of the cycle the temperature of the aluminum cylinder was 
lowered in 10°C steps. When both thermocouples in the aluminum 
cylinder gave the same potential reading on the potentiometer, the 
flow of cold nitrogen was reduced to a level just sufficient to main- 
tain a constant temperature reading on both thermocouples. Tem- 
perature was carefully maintained for 5 to 8 minutes before dial gage 
readings were taken to permit the specimen to come to equilibrium 
with the aluminum cylinder. It is believed that this procedure re- 
duced thermal gradients in the specimen to a minimum, and helped 
reduce hysteresis in the thermal expansion curve. In order to obtain 
the temperature of liquid nitrogen, boiling liquid nitrogen was fed 
into the cryostat until it overflowed at the top vent. The entire setup 
was maintained at this temperature for at least 10 minutes. For the 
heating part of the cycle, the nitrogen was shut off, and the aluminum 
cylinder and specimen were very gradually warmed by heat transfer 
through the vacuum-jacketed cryostat. In order to obtain room tem- 


perature in the cryostat it was necessary to force warm air into the 
outlet vent. 


Test SPECIMENS 


Tensile—Standard 0.250-inch diameter tensile specimens with a 
l-inch gage length were used for the polished tensile tests. Notched 
specimens had a 0.300-inch major diameter and a 0.250-inch root 
diameter. The notch flank angle was 60 degrees, with a root radius 
of 0.010 inch. Two gage lengths were used on notched specimens— 
a l-inch gage length and a %-inch gage length in order to indicate 
what fraction of the total elongation was localized in the region of the 
notch. 

Fatigue—Polished fatigue specimens were machined with a 0.250- 
inch critical section which was polished through 000 emery paper. 
Notched fatigue specimens were made with a notch of the same di- 
mensions as that employed in the notched tensile tests. 

Impact and Hardness—Standard Charpy keyhole-notch impact 
specimens were used in impact tests and as hardness specimens. 
Hardness readings were taken on the flat sides of the impact specimen 
away from the notch by means of a Vickers hardness tester. 

Dilatometry—3-inch by 3%-inch round rods were machined for 
thermai expansion readings. Care was taken to machine the ends 
of these specimens perfectly flat. 


RESULTS AND DISCUSSION 


Tensile Tests—As might be expected, both alloys were em- 
brittled by a drop in temperature. Table II affords a comparison 
between room temperature and low temperature tensile properties. As 
temperature was lowered, the nominal tensile strength of RC-130-B, 
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Table Il 


Vol. 45 


Tensile Properties of RC-130-B and Ti-150-A at Various Temperatures 


RC-130-B 

Modulus of Elasticity (psi) . 
Yield Strength (psi)....... 
Ultimate Strengt pe) Ss 
Elongation (% in 1 inch)® 
Elongation (% in % inch)* 
Reduction of Area (%) .... 
Root 


Ti-150-A 

Modulus of Elasticity (psi) . 
Yield Strength (psi)....... 
Ultimate St psi).... 
Elongation (2 = 1 Pinch) * 
Elongation ( a 48 a 
Reduction of 2 ; 


eee ee eee 





——————— Polished —_————___, 


77 °F 
(25 °C) 


16.8 X 10° 
199006 


eee eee 


144,000 


eee eee 


“eee eee 


—108 °F 
(—78 °C) 


17,3 X 10° 


eee eee 


—321 °F 
(—196 °C) 


18.9 X 108 


254,000 
256, 000 


*See text for significance of these data for notched specimens. 


————— Notched —_____ 


77 °F 
(25 °C) 


—108°F  —321 °F 
(—78 °C) (—196 °C) 


eee ee ee ee ee eae 


200,000 177,000 
200,0 177,000 
0.2 0.1 

0.5 1.1 

0 sree 0 eee @ « 
0 0 
185,000 154,00 
185,000 154,00 
0.3 0.1 

0.3 0.6 
weeeees eee 
0 0 


which was less than that of Ti-150-A at room temperature, ap- 


proached and finally, 


at —321 °F (—196 °C), exceeded the tensile 


strength of Ti-150-A. RC-130-B is a slightly more ductile material 
at all temperatures. 

The notched tensile tests gave a good example of the effect of 
low temperatures on notch sensitivity. Referring to Table II it is 
observed that the notched tensile strength of RC-130-B rises to a 
maximum at —108 °F (—78°C) and then drops again at —321 °F 
(—196 °C), while the corresponding value for Ti-150-A is not 
changed at —108°F (—78°C), but drops sharply between —108 
and —321 °F (—78 and —196 °C). 


fracture stress at —321 °F (— 


The reduction of the notched 


engineering alloys studied in this program. 
Both materials are notch-sensitive at all temperatures, as can 
be seen from the low elongation and reduction of area figures for 


notched tensile tests. 


196 °C) is unusual among the various 


Elastic moduli rise gradually with falling 


temperature, the increase being greater in the case of Ti-150-A. 
Figs. 1 and 2 are stress-strain curves for the two alloys. The 
notched stress-strain curves represent the nominal stress in the cross 
section of the notch root versus the strain over the 1-inch gage length. 
Such curves can be considered only as schematic representations of 
deformation under load. The stress-strain curves for polished speci- 
mens are without a doubt the most interesting. These materials have 
a very pronounced yield point and a “drop-of-the-beam” which is 
As the temperature is lowered, the drop- 


characteristic of mild steel. 


of-the-beam effect disappears, but the yield point is still well defined. 
In general, lower temperatures raise the tensile and yield strengths 








1953 TITANIUM ALLOYS AT LOW TEMPERATURES 997 


300 
Polished Notched 
a ~=«—«T TF (25°C) _ 77°F (25°C) 
250 ---- “10°F (-78°C) sane <O FTeS) 


came =32O"F (-196°C) wom “GT. eee) 


Stress (lOOOpsi) 
os nm 
on oO 
oO oO 
a 
a 





0 0.05 O10 0.15 0.20 0 OO!| 0.02 0.03 004 0.05 
Strain (Inches / Inch) 


Fig. 1—Tensile Stress-Strain Curves for RC-130-B. 
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Fig. 2—Tensile Stress-Strain Curves for Ti-150-A. 


and decrease the amount of plastic deformation prior to fracture. It 
was determined that these alloys are two-phased in structure, con- 
taining both alpha and beta forms of titanium. It is believed that 
the yield point results from interstitial atoms in solution in the 
body-centered beta phase analogous to the behavior of alpha iron. 
Commercially pure titanium does not show this yield point. 
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Material Tested: Rc-!30-B 
Reduced Section: 0.250" Dia. 
Type of Test: Vibrating Beam 
Testing Speed: 2000 RPM 
Stress Range: Reversed 

Test Temperature: o +25°C 
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Fig. 3—Fatigue Results for RC-130-B, Unnotched. 
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Fig. 4—Fatigue Results for RC-130-B, Notched. 


Fatigue Tests—S-N curves shown in Figs. 3, 4, 5 and 6 illus- 
trate the phenomenal increase in fatigue strength which occurs at 
low temperatures. Cycles-to-fracture is increased over the entire 
range of stress except in the case of notched specimens at high 
stresses. 

One possible explanation of this behavior is that local yielding 
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Fig. 5—Fatigue Results for Ti-150-A, Unnotched. 
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Fig. 6—Fatigue Results for Ti-150-A, Notched. 






















in the region of the notch root sets up a residual stress pattern which 
tends to reduce the maximum stress. For example, referring to 
Fig. 6, at a nominal maximum stress of 110,000 psi, the fatigue life 
of the material tested. at room temperature appears to exceed the 
fatigue life of the material tested at —321 °F (—196°C). But the 
reverse is true at lower stresses, and the endurance limit at —321 °F 
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(—196°C) is 40% higher than the room temperature endurance 
limit. —To accomplish the explanation mentioned above, it is necessary 
to make two assumptions: first, that the notch raises the stress suffi- 
ciently to exceed the room temperature yield point, and second, that 
the yield point is increased substantially by lowering the temperature. 
In the first few cycles of the room temperature test, while the speci- 
men is being loaded, the stress is redistributed by plastic deformation. 
In the case of the specimens tested at —321 °F (—196 °C) the yield 


Vickers Hardness (VPN) 


Impact Strength (Ft-Lb) 





°c -250 -200 -I50 -I00 -50 0 50 
°F -420 -330 -240 -150 -60 32 120 


Temperature 


cae Strength and Hardness of Ti-150-A 
and Re130 


point is not exceeded and the full stress concentration is in effect over 
the entire range of stresses. At lower nominal stresses there is no 
yielding, even at room temperature, and consequently no redistribu- 
tion of stress. An observation which bears out this explanation is 
that some permanent set occurred during loading of room tempera- 
ture specimens tested at high stresses. _- 

Apparently these alloys possess a rather definite endurance limit, 
as shown by the flatness of the S-N curves beyond 10° cycles. This 
is another property they have in common with steels. 

Ti-150-A has a room temperature endurance limit which is ap- 
proximately 72% of its room temperature tensile strength. How- 
ever, this remarkably high endurance ratio falls off rapidly at lower 


temperatures, and at —321 °F 8 —196 °C) the endurance ratio is 
only 57%. 
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Impact Tests—Results of impact tests were contrary to what 
would be expected from the tensile data. Ti-150-A, the slightly 
softer and more brittle of the two alloys, gave higher impact values 
than RC-130-B, even though it showed somewhat greater notch sen- 
sitivity than RC-130-B in the tensile tests. One possible explanation 
of this effect is that the RC-130-B alloy is more sensitive to strain 
rate than the Ti-150-A. At the higher rates of strain encountered 
in the impact test the RC-130-B becomes less ductile than the 
Ti-150-A, giving, therefore, lower values of absorbed energy. 

Table III gives values of absorbed energy obtained by averaging 


Table Ill 


Charpy Impact Strength, Vickers Hardness, and Endurance Limits of RC-130-B 
and Ti-150-A at Various Temperatures 


77 °F —108°F —197 °F —321 °F —423 ° 


F 

(25 °C) (—78 °C) (—127°C) (—196°C) (—253 °C) 
RC-130-B 
Impact aire (SEA Sas 10.0 5.7 5.3 2.6 3.3 
Havanese CVE) ..<.cs0cdueen OOD 442 481 602 742 
Polished Endurance Limit (psi) 84,000 98,000 ae 130,000 a 
Notched Endurance Limit (psi) 44,000 55,000 ca 57,000 
Ti-150-A 
Impact Strength (ft-Ib.) ..... 12.8 4.9 5.5 3.0 4.6 
Hardness (VPN) .........-- 342 421 462 578 703 
Polished Endurance Limit (psi) 110,000 120,000 ne 141,000 ven 


Notched Endurance Limit (psi) 47,000 56,000 eis 67,000 





five readings at each temperature. Also shown are hardness readings 
and polished and notched endurance limits. Fig. 7 illustrates the 
changes in hardness and impact strength encountered at lower tem- 
peratures. The points in this diagram are connected by straight lines 
which are intended only to indicate approximate intermediate values. 
The sharp drop in impact values between room temperature and 
—108 °F (—78°C) implies that the alloys have a transition tem- 
perature somewhat like that of carbon steels. Impact data at inter- 
mediate temperatures would show whether the transition range is a 
narrow or a wide temperature interval. 

Dilatometry—Table IV summarizes data on thermal expansion 
coefficients. Previously determined (4) coefficients for commercially 
pure titanium are presented also for comparison. Fig. 8 is a plot of 
these coefficients as a function of temperature. RC-130-B apparently 
has a much greater thermal expansion than Ti-150-A, especially in 
the higher temperature range. These values were obtained by draw- 
ing tangents to the dilation curves at 20 °C intervals of temperature. 
The slopes of these tangents were taken as the specfic coefficients at 
the temperatures listed. 


PHOTOGRAPHS 


Fig. 10 is a photograph of fatigue fractures which are typical 
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Fig. 8—Coefficients of Expansion at Various Temperatures. 
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Fig. 10—Typical Fatigue Fractures of Polished Fatigue Specimens. 


Table IV 


Coefficients of Thermal Expansion of Ti-150-A, RC-130-B and 
Commercially Pure Titanium (4) 











Titanium————_, — Ti-150-A—.-. ———RC-130-B—__, 
Temp. Coefficient Temp. Coefficient Temp. Coefficient 

x inches/inch/°C ~~ inches/inch/°C = { inches/inch/°C 
Sy cam oa ao 20 10.6 X 10-6 20 16.7 « 10-4 
seu tee Eg wae 0 10.0 xX 10-6 0 13.7 K 10 
—23 10.0 « 10-6 —20 9.6 x 10-4 —20 12.7 x 10-4 
Pee tie On aiee <u —40 8.9 K 10-4 —40 11.6 x 10-4 
—73 9.3 x 10 —60 8.5 x 10-4 —60 10.9 K 10-6 
i beets ces —80 8.0 x 10% —80 9.9 x 10-4 
—123 6.7 K 10-* —100 7.7 X 10 —100 9.4 & 10-4 
Gage Rea —120 7.4% 10-* —120 8.9 K 10-4 
—173 4.0 x 10 —140 6.2 K 10-4 —140 7.7 X 10-4 
ioe oo oie —160 5.2 x 10-6 —160 6.7 X 10-4 
—223 2.0 X 10-4 —180 4.8 X 10 —180 5.7 X 10-4 
Lal esc pala phe —200 4.0 X 10-4 —200 5.3 X 10-* 














of all those observed during fatigue tests of both materials. The 
fracture at the left is jagged and rough, and the conchoidal markings 
which define the progress of the crack are clearly visible. The frac- 
ture at the right occurred in more than half of the specimens tested, 
and is characterized by a very smooth fracture surface and a sym- 
metrical ridge parallel to the neutral plane of stress. Specimens show- 
ing higher-than-average fatigue strength had the smooth fracture 
surface, while specimens of below-average strength fractured as 
shown at the left in Fig. 10. It is thought that segregation or band- 
ing in the axial direction of the rods was responsible for this phe- 
nomenon, since some segregation was observed during polishing of 
hardness test surfaces. 

Fig. 11 is a photograph of unusual impact fractures encountered 
in both alloys at the temperature of liquid nitrogen. Specimens which 
broke in this manner showed high impact strength when compared 
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Fig. 11—Unusual Impact Fractures Encountered at —320 °F (—196 °C). 





Fig. 12—Unusual Tensile Fractures Encountered at —320 °F (—196 °C). 


with other specimens of the same material broken at the same tem- 
perature. Apparently this phenomenon is also caused by segregation 
on a macroscopic scale. 

The tensile fractures illustrated in Fig. 12 occurred at —321 °F 
(—196°C). The specimen at the left is RC-130-B and the one at 
the right is Ti-150-A. The chips shown at the top of the photograph 
fit between the fractured ends, and many other much smaller chips 
were lost. The materials seemed to fracture with almost explosive 
violence at —321 °F (—196 °C), implying that more than one crack 
was responsible for failure. No explanation can be offered for such 
behavior, except to say that both materials were very brittle at the 
temperature of liquid nitrogen. 


SUMMARY 


Fatigue, tensile and dilatometric tests were made at temperatures 
from 77 to —321 °F (25 to —196 °C) on two titanium-base alloys, 
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Ti-150-A and RC-130-B. Impact and hardness tests were performed 
at temperatures down to —423 °F (—253 °C). 

Fatigue tests using both polished and notched specimens were 
run at room temperature, at —108 °F (—78°C), and at —321 °F 
(—196 °C). The endurance limits of both alloys were raised at low 
temperatures, but RC-130-B showed the greater increase percentage- 
wise. Ti-150-A suffers a greater loss in fatigue strength as a result 
of notching than RC-130-B, but Ti-150-A has a substantially higher 
fatigue strength at all test temperatures. 

Ti-150-A had slightly higher yield and ultimate strengths than 
RC-130-B except at the temperature of liquid nitrogen, —321 °F 
(—196 °C) ; at this temperature, RC-130-B showed a slight gain in 
yield and tensile strength. Elastic moduli of both materials increased 
at low temperatures, the increase being greater in Ti-150-A. Elonga- 
tion and reduction of area were decreased at low temperatures, and 
there was an increase in notch sensitivity as the temperature was low- 
ered to —321 °F (—196 °C). 

Absorbed energy values, in impact tests, of both alloys were 
low at all temperatures, considering their tensile strengths, but. there 
was a considerable decrease as temperature was lowered below room 
temperature. 

RC-130-B is slightly harder than Ti-150-A at all temperatures. 
The hardness of both materials was increased about 107% at the tem- 
perature of liquid hydrogen, —423 °F (—253 °C). 

Dilatometry revealed that the thermal expansion coefficient of 
RC-130-B is greater than that of Ti-150-A over the range from room 
temperature to —321 °F (—196°C). Thermal expansion decreases 
markedly as the temperature is lowered. 
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DISCUSSION 


Written Discussion: By Edward Dugger, materials engineer, Wright 
Air Development Center, Wright-Patterson Air Force Base, Ohio. 

The authors of this paper are to be congratulated on their investiga- 
tion of a material which is being considered for many aircraft applications 
and on which much information is needed. 

It has been the privilege of this writer to cooperate with the authors 
in their study. The purpose of this discussion is to make a few supple- 
mentary remarks not covered by the paper and to compare some of the 
results of the investigation on the two titanium alloys with other materials. 

Notch sensitivity of titanium alloys has been the subject of consider- 
able discussion and, in general, both notched tension and notched fatigue 
tests have been used in an attempt to establish the notch sensitivity of 
materials. Notched tension and notched fatigue tests on these titanium 
alloys have resulted in apparently contradictory results relative to*notch 
sensitivity effects at low temperatures when compared to results obtained 
on other metallic materials investigated under the same conditions of test. 
These other materials included 24S-T4 and 75S-T6 aluminum alloys, AZ31 
magnesium alloy, commercially pure titanium and several steels used in 
structural aircraft applications ranging from 150,000 to 230,000 psi tensile 
strength. 

In tension, these materials (a) increase in the notch strength as the 
temperature decreases and (b) the notch strength at —321°F (—196 °C) 
is greater than the unnotched strength and the ratio of the notched to 
unnotched strength increases as the temperature decreases. The two tita- 
nium alloys do not follow either of these patterns and, in this respect, act 
in the same manner as SAE 4340 steel heat treated to 230,000 psi, which 
was the single previous exception of the materials so investigated. The 
“nonconformity” of RC-130-B and Ti-150-A, coupled with the low elonga- 
tion and reduction of area values for the notched tensile tests, tends to 
substantiate the adverse notch sensitivity of these materials. It might also 
be pointed out that the notch tensile strengths of the two alloys at —321 
°F (—196 °C) are less than for commercially pure titanium. 

In fatigue, on the other hand, the two alloys appear to compare favor- 
ably with the other materials in notch sensitivity at —321°F (—196 °C). 
At that temperature, the ratio of the notched to unnotched endurance 
limit (at 10° cycles of stress) for both alloys is greater than the same ratio 
for the materials previously mentioned, since there is less percentage de- 
crease in the notched endurance limit of the titanium alloys at that temper- 
ature as compared to the other materials. Of more importance is the fact 
that the notched endurance limit of these two materials at —321 °F (—196 
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°C) is appreciably greater than the endurance limit of the other materials 
thus investigated. 

Using the notch sensitivity index “q” as given in the ASM Merats 
Hanpsook for twelve materials or conditions so investigated at —321 °F 
(—196 °C), Ti-150-A and RC-130-B are the second and fourth least notch 
sensitive materials respectively at 10’ cycles of stress and rank better than 
commercially pure titanium in this respect. At the higher stress levels 
(lower cycles of stress to failure, i.e. 10° and 10‘) these materials are ap- 
proximately in the middle of the range with the Ti-150-A being the better 
of the two at any cycles of stress at that temperature but lower than com- 
mercially pure titanium. In addition, at generally all stress levels, these 
titanium alloys improved in their relative standings to the other materials 
from 77 to —321 °F (25 to —196 °C). 

The authors have commented on the higher notched fatigue strengths 
at 77 °F (25°C) as compared to —321 °F (—196 °C) at high stresses. It is 
noted that this parallels the pattern found on steels above 150,000 psi 
tensile strength and having the same notch geometry. 

The significance of the notch sensitivity difference as shown by the 
tensile and fatigue tests is not clear at this writing insofar as the use of 
the material is concerned. It is apparent, however, that these properties 
will necessitate more consideration than is now given to other materials. 

Written Discussion: By L. R. Frazier, Metallurgy Section, Thomson 
Laboratory, General Electric Co., West Lynn, Mass. 

We felt that the work reported was a valuable contribution to the 
technology of titanium, particularly for the RC-130-B alloy. We felt that 
an unfortunate choice was made in the particular lot of Ti-150-A alloy. 
To be representative of the Ti-150-A alloy the investigation should have 
been made on a lot having 15 to 20% elongation at 77°F for rolled bar or 
12 to 17% for a typical forging. The low elongation of the material used, 
6.5%, either masks a transition at lower temperatures or is reflected in 
lower-than-typical low temperature values throughout the work on Ti-150-A. 


Authors’ Reply 


The authors are grateful to Mr. Dugger for his pertinent comments on 
the test results and his interesting discussion of notch sensitivity. 

Mr. Frazier’s point concerning the ductility of the Ti-150-A alloy is 
well taken, and it is admitted that the lot which was used in these tests 
may not be representative of the material which is being produced at the 
present time. The order was placed in May 1951 and included a request 
for a typical lot of material. The manufacturer later informed the authors 


that some early heats of Ti-i50-A were substandard with regard to duc- 
tility. 





THE TITANIUM-OXYGEN SYSTEM 
By E. S. Bumps, H. D. KessLter anp M. HANSEN 


Abstract 


The partial phase diagram is based principally on 
the results of micrographic analysis of arc-melted alloys 
containing up to 30% (56 atomic %) oxygen. The dia- 
gram has the following principal features—two peritectic 
reactions: Melt +-a228, and Melt +-a=Ti0, at 1740 
and 1770°C, respectively; and a peritectoid reaction: 
a+ TiO = 83, at approximately 925°C. Alpha titanium 
has a maximum melting temperature of about 1900 °C 
at 10% oxygen. The maximum solubility of oxygen 
in beta titanium is approximately 1.8% at 1740 °C, 
whereas the solubility in alpha titanium is about 14.5% 
between 700 and 1600°C. The intermediate phase, TiO, 
extends between 20.5 and 29.5% oxygen at 1400 °C, 
and from about 23.5 to 29.5% oxygen at 800°C. The 
existence of a newly discovered delta phase was confirmed 
by X-ray studies in the composition range of the stoichio- 
metric ratios for TisO, and T1,O3. Lattice parameter 
measurements are presented for both the alpha and TiO 
phases, and hardness test results are presented for alloys 
containing up to 30% oxygen. 


INTRODUCTION 


HE titanium-oxygen system is one of great importance to the 
titanium industry. The metal oxidizes rapidly above 650 °C 
(1200 °F) ; therefore in such operations as the production of sponge 
and the melting, forging, and heat treatment of titanium above this 
temperature, oxygen must be considered as a possible source of con- 
tamination. Also, information on the constitution of the titanium- 
oxygen system is required to throw more light on the mechanism of 
oxidation and scaling. Because small additions considerably increase 
the strength of titanium, oxygen is purposely added to several 
commercial alloys. Thus, whether oxygen reacts deleteriously as a 
This paper is based on a portion of the work carried out by Armour Research Founda- 


tion for the Wright Air Development Center, Materials Laboratory, under Contract No. 
AF 33(038)-8708. 


A paper presented before the Eighth Western Metal Congress of the Soci- 
ety, held in Los Angeles, March 23 to 27, 1953. Of the authors, E. 5. Bumps 1s 
metallurgist, Studebaker Corp., South Bend, ind.; H. D. Kessler is supervisor, 
Nonferrous Metals Research; and M. Hansen is chairman, Metals Research, 
Armour Research Foundation, Chicago. Manuscript received April 1, 1952. 
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contaminant or beneficially as an alloy addition, knowledge of the 
titanium-oxygen phase relationships can help solve many of the 
problems related to the development and application of the metal 
and its alloys. 

The literature contains several papers concerning the compounds 
existing in the titanium-oxygen system (1-4). The bulk of this 
information is concerned with chemical and structural identification 
of the following phases: 

1. TiO, having a crystal lattice of the NaCl type with a melting 
point of 1750 °C (3180 °F). 

2. TigOs3, having a corundum-type crystal lattice. 

3. TiOes, which has the following naturally occurring modifica- 
tions: rutile and anatase I and II, which are tetragonal; brookite, 
which has an orthorhombic structure and melts at 1900 °C (3450 °F). 

Ehrlich determined the phases present in the system up to the 
composition of the dioxide TiOs, and their approximate ranges of 
homogeneity (2, 3, 4). These data were obtained by X-ray analysis 
of samples prepared by sintering mixtures of titanium with TiO and/ 
or TiOe at 1500 to 1600 °C (2730 to 2910 °F) in vacuum, followed 
by furnace cooling and a two-day anneal at 750°C (1380°F). 

Ehrlich showed that approximately 12.5 weight % oxygen (30 
atomic %) is soluble in alpha titanium. The first intermediate phase, 
TiO, was shown to have a homogeneity range from 17 to 29.3 weight 
% (38 to 55.5 atomic %) oxygen. The next intermediate phase, 
based on the composition TisO3 (33.3 weight % O), was stable be- 
tween 32.5 and 34.5 weight % (59.3 and 61.3 atomic %) oxygen. 
A new phase, having a heavily distorted rutile lattice, was placed be- 
tween 36 and 37.2 weight % (63 and 64.2 atomic %) oxygen. The> 
lower limit of TiOz (40 weight % O) was located at 38.7 weight % 
(65.5 atomic %) oxygen. 

The phase relationships in titanium-rich alloys containing up to 
1 weight % (3 atomic %) oxygen have been studied by Jaffee, 
Ogden and Maykuth (5) by micrographic analysis of annealed and 
quenched alloys. They found that the a/8 transformation tempera- 
ture is raised with increasing oxygen content. 

Studies of the effects of small oxygen additions on the mechani- 
cal properties of iodide titanium have been published by Jaffee and 
Campbell (6), Findlay and Snyder (7), and Jaffee et al (5). It 
was reported that oxygen refines the structure, making the plates of 
alpha titanium smaller and the Widmanstatten pattern more regular. 
This was also confirmed by Sutcliffe (8). 

Using X-ray diffraction and micrographic methods, Worner (9) 
confirmed Ehrlich’s value of approximately 12.5 weight % (30 atomic 
%) oxygen being soluble in alpha titanium. He also observed that 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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oxygen additions increased the transformation temperature. More 
recently, Jenkins and Worner (10) established the limits of the a + £8 
region up to 1.7 weight % oxygen (5 atomic %) by means of meas- 
urements of thermoelectric power at various temperatures, and veri- 
fied their results by micrographic analysis. 


EXPERIMENTAL PROCEDURE 
Preparation of Alloys 


The alloys were prepared by the water-cooled copper block, 
tungsten electrode arc melting method described in a previous paper 
(11). The charges consisted of %-inch sections of iodide titanium 
(99.94+-% pure) previously rolled to ;4-inch sheet, and ™%-inch 
lumps of fractured compacts of high purity TiO. (99.94+-% pure). 
It was found that by proper placing of the charge in the copper block, 
the are (previously started against the tungsten insert) could be 
easily transferred to the charge. Even pure TiOs could be melted 
by this method. Weight losses were not used as a basis for judging 
the possible variance in composition on melting, because ingots of 
the brittle high-oxygen alloys spalled badly when the are was struck 
during the remelting operations. However, analytical results? for 
a number of alloys (see Table 1) showed good agreement with nom- 


Table I 
Chemical Analysis of As-Cast Titanium-Oxygen Alloys 


Nominal Analyzed 


Heat No. % Oxygen % Oxygen 
1198 3.0 wae 
1199 4.0 a3 
1208 10 9.9 
1212 14 14.0 
1213 15 15.5 
1215 17 16.4 
1217 19 18.5 
1218 20 20.1 
1219 21 21.6 
1222 24 23.7 


inal compositions. As these values are well within the accuracy of 
the analytical results, the phase diagram as presented is based on 
nominal compositions. Alloys were prepared having the following 
nominal oxygen contents: 0.2, 0.4,40.6, 0.8, 1 . . . 40 (1% 
increments ). 

The color variations shown in Table II were recorded by visual 
observation of the as-cast surface of the ingots. 

Annealing Treatments—Annealing treatments consisted of seal- 
ing samples in Vycor or quartz capsules, heating to temperatures 
ranging from 700 to 1500 °C (1290 to 2730 °F), followed by water 





by difference using the liquid amalgam reduction method developed by the 
Nation Pend pany. <> 





ae ey 





1953 TITANIUM-OXYGEN SYSTEM 1011 


Table Il 
Appearance of Titanium-Oxygen Alloy Ingots 





Composition 








Range, % O Color 
1--i1 Shiny metallic luster (silvery) 
12-19 Dull metallic luster (silvery) 
20-21 Dull metallic luster (possible tinge of yellow) 
22-30 Shiny metallic luster changing from tinge of yellow at 22% to deep gold 
at 30% oxygen 
31-33 Shiny metallic luster changing from gold to purple (mixture) with in- 
creasing oxygen contents 
34-36 Frangible shiny shell rubbed off easily, leaving dull nonmetallic purple 
substance 
37-38 Nonmetallic blue 
39-40 Bluish rutile luster (almost metallic) 
Table Ill 
Annealing Conditions for Titanium-Oxygen Alloys 
Annealing Time, 
Temperature, °C Hours Container Atmosphere 
700 300 Vycor Vacuum 
800 120 Vycor Vacuum 
800 500 Vycor Vacuum 
900 70 Vycor Vacuum 
900 24 Vycor Vacuum 
950 72 Vycor Vacuum 
1000 24 Vycor Vacuum 
1100 24 Quartz Argon 
1200 4 Quartz Argon 
1300 i Quartz Argon 
1400 2 Quartz Argon 
1500 4% Quartz Argon 


quenching (see Table III).: Short-time annealing treatments at 
1600 °C (2910 °F) and above were accomplished by heating a series 
of samples in a molybdenum sheet container in a high frequency 
induction furnace under vacuum conditions and quenching onto a 
water-cooled brass plate at the bottom of the furnace. The temper- 
ature control at these high temperatures was of the order of +25 °C. 
The rate of heating varied considerably with the age of the tantalum 
heater of the furnace, with an approximate average rate of 20°C 
per minute in the temperature range 1500 to 1900 °C (2730 to 3450 
°F). At these high temperatures, the holding times were quite short 
and were limited by the accuracy of control of the induction unit. 
Therefore, the metallographic results obtained on samples treated 
above 1500 °C (2730°F) may not be as accurate as those at lower 
temperatures. The accuracy is restricted by the short heating times 
(questionable equilibrium conditions ) and limited temperature control. 

it had been suspected that titanium-oxygen alloys lose oxygen at 
elevated temperatures. A check was made to verify this by weighing 
samples before and after annealing. This was done for a complete 
series of alloys from 1 to 40% oxygen annealed at 1200 and 1400 °C 
(2190 and 2550 °F) for 4 hours and 1 hour, respectively. Weight 
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losses after annealing at these temperatures varied from 0 to 3% 
of the total weight of the specimen with no apparent correlation with 
the composition of the alloy. This same amount of weight loss was 
obtained for unalloyed titanium control samples included with the 
series. It was concluded from these data that little, if any, oxygen 
was lost during annealing treatments up to 1400 °C (2550 °F), under 
the conditions of testing used. 

A further and more conclusive check of possible oxygen losses 
at elevated temperatures was made by X-ray diffraction methods. 
Diffraction patterns for 5, 7, and 11% oxygen alloys quenched from 
1850 °C (3360 °F) showed identical lattice parameter measurements 
for the same series of alloys quenched from 900 °C (1650 °F). 

Melting Range Determinations—Solidus data were obtained by 
incipient melting techniques (11, 12) and by the metallographic 
examination of alloys annealed as described in the previous section. 
The accuracy of the incipient melting data, which were obtained by 
observing the first visual indications of melting using an optical 
pyrometer, is estimated to be +25 °C. 

X-Ray Diffraction Techniques—Lattice parameters were deter- 
mined for the alpha solid solution and the intermediate phase, TiO. 
The structure of a newly discovered phase, delta, was also investi- 
gated. The diffraction patterns were taken with a 14-centimeter 
diameter Debye-Scherrer powder camera, using filtered characteris- 
tic copper radiation. Specimens were prepared by crushing and 
screening through a 200-mesh screen. Exposure times of about 
4 hours were used, and the parameters were obtained by the solution 
of simultaneous equations for the spacings of the six high angle lines. 
The accuracy of the data is about +0.005 A. 


DISCUSSION OF RESULTS 


The Phase Diagram—The phase diagram as presented in Figs. 
1 and 2 was determined by micrographic analysis of alloys containing 
between 0.2 and 30.0 weight % oxygen, annealed at and quenched 
from temperatures between 700 and 1850°C (1290 and 3360 °F). 
In addition, solidus determinations and X-ray diffraction analyses 
were used to study portions of the system. 

Structural Characteristics—Mictoscopic studies involved the 
evaluation of both etched and unetched structures as revealed by 
means of ordinary reflected light and polarized light, respectively. 
Typical microstructures illustrating various phase fields depicted in 
the diagram are shown in Figs. 3-13. 

Illustrations of structures characteristic of alloys quenched from 
the beta field are shown in Figs. 3 and 4. A 0.2% oxygen alloy 
quenched after 48 hours at 950°C (1740°F) revealed a serrated 
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Fig. 1—Partial Phase Diagram of the Titanium-Oxygen System. 


alpha transformation structure, as shown in Fig. 3. Specimens 
quenched from the beta field but with compositions nearer the B/a-+ 6 
boundary showed a basket-weave type of transformation structure 
(Fig. 4). This transformed beta structure was coarser, the higher 
the temperature of the treatment. 

Microstructures of alloys quenched from the a+ 8 field are 
shown in Figs. 5 and 6. At 1000 °C (1830 °F), the amount of alpha 
phase in a 1.0% alloy was estimated as approximately 30%. The 
a-+ 8 structure, as shown in Fig. 5, indicates that the white alpha 
phase was present at the temperature of treatment and the dark 
structure in the interstices was formed by the transformation of the 
beta phase during the quench. Aside from extensive growth of 
constituents, the high temperature a-+ 6 structures (Fig. 6) are 
similar to those of alloys quenched from the lower temperature. The 
structure of the alpha phase of a 12% oxygen alloy quenched from 
1200 °C (2190 °F) is shown in Fig. 7. 

The a+ TiO mixture is characterized by banded twin-like 
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structures. Near the a/a-+ TiO phase boundary small patches of a 
banded structure were observed in the alpha titanium matrix (Fig. 8). 
The structures of alloys containing 16 to 18% oxygen consisted almost 
entirely of plate-like bands, as shown in Figs. 9 and 10. On the basis 
of Ehrlich’s (3) investigations and X-ray diffraction studies carried 
out in connection with this work, the banded structure was inter- 
preted to be a mixture of the alpha phase and TiO. Annealing at 
1700 °C (3090 °F) coarsened the structure considerably (Fig. 10), 


Atomic % Oxygen 
2 4 6 8 10 i2 14 16 


1200 


Temperature °C 


1100 


1000 


o- One Phase 


900 xx ° x-Phase Mixture 
885 





800 
02 06 | 2 3 4 = 6 
Weight % Oxygen 


Fig. 2—Titanium-Rich Portion of the Titanium-Oxygen System. 


but there was no tendency for the phases to coagulate. At higher 
oxygen contents, the amount of the banded structures decreased, with 
the last traces of alpha showing up at the grain boundaries. 

The twin-like structure of the a-+-TiO alloys is very similar to 
the banded a-+« structure in copper-silicon alloys investigated by 
Smith (13), who advanced a theory of matching crystallographic 
planes to account for the unusual stability of this structure. Calcu- 
lations along this line were made from lattice parameter measure- 
ments of the titanium-oxygen system. 

When a face-centered cubic precipitate is rejected from the hex- 
agonal close-packed matrix, the information available suggests that 
the crystallographic relationship is such that the {0001} planes of 
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Fig. 3—A 0.2% Oxygen Alloy Quenched After 48 Hours at 950°C (1740 N2: 
Showing a Serrated Alpha Transformation Structure. Etchant: 20% HF, 20% HN 
in glycerine. X 150. 


Fig. 4—A 1.0% Oxarn A Alloy _eenmet After 4 Hours at 1200°C (2190 °F); 


Structure Reveals a Typical Basket-Weave Type of Transformation Structure. Etchant: 
20% HF, 20% HNOs in glycerine. X 150. 


Fig. 5—A 1.0% O xygen Alloy Quenched After 24 Hours at 1000°C (1830 °F); 
Structure Shows Approximately 33% a in Transformed Beta Matrix. Etchant: 
20% HF, 20% HN Set acca xX 150. 


Fig. 6—A 3.0% Oxygen Alloy Quenched From 1700°C (3090°F); Structure 
Shows Duplex Alpha (White). Plus Transformed Beta (Dark). Note the ‘large grain 
growth. Etchant: 20% HF, 20% HNOs in glycerine. X 75. 
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Fig. 7—A 12% Oxygen Alloy Quenched After 4 Hours at 1200°C (2190 °F). 


Structure shows polyhedral grains of alpha titanium solid solution. Polarized light, 
unetched. X 75. 


Fig. 8—A 15% Oxygen Alloy Quenched After 4 Hours at 1200°C (2190 °F). 
Structure shows patches of a banded alpha plus TiO phase mixture in a titanium solid 
solution matrix. Polarized light, unetched. x 75. 

Fig. 9—A 17% Oxygen Alloy Quenched After 4 Hours at 1200°C (2190 °F). 


Nearly 100% twinned structure of a two-phase mixture of alpha plus TiO. Polarized 
light, unetched. X 75. 


Fig. 10—A 17% Oxygen Alloy Quenched From 1700 °C (3090°F). Coarse banded ( 
structure characteristic of the alpha plus TiO field. Polarized light, unetched. X 75. : 


{RRM a 
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Fig. 11—A 20% Oxygen Alloy Quenched After 500 Hours at 800°C (1470 °F). 
Delta precipitate in matrix of partially decomposed banded structure and lamellar areas 
mostly in grain boundaries. 20% HF, 20% HNOsz in glycerine. X 250. 


Fig. 12—A 19% Oxygen Alloy Quenched After 24 Hours at 1000°C (1830 °F). 
gas Sener alpha and the banded alpha plus TiO matrix. 20% HF, 20% HNOsz in 
glycerine. XX 750. ." 


Fig. 13—A 19% Oxygen Sample Initially Treated as the Specimen of Fig. 12, Then 
Subsequently Annealed at 800 °C (1470 °F) for 168 Hours. Grain boundary pha (gray) 
having reacted with the TiO of the banded structure to give a delta rim (white). Also 
delta precipitated in the matrix. 20% HF, 20% HNOsz in glycerine. X 750. 


Fig. 14—A 29% Oxygen Alloy Quenched After 4 Hours at 1200°C (2190 °F). 
Polyhedral grains of TiO p 20% HF, 20% HNOs in 60 glycerine. xX 150. 
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the matrix face the {111} planes of the precipitate. Whether this 
condition actually obtains in the precipitation of TiO from alpha can- 
not be easily verified, but certainly it is a reasonable assumption. 
The atomic array in both (0001) and (111) planes follows hex- 
agonal close packing. The interatomic distance in the (0001) plane 
of the alpha phase at saturation has been measured as 2.955 A. If 
one considers the NaCl structure of TiO to be two interlocking face- 
centered cubic structures of titanium atoms and oxygen atoms, the 
interatomic spacing of the titanium atoms on the (111) planes is 
0.707a A. From the lines of TiO in the phase mixture of a + TiO, 
the lattice parameter of the TiO was calculated to be 4.176 A. 
Accordingly, the interatomic spacing of the titanium atoms on the 
(111) plane is 2.952 A. This corresponds very closely to the atomic 
spacing in the (0001) planes of alpha. The degree of disregistry is 
about 0.1%. Therefore, it would appear that Smith’s explanation 
for the origin of the stable banded structure is applicable to the case 
under discussion. 
If the above explanation for the formation of the banded struc- 
ture is accepted (i.e., the precipitation of a face-centered cubic phase 
from a hexagonal close-packed solid solution), the phase diagram 
should show the a/a-+- TiO boundary curving toward higher oxygen 
contents and intersecting the peritectic horizontal at a greater oxygen 
concentration than is obtained at lower temperatures. Actual data 
points at 1600, 1700, and 1750 °C (2910, 3090, and 3180 °F) do not 
indicate such curvature of the a/a-+ TiO boundary; but it is quite 
possible that the alpha phase could not be retained on quenching 
from these higher temperatures. 
It should be noted from Fig. 1 that the boundary between the 
a-+-- TiO and TiO phase fields is broken and does not correspond 
perfectly with the metallographic data. For this boundary to cor- 
respond with the data points above approximately 925 °C (1695 °F ) 
would require a large inflection between 1000 to 1200°C (1830 to 
2190°F). Such a bend in this line would not seem theoretically 
justifiable. As it was difficult to metallographically identify the ) 
composition at which the last trace of alpha disappeared, the phase ) 
boundary has been placed as indicated in Fig. 1, and no great accu- 
racy is claimed in this region of the diagram. ; 
The phase diagram (Fig. 1) indicafes the presence of the hith- 
erto unknown delta phase at approximately 18 to 20% oxygen below 
925 °C (1695 °F). Only traces of this phase were observed in the 
18, 20, and 22% oxygen alloys annealed at 900 °C (1650°F). After 
annealing at 800°C (1470°F) for 120 hours, the amount of delta 
phase increased from a small quantity in the 15% alloy to more than 
20% in the 19 and 20% oxygen alloys, and subsequently decreased 
until no trace was found in the 24% oxygen sample. Treatment for 
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500 hours at 800°C (1470°F) increased the size of the massive 
delta phase and extended the area covered by the surrounding lamel- 
lar precipitate. The banded structure decomposes with the appear- 
ance of the delta phase at 800 and 900°C (1470 and 1650°F). 
Fig. 11 is presented to show the appearance of the new phase as re- 
vealed in a 20% oxygen alloy annealed at 800 °C (1470 °F). 

Figs. 12 and 13 give evidence that the delta phase is formed by 
the peritectoid reaction, a+ TiO més. Fig. 12 shows the banded 
a-+ TiO structure of a 19% oxygen alloy with alpha phase in the 
grain boundaries. This sample was treated above the peritectoid 
temperature and showed no trace of decomposition. The grain 
boundary alpha constituent was rejected from the supersaturated cast 
alloy during the 1000 °C (1830 °F) annealing treatment. Upon re- 
annealing the above sample at 800°C (1470°F) the alpha in the 
erain boundaries reacted with TiO giving a delta phase reaction rim, 
see Fig. 13. The peritectoid reaction was also nucleated within the 
lamellar matrix with the formation of many irregularly shaped white 
areas of the delta phase. The composition range in which the delta 
phase occurs includes the stoichiometric ratios for TigO2 and TigQs. 

Fig. 14 depicts the single-phase TiO structure of a 29% oxygen 
alloy. Although of variable composition, this phase has been desig- 
nated as TiO because the crystal structure is based on this composition. 

The determination of phase relationships for alloys containing 
30 to 40 weight % oxygen was not attempted because most of these 
alloys were too friable to prepare by metallographic techniques after 
heat treatment. By extremely careful handling, a series of samples 
of as-cast alloys from 30 to 40% oxygen were prepared for exami- 
nation. 

A phase mixture of TiO + Ti2Q3 was observed in the as-cast 
31 to 32% oxygen alloys, while the 33% alloy appeared to be a single- 
phase, corresponding to TigO3. A mixture of TigOs + TiOe was 
revealed in 34 to 37% oxygen alloys; and the as-cast 38 to 40% oxygen 
alloys appeared to be cored single-phase structures of TiOs. These 


phases and phase ranges confirm, in general, X-ray diffraction studies 
reported by Ehrlich. 


Melting-Range Determinations 


Solidus data for this system as determined by incipient melting 
techniques are shown in Table IV, and also in Fig. 1, together with 
melting-range data obtained by annealing treatments. These results 
indicate whether the specimens were completely melted, partially 
melted, or unmelted. As shown in the diagram, the microscopically 
determined melting data are in fairly close agreement with the in- 
cipient melting results. 


The temperature of the peritectic reaction: Melt + a<£ was 


: 
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Table IV 
Melting Temperatures of lodide Titanium-Oxygen Alloys 


Weight % an Weight % Melting 


Oxygen Point, Oxygen Point, °C* 
0 1725 14 1840 
2 1750 15 1830 
3 1750 16 1780 
4 1775 18 1780 
6 1820 20 1770 
8 1 22 1765 

10 1 25 17 
11 1875 26 1770 
12 1875 27 

13 1870 30 1725 


*Accuracy of determination approximately +25 °C. 


placed between 1730 and 1750 °C (3145 and 3180 °F), because after 
annealing at 1730°C (3145 °F) the 2, 3, and 4% oxygen alloys 
show an a-+ 8 structure with no evidence of melting, whereas the 
treatments at 1750 °C (3180°F) gave microstructures showing com- 
plete melting, a + partial melting, and unmelted a, respectively, for 
the same alloys. Similarly, the peritectic temperature of the Melt 
+ a= TiO reaction was placed at 1770 °C (3220 °F) as determined 
by examination of a series of specimens which showed various 
amounts of melting at 1800 °C (3270 °F) and did not exhibit melting 
when treated at 1750°C (3180°F). Typical peritectic microstruc- 
tures were not obtained in any of the alloys at either of the indicated 
peritectics. Between the two peritectics, a maximum melting point 
of approximately 1900°C (3450°F) at 10% oxygen was obtained 
for the alpha phase. 

The incipient melting temperature for a 25 weight % oxygen 
alloy, corresponding to the theoretical composition TiO, was deter- 
mined to be 1760°C (3200°F), which is in very close agreement 
with a previously reported melting point of 1750 °C (3180 °F) (14). 

As the accuracy of the melting determinations was of the order 
of +25 °C, it was not possible to show whether TiO has a maximum 
melting temperature or melts over a temperature range. A maximum 
melting point would require a eutectic rather than the peritectic re- 
action at 1770°C (3220°F). As the data indicated a downward 
slope of the solidus line with increasing oxygen content, a peritectic 
reaction and a melting range are shown.in Fig. 1. 


X-Ray Diffraction Studies 


X-ray diffraction studies were undertaken to determine the 
structure of the intermediate phase TiO and, by means of the para- 
metric method, to check certain points on solubility boundaries as 
established by metallographic observations. 

Alpha Solid Solution—This phase possesses the hexagonal close- 
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packed structure of the low temperature allotropic modification of 
titanium. The lattice parameters as a function of oxygen content 
are presented in Fig. 15. The pronounced increase in the “c” 
parameter would tend to confirm that this is an interstitial type of 
solid solution. The fact that the “c” parameter shows a much 
greater increase than ‘“‘a” corroborates the work of Clark (15) for 
compositions of up to 0.5 weight % oxygen. 


Weight % Oxygen 


5 10 15 20 
1.64 
c/o 11.62 ¢ 
1.60 
1.58 
4 82 
4.80 
478 
4.76 
c 4.74 
472 
4.70 
468 
4 66 2.98 
+ 296 ° 
2.94 
ae 





0 10 20 30 40 
Atomic % Oxygen 


Fig. 15—Lattice Parameter-Composition 
Curves for the Alpha Phase in Titanium-Oxygen 
Alloys. 


In general, there is some deviation from the results of Ehrlich’s 
work, especially at low oxygen contents. The direction of the de- 
viation points to the relative impurity of the titanium metal he used. 
From the “c” parameter of the alpha phase in the phase mixture with 
TiO as quenched below 900 °C (1650 °F), the saturation composition 
of alpha was determined as 34 atomic % (14.5 weight %) oxygen. 
This is in exact agreement with the value established by metallo- 
graphic examination. 

The Intermediate Phase, TiO—Ehrlich has reported this phase 
to have a cubic structure of the NaCl type. This was confirmed by 
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Weight % Oxygen 
18 20 22 24 26 28 





40 42 44 46 48 50 52 54 
Atomic % Oxygen 


Fig. 16—Lattice Parameter-Composition Curves for the TiO Solid Solu- 
tion Titanium-Uxygen Alloys. 


the present work. The lattice parameter as a function of oxygen 
content is shown in Fig. 16; a simple linear relationship occurs. 
The results are quite close to those reported by Ehrlich. From 
the pattern of the alloy containing 40 atomic % (18.3 weight % ) 
oxygen, the parameter of the TiO phase was calculated to be 4.180 A. 
This places the saturation composition of TiO on the titanium side 
for 900 °C (1650 °F) at 46 atomic % (approx. 22 weight %), in 
reasonable agreement with the metallographic estimate of 23.5 
weight %. 

The Intermediate Phase Between Alpha and TiO—On long-term 
annealing of alloys containing between 15 and 23 weight % oxygen 
below 900°C (1650 °F), metallographic examination disclosed the 
presence of a new phase tentatively named delta. Diffraction pat- 
terns of these structures showed a large number of new faint lines 
which could not be accounted for by either alpha or TiO. Although 
the determination of the structure of a new phase is best performed 
when the phase has been isolated, this was not possible. As an alter- 
native, which can only provide tentative results, the extra lines were 
examined as a group. It was found possible to index all but one of 
these lines on a Hull-Davy chart for the tetragonal system. The 
lattice parameters calculated for this tetragonal lattice are: c= 
6.645 A, a = 5.333 A, c/a = 1.246. The measure of success in re- 
lating calculated to observed spacings is shown in Table V. The 
check is quite close. 
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Table V 

Summary of Observed and Calculated Data on the Delta Phase 

Observed 

Intensity hkl dobserved dealculated 
vw 112 2.474 A 2.493 A 
vw 120 2.373 2.385 
vit ? es he St) hE oe eae 
vit 202 2.058 2.079 
ft 220 1.874 1.885 
vvit 221 1.805 1.814 
vw 301 1.716 1.717 
vvit 004 1.655 1.661 
vw 223 1.432 1.435 
vw 204 1.414 1.410 
vvft 303 1.386 1.386 
vvit 105 1.293 1.289 
vw 115 1,242 1.253 
vvit 304 1.219 1.214 
vit 240 1.191 1.193 
it 324 1.102 1.104 
it 502 1.014 1.016 
ft 334 0.9999 1.002 





vw =very weak. 
ft =faint. 
vft =very faint. 
vvft =very very faint. 
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Fig. 17—-Vickers Diamond Pyramid Hardness Versus 
Oxygen Content. 


Hardness Determinations 


Vickers pyramid hardness data (5-kg. load) for alloys with from 
0.2 to 30% oxygen are presented graphically in Fig. 17. Two curves 
are shown, one representing the hardness of as-cast alloys and the 
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other, the hardness of a series of alloys annealed at 1000°C 
(1830 °F). 

The hardness curves show an increase from approximately 170 to 
950 and 1100 Vickers in the alpha solid solution range of 0.2 to 13% 
oxygen. The impressions in specimens of this range of composition 
were of uniform shape, despite cracks and chipping due to brittleness, 
which usually accompanies extremely high hardness. On the other 
hand, impressions in specimens in the 14 to 20% oxygen range of 
composition were surrounded by deformation bands. This evidence of 
ductility supports the drop in hardness for alloys which microscopi- 
cally revealed the banded a + TiO phase mixture. From 20 to 30% 
oxygen, hardness again increases to extremely high values. 


SUMMARY 


The titanium-oxygen phase diagram has the following features: 
A peritectic reaction: Melt + a2 8, between 1 and 5% oxygen, 
at approximately 1740 °C (3165°F). <A second peritectic reaction: 
Melt + a = TiO, between 14.5 and 20.5% oxygen at approximately 
1770 °C (3220°F). A peritectoid reaction: a+ TiO = 8, between 
14.5 and 23.5% oxygen at approximately 925°C (1695°F). The 
alpha phase exhibits a maximum melting point of approximately 
1900 °C (3450 °F) at about 10% oxygen. The solubility limit of 
oxygen in alpha titanium is approximately 14.5% oxygen from 800 
to 1700 °C (1470 to 3090 °F). The lattice parameters of the alpha 
solid solution increase with increasing oxygen content. X-ray dif- 
fraction patterns for the TiO phase indicate a cubic structure of the 
NaCl type, with a linear decrease in parameter constants with 
increasing oxygen content. Lattice parameter measurements con- 
firmed the alpha and TiO solubility limits determined by micro- 
graphic methods. The existence of the newly discovered 8 phase was 
confirmed by X-ray studies, and the structure was tentatively iden- 
tified as tetragonal. The composition range in which the new phase 
occurs includes the stoichiometric ratios for TigQO2 and TigOs. 

A marked increase in hardness was obtained with the addition 
of oxygen to titanium. The hardness curve dipped to a minimum 
for a+ TiO phase mixture alloys, and then showed a rapid increase 
for the TiO solid solution alloys. 
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DISCUSSION 


Written Discussion: By A. E. Jenkins, Commonwealth Scientific and 
Industrial Research Organization, Physical Metallurgy Section, University 
of Melbourne, Carlton, Australia. 

As part of a recent investigation into the high temperature oxidation 
of titanium now nearing completion in this laboratory, a full series of 
titanium-oxygen alloys has been prepared in a manner identical with that 
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outlined in the present paper, the alloys having been used as a basis for 
a full X-ray diffraction analysis of various products formed during the 
oxidation of titanium under different conditions. 

During the production of the alloys it was found advisable to use a 
TiOs charge which had previously been pressed and arc-melted in order 
to avoid the subsequent loss of this material. Little difficulty was experi- 
enced in producing satisfactory melts right up to the composition TiQns, 
although, as mentioned by the authors, extreme care had to be exercised 
from TisO; onward. In this range it was found that there was a tendency 
toward “wetting” the copper hearth with a consequent risk of contami- 
nating the melt. Again, there appeared to be a pronounced immiscibility 
in the liquid melts between TiO and the higher oxides because solidified 
ingots tended to show the gold-colored TiO resting in contact with the 
hearth of the furnace and surmounted by the less dense higher oxides. 
This latter point has given rise to some interest in this laboratory and is 
being further investigated. 

Did the authors notice any gas evolution during the melting of these 
high oxygen alloys, especially in those represented by the compositions 
TiO... TiO.? It is believed that there is an oxygen loss from these 
melts in the arc furnace. Pure white TiOz when heated in the arc appears 
to evolve gas, and certainly the black product obtained did not give a very 
satisfactory X-ray pattern, although one could recognize the characteristic 
rutile lines. 

Regarding the authors’ X-ray diffraction results, the somewhat un- 
expected appearance of the 5 phase is most interesting. On the other 
hand, have the authors noted any structural change in stoichiometric TiO 
as a result of heat treatment? Results from this laboratory would tend 
to indicate that some change does occur. TiO which had been produced 
in the arc furnace from refined iodide titanium and TiOzs was homogenized 
for 72 hours at 1030°C and water-quenched. A piece from the same 
original ingot was heated at 870°C for 48 hours and slow-cooled in air, 
both treatments being carried out in sealed evacuated silica tubes, the 
specimens resting on molybdenum boats. X-ray diffraction of the former 
specimen produced a sharp ideal body-centered cubic pattern giving a 
result for a = 4.180 A which is in exact agreement with the authors’ value. 
However, the X-ray pattern from the latter specimen showed a break- 
down from the original set of sharp lines into two distinct but less well- 
defined sets of lines. The patterns were those from two distinct body- 
centered cubic structures with a = 4.179 A and 4.143 A. 

The following parameters have also been determined for the rhombo- 
hedral purple-colored sesquioxide of titanium, 


a—5.454A a = 59° G’ 


The oxide sample was prepared in a similar manner to the TiO. 

Apart from these two points, the X-ray diffraction results for both 
phase boundaries and parameter changes agree very well with those ob- 
tained in this laboratory, and which will be published in the very near 
future. 

In conclusion, may I congratulate the authors on presenting this quite 
valuable and most interesting paper.- As they have stressed in their intro- 
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duction, it will fill a hitherto large gap in the ever-widening range of 
investigations connected with titanium. 

Written Discussion: By R. I. Jaffee, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors have again done the able job of phase-equilibria studies 
that we have come to expect from them, and are to be congratulated. 
There are only a few minor points that I would like to have amplified. 
The drawing of the liquidus line appears to be too high in view of the data 
points showing complete melting. Apparently, the freezing range is much 
narrower than is indicated by the dotted line. This has a bearing on the 
segregation expected in melted ingots and in weldments. It would be 
helpful if the dotted line, which admittedly indicates some uncertainty, 
were drawn with more cognizance for the data points obtained. The 
bracketing of the peritectic temperature between 1730 and 1750°C de- 
pends on the identification of liquid in the alloys containing 2 and 3% 
oxygen. However, at 1750 °C, the 4% oxygen alloy is indicated to be all 
alpha. This is anomalous, and makes one wonder how firm is the peritectic 
temperature of 1740°C. The dip in hardness in the alpha-plus-TiO field 
is most interesting. Could the authors offer some speculation about the 
cause of this, perhaps employing the “matching plane” argument used in 
discussing the banded structure of these alloys? 


Authors’ Reply 


The authors thank Dr. Jenkins for his comments and are looking for- 
ward to reading the complete results of his oxidation studies. With regard 
to the preparation of compositions between TiO and TiOs, gravity segrega- 
tion similar to that observed at the University of Melbourne was noted. 
However, as this high oxygen portion of the system was of secondary in- 
terest, no further investigation was made of the phase relationships in- 
volved on solidification of the melts. For the same reason, plus the fact 
that the ingots generally spalled badly on cooling after the melting opera- 
tion, no check was made of possible oxygen evolution during the melting 
process in the region between TiO:.. and TiQOs. 

The X-ray diffraction results for TiO reported in the paper were ob- 
tained on samples previously annealed for 72 hours at 900°C, as compared 
to the 48 hours at 870°C used by Dr. Jenkins. The X-ray pattern of the 
stoichiometric TiO showed only the ideal body-centered cubic structure of 
this phase with a= 4172A. Also, no indication of decomposition of TiO 
was observed metallographically. The authors have noted that the as-cast 
structures of alloys in the TiO region showed considerable coring. It may 
be possible that the relatively short annealing time at 870°C used by Dr. 
Jenkins was not sufficient to eliminate the coring and thus somehow ac- 
counted for the two sets of lines obtained. 

Dr. Jaffee’s comments are appreciated. The authors are certain that 
he realizes the experimental difficulties involved in obtaining accurate liqui- 
dus data for titanium-base alloys at temperatures above 1700°C. As ad- 
mitted by Dr. Jaffee, the fact that the liquidus lines were dotted indicates 
that no high accuracy is claimed for their exact location. Actually, these 
tentative phase boundaries were placed on the basis of metallographic ob- 
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servations made on all samples quenched from the melting region; there- 
fore, the authors feel justified in their interpretation of the results. 

With regard to the location of the peritectic temperature questioned 
by Dr. Jaffee, 1740 °C was selected on the basis of the six data points ob- 
tained at the 1725 and 1750 °C temperature levels. One of the three sam- 
ples at 1750 °C indicated no melting, another showed partial melting and 
the third melted completely. As two of the samples showed melting and 
the third which did not was the one immediately adjacent to the alpha 
field where it would be difficult to observe the first traces of melting, the 
authors believe they are completely justified in placing the peritectic tem- 
perature at 1740 °C. 

Regarding the dip in the hardness curve at the alpha plus TiO fteld, 
the authors agree that the phenomenon is of considerable interest. As no 
specific investigation was made of this anomaly, since the primary object 
of the study was the determination of the phase diagram, the authors 
would prefer not to make speculative comments on the cause of this 
strange change in hardness. 








THE ORDER-DISORDER TRANSFORMATION VIEWED 
AS A CLASSICAL PHASE CHANGE 


By F. N. RwINEs AND J. B. NEWKIRK 


Abstract 


The question whether order-disorder transformations 
are normal Gibbsian phase changes, or are second-order 
transformations, is reviewed by means of a re-examina- 
tion of the published evidence and by means of new re- 
sistivity and X-ray diffraction observations on copper-gold 
and copper-zinc alloys. It is concluded that all of the 
evidence, based upon equilibrium studies, supports the view 
that order-disorder transformations are normal phase 
changes.. 


T HAS BEEN asserted and widely accepted that some, or all, of 

the order-disorder transformations found in alloy systems are not 
phase changes in the classical sense, but are, instead, homogeneous 
changes of state, sometimes described as second-order transformations. 
The present paper sets forth the argument against this viewpoint, 
endeavoring to demonstrate that order-disorder transformations are 
true heterogeneous phase changes in the full sense of the classical 
meaning. 

This distinction is of critical scientific importance, because the 
two viewpoints lead to quite different predictions, with regard to the 
physical behavior of ordering systems. Among the predictions of the 
classical viewpoint (meaning the “Gibbs Phase Rule viewpoint” and 
so used throughout this paper) are some that provide an unambiguous 
basis for distinguishing between the modern and classical modes of 
behavior: First, the classical viewpoint predicts that, at equilibrium, 
the structure-sensitive physical properties undergo discontinuous 
change with temperature; where the equilibrium is u##variant, the 
property change occurs isothermally ; where the equilibrium is @var- 
iant the change occurs within a sharply defined temperature interval. 
Second, the classical” viewpoint predicts that the phases concerned 
are capable of coexistence, at equilibrium, within the temperature 
interval of transformation and should there be distinguishable as in- 
dividually homogeneous masses of finite size, separated by sharply 
defined interfaces. These characteristics, which are contrary to the 
predictions of the modern viewpoint on order-disorder transforma- 
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tions, will be used, in the argument that follows, as primary criteria 
of classical transformation. 

It will not be necessary here to describe the modern viewpoint! 
in its many ramifications, because the entire structure of modern 
order-disorder transformation theory (as distinguished from theory 
dealing with the degree of order alone) is based upon, and hence must 
stand or fall with the validity of a single fundamental concept which 
presumes that: 

“An alloy phase has two characteristics. The first is the pat- 
tern of sites occupied by atoms irrespective of their nature. Each 
phase of an alloy system has a different pattern of sites, and 
and therefore a change from one phase to another involves their 
complete rearrangement. The second characteristic is the dis- 
tribution of the atoms among these sites. This distribution may 
vary continuously, without change of phase, from being random 
at high temperatures to being partially regular at low tempera- 
ture.” 
This statement, from the works of Bragg and Williams (3), being a 
tentative proposal, was presumably not intended as a denial of the 
classical nature of the order-disorder transformation, but has been 
interpreted as such in the subsequent development of the modern 
theory. Thus, the modern viewpoint predicts a continuous change of 
the structure-sensitive properties, resulting from a continuous change 
in the atomic arrangement, such that segregation into distinct ordered 
and disordered masses is not admissible, even though equilibrium be 
maintained. 

Upon this basis it seems needless to prove that ordering occurs 
as a Classical phase change in those systems in which the ordered and 
disordered states differ in their crystal structure (although even this 
is denied by Harker’s definition). Moreover, a careful survey of the 
experimental observations that are recorded in the literature has 
shown that the distinguishing criteria for classical transformation are 
fulfilled, beyond reasonable doubt, for all systems in which a change 
in crystal structure accompanies ordering and for which the results 
of extensive equilibrium studies have been presented. Only in the 
cases of systems, such as Cu,Au and 6-brass, wherein the ordering 
transformation proceeds without any change in the pattern of lattice 
sites, does the existing information leave room for doubt concerning 
the applicability of the classical viewpoint. For this reason, the argu- 
ment presented herewith has been fortified by a careful restudy of the 
progress of equilibrium ordering in Cu,Au and 6-brass alloys. This 
study has demonstrated clearly the classical nature of the ordering 
transformation in these, as in other ordering alloys. 





1Excellent reviews setting forth the modern viewpoint in all of its detail are available 
in references 1 and 2 which are appended to this paper. 
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EVIDENCE IN SUPPORT OF THE CLASSICAL VIEWPOINT 


The temperature variation of electrical resistance has been re- 
examined in a series of copper-gold alloys near the Cu,Au composi- 
tion (Fig. 1) and in copper-zinc alloys in the B, and a + 6 and the 
6 + y ranges (Fig. 2). For these measurements, high purity alloys 
were prepared, the gold alloys by melting under argon in silica, and 
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Fig. 1—Equilibrium Resistance-temperature Curves for Four Cu-Au Alloys Neigh- 
boring Upon CusAu. It is to be noted that each curve displays two discontinuities cor- 
responding to the beginning and ending of the transformation; these bound the tem- 


perature range of the two-phase equilibrium. The peculiar form of Curve 32 in the 
transformation interval has yet to be explained. 


the brasses by melting in graphite under a cover of borax. The billets 
were homogenized and worked into wires, which, with the necessary 
electrical connections, were sealed into small glass capsules containing 
argon at low pressure. These were enclosed within holes in large alu- 
minum temperature-equalizing blocks which, in turn, were wrapped in 
asbestos and heated in electric muffle furnaces with automatic tem- 
perature control. Resistance was measured with a sensitive galvanom- 
eter and Type K potentiometer to a reproducible precision of 0.1% 
including all variables. The total temperature oscillation under .con- 
stant temperature control was, at best, about 0.3 °C ; somewhat larger 
deviations occurred at some times during the tests. Copper-gold 
specimens exhibited no detectable deterioration in 11 months of con- 
tinuous testing at temperature; copper-zinc samples exhibited a 
barely detectable permanent increase in resistance and some darken- 

ing of the glass after one month at temperature. 3 
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Fig. 2—Resistance-temperature Curves for 8-brass Alloys Taken at a Heating 
Rate of Approximately % Degree Per Minute. . Essentially identical curves are 
obtained for heating and cooling rates ranging from 10 degrees per minute to step- 
wise equilibrium observations with a dwell of 2 or 3 days at each temperature, 
but the lower break is slightly less distinct in cooling curves, and long-time 
equilibrium studies cause a slight zinc loss that tends to blur the inflections. All 
dots on the curves are data points. 


In the Cu,Au series, observations were begun at the maximum 
temperature reported and the temperature was lowered only after 

| a constant value of resistance had been found over a period of at 
\__ least 24 hours. At temperatures above that of the beginning of or- 
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dering, the steady-state resistance reading was always found by the 
time of the first reading after the new temperature was attained. 
Within the transformation range a steady state was approached very 
slowly, frequently requiring several weeks. Immediately below the 
transformation range, a steady state was reached, usually after about 
a day at temperature, but the time requirement diminished with 
lowering temperature. A period in excess of 6 months was required 
to complete a single traverse of the temperature range surveyed in 
the copper-gold alloys. 

The resistance curves shown in Fig. 1 each have two sharply 
defined inflections, the upper one of these corresponding in tempera- 
ture to the previously reported transformation temperature. The 
temperature interval between the upper and lower inflections is 
shortest for the alloy nearest the Cu,Au composition, Curve 25, and 
becomes progressively longer in alloys that are more removed from 
this composition. This interval is less than 1 °C in Curve 25, about 
8 °C in Curve 22, 7 °C in Curve 28, and 42 °C in Curve 32. 

Thus, it is evident that the temperature interval of transformation 
is nearing zero as the ideal Cu,Au composition is approached, i.e., 
there appears to be a singular composition at which the transforma- 
tion is isothermal. At compositions upon either side of Cu,Au, the 
transformation occurs within a sharply defined temperature interval. 
This is all in accord with the first criterion of classical phase trans- 
formation as set forth above. 

Transformation in the B-CuZn alloy, Fig. 2, is seen also to occur 
over a temperature interval (about 30°C). It is not expected, in this 
case, that any composition of the B-CuZn series will exhibit isothermal 
transformation, because the 50/50 atomic ratio occurs outside the 
8 field and, hence, cannot be produced for study. The behavior of 
those alloys which can be studied, being divariant, is in full accord 
with the first criterion of classical phase transformation. The behavior 
of the alloys in the a + 6 and 6 + y ranges is also normal; here the 
transformation equilibrium, involving three phases, should be univar- 
iant and should occur isothermally, as is observed. This case differs 
from that of Cu,Au mainly in its speed of transformation. Equilibrium 
is approached in the transformation range in a matter of minutes, 
instead of days. . 

Evidence that true equilibrium was attained in the resistance 
studies is to be derived from the fact that data points obtained with 
the temperature descending superimpose upon those later obtained 
with the temperature ascending. Additional confirmation is to be 
had from a group of observations in which, after a data point had — 
been established isothermally, the temperature was set far downward, 
or far upward, for brief periods, and then returned to its former level ; 
in each case, the original resistance value was eventually resumed. 





1034 TRANSACTIONS OF THE A.S.M. Vol. 45 


Published Evidence of a Discontinuous Ordering Transformation 


Resistivity Measurements—The finding of similar discontinuities 
in electrical resistance upon ordering has been reported for other 
systems, including some in which the crystal structure changes at the 
transformation. Sharp resistance discontinuities were found in AgPt 
and NiPt by Esch and Schneider (4) and in Cu,Pd by Taylor (5). 
These observations were distinguished by the care with which equilib- 
rium was established before making the measurements, a circum- 
stance by no means common to all of the resistivity studies upon 
record. Nonequilibrium resistivity measurements on CuAu and Cu,Au 
by Grube, Schonmann, Vaupel and Weber (6), on MgCd and Mg.Cd 
by Grube and Schiedt (7), and on CuPd by Borelius, Johansson and 
Linde (8), have all shown double inflections. The latter studies were 
all similar, in that the observations referred to were made with the 
temperature rising. This condition is, of course, more favorable for 
the detection of divariant transformation inflections than are observa- 
tions made with the temperature falling. It is further to be noted that, 
in every case in which a variety of compositions was examined, the 
temperature interval of transformation was smaller the closer the 
composition of the alloy to stoichiometric proportions. 

Dilatometric Observations—Another kind of evidence of dis- 
continuity in the ordering transformation is to be found in dilato- 
metric studies upon copper-gold alloys by Kurnakow and Ageew 
(9). Two sharp inflections were found in the dilatometric curve of 
each alloy examined in the composition ranges near CuAu and Cu,Au. 
A similar result was obtained by Owen and Liu (10), who measured 
the lattice parameter of Cu,Au as a function of temperature and 
found an abrupt increase in its value at the disordering temperature. 
Again equilibrium conditions have been established with care in these 
experiments. Kurnakow and Ageew permitted the volume change 
to cease at each temperature of observation before proceeding to the 
next. Owen and Liu employed annealing treatments of 6 hours, or 
longer duration, at each temperature of observation. Grube and 
Scheidt’s (7) dilatometric studies upon MgCd and Mg,Cd revealed 
sharp transformation inflections although a relatively rapid heating 
rate (1 °C per minute) was used. 


New Evidence of the Equilibrium Coexistence of Two Phases in the 
Ordering Transformation Interval 


Direct proof of the coexistence of an ordered and a disordered 
phase at equilibrium within the temperature interval of transformation 
has been found, by X-ray diffraction means, in copper-gold alloys 
neighboring upon Cu,Au. In a typical case, a wire containing 28.038 
atomic percentage of gold was stabilized at 383 + 1°C (725 °F), 
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Fig. 3—Debye-Scherrer Patterns of Alloy 28 (see Fig. 1) Brought to Equilib- 
rium at (a) 390°C (Disordered Phase), (b) 383°C (Disordered + Ordered), and 
(c) 375 °C (Ordered). Filtered copper radiation was used. Attention is directed to 
the fact that the 400, 331 and 420 reflections, which are common to the ordered 
(c) and disordered (a) patterns, do not exactly superimpose in pattern (b); these 
reflections appear in (b) "ae triple lines representing the superimposition of the Ka: 
reflection of the ordered phase upon the Kaz of the disordered phase. The order lines 
401, 411 and 421 appear as simple Ka doublets in both the ordered (a) and partially 
ordered (b) patterns. The prints have been enlarged for clarity, but have not been 
retouched beyond exposing more deeply in the region of the 331 and 420 reflections 
in (b), to bring out the resolution of these lines. 


by holding at this temperature for 352 hours and then quenching in 
ice water. With this specimen, a Debye-Scherrer pattern was made, 
using filtered CuKa,., radiation and a specimen-to-film distance of 
5 centimeters (Fig. 3b). For purposes of comparison, similar patterns 
were made from the same alloy stabilized at 390°C (735 °F) (com- 
pletely disordered), Fig. 3a, and stabilized at 375 °C (705 °F) (fully 
ordered), Fig. 3c. 

The central pattern, (b) in Fig. 3, is seen to be composed of all 
of the lines of both the disordered pattern (a) and the ordered pat- 
tern (c), showing that, at equilibrium at 383 °C (725 °F), this alloy 
is composed of two distinct states of crystalline matter, one ordered 
and the other disordered. This satisfies the second criterion of classical 
phase equilibrium and serves to differentiate between the classical and 
the modern viewpoints in favor of the former. 

That the principal face-centered cubic reflections of the ordered 
and disordered phases are separately resolved in, Fig. 3b is to be 
ascribed both to the larger lattice parameter of the,ordered state and 
to its higher gold content, which contributes a further spread between 
the two parameters. Attempts to obtain a similar differentiation be 
tween the order and disorder reflections in an alloy on the other side 
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of Cu,Au (22.066 atomic percentage gold) failed, presumably be- 
cause the disordered phase is here poorer in gold than is the ordered 
phase. In this case, the lattice parameter difference associated with 
ordering is cancelled by the opposite parameter change resulting from 
the inverted composition difference. 


Published Evidence of Ordered and Disordered Phase Coexistence 


X-Ray Evidence—X-ray diffraction demonstrations of the co- 
existence of ordered and disordered states, under equilibrium condi- 
tions, have been reported for a number of other alloy systems. Hult- 
gren and Jaffee (11), and more recently Newkirk, Geisler, Martin 
and Smoluchowski (12), have found superimposed order and dis- 
order patterns in well-stabilized alloys near the CoPt composition. 
Similar evidence has been presented for near-NiPt alloys by Esch and 
Schneider (4) and for near-CuAu alloys by Johansson and Linde 
(13). | 

Further X-ray evidence, but of a less positive nature, because 
equilibrium conditions were not clearly established, has been presented 
for the case of CuAu alloys by Gorsky (14) and by Ohshima and 
Sachs (15), and for the FePd alloys by Hultgren and Zapffe (16). 
Equilibrium studies upon copper-gold-silver alloys, near the CuAu 
composition, by Hultgren and Tarnopol (17), showed order-disorder 
coexistence, but this case is complicated by the finding of a third 
structure of doubtful stability. 

Metallographic Evidence—Probably the most unassailable metal- 
lographic evidence of the coexistence of ordered and disordered phases 
is that of Newkirk, Geisler, Martin and Smoluchowski (12), in alloys 
near CoPt. Here, a clearly defined Widmanstatten pattern of ordered 
platelets (acicular crosssection) was found disposed parallel to the 
dodecahedral planes in the disordered matrix crystal. Coincident X- 
ray evidence (quoted above) was provided to establish the identity of 
the two phases, so that there can be little doubt of the interpretation 
of the microstructure in this respect. 

A microstructure closely resembling that found in CoPt alloys 
has been reported by Haughton and Payne (18), for a near-CuAu 
alloy, quenched from a temperature just below the upper critical. No 
claim of having established equilibrium is made by these authors, and 
the observation has been challenged for this reason; but this visual 
demonstration of the existence of a sharp interface between ordered 
and disordered particles in CuAu is, nevertheless, worthy of con- 
sideration. 

Only Kurnakow, Zemczuzny and Zasedatelev (19) have claimed 
to have shown any detail in the structure of Cu,Au, and their photo- 
micrographs are far from convincing. It is interesting, however, that 
Guinier and Griffoul (20) have interpreted diffuse X-ray scattering 
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patterns of partially ordered Cu,Au as indicating the initial growth 
of platelets of an ordered phase upon the {100} planes of the dis- 
ordered matrix. Thus, if a suitable metallographic technique is found, 
it seems likely that the structure revealed in partially ordered Cu,Au 
will be seen to be composed of two separate phases. 


New Observations on the Rate of the Ordering Transformation 


When a transformation is divariant, the classical viewpoint re- 
quires that the conjugate phases differ in composition. It is apparent 
that a structural change, requiring a change in composition,.must pro- 
ceed by diffusion, which is commonly a slow process. Where particles 
of a new phase form, some kind of nucleation process must operate 
and this also may be expected to require substantial time. Hence, it 
is to be anticipated, from the classical viewpoint, that ordering trans- 
formations should be slow in the attainment of equilibrium, particu- 
larly within the temperature interval of two-phase coexistence. There 
is less basis for predicting the speed of transformation according to 
the modern viewpoint, but it seems reasonable to expect a rather high 
rate of attainment of equilibrium in a homogeneous-type transforma- 
tion, due to the short distance required for diffusion. 

In the course of the present studies, observations were made 
upon the rate of attainment of equilibrium in the Cu-Au alloys. 
Typical results are presented in Fig. 4. When the alloy nearest the 
composition of Cu,Au was first stabilized just above the transforma- 
tion temperature and was then held at a temperature midway in the 
transformation interval, it was found that its resistance did not change 
(1.e., no transformation) for several days, after which the resistance 
began to fall at an accelerating pace, then at a diminishing rate, until 
equilibrium had been attained (Fig. 4). This is typical of nucleation 
and growth transformation, even to the long induction period preced- 
ing nucleation. 

When the same alloy was held at a temperature below the trans- 
formation range, after stabilization at a high temperature, the resist- 
ance began to fall immediately and-attained a steady value within a 
few hours. In this case, no extensive diffusion is required, and the 
rate of nucleation should be greater at this lower temperature. Similar 
behavior was found in all of the other copper-gold alloys, except that 
the induction periods were generally of shorter duration in alloys 
away from the stoichiometric composition. 

With 6-brass, the transformation was found to be much more 
rapid, too rapid indeed, to permit rate studies such as those just de- 
scribed. However, with increasing rates of heating and cooling 
through the transformation range, the heating and cooling curves of 
electrical resistance are found to deviate from each other more and 
more, indicating the requirement of a significant time for the attain- 
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Fig. 4—Dependence upon Temperature of the Rate of Isothermal Trans- 
formation of an Alloy Near CusAu. A very slow approach to equilibrium is 
found when the temperature of reaction is within the range of coexistence of 
the ordered and disordered phases (solid curve), while a relatively fast rate 
of transformation is found when the temperature of the ordered alloy is 
changed directly into the range of equilibrium existence of the ordered phase 
alone (dash-dot curve). 


ment of equilibrium. It is suggested that the relatively rapid trans- 
formation of B-brass is to be associated with the comparatively low 
degree of order that exists in the ordered phase at the lower limit of 
the transformation range, i.e., the change that takes place in the 
ordering transformation is small. 


Published Observations on Rates of Ordering 


Slow rates of approach to a steady state, in the transformation 
interval, as measured by resistivity, dilatometry, diffraction line 
sharpening and mechanical tests, have been reported by a number of 
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investigators for a variety of systems, cf. (Cu,Au) Sykes and Evans 
(21), Kurnakow and Ageew (9), Siegel (22), and Borelius (23) ; 
(CuAu) Kallback et al. (24), Kurnakow and Ageew (9), Hultgren 
and Tarnopol (17); (B-CuZn) Anastasevich and Frenkel (25) ; 
(Ni,Fe) Kallback (26), and (FePd) Hultgren and Zapffe (16). 
Within the transformation interval, the rates are generally from one- 
tenth to one-hundredth as fast as above or below this temperature 
range. 

A case of rather special interest has been presented by Smith 
(27), who observed that a B-brass is hardened by quenching from a 
series of temperatures encompassing the transformation range. Soon 
after quenching, the hardness begins to decline, but the rate of its 
lowering is sharply dependent upon the temperature from which the 
metal was quenched. For quenching temperatures above that of the 
beginning of ordering, a stable low hardness value is reached within 
24 hours. Quenching temperatures below the transformation interval 
lead to a slower rate of hardness decrease; but the slowest rate, by 
far, is found in alloys quenched from within the transformation range. 

The present authors suggest that the retardation of {-brass soft- 
ening, when quenched from the transformation range, is to be asso- 
ciated with composition differences established by the formation of 
conjugate ordered and disordered phase particles in this temperature 
range. Thus, to reach the soft equilibrium state at room temperature, 
6-brass so treated must not only become fully ordered, but must re- 
establish a homogeneous distribution of its component elements by a 
relatively slow diffusion process. Samples quenched from higher and 
lower temperature need only complete the ordering reaction to arrive 
at an equilibrium state; this should be a much faster process. 


ARGUMENTS AGAINST THE CLASSICAL VIEWPOINT 
AND REBUTTAL 


The evidence and corresponding arguments set forth below in- 
clude all of the kinds of arguments known to the present authors to 
have been cited against the classical viewpoint. 

Electrical Resistance—It has been argued that, because resistance- 
temperature curves, such as those of Sykes and Evans (21) for Cu,Au 
and those of Matsuda (28) and Imai (29) for B-CuZn, exhibit a con- 
tinuous rise of the resistivity to a single inflection, at what has been 
called the critical temperature of transformation, the ordering process 
is, therefore, not discontinuous, as it should be if the classical view- 
point were correct. 

From the studies reported in the present paper, it is apparent 
that discontinuous property change can be observed in these systems 
if adequate precautions are taken to ensure equilibrium. It has been 
contended that Sykes and Evans (21) did establish equilibrium for 





—_—_— << = 
ai re 
S 


1040 TRANSACTIONS OF THE A.S.M. Vol. 45 


their measurements and it is true that these authors present a sequence 
of resistivity observations for which equilibrium was established 
isothermally and which are virtually: identical with those from which 
Curve 25 of Fig. 1 of the present paper was constructed. These 
authors chose, however, to place their faith in the results of their 
nonequilibrium measurements, made with constantly falling or rising 
temperature, and drew their conclusions accordingly. 

Resistance-temperature measurements, made with constantly 
falling or rising temperatures, do not ordinarily show the discon- 
tinuous nature of the reaction clearly, because the second inflection in 
the property curve represents the termination of a diffusion process 
which will not have come to an end unless the rate of temperature 
change is extremely slow. Heating curves are somewhat more likely 
to show both inflections, because the diffusion velocity is increased 
by overheating, thus accelerating the change toward equilibrium. 

Specific Heat—Another leading argument against the classical 
viewpoint is based upon specific heat curves, such as those obtained 
for B-CuZn by Tammann and Heusler (30), Sykes and Wilkinson 
(31), and Moser (32), and for Cu,Au and Cu,Pd by Jones and 
Sykes (33) and by Mott (34), respectively. It is argued that such 
curves are wrong for the classical transformation, because a simple 
isothermal rise and fall, representing the evolution of a latent heat 
of transformation, is presumed to be required in a classical phase 
change, and this is not observed; the specific heat is found rather to 
rise over a long temperature range to a maximum at one temperature. 

Specific heat measurements are poorly suited to the detection 
of phase equilibrium, because the experimental techniques that must 
be used lose sensitivity as the rate of heating, or cooling, becomes 
slow, while equilibrium cannot be approached in most of the order- 
ing systems (within the transformation range) unless the rate of 
temperature change is extremely slow. It is hardly to be expected, 
therefore, that specific heat curves would reveal the nature of the 
ordering transformation at equilibrium, i.e., would show either a 
latent heat evolution or the limits of divariant transformation. More- 
over, it should be appreciated that the classical viewpoint does not 
predict an isothermal latent heat evolution for alloys of the {-brass 
type, nor indeed for any alloys except*those of stoichiometric com- 
position which transform congruently. 

X-Ray Diffraction—Harker (35) has reported that certain cubic 
lines of the Debye-Scherrer pattern of CuAu broaden and resolve 
into multiple tetragonality lines during ordering at subcritical tem- 
peratures. He concludes from this that the ordering of CuAu is a 
continuous process of the modern type. 

This argument is again subject to the objection that a transfor- 
mation proceeding under nonequilibrium conditions (subcritical trans- 
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formation) is not expected, necessarily, to exhibit the same character- 
istics as one proceeding under conditions of near equilibrium. Owen 
and Sim (36) have, in fact, shown that diffraction effects, like those 
reported by Harker, are to be accounted for by a process of nuclea- 
tion and growth, through which the ordered structure is developed at 
subcritical temperatures. The line broadening, according to these 
authors, reveals the formation of very small nuclei of the ordered 
state, while the subsequent sharpening of the order lines denotes the 
growth of the fine nuclei into ordered domains of sufficient size to 
produce a sharply defined diffraction pattern. Debye-Scherrer pat- 
terns have been published (12), which provide definite X-ray evi- 
dence of the coexistence of ordered and disordered phases in Co-Pt 
alloys after an equilibrium heat treatment. 

Hysteresis—It was at one time thought that there is a real 
hysteresis in the resistivity and elastic property changes accompany- 
ing ordering (cf. Borelius and co-workers (23), and Siegel (22), 
respectively ). This would be unnatural to classical phase changes, but 
normal for second-order transformation. Sykes and Evans (21), 
showed that the so-called “hysteresis” in Cu,Au diminishes with a 
decreasing rate of transformation and is therefore unreal. Others 
have verified this conclusion with regard to other ordering systems. 
No further rebuttal of this point is required. 

It will be recognized that the “false hysteresis” is nothing more 
than the inevitable chemical segregation effect accompanying non- 
equilibrium phase change. 

Microstructure—The lack of positive microstructural evidence 
of the coexistence of an ordered and a disordered phase in such alloys 
as B-CuZn and Cu,Au has occasionally been cited against the classical 
viewpoint. Kaya and Kussman (37) comment to the effect that the 
ordering of Ni,Mn must be regarded as a continuous process, because 
no detectable change in microstructure accompanies ordering in this 
instance. It hardly seems necessary to point out that such negative 
metallographic evidence must always. be inconclusive, because there 
remains the possibility that some untried metallographic technique 
would have reversed the conclusion. 

Analogy With Established Second-Order Transformations— 
Several investigators, including Tammann and co-workers (30), 
Potter (38) and Moser (32), have pointed out the similarity between 
the specific heat and resistivity curves of B-CuZn and those of iron 
and of nickel near the Curie points of these metals. It is inferred 
by analogy that, since the magnetic transformation is of the second 
order, the order-disorder transformation must be likewise. A parallel 
argument has been presented by Fowler (39), comparing the prop- 
erty changes accompanying ordering with those observed in certain 
halide crystals, which exhibit a “Curie temperature”, associated with 
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the change of vibration and rotation of the molecules at high tem- 
peratures to simple oscillation at lower temperature. 

The rebuttal of these arguments has been covered by the demon- 
strations, above, that the supposedly homogeneous property changes 
referred to by these writers are those produced in nonequilibrium 
transformation and do not portray the true hetergeneous nature of 
the equilibrium transformation. 

Summary of Rebuttal—A critical examination of the positive 
evidence cited against the classical viewpoint shows that, without ex- 
ception, the necessary condition of equilibrium has been lacking. Since 
the Phase Rule deals only with equilibrium states, arguments based 
upon such evidence are inapplicable. It has been possible to show 
also that the observed deviations from equilibrium are of types familiar 
in other kinds of classical phase changes. 

With no unassailable evidence against the classical viewpoint and 
with much clear evidence in its support, the conclusion seems inevi- 
table that the ordering transformations studied thus far may all be re- 
garded as normal Gibbsian phase changes. 


SoME CONSEQUENCES OF THE CLASSICAL VIEWPOINT 


While it is not the primary mission of this paper to explore the 
consequences of applying the Phase Rule to order-disorder transforma- 
tions, there are a few general comments that should be made, to show 
that the viewpoint advocated in this paper is a constructive one. 

Nature of the Ordered and Disordered Phases—The usual defi- 
nitions of short-range order and long-range order are inadequate, in 
themselves, to define the ordered or the disordered phase. Above 
the disordering transformation, where the disordered phase alone 
exists at equilibrium, long-range order is absent, but some short-range 
order may, and usually does, occur. Below the transformation range, 
where only the ordered phase is found, there is always some degree 
of long-range order, but the ordering is rarely, if ever, perfect. Upon 
this basis, the following definitions are proposed: 

A disordered phase is a crystalline state characterized by the 
absence of stable long-range order, but which may possess some de- 
gree of short-range order. 

An ordered phase is a crystalline state characterized by the pres- 
ence of some degree of stable long-range order. 

As an interpretation of the latter definition, it is suggested that 
the ordered phase, at equilibrium, may be composed wholly of domains 
of long-range order and that departures from perfect ordering result 
from the existence of interdomain boundaries and of “wrong atoms” 
within the domains. When the grain size is small, it may be supposed 
that the intercrystalline boundaries would also contribute to the im- 
perfections of ordering. 
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The Phase Diagram—The state of confusion in the construction 
of phase diagrams, which has resulted from the conflict between the 
classical and modern viewpoint, is well illustrated by the 1948 Edition 
of the Metats HanpsBoox (American Society for Metals) which in- 
cludes binary diagrams of almost three dozen alloy systems known 
to involve ordering. About half of these are drawn in accord with 
the Phase Rule; the rest show “critical temperatures of ordering”, 
without associated two-phase regions. Had the compilers of these 
diagrams been required to adhere consistently to the modern view- 
point, it is difficult to understand how they could have done so in all 
cases. The modern viewpoint, for example, makes no provision for 
dealing with cases in which ordering proceeds as a three-phased 
(univariant) reaction, with the ordered and disordered phases exist- 
ing within wholly different composition ranges; nor does it provide 
for the transformation from order to disorder with falling tem- 
perature. Some examples of three-phased ordering transformations 
that have been reported are listed below. Primed Greek letters desig- 
nate ordered phases; the arrows indicate falling temperature. 


Disorder (1) —> Disorder (2) + Order 
Example: Cu-Zn, 8 > a+ £’ 
Disorder —> Order (1) + Order (2) 
Example: Au-Zn, yY—> §’ +7’ 
Order (1) — Order (2) + Order (3) 
Example: Au-Zn, a’:— a’: + £’ 
Order (1) — Disorder + Order (2) 
Example: Au-Zn, Y'1— 72+ 4 
Disorder (1) + Disorder (2) —> Order 
Example: Ni-Zn, a+ 8-—> ’ 
Disorder + Order (1) — Order (2) 
Example: Cd-Mg, a+7’—> 
Liquid —> Disorder + Order 
Example: Li-Mg, L—a-+ ’ 
Liquid + Disorder — Order 
Example: Sb-Sn, L+ 8 —> #’ 


Liquid + Order — Disorder 
Example: Be-Cu, L+7’'—>8 


A return to the classical viewpoint will bring all of the com- 
binations of ordering transformations into harmony and make pos- 
sible the construction of self-consistent phase diagrams of ordering 
systems. 

It should be pointed out that the occurrence of the ordering 
transformation as a discontinuous phase change, in the systems 
examined thus far, dges not necessarily rule out the possibility that 
some system may be found in which long-range order develops con- 
tinuously out of disorder. Like the liquid and gas phases, the ordered 
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and disordered phases might become indistinguishable above some 
critical value of pressure and temperature. Were this to occur, how- 
ever, it is to be anticipated that the physical property curves would 
exhibit no inflection whatever during the development of long-range 
order, i.e., exhibit no “critical temperature”. 

Impact Upon Ordering Theory—In considering the nature of the 
conflict between the present conclusions and the leading theories of 
ordering, such as those of Bragg and Williams (3), Bethe (40) and 
Kirkwood (41), it is important to observe that the classical viewpoint 
is not concerned with the degree of order in either phase; it deals 
only with the equilibrium between the ordered and disordered phases. 
There is, for each ordering alloy, a temperature, or temperature 
range, within which a simple statement of the degree of order, such 
as is offered by the modern theories, is not adequate to describe the 
system, because two different degrees of order are coexistent as sepa- 
rate phases; at other temperatures a single state of order may be 
presumed to exist. Hence, the classical viewpoint raises no objection 
to any portions of the modern theory, except those dealing with the 
so-called transformation itself. It seems at least possible that the 
modern theory can be so modified as to avoid this conflict with the 
Phase Rule and yet retain its main strength in its ability to predict 
the degree of order above and below the phase transformation. 


SUMMARY 


It has been shown that order-disorder transformations proceed as 
normal phase changes in accordance with Gibbs Phase Rule. Pre- 
sumed evidence to the contrary is found to have been based upon 
observations made without the necessary condition of equilibrium. 
It is proposed that the disordered phase be defined as a crystalline 
state characterized by the absence of stable long-range order and 
that the ordered phase be defined as a crystalline state characterized 
by the presence of some degree of stable long-range order. 
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DISCUSSION 


Written Discussion: By Ralph Hultgren, professor of metallurgy, Uni- 
versity of California, Berkeley, Calif. 

The authors are to be congratulated on their lucid discussion of an 
important question of superlattice formation which has been largely ig- 
nored by exponents of the “modern viewpoint” of order-disorder trans- 
formations. It can be said, at the very least, that experimental evidence 
that the order-disorder transformation is not a classical phase change is 
unconvincing. Nevertheless, the experiment I describe below convinced 
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me many years ago that the experimental evidence in favor of the classical 
theory is also questionable. 

As the authors correctly point out, the principal point at issue is 
whether or not there is a region of temperature and composition where a 
disordered and an ordered phase (of differing chemical compositions) are 
in equilibrium with one another. 

They present X-ray diffraction pictures showing the co-existence of 
ordered and disordered phase after 352 hours at temperature. They cite 
ample proof from the literature that other authors, including myself, have 
also found two phases to be present in metal systems at certain tempera- 
tures. 

While the fact that two phases existed together for 15 days at tem- 
peratures where diffusion is comparatively rapid creates a strong presump- 
tion of equilibrium, it by no means proves it. Even after 15 years (or 15 
centuries) it might logically be maintained that equilibrium had not been 
reached. The demonstration becomes convincing only when it can be 
shown that the final state may be reached from both sides. 

With this in mind I conducted the following experiment (Ref. 16 and 
Ralph Hultgren, “Concerning the Existence of a Two-Phase Region in the 
Ordering Process”, Journal of Chemical Physics, March 1939). An alloy 
containing 51.9 atomic % palladium and 48.1 atomic % iron in the pow- 
dered form was heated for two days in a furnace at 750°C, a treatment 
sufficient to make it completely disordered. The furnace was then slowly 
cooled to 690°C. At this point a completely ordered sample of the same 
composition was inserted. 

The ordered and disordered specimens were held at this temperature 
with a maximum fluctuation of % °C for 15 days (360 hours), then quenched. 

While the initially ordered specimen showed the familiar two-phase 
pattern, the disordered one remained completely disordered. Two interpre- 
tations of this result are possible, namely: (a) Two phases are truly in 
equilibrium but 15 days has not been sufficient time for nucleation to occur 
in the disordered phase, or (b) the single, disordered phase is the equi- 
librium phase, but 15 days is not sufficient time for disordering to occur 
in the phase which was initially ordered. 

I do not see how a choice can be made between these, and I prefer not 
to make one. The only conclusion that seems to me certain is that the 
X-ray pictures proving the co-existence of two phases do not prove they 
are in equilibrium. 

Written Discussion: By W. Shockley, Bell Telephone Laboratories, 
Murray Hill Laboratory, Murray Hill, N. J., and F. C. Nix, Franklin 
Institute, Philadelphia. 

Although Rhines and Newkirk are correct in stressing the emphasis 
currently placed upon theories of the order-disorder transformation involv- 
ing a single composition, they give an erroneous impression about the scope 
of past theoretical work. In particular they imply that the “modern view- 
point” excludes the idea that different states of order may be regarded as 
different phases. In stating that this “modern viewpoint” has been set forth 
in particular, Nix and Shockley, Review of Modern Physics, Vol. 10, 1988, 
p. 1-71, the authors might have made reference to the section on the 
“Phase Diagrams for the Order-Disorder Phenomenon” and perhaps have 
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quoted the paragraph which states: “No experimental work has as yet 
shown the occurrence of two phases with different compositions, one or- 
dered and one not, in equilibrium with each other. Although such situa- 
tions seem inevitable on basic thermodynamic grounds, they may be very 
difficult to realize in practice, owing to the slowness of obtaining equi- 
librium.” It appears that in practice the slowness has led to a time lag of 
over 14 years. 

In their closing discussion on the “Impact Upon Ordering Theory” the 
authors refer to three of the better-known approximate treatments. It 
should be emphasized that mathematically exact treatments have been 
given by L. Onsager, Physical Review, Vol. 65, 1944, p. 117; D. Kaufman, 
Physical Review, Vol. 76, 1949, p. 1282; and C. N. Yang, Physical Review, 
Vol. 85, 1952, p. 808. These start with the same approximate and idealized 
model as do Bethe and Kirkwood. / It may also be appropriate to remark 
that the connection between order-disorder and phase changes in the face- 
centered cubic lattice and definitions of ordered phases was presented by 
W. Shockley, Journal of Chemical Physics, Vol. 6, 1988, p. 130-144. (Perhaps 
this reference is of an awkward age and qualifies neither as “classical” 
nor “modern”.) 

Written Discussion: By R. Smoluchowski, Carnegie Institute of Tech- 
nology, Pittsburgh. 

The authors’ paper is a very interesting and stimulating survey of the 
ordering phenomena, and it points out that much of the existing differ- 
ences of opinion and many of the past arguments seem to be based on 
insufficiently critical experimental data and on too dogmatic interpretation 
of statements in the literature. Sweeping generalizations in this field are 
dangerous and unconvincing. 

The existence of two-phase regions at equilibrium in ordering alloys 
seems to be well established in such alloys as CoPt and AuCu where order- 
ing produces a change in the symmetry of the crystal lattice. Recently one 
of the authors* was able to measure the width of the two-phase regions in 
the AuCu system. In the CoPt system, evidence indicates that ordering 
proceeds as a nucleation and growth process, the size and orientation of 
the ordered regions being measurable by means of X-rays.’ 

The authors’ evidence for the existence of two-phase regions in AuCus 
and in beta brass, in which only a minor change of density occurs, is based 
on X-ray and on resistivity data. However, the interpretation of the 
resistivity data, especially for beta brass for which no X-ray data are 
given, is not as certain as it is assumed. Contrary to the usual point of 
view, resistivity in ordering alloys depends, in general, not only upon the 
degree of periodicity of the lattice (domain size and order within the 
domains) but also upon the thermal scattering which is affected by order- 
ing and upon some possible changes in the band structure. The latter prob- 
ably do not play an important role for the present discussion. On the 
other hand, the change of the thermal scattering which depends upon the 
stiffness of the lattice, ice. upon the characteristic Debye temperature 4p, 
may be quite significant. One expects an ordered lattice to have a higher 
@p and thus a lower thermal scattering of the conduction electrons than 


2J. B. Newkirk, private communication. j 
J. B. Newkirk, R. Smoluchowski, A..H. Geisler and D. L. Martin, Journal of Applied 
Physics, Vol. 22, 1951, p. 290; Acta Crystallographica, Vol. 4, 1951, p. 507. 
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in a disordered lattice. The local @p will depend upon the local degree of 
order and may vary quite rapidly below the critical ordering temperature 
T.. The breaks in the curves obtained by the authors with AuCus are too 
big and too rapid to be accounted for by a change in @p alone, and thus the 
explanation in terms of a two-phase region seems correct. However, the 
small changes of slope obtained for beta brass, if at all real, can be equally 
well interpreted as changes in the vibration spectrum, i.e. in 6p, of a uni- 
formly ordered lattice. It is well known that elastic constants of beta 
brass vary in the region below T. very rapidly* and can easily produce an 
apparent break in the slope of the resistance curve. A rough estimate in- 
dicates that the variation of @p in this region could affect the resistivity by 
as much as 1% per 10°C, which is just of the order of magnitude of the 
“irregularities” in the authors’ Fig. 2. In that connection it should be 
pointed out that X-ray® and metallographic® analysis indicates—with ex- 
perimental points spaced about 25 and 10 degrees apart respectively—an 
absence of a two-phase region in beta brass. Such a region should exist 
in the whole range of the boundary between the ordered and disordered 
beta brass, since this boundary never reaches the stoichiometric composi- 
tion 50:50. It appears that until more convincing data, especially diffrac- 
tion data, are available, the beta brass transformation should be regarded 
as of second order. Electrical conductivity, though often measurable with 
great accuracy, is far from being an ideal tool for a detailed study of the 
mechanism of phase transformations in solids. 

Written Discussion: By W. D. Bennett, Physical Metallurgy Division, 
Department of Mines and Technical Surveys, Ottawa, Ont., Canada. 

The authors’ arguments and evidence in support of the classical view- 
point are valuable and interesting. Their remarks on the following three 
aspects of the so-called “modern” viewpoint would be appreciated: 

(a) Much of the experimental evidence presented is based on an AsB 
type of alloy for which it is implied that the Bragg-Williams and Bethe 
theories predict a continuous decrease of order with increasing tempera- 
ture. This tangential approach to the critical temperature is only’ true for 
an AB type of alloy: for the A;B type, a definite discontinuity is predicted 
by the modern theory, purely from energy considerations. Curve 25 shown 
by the authors for CusAu would, therefore, seem to be in direct support 
of the modern viewpoint. 

(b) Many order-disorder transformations are accompanied by a simul- 
taneous change in the structure of the lattice. This fact makes it difficult 
to interpret the order-disorder transformations such as those occurring in 
cobalt-platinum alloys where there is a change from a face-centered cubic 
to a face-centered tetragonal lattice. It is not easy to see how experi- 
mental results on such systems can be used in a discussion of the order- 
disorder transformation as a classical phase change. 

(c) The sluggishness of some order-disorder transformations, notably 
those occurring in iron-nickel alloys, and their dependence on the rate of 
cooling, does seem to support the classical viewpoint. However, theories 


*W. A. Good, Physical Review, Vol. 60, 1941, p. 605; R. A. Artman, Journal of Applied 


Physics, Vol. 23, 1951, p. 475. 


5D. T. Keating and B. E. Warren, “Long-Range Order in Beta-Brass and CusAu”’, 
Journal of Applied Physics, Vol. 22, 1951, p. 286. 


®L. H. Beck and C. S. Smith, Journal of Metals, Vol. 4, 1952, p. 1079. 
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such as those suggested by Sykes and Evans (Proceedings, Royal Society, 
A 157, 1936, p. 213) should be borne in mind. The growth of order in 
anisotropic domains, which are “out of phase” with each other, seems quite 
plausible and explains many of these time-dependent phenomena. 

Written Discussion: By W. J. Wrazej, Physical Metallurgy Division, 
Department of Mines and Technical Surveys, Ottawa, Ont., Canada. 

It is the greatest pleasure to find that the question of order-disorder 
transformation has been so successfully treated by the authors. They con- 
clude that all of the evidence, based upon equilibrium studies, supports 
the view that order-disorder transformations are normal phase changes. 

It would be of great interest to hear the authors’ expert opinion on 
how their theory would be effective in the case of iron alloys. There are 
numerous indications that even small quantities of alloying elements in 
iron alloys result in the formation of richer and poorer domains, differing 
with the quantity of the alloying elements. 

We know that any atoms in a solution, whether in substitutional or 
interstitial positions, will upset the lattice of the solvent, i.e. displace the 
neighboring atoms not only in the unit cell but also in a surrounding 
group of cells. Owing to that, the state of the lowest distortion which is 
achieved in a certain “cell group” will be the approach to the state of equi- 
librium. The distortion of the lattice will be lowest in the case of the 
ordered state. 

Because, as generally accepted, quenching retains the atoms in the 
positions attained by them at higher temperatures, there is no foundation 
to assume that even when the lattice configuration changes, say, during 
the allotropic transformation, the solute atoms will assume other locations 
except some minute linear movements. 

There are many indications that iron-carbon alloys, depending on the 
quantity of carbon dissolved in the gamma iron phase, are heterogeneous.’ 
Many attempts based on the application of long heating periods at very 
high temperatures of various iron-carbon alloys remained without effect 
upon the heterogeneity. The structure resulting from the treatment before 
quenching remained unaltered, according to the X-ray and micro-examina- 
tions. The structure in quenched samples, in spite of the grain growth due 
to overheating, remained the same, i.e. the proportion of the phases was 
always the same and in domain-like form. 

The distribution of carbon atoms responsible for the existence of the 
domains differing in carbon content in gamma iron solid solution does not 
appear, at first sight, to be directly the same process as the order-disorder 
reaction. It is a fact, however, that in both the cases the distribution of 
the atoms is connected basically with the distertion of the. lattice. 

The ordered phase is always, as we know from the lattice interpreta- 
tion, a structure component approximately stable in composition and is, 
therefore, usually expressed by chemical formulas, e.g.: FesAl, FesSi, FesNi, 
etc. Any deviation from that composition, however, does not change the 
distribution of the atoms but results in a quantity of depleted solid solu- 
tion. In other words, at equilibrium there will be as much of the ordered 
phase produced as the chemical composition will allow. 


TW. J. Wrazej, ““Gamma-Alpha Transformation in Iron-Carbon Alloys”, Nature, Vol. 
158, August 1946, p. 308. 
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The pseudo-phases which are assumed to exist in iron-carbon alloys 
in the gamma region are phases varying in carbon content. Between pure 
gamma iron (Ye) and saturated soiid solution (yz) an intermediate phase 
(ys) exists. All of them having a stable composition will differ in propor- 
tion only with varying content of carbon in the alloy. In other words, the 
variation of carbon in iron alloys will be exhibited in the proportion of the 
pseudo-phases. 

It is natural to assume that a phase with no carbon (Ye) and a phase 
saturated with carbon (Ye) will always be parted by an intermediate phase 
(ys). The surplus of one of the phases can delete the co-existence of 
another phase but that which mostly differs in carbon only. Therefore, 
the superabundance of carbon-free (Yc) can delete the existence of the 
fully saturated pseudo-phase (Ye) in low carbon alloys, and vice versa, 
whereas the intermediate phase (Ys) can still exist as being the resultant 
from that reaction. The experiments have shown that in samples below 
0.4% carbon the traces of retained austenite cannot be seen and in the 
samples above 0.89% carbon the traces of ferrite (bainite) are removed in 
quenched iron-carbon alloys as experienced by my own micro- and X-ray 
examinations. 

Written Discussion: By A. H. Geisler, General Electric Research Lab- 
oratory, The Knolls, Schenectady, N. Y. 

The authors have performed an admirable service in clarifying certain 
lore which has arisen during the last 20 years regarding the ordering trans- 
formation and which has tended to produce a rather stagnant condition in 
the advancement of an understanding of this solid-state reaction in metals. 
The inadequacies of the earlier modern theory apparently are of somewhat 
evasive origin. An obvious one, however, is well illustrated by the use of 
the term “Curie temperature” in referring to the equilibrium transforma- 
tion temperatures, an example of which is evident in a very recent dis- 
sertation (C. A. Wert, “Modern Research Techniques in Physical Metal- 
lurgy”, published by the American Society for Metals, 1953). The conven- 
tion originated in the supposedly analogous temperature dependence of the 
degree of long-range order and the extent of electron spin alignment re- 
vealed by the magnetic induction for saturation of a ferromagnetic mate- 
rial. The latter decreases in a continuous manner on heating and reaches 
zero at the magnetic Curie temperature where paramagnetic behavior 
transcends ferromagnetic behavior. If the magnetic transition is a second- 
order transformation in a single phase, continued usage of the term “Curie 
temperature” in referring to the temperature range of the ordering trans- 
formation with the inference of an analogy to the magnetic transition can 
only be misleading, for experience now shows that ordering is not always 
a second-order transformation. 

The authors have pointed out that mathematical treatments of the 
changing degree of equilibrium long-range order with temperature below 
the transformation range and the changing degree of short-range order 
in the disordered phase are not being questioned. Such theories should be 
adequate to explain the observed gradual change in long-range order of a 
phase such as NiAl which forms in the ordered condition from a liquid 
solution (I. Isaichev and V. M. Iretsky, “X-Ray Study of the 8-Phase in 
the System Ni-Al at High Temperatures”, Zhurnal Tekhnicheskoi Fiziki, 
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Vol. 10, 1940, p. 316), much the same as a structurally analogous phase, 
ordered 8-CuZn, forms from a solid solution. If there be allowed any 
credence in reasoning by analogy, however, then in these cases one must 
conclude that the ordering of a solution occurs consistently by first-order 
transformations, for the solidification of NiAl can hardly be viewed as any 
process other than a classical phase change. Perhaps the authors should 
have pointed out that the so-called modern theory is modern only from 
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Fig. 5—Dilatometric Measurements on Nickel-Iron Alloys According to Josso. 


the standpoint that prior to the period 1934 to 1938 the classical viewpoint 
had been considered adequate and two-phase equilibria between ordered 
and disordered phases had been proposed. (See, for example, the vari- 
ously proposed copper-gold phase diagrams in M. Hansen’s book, “Aufbau 
der Zweistofflegierungen”, 1936.) 

Further evidence for a heterogeneous transformation in a cubic order- 
ing system should be noted. The nickel-iron alloy system is one of prac- 
tical interest from the standpoint of magnetic materials. Near the compo- 
sition NisFe an ordered phase of the CusAu type forms without change in 
crystal structure. Dilatometric measurements by Josso (E. Josso, “Equi- 
librium Diagram of the Order-Disorder Transformation of Fe-Ni Alloys in 
the Vicinity of NisFe”, Comptes rendus, Vol. 230, 1950, p. 1467), on samples 
that had been held for 100 hours at temperature after quenching from 
1000 °C, have been replotted in Fig. 5. There is little doubt that the equi- 
librium transformation is accompanied by a discontinuous change in length 
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Fig. 6—Phase Fields for Ordering Reaction in Nickel-Iron Phase Diagrams. 


with two inflections in the range 450 to 510°C. Josso has pointed out that 
the samples which were held at 400°C had not attained equilibrium. Thus 
they should not be employed in drawing the curves. The influence of the 
so-called modern theory is evident in Josso’s work, for he considered only 
the upper inflections and drew a single line separating the disordered field 
from the ordered in the phase diagram, while completely ignoring the 
lower temperature inflections. When both inflections are used, a two- 
phase field required by classical theory can be shown as in Fig. 6, although 
the dilatometric data lack sufficient detail to permit the accurate locating 
of the boundaries. It is unfortunate that part of the results shown by the 
data had to be overlooked by Josso in order to conform with the theory 
of long-range order of Bragg and Williams. 

Although the authors have been concerned mainly with the equi- 
librium transformation, it should be pointed out that a heterogeneous 
mechanism is also associated with the course of the changes in physical 
properties when supercooled alloys are ordered at temperatures below the 
equilibrium range. Only such a mechanism based on coherent nucleation 
and particle growth of the ordered phase at the expense of the disordered 
phase seems to provide an explanation of the transient values of proper- 
ties such as permeability and coercive force of a large group of ordering 
magnetic alloys of praétical interest. A heterogeneous mechanism for 
ordering in supercooled disordered alloys is attractive, for it permits the 
application of theories of nucleation, interfacial energy, orientation rela- 
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tionship, Widmanstatten patterns and coherency which have been devel- 
oped for the other heterogeneous transformations in solid solutions. 


Authors’ Reply 


We agree with Dr. Hultgren that proof of the attainment of equi- 
librium is essential to the demonstration which we have attempted, and 
also that the most convincing proof of equilibrium is to be had through 
the approach to a common equilibrium from both higher and lower tem- 
perature. It was for this reason that we traced the conductivity curves 
both up and down in our survey and that we re-checked certain points by 
approaching from far-removed temperatures both above and below that of 
the equilibrium. This phase of the work is described in the last paragraph 
on the fifth page of the paper. We should, perhaps, have been more spe- 
cific in this discussion, by pointing out that many of the points double 
checked for equilibrium lay in the two-phased range. 

In view of our experience with various copper-gold compositions, we 
are not surprised to learn that Dr. Hultgren failed to achieve an equi- 
librium state in a palladium-iron alloy upon annealing for 15 days at 690 °C. 
We have frequently encountered very long induction periods in going from 
the disordered to the ordered state. We suppose that this is a matter of 
low nucleation rate. 

As Shockley and Nix have pointed out, the more recent treatments of 
Onsager, Kaufman and Yang are identical with their predecessors in their 
basic assumption of homogeneous transformation, with which we find fault. 
We take issue, however, with the statement that Shockley offered a defi- 
nition of the ordered phase and with the implication that the discussers 
have presented a proof of the classical nature of the order-disorder trans- 
formation. What Shockley did was offer a definition of “the -ordered 
state”, which is an entirely different concept from a phase definition. This 
and other questionable conventions led to a derivation of a “connection 
between order-disorder and phase changes”, actually to a sort of phase 
diagram, that was both of a high degree of thermodynamic improbability 
and counter to the then-known experimental facts. 

The really important thing to be noted, however, is that it has been 
overlooked that there are points of incompatibility between the modern 
and classical viewpoints. The experimental evidence is clear in showing 
that AB and A;B-type alloys both undergo discontinuous property change 
isothermally in their transformations, which may be interpreted consist- 
ently as univariant behavior ior both, while the modern theory is a quite 
different behavior between the AB and A;B types, providing discontinuous 
change only for the AsB type. 

All of the experimental evidence bearing upon nonisothermal ordering 
transformation applies to cases of divariant equilibrium, i.e., to non- 
stoichiometric, incongruent compositions such as B-brass. Here the phys- 
ical measurements report a progressive change in the property under exam- 
ination, only because, in the measurements, the property values of the 
conjugate phases are averaged; the observed change must, accordingly, be 
associated primarily with the relative proportions of the two phases. 
Whether the transformation is univariant, or divariant, however, the 
ordered phase must appear as a distinct entity, having a degree of order 
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and physical properties that are sharply distinguishable from those of the 
disordered phase. Hence, the successful prediction of the course of non- 
isothermal transformation by means of a derivation based upon a homoge- 
neous model, if such can truthfully be said to have been accomplished, 
must be regarded by the adherent of the classical viewpoint as being wholly 
coincidental. In other words, the modern derivation of the degree of order 
may properly be applied only to individual phases and never to an aggre- 
gate of phases considered as a unit. 

While it is true, as Dr. Smoluchowski points out, that the inflections 
in the resistivity curves for 8-brass are very small, small enough perhaps 
to represent thermal scattering effects, it is also true that the inflections 
are sharp, too sharp, we feel, to be accounted for by thermal scattering 
effects. With respect to the absence of X-ray evidence of a two-phase 
region in the §-brass alloys, it should be noted that the effects upon the 
lattice parameter of ordering and of the composition difference between 
the conjugate phases are in mutual opposition. Hence, a shift in the lat- 
tice parameter with ordering, such as was observed in the Cu-—28% Au 
alloy, is not to be anticipated. This makes it especially difficult to obtain 
X-ray evidence for the 8-brass case. There is obviously much more that 
must be learned before the case for 8-brass can be considered finally settled 
one way or the other. If the present studies serve to point out the danger 
of error in assuming that the 8-§’ transformation is homogeneous, how- 
ever, they will have accomplished a useful purpose. 

Dr. Bennett is, of course, quite right in pointing out that the Bragg 
degree of order curve is qualitatively correct for the A;B-type alloys. 
Our objection in this case is not, however, with the shape of the curve for 
the stoichiometric alloy, but with the assumption of homogeneous trans- 
formation used as a model for its derivation and with the failure of the 
Bragg model to reveal the divariant nature of nonstoichiometric trans- 
formation in alloys infinitesimally adjacent to CusAu. The degree of order 
prediction of the modern viewpoint is, of course, wrong for the AB case, 
in so far as one may judge from existing data. 

We agree altogether with Dr. Bennett’s second point and on the sec- 
ond page of our paper have remarked upon the inconsistency of basing 
any discussion of homogeneous ordering upon systems in which a crystal- 
lographic symmetry change accompanies ordering. So far as the Sykes 
and Evans growth of order picture is concerned, we are inclined to regard 
this as another of the many inconsistencies that have been superimposed 
upon the modern viewpoint. A growth process, per se, is out of place in 
a homogeneous transformation, but is all right for a heterogeneous phase 
change. 

In reply to the question raised by Dr. Wrazej it can be said only that 
the Phase Rule is not concerned with concentration fluctuations that may 
occur within a phase, so long as these do not give rise to the existence of 
discrete particles of substances that have sharp differences in composition, 
or structure, or both, at their mutual interfaces. Neither does the Phase 
Rule apply where a state of homogeneous equilibrium has not been estab- 
lished within each phase of the system. 

We thank Dr. Geisler for his comments. We agree that the term 
“Curie temperature” should not be applied to order-disorder phenomena. 





AN END-QUENCH TEST FOR DETERMINING THE 
HARDENABILITY OF CARBURIZED STEELS 


By F. X. Kayser, R. F. THomson anp A. L. BoEGEHOLD 
Abstract 


This report describes a new type of end-quench bar 
which was developed specifically for measuring the hard- 
enability of case-treated steels. This bar, called the trape- 
zoidal bar, was designed such that (a) hardness wmpres- 
sions can be made at any point in the case or in the core 
over the entire quenched length of the bar without the 
necessity of grinding, (b) hardness impressions are made 
perpendicular to the concentration gradient, and (c) the 
hardenability results are directly comparable to those ob- 
tained by using a standard Jominy bar. A résumé is given 
of its development, and data are presented from experi- 
mental work in measuring the hardenability of seven 
grades of carburizing steels (8117, 81B17, 8620, 3310, 
4620, 4815, and 50B20). Conclusions are drawn regard- 
ing the case and core hardenability of these steels, and 
data are presented which indicate that the case harden- 
ability of the boron steels goes through a maximum at 
about 0.70% carbon. 


HILE the development and application of the hardenability 
concept has made possible a quantitative index of the re- 

sponse of engineering steels to hardening in various section sizes, 
the extension of this concept to case-carburized steels has not been 
fully realized because of the lack of a simple method for measuring 
the hardenability of these steels. Prior to this investigation, the 
common method used consisted of carburizing and end quenching a 
cylindrical bar, and then grinding to predetermined case depths in 
order to determine the hardenability at the various carbon levels. 
The principal objections to this procedure were the length of time 
required and the number of operations involved, the possibility of 
tempering during the repeated grinding operations, and the fact that 
hardness impressions were made parallel rather than perpendicular 
to the concentration gradient. As a result of this situation, there is 
a scarcity of accurate information now available on the hardenability 
of carburized steels. However, the necessity of obtaining and using 
this type of information has become increasingly urgent in recent 
A paper presented before the Thirty-fourth Annual Convention of the So- 
ciety, held in Philadelphia, October 18 to 24, 1952. Of the authors, F. X. Kayser 
is or metallurgist, R. F. Thomson is head of the Metallur Department, 
and A. L. Besgeees is aesitant SS ee ee oe esearch Labo- 


ae Division, General Motors Corp., Detroit. Manuscript received April 
9, 1952 


1056 





1953 HARDENABILITY OF CARBURIZED STEELS 1057 


years, especially as the demands for alloy conservation have neces- 
sitated the intelligent use of all steels on a hardenability basis. 

The object of this investigation was 

(a) To develop an end-quench bar which could be used to 
accurately determine the hardenability of case-carburized steels, and 

(b) To use this bar in studies on the hardenability of seven 
grades of commercial steels: AISI 3310, AISI 4620, AISI 4815, 
AISI 50B20, AISI TS8117, AISI 81B17, and AISI 8620. 

The first part of this paper includes a complete discussion of the 
end-quench bar which was developed, and this is followed by a pres- 
entation of the data obtained from the commercial steels. 


THE TRAPEZOIDAL END-QUENCH Bar 


In developing a bar for measuring the hardenability of carburized 
steels, it was considered essential that three conditions be satisfied. 
These were: 
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Fig. 1—The Selpenttel End-Quench Bar for Measuring the Hardenability of 
Carburized Steels 


(a) that the bar have a hardness inspection surface providing 
access to any point in the case or in the core over the entire quenched 
length of the bar without the necessity of repeated grinding operations, 

(b) that the hardness inspection surface section the case in 
such a manner that hardness impressions can be made perpendicular 
(or as nearly perpendicular as possible) to the carbon gradient, and 

(c) that the physical shape of the bar be such as to produce 
cooling conditions during end quenching equivalent to those produced 
in end quenching the standard Jominy bar. 
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The trapezoidal bar illustrated in Fig. 1 meets each of these 
requirements. Essentially it consists of a 37-inch length with a 
trapezoidal cross section to which an adapter (1% inches in diameter 
by % inch thick) is fastened to facilitate end quenching. Its over-all 
length (4 inches) is equivalent to the over-ali length of the standard 
Jominy bar. In this investigation the bar’s entire surface with the 
exception of the two 4-degree taper faces was plated with 0.001 inch 
of copper to selectively prevent the diffusion of carbon during the 


— 


ann enneyensnneeet 





carburizing operation. As a result, only the two taper faces were 
subjected to carburization. After hardening by end quenching, and 
after the hardness inspection surface was prepared (see Fig. 1), it 
was possible to examine any point in the case or in the core over the 
entire quenched length of the bar without the necessity of repeated 
grinding operations, and in a direction nearly perpendicular to the 
concentration gradient. 

The procedure adopted in end quenching the trapezoidal bar was 
exactly the same as that followed in end quenching the standard 
Jominy bar (i.e., with regard to the orifice diameter, height of the 


Fig. 2—End Quenching the Trapezoidal Bar. : 
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water column, etc.). Fig. 2 is an illustration of the quenching 
operation. 


Uniformity of Cooling Across the Bar 


Because of the new bar’s shape, experiments were conducted to 
determine the uniformity of cooling across the bar at given distances 
from the quenched end. For this purpose a number of bars of AISI 
8642 and AISI 80B40 were prepared with the entire surface of each 
bar (including the taper faces) plated with copper. These were aus- 
tenitized at 1550°F (845°C) for 30 minutes at temperature and 
end-quenched from the austenitizing temperature. The hardness 
inspection surface of each bar was polished, and Rockwell C as well 
as Tukon (3000-gram load) readings were obtained at a number of 
Jominy distances. These impressions were made at selected inter- 
vals across the bar from positions within 0.005 inch of each edge. 
From these data it was concluded that the cooling rate across the 
trapezoidal bar at any given distance from the quenched end was 
sufficiently uniform for test purposes. 


Comparison of Cooling in New and Standard Bar 


A final set of experiments was conducted in order to obtain a 
comparison of cooling conditions in Jominy and trapezoidal bars 
during end quenching. The experimental procedure consisted of 
preparing both types of bars from the same steel and comparing their 
measured hardenability after austenitizing and end quenching. It 
was reasoned that if the hardenability of a given steel could be meas- 
ured in quantitative equivalence by either bar, then, since the con- 
ditions of heat transfer were similar, equal hardnesses could be used 
as a criterion of similar cooling conditions. 

The trapezoidal and Jominy bars prepared for this experiment 
were carefully machined from alternate positions along the length of 
a 1%4-inch diameter bar of AISI 8642. The position of each bar 
within the original round is illustrated in Fig. 3. Each set of Jominy 
and trapezoidal bars was aligned such that the edge of the surface 
of inspection of the trapezoidal bar was in longitudinal alignment 
with hardness inspection flats ground along the Jominy bar. All 
of the bars were completely copper plated, austenitized at 1550 °F 
(845 °C) for 30 minutes at temperature and end-quenched from the 
austenitizing temperature. Rockwell C hardness readings were taken 
on these bars, and a typical set of results comparing the hardenability 
as measured by each bar is presented in Fig. 3. These data indicated 
conclusively that the physical shape of the trapezoidal bar is such as 


to produce conditions during end quenching equivalent to those in 
the standard Jominy bar. 
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Fig. 3—A Comparison of the Hardenability of AISI 8642 as Measured by the Jom- 
iny poe “Trapezoidal! Bars. 


EXPERIMENTAL PROBLEMS—HARDNESS TESTING AND 
UNIFORMITY OF CARBURIZATION 


The actual use of the bar for hardenability measurements pre- 
sented several problems. The first concerned the mode of hardness 
testing, and the second the uniformity of carbon in the case. 

As regards the first, it will be remembered that one of the fea- 
tures of this type of bar is that hardness impressions are made essen- 
tially perpendicular to the carbon gradient. While this must be re- 
garded as a major asset, it presented a dilemma to the hardness 
tester, since impressions taken in this manner must necessarily span 
a portion of the concentration gradient. Thus, it was necessary, for 
the sake of accuracy, to take microhardness readings, since the actual 
change in carbon concentration across these smaller impressions 
could be regarded as minimal. Experimental work has indicated that 
the best results are obtained by using the Tukon hardness tester with 
a Vickers diamond pyramid indenter and a 3000-gram load. The 
trapezoidal cross section provides excellent “seating” for the hardness 
impressions. In order to prepare the hardness inspection surface the 
copper plate is removed after end quenching and this surface polished 
through at least a 0 to 6-micron diamond impregnated wheel. 

With regard to uniformity, reference is made to the amount 
of carbon present at a given depth below the surface of either taper 
face after a carburizing treatment. Two methods were used to de- 
termine uniformity; the first involved the microscopic examination 
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of a number of cross sections throughout the bar parallel to the 
quenched end, and the second compared hardenability results from 
the case on one side of the bar with those from the opposite case. 
This work was carried out on both gas and pack-carburized bars and 


provided conclusive evidence that excellent uniformity had been 
achieved. 


METHOD OF OBTAINING HARDENABILITY DATA FROM THE 
‘TRAPEZOIDAL BAR 


In Table I, data are presented from a trapezoidal bar of AISI 
8117 which had been pack-carburized in a commercial carburizing 





Table I 


The Hardness Survey* From Both Cases of a Trapezoidal Bar of AISI 8117 
Pack-Carburized for 16 Hours at 1700°F (925°C) and End-Quenched 


Distance 

Below 

Carburized 1/16 2/16 4/16 6/16 8/16 12/16 1 1% 2 
Face Inch Inch Inch Inch Inch Inch Inch Inches Inches 
Inches 
0.010 59T - ue a 60 56 45 47 40 
0.020 61 ‘ce fe —> 62 60 50 45 42 
0.030 64 er: a ci 64 61 53 44 38 
0.040 63 aie a oa 62 58 43 40 35 
0.050 62 sil in on 52 47 34 34 30 
0.060 58 ge 57 49 38 31 28 27 27 
0.070 54 = 51 41 32 28 20 21 21 
0.080 51 50 42 31 25 19 15 15 15 
0.090 47 47 37 31 23 21 15 i “% 
Core 45 41 27 23 16 14 11 
0.090 48 47 35 29 27 23 15 B oe 
0.080 52 49 42 31 26 23 18 17 15 
0.070 56 bt 52 39 31 30 23 21 20 
0.060 60 a 56 49 42 31 28 28 26 
0.050 63 ra oa ‘i 52 45 34 35 30 
0.040 63 ns kay en 62 54 43 37 35 
0.030 63 a “a o's 64 63 54 45 39 
0.020 61 a i ie 61 60 48 45 42 
0.010 58 59 58 46 45 41 


inch positions are omitted. , 
tRockwell C hardness units converted from Vickers diamond pyramid hardness. 


compound for 16 hours at 1700°F (925°C) and end-quenched 
directly from the box. Microhardness readings were taken on both 
cases of the bar at various “J” distances with the Wilson Tukon 
tester (Vickers diamond pyramid indenter, 3000-gram load) and 
then converted to the Rockwell C scale. These readings are listed 
in Table I as a function of case depth and “J” distance. 

In order to convert these data to specific carbon levels, a carbon 
gradient specimen was prepared from the bar as illustrated in Fig. 4. 
After softening and straightening to within +0.0005 inch, millings 
were obtained from this specimen at various case depths and analyzed 
to determine the carbon as a function of case depth (this procedure 


1A comparison of actual with converted Rockwell C values indicated that this conversion 
was accurate at least to +1% units from 65 to 20 on the Rockwell C scale. 


ean 








1062 TRANSACTIONS OF THE A.S.M. Vol. 45 


oe 


0.15" 


€: 


1.12 Carbon Gradient 


Quenched End Specimen 


Fig. 4—The Location of the Carbon Gradient Speci- 
men in the Trapezoidal Bar. 


Table Il 


The Case* and Core Hardenability of AISI 8117 Carburized at 1700°F (925 °C) 
for 16 Hours and End-Quenched : 


1/16 2/16 4/16 6/16 8/16 12/16 1 1% 2 
% Carbon Inch Inch Inch Inch Inch Inch Inch Inches Inches 

1.00 60.5 “etest ea eee 61 59.5 48 45 42 
0.90 62.5 as maxé eae 63 62 52.5 44.5 40 
0.80 63 Sib a iss Beck w 63 60 48.5 41.5 37 
0.70 63 er. 6 OP oe a 59 53 40 37.5 33 
0.60 62 ee 63 59 48.5 42.5 33 32 29 
0.50 59 aes 57 49 40 33.5 28 26.5 25 
0.40 56 57.5 51.5 41.5 32 28 22 21.5 21 
0.30 51.5 49.5 40 31 25.5 21 17.5 17.5 15 
Core 45 41 27 23 16 14 10.5 





*The data from both sides of the bar are averaged to determine the case hardenability. 


was adopted as the standard method of determining weight per cent 
carbon versus case depth for the trapezoidal bar). The hardness 
values at each “J” distance in Table I were then used to determine 
the hardness at each specific carbon level (0.90, 0.80, 0.70%, ...... 
core), and these data are presented in Table II. This method of 
analysis was followed in all of the experimental work presented in 
this paper. 


USING THE TRAPEZOIDAL BAR To DETERMINE THE HARDENABILITY 
oF SEVEN GRADES OF COMMERCIAL CARBURIZING STEELS 


Steels—Experimentally, the trapezoidal bar was used to deter- 
mine the case and core hardenability ofthe seven grades of commer- 
cial carburizing steels whose chemical analyses and austenite grain 
sizes are listed in Table III. These steels were received as 1% to 
1¥4-inch diameter rounds and were forged at approximately 1900 °F 
(1040 °C) to square bar stock having a 1-inch flat. These lengths 
were then normalized at 1700°F (925°C) for 1% hours. The 
trapezoidal bars used in this investigation were prepared from the 
center of the normalized material. 
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Table Ill 
Chemical Analysis* and Austenite Grain Size of Carburizing Steels 

ASTM 

—_ 

GMR AISI rain 
No. Type Cc Mn P S Si Ni Cr Mo B Size 
27 8620 0.20 0.86 0.029 0.026 0.27 0.53 0.57 Cee Seka @ 7-8 
33 8117 0.20 0.77 0.016 0.029 0.29 0.42 0.39 Goa} sceuee 7-8 
34 81B17 0.19 0.74 0.010 0.028 0.30 0.41 0.40 0.10 0.0012 7-8 
40 50B20 0.20 0.94 0.015 0.028 0.31 0.06 0.47 0.01 0.0013 6-8 
43 3310 0.13 0.54 0.005 0.010 0.28 3.46 1.68 OOo gee de 7-8 
44 4620 0.18 0.57 0.017 0.035 0.31 1.96 0.21 ae. a5% ove 7-8 
45 4815 0.13 0.43 0.015 0.020 0.25 3.58 0.16 Cia Beckee 4-5 


*Obtained from round bar stock. 





Carburizing Treatment—The data reported in this section were 
all obtained from bars which were pack-carburized in a commercial 
carburizing compound. 


EXPERIMENTAL PROCEDURE 


The experimental procedure was conducted as follows: 

(a) Two bars of each steel were pack-carburized for 16 hours 
at 1695 + 5°F (925°C) and end-quenched directly from the box. 
These were packed in separate carburizing boxes (3 inches in diam- 
eter and 5 inches high), new carburizing compound being used for 
each bar. Bars of the same steel were carburized on different days 
to evaluate the reproducibility of the carburizing treatment. Several 
trapezoidal bars of AISI 8117 were carburized for 12 hours and end- 
quenched to determine the reproducibility of the hardenability data 
when the specific carbon levels occurred at different case depths in 
the bar. The case depth in the bars carburized 16 hours approxi- 
mated 0.100 inch with a surface carbon of 1.0 to 1.2%. 

(b) A hardness survey was completed on each bar using the 
Wilson Tukon tester (Vickers diamond pyramid hardness indenter, 
3000-gram load). These readings were converted to Rockwell C 
units. The hardenability of the core of each bar was also determined 
by actual Rockwell C readings. 

(c) Carbon gradient specimens were prepared from each end- 
quench bar in a manner previously described. After softening and 
straightening to within +0.0005 inch, the chemical analyses of mill- 
ings obtained at the 0.010, 0.020, 0.040, 0.060, 0.080 and 0.100-inch 
case depths provided an accurate carbon gradient of each case. 

(d) The case hardenability of each bar was determined at a 
number of specific carbon levels (including 0.20, 0.30, 0.40, 0.50, 


0.60, 0.70, 0.80, 0.90%, and in some cases 1.0% carbon) using the 
data obtained from (b) and (c). 


EXPERIMENTAL RESULTS 


The experimental results are presented graphically in Figs. 5 
through 14. These include a complete summary of the case and core 
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Fig. 5—The Core Hardenability of Seven Commercial Carburizing Steels. 
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The Case Hardenability of Seven Commercial Carburizing Steels at the 
0. 40% yy Level (End-Quenched From 1700 °F or 925 °C). 


hardenability of each steel, and for any one steel represent an average 
of the results from the several trapezoidal bars studied. 
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Fig. 7—The Case Hardenability of Seven Grades of Carburizing Steels at the 
0.60% "tiehes Level (End-Quenched From 1700 °F or 925 °C). 
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Fig. 8—The Case Hardenability of Seven Commercial Carburizing Steels at the 
0.80% Carbon Level (End-Quenched From 1700 °F or 925 °C). 
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Fig. 9—The Effect of Boron on the Hardenability of a Carburized AISI 8117 
Steel at Fixed “J’’ Distances. 
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Fig. 10—-A Summary of the Hardenability Data From GMR 27 Steel (AISI 8620). 


Discussion of Results 


Since this investigation served as the initial testing grounds for 
the trapezoidal end-quench bar, in examining the experimental re- 
sults particular emphasis was placed on the reproducibility of the 
hardenability data. Without exception it was found that for a given 
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Fig. 11—A Summary of the Hardenability Data From GMR 40 Steel (AISI 50B20). 
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Fig. 12—A Summary of the Hardenability Data From GMR 43 Steel (AISI 3310). 


steel the hardenability of the core, and of all carbon levels in the 
case except those in excess of 0.90%, was accurately reproduced, the 
average deviation from bar to bar being of the order of +1 Rock- 
well C unit. This degree of accuracy was encouraging in that the 
carbon gradients produced in a given steel in day-to-day operation 
did not check any closer than 0.02% carbon at equal case depths. 
The order of variation of the measured hardenability of carbon iy 
levels in excess of 0.90% was normally of the order of +2 Rock- iB 
well C units over the entire quenched length of the bar. Since there 
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Fig. 13—A Summary of the Hardenability Data From GMR 44 Steel (AISI 4620). 
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Fig. 14—A Summary of the Hardenability Data From GMR 45 Steel (AISI 4815). 


was some possibility that this variation could be attributed to unfa- 
vorable cooling effects at the edge of the bar, several bars of 8117 
were carburized to a surface carbon of about 0.90% (treatment: 
12 hours at 1695 °F or 925°C). However, the hardenability data 
at all carbon levels in these bars were in close agreement with the 
data from 8117 bars whose equivalent carbon levels occurred at 
much greater case depths. It was concluded that the variation in 
hardenability in the hypereutectoid regions of the case was due to 
variations in the transformation. characteristics of these regions. 
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Carbon Gradients 


An indication of the order of accuracy with which the carbon 
levels were located in the bars can be arrived at by comparing the 
hardness values at the 1/16-inch position in the seven steels at 0.20, 
0.30, 0.40, 0.50 and 0.60% carbon. These readings correspond 
closely with the maximum hardness obtainable on quenching as a 
function of carbon content. 


Core Hardenability 


The core hardenability of each steel is illustrated in Fig. 5. 
The hardness values are an average of the actual and converted 
Rockwell C readings obtained from the end-quench bars of the seven 
steels. 

On the basis of core hardenability, these steels may be divided 
into three groups: (a) high core hardenability—3310; (b) medium 
core hardenability—4815, 4620, 8620 and 81B17; (c) low core 
hardenability—8117 and 50B20. ‘Actually, the 50B20 has medium 
core hardenability for quenching velocities up to the 8/16-inch 
position on the trapezoidal bar, but at slower cooling velocities drops 
sharply into the third class. The results suggest that if core harden- 
ability were used as the sole criterion, 8620, 4620, and possibly 81 B17 
could be used interchangeably. 

The effect of boron on the hardenability of the 8117 base com- 
position is seen to be very great, causing a two- to threefold increase 
in the hardenability of this steel. 


Case Hardenability 


The effect of increased carbon on the hardenability of each steel 
is shown in Figs. 6 through 9 which illustrate the case hardenability 
of each steel at the 0.40, 0.60 and 0.80% carbon levels. 

0.40% Carbon—On the basis of relative hardenability, the seven 
steels may be classified as follows: (a) high hardenability—3310 
and 4815; (b) medium hardenability—4620, 8620, 81B17 and 50B20, 
and (c) low hardenability—8117. The boron has a greater effect 
in the 50B20 and 81B17 than it had in the core, which is indicative 
of the variation in the multiplying factor for this element as a func- 
tion of carbon content. 

0.60% Carbon—The relative hardenability of the seven steels 
at this carbon concentration (see Fig. 7) suggests the following 
division: (a) high hardenability—4815, 3310, 4620, 8620; (b) 
medium hardenability—81B17 and 50B20; (c) low hardenability— 
8117. Although the boron steels cannot be placed in the first group 
at this carbon level, they are capable of producing as-quenched hard- 


J. Burns, T. L. Moore and E. S. Archer,  Qaathesive Hardenability”, Transac- 
TIONS, ae Society for Metals, Vol. 26, 1938, p. 
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nesses equal to the steels in this group for cooling conditions up to 
the 12/16-inch position on the trapezoidal bar. However, this does 
not qualify these steels as potential substitutes for 3310 or 4815, 
since at lower carbon percentages, for example 0.40%, the boron 
steels were capable of matching the hardness of the higher alloy steels 
only over the first 6/16 inch of the end-quench bar. The same type 
of criticism must be applied to suggestions that the case hardenability 
of 4620 is equal to that of either 3310 or 4815. 

0.80% Carbon—Fig. 8 illustrates the relative hardenability of 
the seven steels at 0.80% carbon, and from this the following classi- 
fication is possible: (a) high hardenability—4620, 4815, 8620 and 
3310; (b) medium hardenability—81B17; (c) low hardenability— 
50B20 and 8117. The case hardenability of the 50B20 at 0.80% 
carbon was slightly less than that at the 0.60% level, while the 
81B17 has greater hardenability at 0.80 than at 0.60% carbon. An 
examination of the data indicates that both. steels reached their 
maximum hardenability at 0.70% carbon, having less hardenability 
for carbon concentrations either below or above 0.70%. The 50B20 
loses enough hardenability in going from 0.70 to 0.80% that it falls 
slightly below that at 0.60%, while the 81B17 also loses in going 
from 0.70 to 0.80% carbon but still has hardenability in excess of 
that at 0.60%. Although the case hardenability of 3310 is high at 
this carbon concentration, the presence of substantial quantities of 
retained austenite has effected a decrease in its as-quenched hardness 
as compared with that at lower carbon percentages. 

Carbon Over 0.80%—For increases in carbon over 0.80%, the 
4815, 3310 and 4620 all retain their high hardenability, although the 
as-quenched hardness of each (particularly 3310) is lowered by the 
presence of retained austenite. At about 1.0%, the 8117 and 81B17 
have equivalent hardenability and, more important, the 81B17 has 
much less hardenability as the carbon increases over 0.80%. Also 
noteworthy is the fact that the 8620 suffers a decrease in harden- 
ability at carbon percentages in excess of 0.80%. This effect is at 
direct variance with the use of the multiplying factor for carbon 
which purports that the hardenability increases with the addition 
of carbon. 

Summary—From these data it I possible to classify the seven 
steels in the following manner : 

(a) 3310—high case and core bs aeebatiey: The effect of re- 
tained austenite on the hardness becomes progressively greater at 
carbon concentrations over 0.60%. 

(b) 4815—high case and medium core hardenability, with the 
case hardenability being excellent to 0.40% carbon. The effect of 
retained austenite on the quenched hardness was observed at carbon 
levels in excess of 0.90%. 

(c) 4620 and 8620—medium case and core hardenability. 
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(d) 81B17—medium core hardenability. Its case hardenability 
curves match those of 4620 and 8620 over approximately the first 1 to 
134 inches of the end-quench bar. At positions beyond this they fall 
sharply below those of 4620 and 8620. 

(e) 50B20—hardenability curves for all carbon levels are simi- 
lar to those of 4620 over about the first 12/16 inch. Beyond this point, 
they lie below those of 4620, 8620 and 81B17. 

(f) 8117—low case and core hardenability. 


Effect of Boron 


Although the amount of data on boron grades obtained in this 
investigation is admittedly small, its significance was such that further 
consideration seemed justified. In Fig. 9, a comparison is made of 
the case and core hardenability of 8117 and 81B17 at a number of 
constant “J” distances. At the 1/16-inch position the difference in 
hardness is of course a straight function of carbon, and no significant 
differences are observed. However, at the 4/16-inch and still more 
at the 8/16-inch position, the effect of boron becomes great, first 
causing an increase in hardness in the core and in the lower carbon 
regions, and then at slower cooling conditions, having its greatest 
effect at progressively higher carbon concentrations. It appears to 
have its maximum effect on the hardenability of 81B17 at about 
0.70% carbon. This figure clearly indicates that at 1% carbon both 
steels are of comparable hardenability. Also a comparison of the 
81B17 hardness gradients at the 1/16 and 1-inch position strikingly 
points up the decrease in hardenability at carbon contents over 0.70%. 


THE Use oF HARDENABILITY DATA FOR CARBURIZED STEELS 


While there is genuine interest in the hardenability of carburized 
steels, there are complexities involved in the actual application of the 
hardenability data which must be surmounted. One of the initial 
steps must be the adoption of a standard method of reporting case 
and core hardenability, one which will give the greatest amount of 
information in the most desirable manner. Curves such as those 
illustrated in Figs. 10 through 14 are suggested for this purpose. 
First of all, they provide a clear-cut means of classifying case and 
core hardenability. Also, taking Fig. 14, for example, which shows 
the hardenability at various carbon levels in the 4815 steel used in 
this investigation, one finds that a case carburized to a surface carbon 
0.70 to 0.80% can be expected to harden to better than Rockwell 
C-50, at least to the 0.40% carbon level. Also, Fig. 12 warns of the 
large amount of retained austenite which will be found in a 3310 case 
carburized to 0.90%. \ 

While there may be some objections that curves of this type 
necessitate establishing hardenability bands at the various carbon 
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contents, this task might not be too difficult. In reviewing the curves 
presented, one observes. a tendency for the 0.60 to 0.80% carbon 
levels to attain maximum hardness over the entire quenched length of 
the bar. It would not appear that slight changes in the alloying chem- 
istry could decrease the hardenability of these regions. 

Experiments are now in progress concerning the application of 
these data. Although the results are as yet meager, they do indicate 
that surface hardness and even hardness gradients can be accurately 


predicted across carburized cases when the surface carbon does not 
exceed 0.90%. 


CoNCLUSIONS 


1. An end-quench test has been developed which is capable of 
accurately measuring the case and core hardenability of a carburized 
steel either at individual carbon levels or as a simple function of case 
depth. 

2. The data obtained from the bar in an investigation of seven 
grades of commercial carburizing steels indicated the following classi- 
fication ; (a) 3310—high case and core hardenability ; (b) 4815—high 
case hardenability above 0.40% carbon and medium core hardenabil- 
ity; (c) 4620, 8620 and 81B17—medium case and core hardenability. 
However, the 81B17 case hardenability curves fall below those of 
4620 and 8620 at “J” distances beyond 1 to 1% inches; (d) 50B20— 
hardenability curves for all carbon levels are similar to 4620 out to 
about 12/16 inch. Beyond this they fall sharply below; (e) 8117— 
had the lowest hardenability of all steels tested. 

3. The case hardenability of the boron steels was observed to 
reach a maximum at about 0.70% carbon. Significant decreases 
were observed at concentrations in excess of this amount. 
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DISCUSSION 


Written Discussion: By D. Niconoff, Metallurgical Laboratory, Re- 
public Steel Corp., Canton, Ohio. 
The authors are to be complimented for developing an ingenious and 
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much needed method for evaluation of hardenability of carburized steels. 

The new method offers obviously numerous advantages over the com- 
mon procedure of measuring the hardness at several predetermined levels 
below the carburized surface, and for this reason it will probably find a 
wide application, at least in the laboratories equipped with the micro- 
hardness testing machines. 

However, the equivalency of the cooling rates obtained on quenching 
the new trapezoidal bar and the conventional round end-quench bar ap- 
pears to be somewhat less obvious: Because of greater ratio of its surface ~ 
area to volume, the trapezoidal bar could be expected to be more suscepti- 
ble to the air cooling effect prevailing at the upper part of the end- 
quenched specimens, where the dissipation of heat through thermal con- 
ductivity becomes progressively less while the heat loss through convec- 
tion remains the same. 

A reference to Fig. 3 showing the end-quench hardenability curves 
for both types of specimens clearly indicates that at distances above 14/16 
inch from the quenched end the trapezoidal bar gave readings 1 to 3 Rock- 
well C points higher than the standard specimen. 

It would be interesting to know whether the relative position of the 
curves shown in Fig. 3 is largely accidental, or whether it is indicative of a 
certain variation in the cooling rates of the end-quench specimens involved 
in this paper. 

Written Discussion: By W. H. Bruckner, research associate profes- 
sor of metallurgical engineering, Department of Mining and Metallurgical 
Engineering, University of Illinois. 

The concept of hardenability evaluation of one gradient, represented 
in the carburized case, by means of another gradient, represented by the 
variation in cooling rate, was originally presented to the ASM by W. E. 
Jominy and A. L. Boegehold. Shortly after the original paper appeared 
the discusser made a detailed study of the problem and attempted to show 
the many facets of the interrelationship involved. The results of that study 
were contained in the University of Illinois Bulletin No. 13, dated Novem- 
ber 21, 1939, with the title “The Hardenability of Carburizing Steels”. The 
large amount of work required to establish the data in the reference cited 
lends a personal appreciation of the advances made by the authors in their 
proposed modification of the original Jominy bar as applied specifically 
to testing carburized steels. The access they have to any point in the bar 
representing the end-result of imposing the effects of one gradient upon 
another greatly simplifies the operations required in gathering the data. 

In the reference cited the effects of stress upon the transformation 
characteristics of austenite were considered. It was also considered that 
the Jominy bar during cooling has instantaneous isotherms practically 
equivalent to surfaces normal to the bar length; thus stresses could not be 
developed to the level or complexity of those which would be encountered 
in actual quenching of steel fully immersed in the quenchant. It was postu- 
lated that differences in the transformation behavior of austenite in the 
Jominy bar and in the immersion-quenched object could exist even when 
the same composition and cooling rate were involved. The stress history 
during transformation could not be the same, thus the postulate. The 
ASM literature has for some time past been concerned with measurement 
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of the effects of stress upon the transformation; the data may in the near 
future make it possible to predict the effects of a known stress parameter. 
It is visualized by the discusser that the excellent method described by 
the authors when coupled with quantitative knowledge of the specific ef- 
fect of stress could extend considerably the usefulness of the test. Pos- 
sibly the greatest present need for consideration of the stress would be 
where the authors’ test specimens have retained austenite. Could the 
authors cite some values of their “batting average” in predicting harden- 
ability of immersion-quenched rounds or other shapes? 


Written Discussion: By Harry B. Knowlton, chief engineer, Materials 
Engineering, International Harvester Co., Chicago. 

The authors are to be complimented upon the very timely presentation 
of a paper covering an improved method for determining the hardenability 
of carburized cases of various types of alloy steel. Experiences of the past 
two years have shown that boron steels and other low alloy steels can 
usually be substituted satisfactorily for older types of alloy steel contain- 
ing 0.40 to 0.60% carbon, on the basis of duplicating the hardenability of 
the original steel. It has been found, however, that carburizing grades of 
boron steel cannot be substituted satisfactorily for conventional types of 
steel, on the basis of duplicating the hardenability of the core. As illus- 
trated by the data in this paper, the hardenability of the case cannot be 
predicted from the hardenability of the core. It has been found that boron 
has a much greater effect upon the hardenability of low carbon than of 
high carbon steel. 

It has been the writer’s experience, during many years of dynamometer 
testing of case-hardened gears, that at least 90% of the gear failures, either 
in pitting or breaking, fall within the case. In some exceptional instances, 
particularly where the case depth is very thin, the properties of the core 
may be responsible for failure. It is also true that the residual stresses 
produced by case hardening have an enormous effect upon the perform- 
ance of the gear. These residual stresses are dependent upon the proper- 
ties of both case and core, the depth of case and, probably of greatest 
importance, the relative time at which the case and the core reach their 
respective M, points. The M, point of the core is likely to be several hun- 
dred degrees higher than that of the case; consequently it is entirely pos- 
sible for the outer layers of the core to reach their M, point before the 
case hardens. 

Without going into great details, suffice it to say that while core 
properties and stresses set up by hardening of the core may be of some 
importance, it is still true that the properties of the case are of equal, or 
greater, importance. The authors of this paper have devised a practical 
method for the measuring of the hardenability of the case. One of our 
laboratories has investigated this method, and has reported no difficulty 
in carrying out the test in this way. The data obtained from such tests 
should be very valuable in determining steels, which will be satisfactory 
for case-hardened gears. It may be that other discussers will prefer some 
other variation of this method. Regardless of which method is used, how- 
ever, the important point is that we must use some method for determin- 
ing the hardenability of the case, if we are to effect any conservation in 
alloying elements for case-hardened gears. 
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Considering that, in a case-hardened gear, the stress decreases from a 
maximum at the surface to a minimum (probably near zero) at the neutral 
axis, it follows that there is definite stress at each depth below the surface. 
We would prefer to plot the results of the end-quench carburized bar in 
terms of hardenability at positive depths below the surface, rather than . 
in terms of carbon content. It is granted that the carbon content at dif- 
ferent depths below the surface may be different for different steels, but 
we are still confronted with the necessity for comparing properties of com- 
peting steels at positive depths below the surface. 

Fig. 15 illustrates our scheme for plotting end-quench hardenability 
of different layers within the carburized case. It happens this illustration 
was made from specimens which were tested in the old manner of carbu- 
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Fig. 15—-End-Quench Hardenability of Different Layers Within 
the Carburized Case of Steels 4118 and 41B18 


rizing, hardening and grinding off successive layers. We have since done 
similar work with the trapezoidal bar, but have not had time to make 
lantern slides from these data as yet. 

We would also call attention to the fact that in our newest harden- 
ability forms, we have placed Boegehold’s data on the correlation of Jom- 
iny distance with diameters of oil-quenched rounds at the top of the chart. 
While there is considerable variation in the speed of different oil quench- 
ing equipments, we believe that this chart is very helpful in making rough 
approximations. This particular chart was made to show the effect of 
boron on 4118 steel. The dotted lines are 41B18, while the solid lines rep- 
resent 4118. The base heat of steel was the same for both samples. 

It will be noted that the boron has a pronounced effect upon the hard- 
enability of the layer at 0.045 inch below the surface. This may be of con- 
siderable importance, aS we have found that certain heavy duty pinions 
are inclined to fail within the case, at about a depth of 0.040 to 0.050 be- 
neath the surface. It will be noted that 4118 steel would probably show a 
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hardness of Rockwell C-55 at 0.045 inch below the surface of a 13-inch 
round, while 41B18 would show a similar hardness for sections well over 
3 inches in diameter. The hardenability of the surface layers is almost 
identical for the two steels, but the layer at 0.015 inch below the surface 
shows an advantage for the boron steel. 

Written Discussion: By C. F. Jatczak and A. L. Christenson, research 
metallurgists, The Timken Roller Bearing Co., Canton, Ohio. 

We believe the authors have presented a very useful end-quench test 
for the measurement of hardenability of carburized steels. Our own lim- 
ited experience with the trapezoidal end-quench method indicates the test 
is very reproducible, adequately sensitive and more rapidly performed than 
the standard carburized Jominy test. It, likewise, presents the good attri- 
bute of freedom from grinding. There are, however, two precautions to be 
observed in employing this test. First, it is frequently observed that a thin 
copper plate is not always an effective barrier to carbon penetration when 
gas carburizing, and second, the cooling conditions in the trapezoidal bar 
at case depths of about 0.040 inch from the carburized surface correspond- 
ing approximately to carbon levels in excess of 0.75 to 0.80% carbon (based 
on the authors’ carburizing treatment of 16 hours at 1700 °F) are not com- 
parable to the standard carburized Jominy bar. The first problem may, of 
course, be circumvented by proper plating techniques, but the second arises 
from the fact that the areas close to the corners of the trapezoidal section, 
where the ratio of air quenching surface to volume is higher than in the 
standard Jominy test, experience increased air cooling effect and a result- 
ing over-all increase in cooling rate. Some evidence that this increase in 
cooling rate will result in an apparent increase in hardenability is shown 
in Table IV. The difference in hardenability as measured by the two tests 
should be even greater at the higher carbon levels and at the higher hard- 


Table IV 
Comparison of ey Results on Trapezoidal Vs. Standard Jominy End-Quench Bars 
Hardenability Expressed as 16’s on End-Quench Bar to Rockwell C-60 Position 


rbon Level 


4118 Steel* 
1.10 1.00 0.90 0.80 0.70 0.60 
Trapezoidal Bar Run No. 1.. .... 11.0 16.5 14.5 10.0 6.5 
Standard Bar Run No. 1...... ieies 9.2 13.5 12.2 8.5 6.0 
Trapezoidal Bar Run No. 2.. 9.0 13.0 15.5 14.5 10.0 6.0 
Standard Bar Run No. 2...... eee 10.0 13.0 12.0 10.0 6.3 
41B18 Steel 
1.10 1.00 0.90 0.80 0.70 0.60 0.57 
Trapezoidal Bar Run No. 1.. .... 15.0 19.0 19.5 13.5 veda 6.0 
Standard Bar Run No. 1...... lattes (9.0)¢ 16.5 17.0 15.0 ti gent 
pezoidal Bar Run No. 2.. 11.5 15.5 22.0 25.0 17.0 13.0 
Standacd Bar Run No. 2...... se 12.7 19.0 20.0 17.5 13.0 
50B20 Steel 
1.10 1.00 0.90 0.80 0.70 0.60 
Trapezoidal Bar Rep Wa. 38. 6 sasne 15.5 16.5 18.0 16.2 11.5 
Standard Bar Run No. 1...... nate (11.0)7f 14.2 15.0 14.0 10.0 
Trapezoidal Bar Run No. 2.. 9.2 15.0 16.5 19.0 16.0 12.5 
Standard Bar Run me. Bi. esas me. 12.0 14.2 14.0 14.2 11.0 
rok eat vy gas carburized 18 hours at 1700 °F, quenched directly, hardness surveys by 
— 1 KGM method. 


Tose, carbon level. 
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Table V 
Comparison Cooling Rates in Trapezoidal and Standard End-Quench Bars* 
ASTM —————Test Resultst-—————__, 
Standard Rates Standard Jominy Trapezoidal Bar 
Distance From °/Second, °/Second, Distance From Edge 
Quenched End, 16’s 1300 °F 1300 °F 0.015 0.040 
2 305 550 625° 580° 
3 195 150° >a eek 
4 125 150° 170 144° 
5 77 eae Fa Sac 
6 56 58° 69 68° 
7 42 wed i wists 
8 33 34° 39 35 
9 26 a wets ete 
10 21.4 20.5 24.3 
11 18.0 ae << eee 
12 16.4 16.5 20.3 i9.0 
13 14.0 in 8 ate cies 
14 12.4 ae ae “us 
16 10.0 9.8 12.6 11.4 








*8122 steel type used in test. 
+Results standard bar average —2 separate runs, 
Results trapezoidal bar (0.015) average—3 separate runs. 
(0.040) average—2 separate runs. 





enability levels as is indicated by the cooling rate data* shown in Table V 
and by the authors’ own data on the 8640 steel in their Fig. 3. 

The difference shown by our cooling rate and hardenability data, of 
course, conflicts somewhat with the authors’ conclusions that the trape- 
zoidal bar is comparable in cooling characteristics to the standard Jominy. 
This, we believe, may have arisen from the authors’ choice of the 8640 steel 
for the evaluation of the cooling rate factors in each bar. We realize, of 
course, that from the authors’ standpoint, the 8640 type was an ideal 
choice since this steel approximates in general the | -rdenability end- 
quench curves of most of the carburizing steels evaluated by the authors 
at carbon levels of 0.80 and lower. However, for an evaluation of cooling 
rate differences between the trapezoidal and the standard round bar, it is 
not the best steel type to employ. This steel is bainitic in transformation 
characteristics and is, therefore, not too sensitive to hardness differences 
of the type necessary to judge cooling rates from end-quench data. It 
would seem more appropriate to use a pearlitic-type steel which would 
show a definite inflection point, since then a horizontal displacement of 
the inflection point representing a difference in cooling rate would be eas- 
ily distinguished from end-quench data. We believe that if this were done, 
the difference in cooling rate which the authors show to exist for the two 
8640 end-quench bars in Fig. 3 at 14/16’s and beyond, would have been 
brought closer to the quenched end, say 10/16’s. Consequently, their data 
would have agreed with our cooling rate data of Table V and hardenability 
data of Table IV. 

In closing, it must be emphasized that the above comments concern- 
ing the probable differences in cooling conditions of the two test pieces 
do not infer any loss in usefulness of the trapezoidal test, but only that 
results from the two tests may be somewhat different, depending on the lo- 
cation of the desired carbon level from the surface. If one is interested only 


SObtained by use of a Hathaway S5-1 Oscillograph (twelve-element high sensitivity 
galvometer unit). 
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in hardenability below the 0.80% carbon level, it is very likely that the trap- 
ezoidal results will be close to those of the carburized Jominy end-quench 
test for most carburizing steels, except perhaps those showing extremely 
high hardenability potential. Above this carbon level, the hardenability 
results may be expected to be somewhat greater at all times. 

Regardless of this comparison, it is believed that the trapezoidal bar 
shows enough desirable characteristics over the standard carburized Jom- 
iny to warrant full expansion of its use on these merits alone. 


Authors’ Reply 


The authors wish to thank Mr. Niconoff, Professor Bruckner, Mr. 
Knowlton, and Messrs. Jatczak and Christenson for their comments and 
discussions on this paper. 

In reply to Mr. Niconoff, the curves presented in the paper comparing 
the hardenability of an 8642 steel as measured by the Jominy and trape- 
zoidal bars were chosen as being typical of the data. On other bars of the 
same steel which were run but were not reported in the paper, there are a 
number of instances where the curve from one bar fell just slightly above 
or below that of the other bar at some point along the quenched length 
of the bar. This area of discrepancy, which seldom exceeded 3 Rockwell 
C units, was not observed to fall repeatedly at any one place along the bar. 
Minor variations in hardenability measurements such as these are easily 
explained on the basis of normal variations to be expected from bar to bar. 
The fact, that in all of the experiments completed, the curves from both 
bars matched so closely, led us to conclude that the cooling conditions 
during end quenching were the same in each bar. 

Professor Bruckner properly points out the difference in stress states 
between quenched rounds and end-quench bars. We have some work under 
way at the present time in correlating hardness in carburized quenched 
rounds and end-quench bars, but do not have sufficient data at this time to 
determine the “batting average” Professor Bruckner has requested. We 
hope to have some of these data in the near future. It appears that a 
somewhat different type of correlation is required than has previously been 
used on the round end-quench bar due to the presence of the carburized 
case. 

Mr. Knowlton has pointed out the fact that the case hardenability 
cannot be predicted from core hardenability, and complete hardenability 
surveys are necessary to aid the alloy conservation program. We were 
pleased to learn that the trapezoidal bar has been successfully used in the 
International Harvester Company laboratories. The 4118 and 41B18 hard- 
enability data presented by Mr. Knowlton in Fig. 15 illustrates again the 
large effect of boron on the hardenability at the lower carbon levels. We 
have since completed hardenability surveys on trapezoidal bars of the two 
steels described by Mr. Knowlton. They were from the same heats as used 
by Mr. Knowlton. The quenching temperature covered a range from 1550 
to 1700 °F. We detect a maximum in the 41B18 case eae at about 
0.80% carbon. 

Messrs. Jatczak and Christenson have listed two precautions to be 
observed in using the trapezoidal bar: The first, regarding the possibility 
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of carbon leakage through thin copper plate, has been the object of spe- 
cial attention in all of our work to date. We have found that no detectable 
carbon leakage will occur if the copper plate is properly applied. In work 
covering the study of over seventy trapezoidal bars, only two were found 
with carbon leakage, and this was traced to faulty plating. In these bars, 
the leakage was easily detected by variations in microstructure and hard- 
ness. We strongly recommend etching the hardness inspection surface 
prior to completing the hardness survey. This is the simplest method of 
detecting such things as carbon leakage and nonuniform carburization. 
With regards to the second precaution, since we did not determine 
cooling rates we appreciate the data which Messrs. Jatczak and Christen- 
son have presented. Further work will be necessary to determine how 
significant these differences are in relation to the hardenability of steels 
to be subjected to this test. We agree with Jatczak and Christenson that 
even though this difference may be real and significant, it does not destroy 
the usefulness of the trapezoidal bar. Further work on correlation of 
quenched rounds and the end-quench trapezoidal bar may provide either 


new correlation charts, or suggest slight dimensional modifications in order 
to use the older correlation charts. 





TRANSVERSE MECHANICAL PROPERTIES IN AN 
SAE 1045 FORGING STEEL 


By ArtHurR H. Grose, Cyrit WELLS AND Rospert F. MEHL 


Abstract 


Tensile test data for specimens from a high quality 
SAE forging steel have been accumulated and analyzed 
statistically. Specimens were cut from the original ingot 
and from forgings that were reduced 2 to 1, 4 to 1, and 
10 to 1. Approximately sixty transverse or ten longitu- 
dinal values per each property investigated constituted a 
sample. The investigation included a study of tensile 
properties associated with two pearlite and ferrite struc- 
tures—annealed and air-cooled—and four quenched and 
tempered structures—quenched to martensite and tem- 
pered at 750, 950, 1100 and 1250 °F (400, 510, 595 and 
675°C). Individual tensile blanks were heat treated to 
have uniformity among specimens and to obtain essentially 
100% martensite in the quenched specimens. Sections 
from the ingot and forgings were given homogenization 
treatments at 2280 and 2400 °F (1250 and 1315 °C), and 
tensile specimens were cut and then tested in the annealed 
condition. The effect of angle of test from the transverse 
to the longitudinal direction on the tensile properties was 
determined for the 10 to 1 reduction for specimens in the 
annealed and quenched and tempered state. Tensile test 
data are presented for commercial forgings. 


HIS laboratory has been engaged for some years in a systematic 
study of the mechanical properties of forging steels, especially 
the transverse properties. A summary paper, including in brief form 
much of the work that has been done, appeared recently (1).)? 
The steels employed were gun steel compositions, for which the 


1The figures appearing in parentheses pertain to the references appended to this paper. 


*This reference includes an extended bibliography on the subject; it points out the appli- 
cability of the data, applying as well to the data ro in the present paper. 


This paper is part of a thesis presented by A. H. Grobe to the graduate committee of 

the Carnegie Institute of Technology in partial fulfillment of the requirements for the degree 

of Doctor of Science. The research was done for the Office of Scientific Research and 

a Deccemmert under Contract No. OEMsr-956 with the Carnegie Institute of ; in 
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composition SAE 4340 may be taken as a prototype. Most of the 
important metallurgical (and mill) variables were included in the 
study. In general, it was shown that the reduction in area in the 
transverse direction (hereinafter designated as RAT) is not a single- 
valued property, but a statistical one, and must therefore be repre- 
sented by a distribution curve, characterized by an average, X, and 
a standard deviation, o; the spread of values was found to range 
from 18% RAT in the best case to 40% in the worst, with the value 
of o varying from 3% to 8%. Both statistical values and the skew- 
ness of the distribution curve vary with change in metallurgical (and 
mill) variables. 

These studies related to alloy steels in the quenched and tempered 
condition. The present paper extends this earlier work to plain carbon 
hypoeutectoid steels of the composition SAE 1045. It includes sim- 
ilar studies on this steel in the quenched and tempered condition, and 
also studies on this steel in the normalized and in the annealed con- 
ditions. It comprises a study of the effect of different degrees of 
reduction by forging in the steps of 2 to 1, 4 to 1, and 10 to 1; the 
effect of heat treatment, including (a) annealing from 1500 °F 
(815 °C), (b) normalizing from 1500°F (815°C), (c) homogeni- 
zation for 12 and 48 hours, respectively, at 2280 and 2400 °F (1250 
and 1315 °C), followed by furnace cooling from 1500 °F (815 °C), 
and (d) quenching from 1500°F (815°C) followed by tempering 
at 1250, 1100, 950 and 750°F (675, 595, 510 and 400°C), re- 
spectively ; (e) the effect of angle of test piece with respect to forging- 
fiber direction. These studies should be of interest to those concerned 
with the engineering behavior of forgings of this familiar composition. 


MATERIALS 


The earlier work demonstrated that furnace practice is an impor- 
tant variable. In particular, the presence of idiomorphic crystalline 
inclusions such as alumina (“refractory inclusions”) provides a 
marked skewness to the distribution curve of RAT, that is, gives a 
large number of values of low RAT which provides a “tail’’ to the 
distribution curve. For this reason it is particularly important to 
give details concerning the practice employed in making the steel. 

Three commercial ingots, 18 by 18 inches weighing 5500 pounds 
each, were made at the Homestead Works of the Carnegie-IIlinois 
Steel Corporation. These were basic open-hearth steel, of commer- 
cial grade. The ingots were numbers 11, 12, and 13 from a total 
of 34 ingots. They were big-end-up ingots, with hot-top; they 
tapered from 18 by 18 inches at the top to 14 by 14 inches (in 58% 
inches) at the bottom.’ The materials charged in the furnace are 
given in Table I, together with the furnace additions. 

The heat of SAE 1045 steel, from which the three ingots were 
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Table I 
Materials Charged and Added in Open-Hearth and in Ladle 


Materials Charged 


Pounds 
Ra | 5. caen » baie a chip on vies CA oe ere oe 13,600 
CO Geass iMebibwaie ace ca as Cekeee Seda UW edlek Cee 35,000 
CINE oot din «ata wie beh bis'o RED + OOP Oca OO 98,600 
NE EE - wad és ods Gap 0.0.0.0460h.0:0 Up ReES 4 4ae 60 Eh be 200 
BGS. iy dca sda c  aedaxdtet Aes «¥0d kbs 150,000 
DM var. cas 4» ake guliegtumed ban oe Dek 6 eekaw Gees a 
OG SEE COI ko fs ke sh odd 6 Cesk tbe eels ROR cae 280,100 
SE ES Se acs. cues « bulee Re unis + eee SRL Kai's ic 181,300 
Pe OE OE. ic. bb ee 6 odS bs oo URES b 68s Cade mECEE Hab ie 0 035 
Additions 
Furnace-Pounds Ladle-Pounds 
ONG sink vs a pees swine tesa tes hae 3,500 aun 
PE ee is aes Wace ot o kek Os 5,000 xa 
eer SOT onc i coe ce basanecess) eee 850 
BR TEMMOOESS © oo. hav cctcsunebswetbe 2,000 ae 
rR: «si. xcs 'b 0.00 teen tuaee on 800 , : ; 
BE TREE | va om knees dinar ube ea wae 150 


taken, took 3 hours to charge; 5 hours and 55 minutes to melt down; 
2 hours and 51 minutes later the heat was blocked. Twelve hours 
and 5 minutes after the beginning of charging, the heat was tapped, 
at 2960 °F (1625 °C), into a clean ladle. The ladle analysis was: 
0.48% carbon, 0.86% manganese, 0.018% phosphorus, 0.027% sul- 
phur, 0.20% silicon, 0.03% nickel, 0.02% chromium and 0.01% cop- 
per ; the materials had been so selected as to provide a steel with low 
percentages of residual metals. The molds used were cold, coated 
with tar. The average time for filling the mold was 30 seconds; the 
hot-top was filled 30 to 37 seconds later. The metal was active in 
the mold. 

The ingots stood for 1%4 hours and then, in a further period of 
114 hours, were put in the soaking pits, and held at 2350 °F (1290 
°C) for 5% hours. Ingot No. 13 was removed for cooling, while 
ingots Nos. 11 and 12 were immediately rolled on an open-pass 40- 
inch mill to 1234 by 1234-inch blooms. Ingot No. 13 and the blooms 
from ingots Nos. 11 and 12 were cooled to 1200°F (650°C) and 
then covered with slag until they reached 200 °F (93 °C), requiring 
8 days. The blooms were then cropped and chipped. 

The two 1234 by 1234-inch blooms were forged on a 1000-ton 
steam press to a reduction in section area of (very nearly) 2 to | 
(1234-inch round), 4 to 1 (9%-inch round), and 10 to 1 (6-inch 
round). In heating for forging, one end was put in the furnace and 
forged when it had reached 2100 to 2200 °F (1150 to 1205 °C), and 
then that section hot-cut; this was continued, in similar steps, until 
the whole of the piece had been forged, thus providing essentially 
equal heating times for all sections. The pieces were given a 
“hydrogen-removal” treatment, consisting of holding at 1300°F 
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(705 °C) followed by a furnace cool to below 750°F (400°C), 
followed then by a reheating to 1300 °F (705 °C) and a subsequent 
slow cooling to room temperature. 

Macro- and microexaminations were made on each end of each 
forging, on the unforged ingot No. 13, from pieces cut from the ends 
of the cropped forgings, and 3 inches below the hot-top of the ingot. 
Each of these sections was sulphur-printed and macroetched, and 
samples were taken for microscopic examination for inclusions. 
Chemical analyses were made to appraise chemical heterogeneity. 

The sulphur prints on all samples exhibited the same general 
pattern, showing an even distribution with only a very slight tendency 
to concentration at the center. This effect was slightly greater in 
the large forgings and the ingot than in the small forgings. The 
macroetch tests showed no forging defects, flakes, or large pits; the 
dendritic pattern was pronounced in the 1234-inch forgings, dimin- 
ished with increasing forging reduction, and was indetectable in the 
smallest forging. Evidently this was a good quality commercial 
forging steel. An attempt was made to rate the samples for clean- 
liness by the SAE method, but the steel was almost too clean to 
furnish a rating; only very infrequent inclusions % inch long at 100 
diameters could be found, and these were disjointed. The average 
rating for the background of the edge and half-radius was A; centers 
occasionally gave a B rating; yet inclusions % inch long were still 
very infrequent. 

From the several forgings, longitudinal and transverse tensile 
specimen blanks with the dimensions 54 by % by 4 inches were cut 
as near to the half-radius of the forging as possible; similar pieces 
were cut from the ingot. Four transverse and 4 longitudinal speci- 
mens were cut from a single section of the 6-inch forging; 10 trans- 
verse and 12 longitudinal specimens from the 9%4-inch forging, 22 
transverse and 44 longitudinal specimens from the 1234-inch forging, 
and 52 transverse and 80 longitudinal specimens were cut from a 
section of the ingot. All of the specimens were taken from sections 
of the forgings originating in the upper two-thirds of the original 
ingot (1); the specimens from the ingot were taken from an 8-inch 
slice cut 3 inches below the hot-top. Sixty transverse and at least 
10 longitudinal specimens were used to provide data for each sample 
as noted below. In all, approximately 3000 tensile tests were made. 


SPECIMEN PREPARATION 


The heat treating of these forgings was performed on small 
pieces, for this is a shallow hardening forging steel. In order to 
produce uniform ferrite-pearlite structures in annealing but especially 
in normalizing and also to produce a fully martensite structure 
(through hardening) on quenching prior to tempering, small pieces 
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were necessarily employed. In order to appraise the depth of hard- 
ening, a series of rounds of various sizes was quenched into an iced 
5% NaOH solution after austenitizing at 1500 °F (815 °C); it was 
found that a 14-inch round would quench to martensite throughout 
the cross section—this size was adequate for the preparation of a 
0.357-inch diameter tensile bar employed throughout the work. All 
quenching was done in this way; tempering was conducted at the 
temperatures indicated for periods of 2 hours. Annealing and nor- 
malizing treatments were performed on the blanks as noted above. 

The quenching operations were performed as follows: 

A rack was devised consisting of two bricks standing parallel 
in the furnace; across the tops of these bricks were laid steel rods. 
These rods were threaded through holes drilled in the ends of the 
sample blanks, which thus hung from the rods; each rod held five 
sample blanks; after heating, a rod with its five pendant bars was 
removed and the assembly quenched; the quenched sample blanks 
were then placed immediately in a salt tempering bath, holding thirty 
specimens at a time. 

The normalizing treatment was performed with the same type 
of rack; 30 sample blanks were austenitized for 144 hours, and the 
whole rack removed to cool in air; a thermocouple was inserted into 
the center of one specimen, and the following temperature course 
noted: the temperature fell from 1500 to 1245 °F (815 to 675 °C) 
in 334 minutes, then a slight recalescence occurred, with the fall in 
temperature recurring after 6 minutes. Between 1380 and 1245 °F 
(750 and 675 °C) the rate of temperature change was 55 degrees per 
minute. The annealing treatments were performed in a similar 
fashion, the racks were left in the furnace and the specimens cooled 
with the furnace; thermocouple readings showed the rate of cooling 
between 1380 and 1245°F (750 and 675°C) to be 3 degrees per 
minute. A protective atmosphere consisting chiefly of CO was em- 
ployed for ail austenitizing treatments. 

The quench-and-temper treatment and the normalizing treat- 
ment were each done on batches of 30 specimens. Two such batches, 
60 specimens, provided data for one distribution curve. In the 
quenching operation, at least one specimen blank from each batch 
was examined for through-quenching. 

After heat treatment, the sample blanks were cut to a length of 
3% inches and machined to a tensile specimen of 0.357 inch diameter 
with a 1.4-inch gage length. Tensile data were taken on a 60,000- 


pound Southwark-Emery testing machine, using a Selsyn recording . 


extensometer ; the following data were recorded: yield strength at 
0.01% offset, tensile strength and percentage elongation in 1.4 inches. 
The percentage reduction in area was measured on the fractured 
sample, and the nature of the fracture observed. 
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STATISTICAL INTERPRETATION OF RESULTS 


Because of space restriction, an account of the statistical inter- 
pretation of results must of necessity be quite superficial. Actually 
this interpretation is based on results of intense statistical studies ; 
these involve applications of tests of significant differences as well as 
(a) determinations of whether from a practical point of view sampled 
populations may be considered normal and sampling random, and (b) 
determinations of limits between which sampled population statistics 
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Fig. 1—RAT Frequency Curve for the Furnace- 
Cooled Specimens From the 9%4-Inch Forging. 


—average, standard deviation, etc.—are expected to fall with a given 
certainty. In addition, these studies included estimates of sampled 
population statistics taking into account sample size effect; they also 
involved sampling experiments utilizing thousands of data to indicate 
at least approximately the degree of confidence justified in conclusions 
given in this paper. 

The importance of certain statistics for use in summarizing and 
interpreting a large amount of data, such as have been accumulated 
in the present investigation, is apparent from results and discussions 
in earlier publications (1, 2). Of the statistical methods employed 
in this research for evaluating quality and the influence of various 
factors on that quality, some have been described by Olds and Wells 
(2) ; others by Snedecor (3) and Ezekiel (4). Sample average, X, 
which measures central tendency, and sample standard deviation, o, 
which measures dispersion, together give an estimate of quality. 
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Thus the estimated RAT quality of furnace-cooled specimens from 
the 9'%4-inch forging (Fig. 1) is indicated by X = 41.67% and 
o = 3.58% taken together ; a better estimate is the frequency curve. 
Curves A and B (Fig. 2) are both estimates of the RAT quality 
of quenched and tempered specimens from a forging; frequency 
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Transverse Reduction of Area - Per Cent 


Fig. ae Curve Based on 277 Transverse 
Reduction of Area Values for Specimens From a High Qual- 
ity Forging Quenched to Martensite and Tempered to a Ten- 
sile Strength of About 165,000 Psi. 


B—Normal Curve Computed From. Average and Standard 
Deviation Figures. Area enclosed by Curve A and abscissa is 
equal to area enclosed by Curve B and abscissa. 


Curve A is a better estimate than normal Curve B, computed from 
average and standard deviation values. 

It is assumed, and with sufficient justification for most practical 
purposes, that for each sampled population (a) the true average falls 
between X + (36/\/n) and X — (36/,/n), (b) the true standard 
deviation between o+ (30/\/2n) and o— (30/\/2n) and (c) almost 
all individual values between X + 30 and X — 3o, where n is the 
number of values in the sample. 


CORRELATION AND REGRESSION 


In order to obtain information about the relation between yield 
strength and longitudinal reduction of area, and yield strength and 
transverse reduction of area in materials investigated, correlation co- 
efficients and regression line equations have been computed (Table II). 
In addition, limits between which correlation coefficients and linear 
regression lines for sampled populations are expected to fall have 
been calculated, as have also the limits between which practically all 
individual values in each of several raed populations probably fall 
(Table III). 
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Table II 
Results of Correlation and Regression Studies of Yield Strength and 


Longitudinal 
Reduction of Area Values for Specimens Containing Mixtures of Ferrite and Pearl- 
fhe and Cooniug From an SAE let Steel Reduced 10 to 1, 4 to 1, 2 to 1, and 1 to I 





by Forging 
Corre- Limits Between Which 
lation Limits Between Aad n Equation 
Reduction No. Coeffi- Which p Is Equation of =a+ 
b of cient Expected to Fall Regression Line Is Sepetul to Fall 
Forging Tests r ax. Min. (Ys =a+ bX) Max. Min 
10 to 1 54 0.73 0.86 0.56 Ys = 33.8 + 0.34X 0.44 0.24 
4tol 40 0.92 0.97 0.81 Ys = 26.0 + 0.46X 0.55 0.37 
2 tol 60 0.44 0.67 0.13 Ys = 29.2 + 0.37X 0.63 0.11 
ltol 24 —0.13 0.43 —0.79 Ys = 38.9 —0.05X 0.27 —0.37 


Note: Each unit of yield strength, X, is 1000 psi. Each unit of longitudinal reduction 
of area, Y, is 1%. 


r = correlation coefficient for sample. 
p = correlation coefficient for sampled population. 
Ys =a+ bX is the regression line equation for the sample. 
Y =a+ 6X is the regression line equation = the sampled population. 
Ys, a, and b are estimates of Y, a, and §; a, b, a, and 'B are constants. 
For any pa value of yield strength, X, the best estimate of longitudinal reduction of 
area, Y, would be Y (true average of all Y values in sampled population associated with the 
given value of X) if a and 8 were known; the best estimate of Y is Ys. 


To assist interpretation, results such as presented in Table III 
may be plotted to indicate graphically the limits between which the 
sampled population regression line is expected to fall and practically 
all individual longitudinal reduction of area values fall when yield 
strength lies between 82,000 psi and 182,000 psi. 


TENSILE TEST RESULTS FOR THE ANNEAL AND NORMALIZE 
TREATMENTS 


Two different heat treatments were used to produce ferrite and 
pearlite structures: a furnace cool with a cooling rate of approxi- 
mately 3 °F per minute and an air cool with a cooling rate of approxi- 
mately 55 °F per minute. The structures obtained from the 9%4-inch 
forging after furnace cooling and after air cooling are illustrated in 
Figs. 3 and 4, respectively. The air-cooled specimens have less fer- 


Table Ill 


Data Showing Limits Between Which (A) Points on the Regression Line Y = a + 8 X and 
(B) Practically All Individual Values of Longitudinal Reduction of Area Are mapoute? to 
Fall When Values Are for Specimens From a Unit Quenched to Martensite and 
Tempered to Yield Strength Values As Indicateg 





ok Limits Between 
Limits Between Which Which Practically 
Y Probably Falls When All Individual Values 
Selected Values the Selected Values of Longitudinal Reduction 


Forg- of Yield Strength of X Are as Indicated of oe soe ae 

ing Re- No. (1 unit = 1000 psi) Max. Min. ax. 

duction of Tests x (%) (%) Ch) (%) 

10 tol 39 182.1 53.8 50.8 58.1 46.5 
162.1 56.1 53.7 60.4 49.4 
142.1 58.4 56.6 62.7 52.3 
122.1 60.9 59.3 65.2 55.0 
102.1 63.6 61.8 67.9 57.5 


82.1 66.5 64.1 70.8 59.8 








comer: 








Fig. 3—Microstructure of the Furnace-Cooled Specimens From the 9%-Inch Forg- 
ing. Picral etch. X 100. 


Fig. 4—Microstructure of the Air-Cooled Specimen From the 9%-Inch Forging. 


rite and finer pearlite than the furnace-cooled blanks. Although these 
photomicrographs are for the 94-inch forging, they are representative 
of all of the forgings and the ingot. 

The results obtained from the tensile tests on the ferrite and 
pearlite structures resulting from furnace-cool and air-cool treatments 
of unhomogenized material are listed in the first two major columns 
of Tables IV and V. 

Yield strength is affected more by conditions of testing, such as 
specimen alignment, than is tensile strength. The variation among 
yield: strength values is normally much higher than that among ten- 
sile strength values; standard deviation, 6, is on the average about 
twice as large for yield strength as for tensile strength. Transverse 
tensile strength data (Table IV) show the maximum difference 
among X values for the furnace-cooled specimens to be 3100 psi and 
for the air-cooled specimens to be 3800 psi. Transverse yield strength 
data show the maximum difference among X values for the furnace- 
cooled specimens to be 6900 psi and for the air-cooled specimens to 
be 9100 psi. One significant fact revealed by these data is that the 
ingot has a lower yield strength average than any of the forged re- 
ductions. Transverse elongation and transverse reduction of area 
curves (5) based on data given in Table IV are similar; when a 
RAT curve has a “tail”, a skewness toward lower values, as does 
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the curve in Fig. 1, a comparable elongation curve has also a tail. 
The only difference is that the o values are smaller for the elongation 
curves than for the RAT curves. The ingot RAT and elongation 
curves do not have tails, but the frequency curves for the forgings 
are skewed toward low values. Also the o’s and, therefore, the total 
spreads are lower for the ingot than for the forged material. The 
fact to be noted here is that the ingot does have a spread of trans- 
verse ductility values and this spread is quite high. 

Data in Tables IV and V, taken together, show that variations 
among yield strength and tensile strength values for furnace-cooled 
and air-cooled transverse specimens from unhomogenized material is 
on the average larger than among comparable yield strength and 
tensile strength values for furnace-cooled and air-cooled longitudinal 
specimens. Variations among reduction of area and elongation values 


for furnace-cooled and air-cooled transverse specimens from un-_ 


homogenized material is on the average between 4 and 5 times larger 
than among reduction of area and elongation values for furnace- 
cooled and air-cooled longitudinal specimens. A much larger varia- 
tion of RAT than RAL quality, such as is observed, means that in 
the determination of RAT and RAL quality, with a given precision, 
many more RAT than RAL data are needed. This is why, as already 
pointed out, RAT samples (usually 60 values per sample) obtained 
are with few exceptions much larger than RAL samples (usually 10 
values per sample). 

The longitudinal reduction of area (RAL) averages (Table V— 
first two major columns) for ferrite and pearlite structures reveal an 
interesting phenomenon: when the tensile strength is increased, the 
RAL is also increased for the forged steel. This increase in RAL 
is not accompanied by an observed similar increase in the elongation 
of the longitudinal test specimens, perhaps partly because the elon- 
gation is a less sensitive measure of ductility. In addition, the aver- 
age RAT (Table IV—first two major columns) is not consistently 
changed by the increase in tensile strength though in all cases the 
o’s are higher for the air-cooled RAT determinations. In brief, the 
increase in tensile strength by increasing the rate of cooling increases 
the average RAL for the forged material but does not appear to raise 
either the average longitudinal elongation or the average RAT. This 
effect does not extend to the unreduced ingot. Here the increase in 
tensile strength has little or no effect on the other tensile properties 
beyond that of increasing the spreads for all properties, except trans- 
verse yield strength. Improved. RAL quality resulting from in- 
creased rate of cooling is found only in ferrite plus pearlite structures. 
Increased rates of cooling are used commercially, knowingly or un- 


knowingly, to increase RAL values, as is reported in the section on 
commercial forgings. 
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The increase of longitudinal reduction of area with an increase 
of tensile strength produced by a more rapid rate of cooling is not 
new but is also not generally recognized. Gensamer et al (6 and 7) 
have shown that the RAL values for a hypoeutectoid steel increase 
to a maximum and then decrease as the temperature for isothermal 
reaction to ferrite and pearlite is lowered while the tensile strength 
increases constantly. 

Correlation coefficients and regression line equations have been 
calculated utilizing RAL and yield strength data for furnace-cooled 
and air-cooled specimens from unhomogenized material. Results are 
listed in Table II as are also computed limits between which corre- 
lation coefficient, p, and regression coefficient, 8, for sampled popu- 
lations are expected to fall. This information justifies confidence in 
the validity of conclusions which have already been drawn and covers 
the subject of the effect of cooling rate on RAL quality of material 
containing ferrite and pearlite. It is not known whether the observed 
increase of RAL with yield strength, as the cooling rate is increased, 
is linear. If the relation is linear, then an increase of cooling rate 
in the range between 3 and 55 °F may be expected to increase average 
RAL by approximately 0.4% for every 1000-psi increase of tensile 
strength. Best estimates are that, within the yield strength range 
studied, a 1000-psi increase of yield strength caused by increased cool- 
ing rate is accompanied by an increase of average RAL quality in the 
material investigated amounting to (a) 0.34%—forging reduction 
10 to 1, (b) 0.46%—forging reduction 4 to 1, (c) 0.37%—4forging 
reduction 2 to 1, and (d) 0.05%—unforged ingot. Data listed in 
Table II justify most confidence in estimate (b) and least—practi- 
cally none—in (d). 

The correlation coefficients and the lines of regression for tensile 
strength versus RAL exhibit the same trends as those for the yield 
strength versus RAL. For the yield strength or tensile strength 
versus RAT there is no correlation. 

To show the effect of reduction by forging on both RAT and 
RAL for both furnace- and air-cool treatments, Figs. 5 and 6 were 
drawn. Here the reduction of area is plotted against the reduction 
by forging. These curves have three significant features : 

1. As the reduction by forging is increased, the average RAL is 
increased. 

2. The reduction by forging, at least up to 10 to 1, does not 
lower the average RAT significantly below the reduction of area for 
the original ingot. In fact at a reduction by forging of 4 to 1 there 
is considerable improvement. 

3. The transverse and longitudinal reduction of area averages 
from the ingot differ significantly with the longitudinal reduction of 
area having the higher value. 
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Reduction of Area - Per Cent 





Reduction by Forging 
Fig. 5—Reduction of Area Versus the Reduction by 
Forging Curves for the Furnace-Cooled Tensile _Specimens. 


ra dotted lines represent X+30/Vn and X— 30/Vn 
imits. 





- Per Cent 

















Reduction of Area 


























Reduction by Forging 


_ Fig. 6—Reduction of Area Versus Reduction by Forg- 
ing Curves for the Air-Cooled Tensile Specimens. The 


dotted lines represent X + 30/Vn and X — 3¢/Vn limits. 
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EFFeEct oF HOMOGENIZATION TREATMENTS 


Two homogenization treatments, for long time periods and at 
unusually high temperatures, were given to samples from each of the 
forgings and also the ingot, to appraise the response of this simple 
steel to homogenization. Presumably, owing to its low alloy content, 
homogenization would decrease o for the RAT distribution more 
extensively than similar treatments on SAE 4340 (1). The homog- 
enization treatments were: 12 hours at 2280°F (1250°C) and 48 
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Fig. 7—RAT Frequency Curve for the 934-Inch 
Forging Homogenized 48 Hours. 


hours at 2400 °F (1315°C). These treatments were performed on 
large sections which were loaded into a cold furnace. The times 
given were times at temperature. Protective atmosphere was main- 
tained at 1400°F (760°C) and above. The sections were cooled 
in the furnace. The sections were then cut into 55 transverse and 
10 longitudinal blanks for tensile specimens which were then annealed 
or furnace-cooled. 

The data obtained are given in Tables IV and V. Frequency 
curves were plotted (5), one of which is given in Fig. 7, a RAT 
curve for the 94-inch forging after homogenization for 48 hours at 
2400 °F (1315 °C). 

The tensile test averages and spreads before and after homoge- 
nization agree quite well. The transverse yield strength data have 
approximately the same values of X and o before and after homoge- 
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Reduction of Area - Per Cent 


Reduction of Area - Per Cent 

















Reduction by Forging 


Fig. 8—Reduction of Area Versus Reduction by 
Forging Curves for the 12-Hour Homogenization Treat- 
ment. The dotted lines represent X+3¢/Vn and X — 
3¢/Vn limits. 








Reduction by Forging 


Fig. 9—Reduction of Area Versus Reduction by 
Forging Curves for the 48-Hour Homogenization Treat- 
ment. The dotted lines represent X-+3¢/Vn and X — 
3¢/ Vn limits. 
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nization, except for the case of the ingot; in this latter case, before 
homogenization the yield strength was less than that for forgings; 
after homogenization the yield strength was the same as that for 
forgings. Thus, after 48 hours at 2400°F (1315°C), the yield 
strength averages in all cases were between 42,000 and 45,000 psi. 

The RAT data and their frequency curves exhibit interesting 
changes from those for unhomogenized steels. Even after 48 hours 
at 2400 °F (1315 °C), the values of X and o are not significantly 
different from those for unhomogenized steels. But there are impor- 
tant changes in the frequency curves (5): the tails and skewness 
of the curves are in some cases more pronounced in the homogenized 
steels, to the extreme that the distribution has the appearance of 
composite of two populations, Fig. 7. This is true of the forgings, 
but not of the ingot. In such cases in skewed curves the values of 
X and o are ineffective as criteria of change. The upper maximum, 
Fig. 7, is not far from that for longitudinal specimens. Presumably, 
such curves could be further analyzed into two sets of values for X 
and o. The high RAT maximum may represent those specimens 
for which homogenization was effective, whereas the low RAT max- 
imum may represent those specimens, impaired by harmful inclu- 
sions to the extent that the ductility values could not be improved. 

The elongation frequency curves do not have quite the same 
shape as the RAT curves; but here again homogenization tends to 
exaggerate the tails. Homogenization had no effect upon the elon- 
gation curves for the ingot. 

The effect of homogenization on RAT and RAL is summarized 
for various degrees of forging reduction in Figs. 8 and 9; these 
figures are to be compared to Fig. 5 for unhomogenized samples. 
Fig. 8 shows the main result of homogenization for 12 hours at 2280 
°F (1250°C) to be a lowering of RAL averages for the forging 
reductions 4 to 1 and 10 to 1, without changing the other averages 
appreciably. Microscopic studies of samples reacted isothermally 
proved that only at these reductions was homogenization effective. 
This is to be expected for isothermal reaction rate since homogeni- 
zation, a diffusion phenomenon, should be more effective at the higher 
forging reductions, for these give smaller diffusion distances. 

Fig. 9 shows that 48 hours at 2400 °F (1315 °C) had a pro- 
nounced effect. All RAL values are lowered to an almost constant 
level; the RAT values are nearly constant but not so high as RAL. 
Samples reacted isothermally in this case showed apparently complete 
homogeneity. | 


TENSILE TEST RESULTS FOR COMMERCIAL FORGINGS 


The results recited above were for a special heat of SAE 1045. 
In order to judge their general commercial validity, comparable 
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Table VI 
Transverse Tensile Tests on the Test Ends of Commercial Forgings 


Heat No. 56446 Heat No. 56446 Heat No. 83325 Heat No. 83325 


Air-Cooled Water-Cooled Water-Cooled Air-Cooled 
Yield Strength 0.01% Offset 
Whi << kdeiss vee 43.2 46.7 47.3 45.7 
Me vss pee as kts 2.34 2.06 2.64 1.41 
No. of Tests gebue bo 58 60 58 59 
ROPTE.  eo- ceds odin 0.92 0.80 1.04 0.55 
Sete adéeavec2és 0.65 0.57 0.74 0.39 
Yield Strength 0.1% Offset 
Mes cpeedans ats 43.7 45.5 47.6 45.0 
Os tacen sens 0s eeees 1.03 1.33 1.45 1.27 
No. of Tests senawes 58 60 58 59 
30 /Vn_ ie ee cee 0.41 0.52 0.57 0.50 
SO IME picccekades 0.29 0.36 0.41 0.35 
Tensile Strength 
BAN vaca ches 83.5 81.5 87.7 84.9 
Oes inws s¥ee cbs eee 1.25 1.87 1.71 2.24 
No. of Tests peREO oS 58 59 58 59 
30/Vn_ as <ehe pee 0.49 0.73 0.67 0.87 
SFM baci’ 0.35 0.52 0.48 0.62 
Elongation (% in 1.4 Inches) 
ees. 5 ee a 22.1 20.1 21.7 17.2 
Ore i ieak oka ber eae 1.72 3.56 2.25 3.52 
No. of Tests ie Wh ake 58 52 52 59 
SPRUE Fs axing en sie 0.68 1.48 0.94 1.37 
Rg ty OREN rags 0.48 1.05 0.66 0.97 
RAT (% for 0.357-Inch Specimen) 
BD dcivicmmeneaon 30.5 31.0 30.3 22.8 
Oe ae ates 5 ere 3.41 6.52 4.36 4.47 
No. of Tests wawcwa 58 52 52 59 
SO/VO — cccccceceee 1.34 2.71 1.81 1.75 
OO FV © Xkwuvis OR 0.95 1.92 1.28 1.24 


studies were made on average commercial forgings. 

Test ends taken from four 814-inch diameter quill shafts, reduced 
by forging 10 to 1, were obtained. These came from two SAE 1040 
basic open hearth heats which were of essentially the same compo- 
sition, but made by different producers. The compositions were: 


Jo C % Mn %S Jo P % Si 
Heat No. 56446 0.42 0.79 0.035 0.016 0.25 
Heat No. 83325 0.43 0.79 0.033 0.016 


The quill shafts from these two heats each were given the following 
heat treatments: (a) Heat 10 hours to 1540°F (840°C), hold 10 
hours, cool in air; reheat 10 hours to 1140°F (615°C), hold 10 
hours, cool in air; (b) Heat 10 hours to 1600°F (870°C), hold 
10 hours, quench in water; reheat 10 hours to 1100°F (595 °C), 
cool in air. Both heat treatments produced ferrite-pearlite structures. 

From each of the four pieces, 60 transverse and 20 longitudinal 








1098 TRANSACTIONS OF THE 4.S.M. Vol. 45 


Table VII 
Longitudinal Tensile Tests on the Test Ends of Commercial Forgings 


Heat No. 56446 Heat No. 56446 Heat No. 83325 Heat No. 83325 


Air-Cooled Water-Cooled Water-Cooled Air-Cooled 
Yield Strength 0.01% Offset 
Bebb Cakene s nee 45.0 45.6 49.3 47.6 
O: awitteds es <temecte 1.87 1.88 1.61 1.60 
No. of T MS. aucvaus 18 20 20 19 
3o0/Vn_ 2b sbeebs 1.32 1.26 1.08 1.10 
SOPUIR ov Tht 0.94 0.89 0.77 0.78 
Yield Strength 0.1% Offset 
VES iss telcute b 44.3 44.6 47.8 46.5 
ee EI eS tease 0.85 0.91 0.95 1.25 
No. of 1 - ge A ag 18 20 20 19 
SE/VM_— cececcceees 0.60 0.61 0.64 0.86 
Do weilkaw sakes 0.43 0.43 0.45 0.61 
Tensile Strength 
ike ccekh ace 85.00 81.4 89.2 87.0 
a Seitees se 64rd s 1.20 0.97 0.96 1.76 
No. of Tests towaee> 18 20 20 19 
SO/VM_ ceccsevcese 0.85 0.65 0.65 1.21 
See Nest eaeess 0.60 0.46 0.46 0.86 
Elongation (% in 1.4 Inches) 
Pe his a hoes ck es 29.7 34.0 31.0 29.4 
Wh chide ke bees 1.05 0.52 0.63 0.49 
No. of Tests at daheae 18 20 20 19 
SO/VN_weeeeeccese 0.75 0.35 0.42 0.34 
DOPE ax as'c.0atald 0.53 0.25 0.30 0.24 
RAL (% for 0.357-Inch Specimen) 

De en ek 53.2 65.6 62.0 54.4 
O°: Bete in bt 0.53 1.11 2.06 0.58 
No. of 1 eS Sedsawe 18 20 20 19 
3a/ Vn i 4 cetee aint 0.37 0.75 1.38 0.40 
DOPE tX sec bes 0.24 0.53 0.98 0.28 


blanks for tensile specimens were cut, from approximately the half- 
radius position. The blanks were machined to 0.357-inch test speci- 
mens. The test results are given in Tables VI and VII. 

The data show that water quenching increases the RAL average 
considerably over those for air cooling. In both heats the average 
longitudinal elongation is somewhat increased by increase in the rate 
of cooling. For heat No. 56446, the X values for RAT and trans- 
verse elongation are changed but little, though the change in elon- 
gation is significant statistically. The value of o changes markedly 
with speed of cooling: it is greater for the faster speed. These 
results are substantially the same as those obtained for the special 
SAE 1045 steel. For heat No. 83325, water cooling increases RAT 
and transverse elongation averages over those for air-cooled forgings, 
though the values for the air-cooled specimens are low. 

The yield strength for both heats is increased by increased rate 
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of cooling, but the tensile strengths are not changed. ‘The tensile 
strength for water-cooled specimens of heat No. 56446 is lower than 
for air-cooled, whereas the reverse is true for heat No. 83325; but 
the differences are small. This minor anomaly probably originated 
in the differing tempering treatments. 

The data for longitudinal tests on all of the quill shafts from 
heat No. 56446 were analyzed statistically; the values of X and o 
were: 


Tensile 
Proof Stress Strength Elongation RAL 
x o yt o x C x o 
Air-Cooled 50,000 2,200 83,000 2,750 29.8 1.69 52.4 3.7 
Water-Cooled 54,000 3,100 87,000 2,700 30.6 1.94 58.8 5.0 


These data are for 0.505-inch tensile specimens but should be 
comparable to those for 0.357-inch specimens since the geometrics 
of the two types of specimens are similar. 

The data for the longitudinal properties of the two sections from 
heat No. 56446 fit well within the frequency curve for the whole heat ; 
the spread in the latter is greater. This suggests that there is some 
variation in heat treatment from forging to forging. 

These data from the whole heat are in agreement with findings 
given above for a special heat of SAE 1045: a faster rate of cool 
gives better RAL values and does not change elongation appreciably. 


Errect oF ANGLE OF TEST ON THE TENSILE PROPERTIES OF FURNACE- 
CooLeD SPECIMENS FROM THE 6-INCH FORGING 


The effect of angle of test on the reduction in area values was 
appraised from 60 specimen blanks cut from the 6-inch forging at 
each of the following angles from the transverse direction: 18, 36, 
54, and 72 degrees. These blanks were then given the standard 
furnace cool treatment. The data are given in Table VIII; com- 
parable transverse and longitudinal data have been given in Tables 
IV and V. The uniformity of the tensile test data demonstrates the 
uniformity of the heat treatments. The data show that the angle 
of test has practically no effect on yield strength or tensile strength. 

The data on elongation and reduction in area show that at 18 
and 36 degrees the total spread is large and the average small as 
compared to corresponding values at 54 and 72 degrees. Fig. 10 
has reduction in area plotted against angle of test. The lowest value 
for the reduction in area is not in the transverse direction but some- 
where between 18 and 36 degrees from this. As noted later, samples 
from the quenched and.tempered 6-inch forging gave somewhat dif- 
ferent results. 


The spread of values increases from that for the transverse 
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Table VIII 


Vol. 45 


Results Obtained vires * the Tensile Tests Taken at Various Angles on the 
urnace-Cooled 


6-Inch Forging 


18° From 36° From 54° From 
Transverse Transverse Transverse 
Yield Strength Psi/1000 

hy cake 4 ea dic cacs oe 43.0 42.6 40.6 
Sine eect cee Meee 2.92 2.19 3.24 
No. of Tests gianni 58 56 56 

30 /Vn_ a hie <u ae 1.15 0.88 1.30 
ee wb bdae bees 0.81 0.62 0.92 

Tensile Strength Psi/1000 
ae 92.4 91.8 92.0 
Otek oe 5 0 hee 0.81 1.97 0.61 
No. of ' ars 56 56 56 
SOP nkakécwsne 0.32 0.79 0.25 
PE. ees os ee 0.23 0.56 0.17 
Elongation (% in 1.4 Inches) 

Me Pas ce 6 ada 19.0 20.3 23.1 

OP dee dei e bXd we'd <0 2.78 4.14 0.87 
No. of ' UN =) 4. bs & 0:6 57 56 53 
MOP! ies tus saves 1.11 1.66 0.36 
SEE ventas aco 0.78 1.17 0.25 

Reduction in Area % for 0.357-Inch Diameter Specimen 

SET whtecdnlanina aaa 30.6 33.9 46.7 

era aa teas hon ck cs 6.05 8.81 1.23 
No. of 7 Me iba hwe 58 56 56 
3a/ Vn_ SN a en 2.38 3.53 0.49 
BE a eis 6 6-< 1.68 2.50 0.35 


Reduction of Area - Per Cent 


Angle of Test 


72° From 
Transverse 


42.4 
2.77 

60 
1.07 
0.76 


91.8 
0.76 

60 
0.29 
0.21 


24.0 
0.73 

60 
0.28 
0.20 


48.6 
1.54 

60 
0.60 
0.42 








Fig. 10—Reduction of Area Versus Angle of Test for the 6-Inch 
Forging (10 to 1 Reduction). Dotted lines represent X + 30/Vn and 


X¥ — 30/Vn limits. : 
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direction to a maximum (o = 8.81) at the 36-degree position, and 
then drops to a low, almost constant value (o = 1.2 to 1.7). 

As the angle of test is changed from 0 through 36 degrees, there 
is a significant change in the type of fracture exhibited. A maximum 
number of angular-type fractures (1) were obtained at the 18-degree 
direction, fewer at 36 degrees and in the transverse direction. The 
fractures at 54, 72 and 90 degrees were almost all cup-and-cone, with 
a few irregular fractures at 54 degrees. The angular fracture has 
been associated with the dendritic or fiber pattern, associated with 
low ductility values (1). In these forgings, apparently, the effective 
fiber direction lies close to 18 degrees. 


TENSILE TEsT RESULTS ON QUENCHED AND TEMPERED SPECIMENS 


Specimen blanks were quenched completely to martensite and 
then tempered 2 hours at four different temperatures: 1250, 1100, 
950, and 750 °F (675, 595, 510, and 400 °C)—the commercial tem- 
pering range. This is a very shallow hardening steel and can be 
through-hardened only in very small sections. All specimens were 
tested for through hardening. 

The transverse and longitudinal data for the three forging re- 
ductions and for the four tempering temperatures are listed in Tables 
IX and X. Frequency curves were drawn for all data (5). In gen- 
eral, they have the same characteristics as those for ferrite-pearlite 
structures, in that they are similarly skewed toward low RAT values, 
except those from the unreduced ingot. 

The tensile strength averages at any one tempering temperature 
are within a range of 4500 psi. The yield strength values are within 
12,400 to 31,500 psi of the tensile strength; the yield: tensile ratios 
are as follows: 


LONGITUDINAL YreLtD STRENGTH — TENSILE STRENGTH RATIOS 


Tempering 
Temperature 1250 °F 1100 °F 950 °F 750 °F 
6-inch forging (10 to 1)..... nak 0.81 0.89 0.88 0.90 
9%-inch forging (4 to 1)... .... 0.87 0.86 0.87 0.89 
12%-inch forging (2 to 1)... .... 0.79 0.87 0.87 0.89 
Faet.Cl te Die ecko s aut 0.78 0.80 0.82 0.83 


TRANSVERSE YIELD STRENGTH — TENSILE STRENGTH RAtTIos 


Tempering 
Temperature 1250 °F 1100 °F 950 °F 750 °F 
6-inch forging (10 to 1)..... ent 0.87 0.87 0.89 0.90 
9%-inch forging (4 to 1)... .... 0.85 0.85 0.87 0.88 
12%-inch forging (2 to 1)... .... 0.78 0.85 0.86 0.88 
ROOE CE Oe a cei so pdse cas ae 0.73 0.82 0.82 0.83 


These ratios show the following general tendencies: the ratio 
for the ingot is always lower than those for the forgings; the ratio 
tends to increase as the reduction by forging increases; and the ratio 
tends to increase as the tempering temperature is lowered. 

The RAT data have spreads comparable with those for quenched 
and tempered alloy steels (1); the o values vary from 3.10 to 8.67. 
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as they do for alloy steels. Frequency curves constructed from the 
elongation data are similar to those for RAT but skewness is less. 
Correlation coefficients for longitudinal elongation versus RAL were 
0.96 to 0.98, showing almost perfect correlation. 

Figs. 11 to 14 show-the effect of reduction by forging for the 
four tempering temperatures. These show that in all cases RAL is 
increased with increased reduction, with the greatest increase at the 














Reduction of Area 














Reduction by Forging 


Fig. 11—Reduction of Area Versus the Reduction 
by Forging Curves for the Specimens Tempered at 1250 


°F. The dotted lines represent X+30/Vn and X — 
3¢/Vn limits. 


reductions 2 to 1 and 4 to 1. The RAT averages at either 2 to 1 
or 4 to 1 at all four tempering temperatures are higher than that 
for the ingot. 

The effect of the degree of reduction by forging on RAT and 
RAL can be shown in a different way: correlation coefficients and 
lines of regression for yield strength versus RAL, tensile strength 
versus RAL, and yield strength versus RAT were calculated. These 
are given in Figs. 15 through 17 and the equations for these lines 
are given in Table XI. The lines of regression for yield strength 
versus RAL fall within the range of data for SAE steels given by 
Janitzky and Baeyertz,.(8) and are comparable for those reported 
for SAE 4340 (1). The values of RAT for these plain carbon steels 
are on the low side of the range for alloy steels. 
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Per Cent 





Reduction of Area - 





Reduction by Forging 


Fig. 12—Reduction of Area Versus the Reduction 
by Forging Curves for the Specimens Tempered at 1100 


°F. The dotted lines represent X+3¢/Vn and X — 
3a¢/Vn limits. 








Reduction of Area - Per Cent 





Fig. 13—Reduction of Area Versus the Reduction 
by Forging Curves for the Specimens Tempered at 950 


°F. The dotted lines represent X+30/Vn and X — 
3a /Vn limits, 
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by Forging Curves for the Specimens Tempered at 75 
°F. The dotted lines represent X+3e0/Vn and X — 


Fig. 14—Reduction of Area Versus the —— 
3a0/Vn limits. 
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Fig. 15—Lines of Regression for Yield Strength Versus RAL. 
The points plotted are the average yield strength and average RAL, 
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Fig. 16—Lines of Regression for Tensile Strength Versus RAL. 
The points plotted are the average tensile strength and the average 
RAL, 
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Fig. 17—Lines of Regression for Yield Strength Versus RAT. 















The curves and equations for yield strength versus RAL and 


for tensile strength versus RAL are quite similar. Both illustrate 
that for a given yield»strength or tensile strength, RAL values in- 
crease with increasing ferging reduction, with the greatest increase 
between zero reduction (ingot) and 2 to 1. Reduction in area can 
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Transverse Longitudinal 
Angle of Test 

Fig. 18—Elongation Versus Angle of Test for the SAE 1045— 


ci Forging. Dotted lines represent X + 3¢0/Vn and X —3¢/Vn | 
imits. 
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Fig. 19—Reduction of Area Versus Angle of Test for the SAE 
1045—6-Inch Forging. Dotted lines represent X+3e0/V¥n and X — 
3a /Vn limits. 
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Table XII 
Data Showing Limits Between Which (A) Points on the Regression Line Y = a + 8 X and 
(B) Practically All Individual Values of Longitudinal or Transverse Reduction of Area 
Are Expected to Fall When Values Are for Specimens From Each of Several Units 
Quenched to Martensite and Tempered to a Tensile or Yield Strength as Indicated 


Limits Between Which 


Selected Values of Limits Between Which Y Practically All Individual 
Tensile or Yield Strength Probably Falls When the Values of Longitudinal or 
(1 unit = 1000 psi) Selected Values of X Transverse Reduction of 
Forging No. ———X—— -— Are as Indicated——, -—Area Probably Fall—, 
Re- of Tensile Yield RAIL*—~(%) RAT?—(%) RAL—(%) RAT—(%) 
duction Tests Str. Str. Max. Min. Max. Min. Max. Min. Max. Min. 
4tol 38 Be 181.9 48.5 45.1 Sita: aes 52.6 41.0 
161.9 51.9 49.3 a eet betes 56.0 45.2 
141.9 33:8 * 3a.9 ae 59.4 49.4 
121.9 59.0 57.4 ae ae aed 63.1 53.3 
101.9 62.9 61.1 mae: aes 67.0 57.0 
81.9 67.1 64.5 er ok 71.2 60.4 
2tol 39 cata 178.7 47.9 44.5 pete ess 52.3 40.1 
158.7 50.9 48.3 Sai art So ak 55.3 43.9 
138.7 54.0 52.0 pe Te oe 58.4 47.6 
118.7 57.2 55.6 Satie ca sea 61.6 51.2 
98.7 60.8 58.8 ‘ae Sees 65.2 54.4 
78.7 64.5 61.9 poate a 68.9 57.5 
1 tol 40 ae 171.9 26.0 17.4 eet ee 5 37.0 6.4 
151.9 31.4 24.8 pai ¥ Ses & % 42.4 13.8 
131.9 36.9 32.1 a eae Sat gk 47.9 21.1 
111.9 43.0 38.8 Fs a 54.0 27.8 
91.9 49.7 44.9 ag WB 60.7 33.9 
71.9 57.0 50.4 cae pA o%-< 68.0 39.4 
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179.4 jae ors 56.9 53.9 eerkse take hia 62.1 48.7 
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139.4 ‘aces 61.6 59.6 aks. 2 & hee 66.8 54.4 
119.4 ae 64.3 62.1 sae D5 ee 69.5 56.9 
99.4 coer 67.3 64.3 bettie vo wars 72.5 59.1 
4 tol 38 Seen. Lawes 48.4 45.4 sah ot ee ts 52.1 41.7 
179.1 aaa 51.6 49.4 poe one 55.3 45.7 
159.1 eae ge 54.9 53.3 NR a, t 58.6 49.5 
139.1 Heeb 58.4 57.0 See wats 62.1 53.3 
119.1 calls 62.1 60.5 eeu: emo. 65.8 56.8 
99.1 eC a 66.0 63.8 ewe? 56 tea 69.7 60.1 
? tol 39 197.8 ‘ekes 47.9 44.9 Ce Ota 51.9 40.9 
177.8 ines 50.6 48.4 Maia a ts 54.6 44.4 
157.8 id eats $3.7 36.1 bin Oe eee 57.7. 48.1 
137.8 aes 57.0 55.6 Re Rey ec 61.0 51.6 
117.8 Pewee 60.5 58.9 Fue © ants 64.5 54.9 
97.8 ces 0 64.2 62.0 jkaba aes 2 68.2 58.0 
1 to 1 40 197.7 ae 28.8 20.2 peat hy a wb 40.2 8.8 pda 
177.7 Sar 33.4 26.8 ite F3 sec 44.8 15.4 cata 
Pee. Tv eos 38.2 33.2 ME ak os 49.6 21.8 cae 
137.7 ade 43.4 39.2 BSE: igi 54.8 27.8 eal 
of eee 49.4 44.4 Pai Be 60.8 33.0 Ue ad 
97.7 en 55.8 49.2 gnaias Sa 67.2 37.8 ie cele Chk 
10 tol 209 ig hh ae 189.4 20.8 13.4 43.0 0.0 
skin eas 169.4 24.5 18.9 46.7 0.0 
149.4 28.3 24.3 ere Lees 50.5 2.1 
129.4 32.6 29.2 eee pce 54.8 7.0 
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cued 89.4 Beis asd eee 42.9 37.3 eee ole 65.1 15.1 
4tol 240 ie ds 179.9 Scie ei 21.8 14.6 ee inal 45.7 0.0 
ou geen 159.9 Eee Bick Bhd ia leler ee ue 51.0 0.0 
139.9 ecg Saki 32.5 28.7 stairs 56.4 4.8 
119.9 eae are 38.4 35.2 eek. Cae 62.3 11.3 
99.9 SS as) ae 44.9 41.1 es oad 68.8 17.2 
aek 79.9 Dea \ . wgth 51.9 46.5 Pee oes 75.8 22.6 
2 to 1 210 Ss eae 183.6 eee nie 18.9 12.5 epi. ee 40.2 0.0 
fee a 163.6 a 24.7 19.9 jive aes 46.0 0.0 
143.6 eas ped 30.7 27.1 Set Soe 52.0 5.8 
123.6 Bee Oo: eek 378. BF coat pee 58.4 12.6 
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i ee 83.6 [kee ig 51.1 46.3 bien: “Se sah 72.4 25.0 
1 tol 240 pea 171.3 \ ares 17.8 14.2 Sadi os waa 30.3. 2.1 
cate og 151.3 shee ade 24.4 21.6 ete et, 36.9 9.1 
131.3 Key. us oe 31.0 29.0 nga 1 Wes 43.5 16.5 
xeon 111.3 Ghee. ad 37.9 36.1 eet Oe Sa 50.4 23.6 
Seid ue 91.3 i ck eee 45.0 43.0 Pein, aka 57.5 30.5 
SiS oaee Si ea ting aie 71.3 (nants 52.4 49.6 ba Deiat 64.9 37.1 





*RAL = longitudinal reduction of area. "RAT = transverse reduction of area. 
meaning of Y = a + BX, see Table II. 
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Table XIII 
Tensile Test Results Obtained From the Angle Tests on the SAE 1045—46-Inch Forging 
in the Quenched and Tempered State (0.252-Inch Diameter Tensile Specimens) 





Yield Strength Yield 
at 0.01% Strength Tensile % % i 
Offset 0.1% Offset Strength Elongation Reduction 
psi/1000 psi/1000 psi/1000 in1 Inch of Area 


x 130.3 134.7 149.0 10.0 25.3 
Transverse o 2.38 1.62 2.41 2.23 7.4 
0° No. of Tests 57 57 58 55 55 
30/Vn 0.95 0.65 0.96 0.86 2.99 
30/V2n 0.67 0.46 0.68 0.64 2.12 
z 131.0 135.2 149.8 10.1 25.1 ) 
a 3.20 2.12 2.00 2.37 8.24 
18° No. of Tests 53 53 53 55 55 
30/Vn 1.32 0.87 0.83 0.96 3.33 
36/V2n 0.93 0.62 0.58 0.68 2.36 
x 126.9 133.0 147.9 12.8 31.7 
3 3.24 1.87 1.84 3.13 11.95 
36° No. of Tests 56 56 56 55 56 
30/Vn 1.30 0.75 0.74 1.27 4.79 
36/V2n 0.92 0.53 0.52 0.90 3.39 
x 126.4 132.2 148.1 15.3 42.7 
o 3.57 2.31 1.93 2.23 11.26 
45° No. of Tests 60 60 60 60 60 
30/Vn 1.38 0.89 0.75 0.87 4.36 | 
30/V2n 0.98 0.63 0.53 0.61 3.08 
x 127.9 132.6 147.7 17.3 54.9 
co 3.13 1.58 1.19 0.94 2.06 
54° No. of Tests 15 15 15 15 15 
30/Vn 2.42 1.23 0.92 0.73 1.60 
30/V2n 1.71 0.87 0.65 0.52 1.13 
x 135.5 140.1 154.5 17.7 59.3 | 
7 1.78 0.44 0.50 0.44 0.77 
72° No. of Tests 15 15 15 15 15 
30/Vn 1.38 0.34 0.39 0.34 0.60 
30/V2n 0.98 0.24 0.27 0.24 0.42 
x 130.8 138.2 152.6 17.73 58.1 
o 3.47 1.17 1.02 1.00 1.59 
Longitud- No. of Tests 15 15 15 15 15 
inal—90° 30/Vn 2.69 0.90 0.79 0.77 1.23 
30/V2n 1.90 0.64 0.56 0.55 0.87 


be plotted against forging reduction at any yield strength level and 
can be constructed from Figs. 15 and 17, as in Figs. 11 to 14. Each 
point on any one of the regression lines in Figs. 15 to 17 represents 
an estimated Y value for a given value of X ; Y designates the average 
quality of a unit with respect to either RAL (Figs. 15 and 16) or 
RAT (Fig. 17) and X designates a selected value of either yield 
strength (Figs. 15 and 17) or tensile strength (Fig. 16). Limits 
between which Y probably falls for each of a number of selected 
values of X and limits between which practically all individual 
¥ values (RAL or RAT) probably fall are listed in Table XII. 
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EFFECT OF ANGLE OF TEST ON TENSILE PROPERTIES OF QUENCHED 
AND TEMPERED SPECIMENS From 6-INCH ForRGING 


Specimen blanks % by % by 3% inches were cut from the half- 
radius position at various angles to the transverse direction. Sixty 
specimens were cut at each of the following angles: 0, 18, 36, and 
45 degrees ; 15 specimens were cut at each of the angles: 54, 72, and 
90 degrees (longitudinal). These specimens were machined to 
3é-inch rounds. They were heat treated as follows: austenitized for 
1% hours at 1500°F (815°C), quenched in ice-cold 5% NaOH 
solution, tempered in a salt bath for 2 hours at 950°F (510°C). 
Tensile test specimens were machined to a diameter of 0.252 inch 
with a l-inch gage length. In addition to unusual data, values of 
yield strength at 0.1% offset were determined. 

The data are given in Table XIII. Again, neither yield strength 
nor tensile strength are substantially affected by variation in angle; 
this is in conformity with findings on quenched and tempered SAE 
4340 (1). The effect of angle on elongation and reduction in area 
may be observed in Table XIII and in Figs. 18 and 19. It is evident 
that: (a) the average and the spread for ductility (reduction in area 
and elongation) does not change appreciably from the transverse 
direction up to 20 degrees from that direction; (b) the average and 
the spread for ductility do not change appreciably from the longitu- 
dinal direction up to 20 degrees from that direction; (c) the greatest 


change in ductility occurs in the range 18 to 54 degrees from the 
transverse direction. 


SUMMARY AND CONCLUSIONS 


This investigation was designed to study the transverse and 
longitudinal tensile properties of an SAE 1045 forging steel at 
reductions by forging of 10 to 1, 4 to 1, 2 to 1, and the unreduced 
ingot after the following heat treatments on individual tensile 
specimens : 

1. Anneal from 1500 °F (815 °C). 

2. Normalize from 1500 °F (815 °C). 

3. Two homogenizing treatments on sections from the forgings 
and ingot for 12 hours at 2280 °F (1250°C) and 48 hours at 2400 
°F (1315 °C) followed by an anneal of individual test specimens at 
1500 °F (815 °C). 

4. Quench to martensite and then temper at 750, 950, 1100 and 
1250 °F (400, 510, 595 and 675 °C). 

In addition, the effect of angle of test on the tensile properties 
was determined for the forging with the 10 to 1 reduction in the 
furnace-cooled and inthe quenched and tempered state. 

All of the tensile test results from these heat treatments were 
analyzed statistically and the limits of accuracy have been stated. 
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Each sample usually consisted of 60 values for any transverse prop- 
erty and 10 values for any longitudinal property studied. 
From the results of the anneal and normalize treatments, the 
following conclusions were reached : | 
1. The mean values of the yield strength, tensile strength, and 
RAL were increased by the increase in the rate of cool from the . 
annealed to the normalized treatment, but the average longitudinal 
elongation, transverse elongation, and transverse reduction of area 
(RAT) values were practically not changed. This is true for all 
three forgings but not for the ingot. 
2. The spread of RAT values for both furnace-cooled and air- 
cooled specimens was from 18 to 40%. Even the ingot had a spread 
of RAT values from 18 to 24%. 
3. The increase in reduction by forging continuously increases 
the average RAL over the range studied, with the greatest change 
coming at reductions by forging from zero to 4 to 1. 
4. The reduction by forging does not lower the average RAT 
below the reduction in area for the ingot. In fact, at the reduction ; 
by forging of 4 to 1 there is a considerable improvement. 
5. The transverse and longitudinal reduction of area averages 
from the ingot differ significantly, with the longitudinal reduction of 
area having the higher values. 
The conclusion reached as a result of the homogenization treat- 
ments was that homogenization is not desirable commercially be- 
cause: the RAT averages or standard deviation (o) values are not 
changed appreciably and the RAL averages are lowered to a constant 
value. 
The testing of commercial forgings in the ferrite and pearlite 
condition showed: that a faster rate of cool yields higher RAL values 
without appreciably changing the longitudinal elongation, transverse 
elongation and RAT; and there are variations from forging to forging 
in one heat probably due to heat treatment differences. 
The conclusions obtained from the work done on the effect of 
the angle of test on the tensile properties for ferrite and pearlite 
structures are as follows: ee 
1. The transverse reduction of area (X) value is not the lowest 
obtainable value, but the lowest average reduction of area is between 
18 and 36 degrees from the transverse direction for this steel. 
2. The greatest change in ductility values comes between 36 and 
54 degrees from the transverse direction. 
3. The yield strength and tensile strength are practically un- 
affected by the angle of test. 
The conclusions reached from the study of quenched and tem- 
pered structures are as follows: 
1. The RAT frequency curves for the forgings are all skewed 


—_— 
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toward lower values while the RAT frequency curves for the ingot 
are not skewed. 

2. The transverse elongation curves for all forgings are similar 
to the RAT curves, but the skewness is less pronounced. 

3. The yield strength —tensile strength ratios show a tendency 
to increase as the reduction by forging is increased, with the ratio 
for the ingot always lower than the ratio for the forgings. 

4. The RAT averages for either reductions by forging of 2 to 1 
or 4 to 1 are always better than the RAT average for the ingot. 

5. The RAL average increases as the reduction by forging is in- 
creased with the greatest change before a reduction of 4 to 1. 

The conclusions from the study of effect of the angle of test on 
the tensile properties of the quenched and tempered specimens are: 

1. The angle of test practically does not affect either the yield 
strength or the tensile strength. 

2. The average and spread for the transverse ductility and for 
angles to 18 degrees from this direction do not vary significantly. 

3. The average and spread for the longitudinal ductility and for 
angles up to 30 degrees from this direction do not vary significantly. 

4. The greatest change in reduction of area and elongation takes 
place at angles of 20 to 54 degrees from the transverse direction. 
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DISCUSSION 


Written Discussion: By Edward A. Loria, senior engineer, Metallurgy, 
The Carborundum Co., Niagara Falls. 

This study is based primarily on forgings produced from three rela- 
tively small ingots taken from one heat of SAE 1045 steel which turned 
out to be an exceptionally good heat. In view of their statements on the 
macro- and micro-examinations, one might consider it unfortunate that the 
authors did not work with forgings taken from larger ingots in which the 
effects of ingot heterogeneity would become more acute. Notwithstanding 
the apparent lack of structural anisotropy (factors) that would produce 
transverse weakness in their forgings, they were still able to obtain sig- 
nificant variations in the transverse mechanical properties of the most 
commonly used plain carbon forging steel. 

At the outset the authors recognize that the steelmaking practice is 
an important variable and give some details on their heat which produced 
“a good quality commercial forging steel and one that was almost too 
clean to furnish an inclusion rating by the SAE method”. They should 
go further and state the tapping and pouring temperatures, the pouring 
time, and give further details on the control of the oxidizing power of 
the slag in this particular heat. Different methods of liquid steel refining 
which are encountered in various plants might produce different effects 
on the mechanical properties of the resultant steels. For example, in acid 
open-hearth practice, the state of oxidation is not only interesting at the 
“melt-down” or “start of carbon boil” period, but throughout the heat as 
well. The rate of carbon drop at the “go-ahead” or refining period must 
also be controlled, and such control can produce steel of higher ductility 
at a given hardness level. 

Up to a certain ingot size, a rather homogeneous metal structure can 
be obtained (as shown in the longitudinal section of the small ingots cast 
several years ago by the British Heterogeneity of Steel Ingots Committee). 
Very large ingots, however, cool so slowly that the sluggishness of the 
solidifying materials prevents the liquid from flowing freely enough into 
the ingot end cavities, and spongy zones are still formed in the center 
of the upper portion of the ingot.* The extension of the original porous 
area by actual tearing into an originally sound adjacent area during the 
course of hot working is a good possibility. Moreover, on solidifying, the 
impurities and alloying elements in the steel segregate in zones which may 
cause weaknesses in the forging. Shrinkage cavities and mushy material 
in the ingot are rare in carbon and low alloy steel, but are more frequent 
in higher alloyed steels. Segregations are more serious the larger the ingot 
and in the higher alloyed steels. The degree of forging reduction can 
accentuate these phenomena, especially if the sulphur and phosphorus con- 
tents are not sufficiently low or the test pieces are taken from segregation 
zones. Correct forging may improve the qualities of the poorer zones, but 
it cannot prevent single test pieces from sometimes giving brittle results. 

In view of the above ingot heterogeneity factors, could the authors 
differentiate between the RAT values and the ingot position in which the 
test specimens were taken? In relation to their forgings made from 18- 


8E. A. Loria, “Internal Structure of Killed Steel Ingots on the Basis of Relative Rates 
of Solidification”, Blast Furnace and Steel Plant, Vol. 39, 1951, p. 1333, and “Solidification 
and Segregation in Killed Steel Ingots”, Blast Furnace and Steel Plant, Vol. 40, 1952, p. 410. 
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inch basic open-hearth ingots, a recent study by the writer* on forgings 
made from 36-inch acid open-hearth ingots produced some variations in 
the RAT values for test specimens taken from sections corresponding to 
the bottom, middle and top sections of the ingot, as shown in Fig. 20. The 
greatest number of low values occur in the forged sections corresponding 
to the bottom portions of the ingots. Perhaps this variation in RAT with 


Tensile Strength 90,000 psi 
Forging Ratio Ud 
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Fig. 20—Frequency Curves for 30-Inch 
Diameter Solid Shaft Forgings Made From 
48-Inch Acid Ingots of 0.35 to 0.42% Car- 
bon, 0.60 to 0.90% Manganese, 0.15 to 0.30% 
Silicon, 0.040% Phosphorus, 0.040% Sulphur. 
Curves are based on 110 values. B—Bottom 
of ingot. M—Middle of ingot. T—Top of 
ingot. (After Loria.*) 


ingot position cannot be shown in forgings processed from smaller ingots. 

Other unpublished data’ on RAT frequency curves for test specimens 
of the top part of hollow forgings are about equal on the outside and 
inside of the cylinders. At the bottom of the forging the values for the 
inside are somewhat lower, as shown in Fig. 21. Microscopic examination 
of the tensile fractures reveals that this occurrence is likely to be caused 
by the higher content of nonmetallic inclusions in the respective ingot zone. 
Bartocci® has obtained the same results and extended his study to the 
tensile testing of specimens taken at various depths below the surface 
from the top and bottom ends of the forging. He found that the mean 
elongation and reduction of area values for transverse test specimens are 
practically uniform across the top part of the forging, but, at the bottom 
part, the value decreases from the outside toward the inside wall. In part, 
he attributes these variations in the RAT frequency curves and mean val- 
ues on the difference in dendritic structure that was observed between the 
outside and inside zones. Would the authors state the location of the cuts, 
with respect to the original ingot, that were processed into forgings for 
study and the height of their 18-inch square ingots? 


*E. A. Loria, “Transverse Ductility Variations in Large Steel Forgings”, Transactions, 
American Society for Metals, Vol. 42, 1950, p. 486. 


SE. A. Loria, unpublished data. 


°A. Bartocci, “Comments on the Characteristics of the Transverse Mechanical Properties 
of Forgings”, La Metallurgia Italiana, Vol. 42, 1950, p. 289. 
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The authors state that the dendritic pattern was pronounced in the 
12%-inch forgings. This raises the question of whether or not the pres- 
ence of dendritic segregation has an influence on the transverse mechanical 
properties of forgings. Would the authors reproduce the RAT frequency 
curves for the 1234-inch forgings for comparison purposes and comments 
on the percentage of angular fractures producing low values or the skewed 
portion of their curve? In view of their statement that their steel was 
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20 10 4.5 
30 29 8.5 


36 38 
38 20 
40 36 
44 40 
49 58 
50 20 
54 50 
60 10 


Fig. o-Ps Curves for Bot- 
tom Part of Cylindrical Forging of 11.8- 
Inch OD, 2.95-Inch ID, 16 Feet Long. 
Alloy steel of 0.30% carbon, 0.60% man- 
wo are —, ose chromium, 
4 enum, 0.01 phosphorus, 
0.015% sulphur. Curves are based on 
over 100 values. (After Bartocci.*) 


relatively free of inclusions, would they attach more significance to the 
dendritic structure in producing the low RAT values in the 12%-inch forg- 
ings? Also, it would be worthwhile if the authors would state the per- 
centages of angular fracture in the transverse tensile test specimen for the 
9%-inch and 6-inch round forgings and the 8%-inch round quill shafts. 

Extensive unpublished results’ on forgings of 0.21 to 0.29% carbon, 
2.50 to 3.00% nickel, 0.40 to 0.60% molybdenum, 0.06 to 0.12% vanadium 
steel, after normalizing at 1525 °F, tempering at 1125 °F and stress relief 
at 500 °F, showed entirely cup-cone fractures in longitudinal test specimens 
and a 50-50 distribution between angular and cup-cone fractures in trans- 
verse test specimens. The RAL values ranged from 50 to 55%, whereas the 
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RAT values ranged from 20 to 30%. This steel grade was deoxidized with 
ferrosilicon in the ladle (no aluminum) and the forging reduction was 2.5 
to 1. The test specimens were trepanned at the ends of each forging. Etch 
tests made on these forgings showed striking dendritic patterns on some 
and none on others. In nickel alloyed steels, the dendritic pattern can be 
pronounced and shown vividly in longitudinal ingot sections. Were the 
authors able to make photomicrographs of the dendritic pattern in their 
12%4-inch forging specimens possessing angular fractures in the manner 
shown in Fig. 23 (Reference 1)? 

No mention is made of a banded structure, not even for the 10-to-1 
forging ratio. Apparently, banding was not a problem in their well-made 
heat of SAE 1045 steel, and the authors conclude that “homogenization is 
not desirable commercially”. On the other hand, Schwartzbart’ recently 
showed the pronounced effect of manganese banding in lowering RAT of 
(heavily reduced) heat treated steel plate of 0.21% carbon, 1.47% manga- 
nese and the very marked improvement produced by a prior homogeniza- 
tion treatment. A banded structure originates from dendritic or globular 
primary crystals of heterogeneous composition. Normal or inverted ingot 
segregation comprises additional sources.*° However, the most harmful 
causes of banding are plastic nonmetallic inclusions, such as silicates, which 
act as nuclei for primary and secondary crystallization. A pronounced fer- 
rite precipitation always takes place on the elongated silicate inclusions, 
and the transverse “sensitivity” of the material is greatly increased. With 
very little gross chemical segregation, excellent inclusion ratings, and good 
sulphur distribution in the one heat of steel studied, these factors were not 
prominent. The authors state that “microscopic studies of samples reacted 
isothermally were made in connection with heterogeneity and banding”. 
To make this phase of their study more complete, it would be well to in- 
clude any TTT-curve determination and a discussion of ferrite banding 
with different rates of cooling and degrees of forging. Perhaps they may 
wish to consider this as the subject of a separate paper for future pres- 
entation. 

The data for the reduction of area versus reduction by forging curves 
for the quenched and tempered specimens, shown in Figs. 11 to 13, are 
plotted in a single diagram, Fig. 22, employing the ratio RAL/RAT to illus- 
trate the transverse weakness of the forging. It can be seen that the dif- 
ference between RAT and RAL becomes less as the tempering temperature 
was raised. An examination of other data on large forgings‘ reveals that 
the maximum beneficial effect of forging on RAL is reached between 2-to- 
1 and 4-to-1 reduction. Also, the beneficial effect of forging on RAT is 
reached in the same range. One would expect the optimum reduction to 
give the best combination of RAL/RAT to depend a good deal on the 
thoroughness of the forging operation and the size of the forging. In 
connection with the latter, the change in slope in two of the curves to 
poorer quality at the 10-to-1 reduction is noteworthy. This may tie in with 
the RAT frequency curves for the angle tests for the 6-inch forgings which 
show that the marked skewness (or range of low values) is directly related 


*H. Schwartzbart, “Effect’of Manganese Banding on Mechanical Properties of Heat 


Treated Steel Plate in the Thickness Direction’, Transactions, American Society for Met- 
als, Vol. 44, 1952, p. 845. 


_ SE. A. Loria and H. D. Shephard, ““Some Factors Affecting Subsurface Defects in Large 
Forging Steel Ingots”, Transactions, American Society for Metals, Vol. 41, 1949, p. 328 
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to the fiber pattern produced in these heavily reduced (10 to 1) specimens. 

In regard to the commercial SAE 1040 quill shafts made by two differ- 
ent producers, it should be stated if they were forged in the same manner. 
Long experience in forging has shown that finishing at a low temperature 
is an aid to heat treatment, particularly in attaining improved ductility in 
the direction of working (better RAL values). The reverse of this is true 
to a certain extent, and forgings subjected to transverse testing usually 
are finished at high temperatures. Were the ingot sizes comparable and 
was the deoxidation practice the same? Ingot design governs cooling 
conditions and segregation mode. The degree of transverse weakness 
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Fig. 22—Effect of Forging Reduction on Ratio 
of Longitudinal and Transverse Reduction of Area 
in Quenched and Tempered SAE 1045 Forgings. 
Plot of Figs. 11 to 13 in a single diagram. 


depends on the type of primary crystallization so that a variance in deoxi- 
dation practice would not only produce different nonmetallic inclusions, 
but a different crystalline structure of the ingot. In the treatment of the 
quill shafts, no mention is made that a coarse microstructure was obtained 
by the air-cool treatment and a finer and more uniform structure was 
achieved by the water-cool treatment on the same steel. The carbon con- 
tent may vary about 10 points between SAE 1045 and SAE 1040 steel, and 
the manganese may vary a like amount. This extra carbon should yield a 
slightly less ductile steel. 

Deoxidation practice plays an important role on sulphide inclusion 
types and methods of distribution which, in turn, may produce different 
transverse properties. Avoiding film-type sulphides is of paramount inter- 
est unless the sulphur content of the steel is very low. Has Dr. Wells con- 
tinued his study of the effect of soft, continuous sulphide stringers on RAT 
of forgings quenched and tempered to various tensile strength levels? 
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Unpublished data’ for quenched and tempered SAE 1045 forgings from 
basic open-hearth heats deoxidized with six different silicon-bearing mate- 
rials showed variations in the average RAT which could be correlated, in 
most instances, with steel cleanliness, although the types of inclusions 
were substantially the same in all cases and macro-etch quality was nor- 
mal, regardless of the type of deoxidizer used. Variations in carbon con- 
tent from 0.40 to 0.50% in these heats may have affected the results. At 
0.40% carbon and above, some heats have a characteristic ductility that is 
well below the normal expectation. It has been suggested that this effect 
of carbon is dependent on segregation. Have the authors investigated or 
extended their work on the effect of carbon in this particular range? 

Deoxidation practice will influence directional properties and may not 
show up in an inclusion count. The low inclusion content of good acid 
open-hearth steel enables large forgings to be made to specifications re- 
quiring high transverse ductility. Low RAT values are due to the spread- 
ing out of the original inclusions into flat zones. Therefore, a large piece 
requiring high transverse ductility should be forged enough to break up 
the ingot structure, and to promote subsequent heat treatments, but little 
more. Recently, some measurements of the inclusion contents of acid 
electric cast steels by point counts were made and correlated with their 
respective reduction of area values,’ but their distribution in chain-like 
fashion in the grain boundaries produced the most damage. Normal varia- 
tions in size and quantity of round or angular inclusions had little effect 
on tensile ductility. 

Written Discussion: By John V. Russell, director, Metallurgical Lab- 
oratory, Republic Steel Corp., Chicago. 

The data presented in the authors’ paper are of unusual interest since 
they represent information about the properties of a very widely used steel 
but on which, to the best of our knowledge, mechanical properties have 
never been studied in such detail. Comparison with earlier work from the 
same laboratory which dealt with heat treated alloy steel forgings of simi- 
lar size would lead one to believe that the forgings studied here are of 
quite good quality. Indeed, this is very likely true, but a strict comparison 
is not justified and we are glad the authors did not attempt to do so. 

The fact that large numbers of tensile specimens taken from these 
forgings show good ductility at the strength levels customary for steel 
of this type does not mean that the forgings themselves would necessarily 
be as ductile. It is at this point that the ductility values of tests taken 
from alloy forgings differ. It has long been customary for many large steel 
mill parts to be made of plain carbon steel similar to that described in this 
paper and used in the normalized or annealed condition. We have seen a 
number of failures of such parts which are completely brittle in character. 
We have not, on the other hand, observed such failures in similar parts 
hardened and tempered and of suitable alloy steel. We bring this up for 
the purpose of emphasizing the fact that tensile tests such as these do not 
sufficiently describe the expected performance of large forgings and feel 
that the data shown here may be misleading to some. 

A section of the paper describes increases in ductility due to faster 


°E. A. Loria, “Rating Inclusion Structures in Cast Steels and Their Effects on Tensile 
Properties”, Electric Furnace Steel Proceedings, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 8, 1950, p. 191. 
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cooling rates and the effect of this on the pearlite lamellar spacing. Here 
again we wish to make a precautionary statement. Such faster cooling 
rates as the authors indicate would have to be obtained by water quench- 
ing, thus introducing a considerable hazard. If some hardening occurs on 
the outer surfaces as a result of this water quenching, and the parts are of 
sufficient length and mass, there is a possibility that internal cracking 
could result. If the cracking itself does not occur, one can readily visual- 
ize severe residual internal tensile stresses as a result of such quenching. 
Consequently, it is seldom good practice to quench shallow hardening 
steels in water in solid sections larger than about 9 inches in diameter. 

We wish again to compliment the authors on the quality of the data 
obtained and the precise manner of presenting them. 

Written Discussion: By Daniel J. Girardi and Chester F. Jatczak, 
research metallurgists, The Timken Roller Bearing Co., Steel and Tube 
Division, Canton, Ohio. 

The authors are to be complimented for another fine contribution to 
the technical literature on transverse properties. Systematic data on me- 
chanical properties carefully analyzed by statistical methods are very help- 
ful in arriving at more intelligent specifications. 

Our own experience on the effect of homogenization treatments of 100 
hours at 2200 °F on relatively large section sizes, although based on fewer 
samples tested, confirms the conclusion that commercial homogenization 
treatments are not feasible because the RAT values are not improved 
appreciably. 

As shown in the paper, homegenization treatments on SAE 1045, with 
the exception of the 2280 °F treatment on reductions less than 4 to 1, bring 
about a lowering of RAL averages. Would the authors care to comment 
further on this point? 

It appears that the intent of the authors in referring to alumina inclu- 
sions as “refractory inclusions” is to call attention to their refractory na- 
ture or lack of malleability at steel working temperatures. The expression 
“refractory inclusions” is also used at times to refer to inclusions that are 
the result of accidental incorporation of refractories or other materials 
with which molten steel comes in contact. 

Written Discussion: By W. J. Wrazej, Physical Metallurgy Division, 
Department of Mines and Technical Surveys, Ottawa, Ont., Canada. 

It is a great pleasure to read such a useful paper based on results from 
numerous samples carefully chosen for the estimation of how the reduc- 
tion of forged section influences the mechanical properties and especially 
the reduction in area in the transverse direction (RAT). 

There is one suggestion which I shall be glad if the authors would ac- 
cept. In my opinion such expressions as “100% martensite in the quenched 
specimens” (p. 1080); “fully martensite structure (through hardening) on 
quenching” (p. 1083) ; “quench to martensite throughout the cross section” 
(p. 1084); “quenched completely to martensite” (p. 1101); “Quenched to 
martensite” (p. 1111), and maybe some others not checked by me, as ap- 
plied to the quenched structure in SAE 1045 should be reworded, for ex- 
ample, as “100% martensitic”; “fully martensitic structure”, etc. 

The practical metallurgist knows what the authors meant. It is mis- 
leading, however, to many others, such as physicists, who are doing useful 
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work in physical metallurgy. Many of them have no chance and do not 
feel the necessity to observe “martensitic” structures under the microscope. 
For them “martensite” is the structure component which will give the 
tetragonal structure indicated on X-ray films. 

In my experience SAE 1045 steel quenched, as we say, “through”, 
owing to a small section (n.b. rightly chosen by the authors %-inch diam- 
eter), will have a uniform “martensitic structure” without distinct patches 
of bainite, but this structure component will certainly be present in the 
form of a few needles in all of the examined grains. Such needles resem- 
ble martensite needles in high carbon martensite austenitic structures but 
appear darkly etched. They cannot be avoided, either by the mode of 
quenching or by the time and temperature of heating before quenching. 
After my experience it is a “biological” property of such iron-carbon alloys, 
even with higher carbon content (up to the eutectoid composition), to 
show traces of that bainite which increases with a decrease of carbon. 

That fact, however, does not deprive the structure of being called 
“martensitic throughout”, i.e., a structure which does not show any sepa- 
rate patches of (darkly etched) bainite. 

Written Discussion: By A. O. Schaefer, vice-president in charge of 
engineering and manufacturing, The Midvale Co., Nicetown, Philadelphia. 

The greatest value in a report of this sort is that it supplies factual 
data supporting what many makers and users of steel forgings have sus- 
pected or “known” for a long time. 

The greatest danger lies in the temptation to extrapolate from this 
actual data, and arrive at unwarranted conclusions. 

The data represent a specific melting practice, a particular ingot size 
and design, and simple open-die forging reduction. In practice many simi- 
lar forgings are made, such as axles for railroad locomotives and cars, 
shafting, etc. However, the forging practice followed in the manufacture 
of a great many open-die forgings is complicated by the fact that they are 
irregular in shape and are consequently forged in several stages. Many 
shafts have flanges, upset portions, etc. Other forgings may require up- 
setting as part of the forging process, or they may be forged hollow on 
mandrels, etc. 

So it is apparent that there can be no end to our search for knowledge 
of forgings until we have investigated every individual forging that has 
been made. In addition to these complications, if we are to include the 
ingots used to make forgings, we can predict that they will differ in char- 
acteristics from the ingot investigated in this report. 

The original great value of this work, and the work that preceded it 
at the Carnegie Institute of Technology, was the detailed knowledge it 
gave us of a product that we were turning out in great numbers during 
the last war, i.e. gun barrels. For the first time it was recognized that the 
reduction in area in the transverse direction is a statistical property, and 
is not to be estimated by a single isolated test result. 

Painstaking laborious work such as this is warranted in the case of 
any forging used in large numbers. Much more of this type of investiga- 
tion is needed before we fully understand open-die forgings. The authors 
are to be congratulated for adding to our store of knowledge. It is hoped 
they will continue to investigate and analyze other types of forgings. 
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Authors’ Reply 


The authors wish to thank the discussers for their interest, construc- 
tive criticisms and additional information. 

In answer to E, A. Loria, more complete information concerning the 
experimental techniques and data are on file at the Carnegie Institute of 
Technology as the doctorate thesis. 

In order that the RAT values would not be influenced by the ingot 
position, all test specimens were cut from the top two-thirds of the original 
ingot. It was not possible to correlate RAT values with their position in 
the portion of the ingot used. 

Probably the only way to make an accurate determination of the 
effect of dendritic structure on the tensile properties would be to study 
tests from ingots of the same heat of steel cooled in a way to produce a 
wide variation in dendritic pattern. 

Some studies were made concerning “ferrite banding” in this and other 
SAE 1045 steels. There was no sign of banding in the tensile specimens. 
The only way that this particular steel could be banded was by an ex- 
tremely-slow rate of cool from the austenitizing temperature. Indications 
of heterogeneity were present as bands in test samples that were austeni- 
tized and then partially reacted isothermally. 

The quill shafts were produced from similar ingots forged in approxi- 
mately the same manner. In this connection, no investigation has been 
made on the effects of small changes in carbon content. 

As stated by J. V. Russel and in another way by A. O. Schaefer, this 
whole investigation was based on tensile tests cut from forgings from a 
single heat of steel. These do not necessarily describe the expected per- 
formance from large forgings stressed in tension or the properties of ten- 
sile test specimens cut from other forgings. Essentially, this study pre- 
sents the data from one set of forgings from a single heat of steel as a 
foundation on which it is now possible to build up the knowledge of the 
tensile properties of plain carbon forging steels. How far this data can be 
extrapolated will depend on confirming results from other heats of steel 
of similar compositions. 

It is good to have confirmation that homogenization treatments are 
not commercially feasible to improve RAT values. The homogenization 
treatments reduced all RAT values for the forgings when this homogeniza- 
tion was complete enough to remove banding in a test specimen which 
was partially reacted isothermally. In other words, when the “S” curve 
showed that homogenization was completed, the RAL values were lowered. 

No doubt, as stated by W. J. Wrazej, too many different statements 
were used to describe a fully martensitie’condition. In the metallographic 
examination of the quenched specimens, no traces of bainite were found. 
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Carburizing steels, alloy 
effect of boron on case hard- 


enability 
alloys tested .......... 772-773 
as function of carbon 

DCS «6 coe ov 45's 781-782 
as function of quench 

temperature ......... 781-782 


hardenability curves for 
uncarburized steels ..772-773 
multiplying factor for boron 781 


OF Ge OU nc oa ve ce . 780-781 
of 8020 steel ........... 774-776 
Olen GR a icc s suse 776-780 


effect of vanadium ...778, 783 


Case hardenability 
of alloy carburizing steels 
effect of boron on. See 
Carburizing steels, alloy. 


Cells 


in human fat tissue ...... 540 
Chromium 
effect on properties of 
molybdenum alloys ....286-313 
effect on recrystallization 
of molybdenum alloys . .314-332 


Chromium-nickel-molybdenum- 
titanium steel 
austenite and sigma separated 
electrolytically from 
18-8-3-1 
characteristics of phases 458-460 
chemical analysis ...... 450-451 
electrode potential measure- 
ments ....... 446-447, 451-458 
electronmicrographs 


magnetic examination 
pei es waee eee ss 445-446, 449-450 
photomicrographs. 450, 452-454 


Cobalt 
effect on properties of 


molybdenum alloys ....286-313 


effect on recrystallization 
of molybdenum alloys . .314-332 
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Coefficients of expansion 


titanium alloys ........ 1001-1003 
Columbium 
elastic constants determined 
esa ge Rae eiie 850-852 


Confidential Technical Meeting on 
Refractory Type Materials for 
High Temperature Applications 
—Cleveland, November 24 and 
, RRP SE aro 39 


Constituents 
in high temperature alloys 397-428 


Constitution diagrams 
See Phase diagrams. 


Copper 
hardness ........ 229-230, 233-235 
log hardness vs temperature 
aw dteetgateretene 229-230, 233-235 
correlation with tensile 


RP ae 229, 233 
single and polycrystals 
pb aaa éche bee's 229-230, 235 


oxygen content 
isotopic determination. See 
under Isotopic analysis. 


Copper-gold alloys 
dependence upon temperature 
of the rate of isothermal 


transformation ...... 1037-1038 
resistance-temperature 
CHUN Gibk inde cvemns 1031-1033 


Copper-silver alloy 
discontinuous precipitation in 


Leleeds CFT Eek aes ete hei ee 566-568 
Copper-zinc alloys 
resistance-temperature 
CURVES. a iis i dks 1031-1033 
Creep 
chromium-nickel steels ... 42-76 


role of anelasticity in. See 


Anelasticity. 
po RSE, Bee ryan eee 43, 45-46 
Ca: 65g ee 45 
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Creep recovery 
role of anelasticity in. See 
Anelasticity. 


<reep-rupture curves 
stainless steels ...114-115, 122-123 
effect of carbon ...114-115, 122 
effect of nitrogen ..114-115, 123 


Creep-rupture properties 
NS RRS SP 151-169, 181-195 
effect of atmosphere on 181 
stress vs minimum creep 

SARE. os Coa VS ce 189-195 
effect of grain size on 189-195 

effect of testing temper- 
RANTR dine os chaaknu 189-195 
stress vs rupture life ...182-190 
effect of grain size on 182-190 

effect of testing temper- 


ROG 1 kn i:n sawn 182-190 
stainless steels .......... 105-132 
GUGREEy oc cncwacse 116-117, 119 
effect of carbon ...... 117, 119 
effect of nitrogen ....117, 119 


effect of testing temper- 
OM Si oS Seas 117, 119 
effect of carbon ....105, 108-110 
effect of carbon and 


NCNM i 2 2b 8a ces 111 
effect of microstructure 
OR: Ai skessconbeeeune 129-131 


effect of nitrogen on 
ee ee eee 105, 111, 113, 115 
effect of testing temperature 
én anal 109-112, 114-127, 130-132 
minimum creep rates 
ocean 114, 120-121, 127, 130 
variation as a function of 
carbon plus nitrogen 


COMECRS ci. ccc avawe's 
jus eee 114, 120-121, 127, 130 
procedure for determining 


rupture life 111-114, 118-119, 127 
variation as a function 
of carbon plus nitrogen 
COMTERE <i 3 aes 
dikcctin 111-114, 118-119, 127 
stress vs. minimum creep 
CURE dikien oo 0 be 111-112, 116 
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Creep-rupture properties (cont.) 
stainless steels 
stress vs. rupture life .. 


. eke cou cee 109-110, 115 
stresses for specified rupture 
SNR 5 6 nso ee 4 115-117 


effect of carbon plus 
nitrogen content ...115-117 
effect of testing temper- 
SUG Ghee oS ee 115-117 


Creep-rupture tests 
WN. Seve cnet 158-159, 163-164 
comparison of static recrys- 
tallization, equicohesion 
and hardness ........ 163-164 
oxide penetration during 158-159 


Creep strength 
stainless steels .......... 53-56 
effect of carbon on ..... 54-55 
effect of columbium on . ith 
effect of nitrogen on ... 54 
variation with temperature 
sia SERA Swipe atk ee in 53-56 
Tie ON. ok ints 54 
WOO UE on savin dens 53-54 
Se le ss Be ada 53-54 
ON ac sia 53, 50 
5... tl” rere 53, 55 
CS EN eet ne 53-54, 56 
ois ve 40 Kae 53, 56 
Deformation strength 


aluminum-copper alloys ..263-270 
relation to mean free path 
between CuAk particles 


Deformation stress 
aluminum-copper alloys ..265-270 
effect of planar mean free 
eS” 265-266, 268 
effect of volume mean free 
CD no canes eaamne 265-270 
correlation with strain hard- 
ening index ........... 252-253 


Delayed yicld phenomenon. . 620-637 
measurement of plastic and 
anelastic microstrain .626-628 
typical record of ....... 626 
mechanism of ........ . . 620-637 
procedure for determining . 623-628 
rapid-load tension tests ..624-628 
delay time vs. stress 624, 627-628 
repeated stress-pulse tests 624-626 
activation energy for the 
recovery process .... 628 
cumulative time at stress 
to yield vs. aging time 


sees aah abate o ye 625-626, 628 
typical record of ....... 625 
static tension tests ....... 623 
static stress vs. strain .. 623 


Dilatometric measurements 
of steels containing silicon 
effect of silicon during 
Semimpering ........... 509-513 


Distortion energy theory 
applied to biaxially stressed 


14S-T6 
agreement with yield 
strength values ...... 692 
Ductility 
of biaxially stressed 14S-T6 
ned on kk 695, 697, T00, 704-705 
RS ER ree 183-186, 191-197 
effect of composition ... 193 
influence of grain size 
pia 183-186, 191-192, 194, 197 
influence, of stress ..... 
iaee's 183-186, 191-192, 194-197 


influence of testing tempera- 
ture 183-186, 191-192, 194-197 


Elastic constants 
determined by ultrasonics. 
See under Ultrasonics. 


Election of Officers ........ 26 


Electrical resistivity measurements 
of steels containing silicon 
effect of silicon during 
tempering ........... 513-514 
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Electrode potential measurements 
of austenite and sigma 
separated from Cr-Ni-Mo-Ti 
(18-8-3-1) alloy ...... 
Wi erate b s.0 W's 446-447, 451-458 


Electrolytic separation 
of austenite and sigma 
from Cr-Ni-Mo-Ti (18-8-3-1) 
Es + ss aces 444-445, 447-449 


Electron micrographs 

of austenite and sigma 

separated from Cr-Ni-Mo-Ti 
(18-8-3-1) alloy . .450, 455-456 

iron-carbon alloy ........ 602 

showing interface between 
pearlite and tempered 
mle os evans os 570-571 


Elevated temperature hardness 
of binary molybdenum 
SENDS bos 5 cake cies 299-301 
of 8 Cr-—1 Mo steel ...... 390-391 
relationship to strength 391-393 
of 18 Cr-—8 Ni stainless 


steels ...........38%, 389-390 
relationship to strength 

and creep ..........-d91-393 

hot hardness tester ......378-383 


influence of duration of 
RENNES 60s nhac bamk’ 386-389 
influence of specimen prep- 


SIE i os 0 as <3 384-386 

of plain carbon steels ..... 378-383 
relationship to strength 

NG BON oi 5k bis 0's 391-393 


Elevated temperature impact 
properties 
of nodular iron ......368, 370-371 


Elevated temperature properties 


monel 

influence of grain size 

UE. Sa Nine wae bo-050 b'n 177-197 

of nodular iron .......... 365-370 
of zirconium-oxygen alloys 

dite ears Rte oh ech eS 885-889 

Embrittlement 

of Fe-Ni-Cr alloys 

by sigma phase ........ 437-440 
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Embrittlement (cont.) 
of SAE 3140 steel 
effect of hardness on impact 
energy curves. See Impact 
energy curves. 
effect of heat treatment on. 
See under Temper brittleness. 
Endurance limit 
of temper-brittle steel SAE 5140. 
See Temper-brittle steel. 
Epsilon carbide 
calculation of chemical 
composition ........... 597-598 
Equilibrium diagrams 
See Phase diagrams. 


er Oh as ss Bec a Seas kk 534 
Fabricability 
of binary molybdenum 
SEE oid a 0k dc heehee eo 290-292 


Fatigue properties 
titanium alloys ....998-1001, 1003 
at low temperatures 


és os a eee 998-1001, 1003 
effect of notch on ...998-1000 
typical fractures ...1001, 1003 


Flow stress 
in steels ° 
effect of mean distance 
between particles on. . 250-251 


Flow theory 
applicability to biaxially stressed 
345-76 occ ducc. 693-699, 701-705 
Forgings 
tensile properties ...... 1096-1099 
longitudinal ......... 1098-1099 
effect of cooling rate 
Gitddeusdu Saath 1098-1099 
trensvenee <sisss 5 6s 1097-1098 
effect of cooling rate 
Pee ee ce eee 1097-1098 
Forging steel 
microstructure .......... 1088 
air-cooled SAE 1045 
ee ae oe 1088 
furnace-cooled SAE 1045 , 
peri 6c 1088 
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Forging steel (cont.) 
tensile properties ........ 
jnbiabs van 1086-1096, 1099-1113 
correlation coefficients 
eT 1086-1087, 1092, 1103 
effect of angle of test on 
. 1099-1101, 1108, 1110-1111 
elongation vs. angle of 


SOND ia wikis ssc NRK 1108 
reduction of area vs. 
angle of test ...... 1108 
effect of homogenization 
treatment on ........ 
ere 1088-1089, 1094-1096 
quenched and tempered 
specimens ....... 1101-1111 
effect of angle of test 
OS icavdens. 1108, 1110-1111 
effect of reduction by 
SO on. ix a's ee 1101 


reduction of area vs. reduction 
by forging 1088-1089, 
1092 - 1096, 1103-1107, 1110 
effect of homogenization 
treatment on ...... 
ae oA 1088-1089, 1094-1096 
effect of tempering 
temperature 1103, 1105-1106 
regression lines ........ 
*1086-1087, 1092, 11038- 
1104, 1106-1107, 1109-1110 
tensile strength vs. 
longitudinal reduction 
of area ..... 1103-1104, 1107 
yield strength vs. 
longitudinal reduction 
a 1103-1104, 1106 
yield strength vs. 
transverse reduction 
of area ....» 1103-1104, 1107 
specimens containing ferrite 
and pearlite ......... 
Bice. cse-ee 1088-1096, 1099-1101 
specimens quenched and 
Cente 2. ewes 1101-1113 
transverse mechanical prop- 
ere 1080-1121 
materials and specimen 
preparation 
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Forging steel (cont.) 


transverse reduction of area 


frequency curves ..1085-1086 
furnace-cooled specimens 1085 
quenched and tempered 
specimens ........... 1086 
Fracture, mode of 
stainless steels 
effect of creep or rupture 
test exposure on ..... 70, 73 
Fracture strength 


of biaxially stressed 14S-T6 
agreement with maximum 
stress theory ....694, 696, 704 


Free machining steel 
AISI B-1112 and B-1113 alloys 
machinability ......... 742, 747 
effect of inclusion com- 
position on ........ 750-752 
effect of inclusion size 
and shape on ...... 742-746 
effect of mechanical 
working on ....... 749 
effect of number of 
inclusions on ...... 748 
effect of silicon on ... 
eee es wk Ris 744, 746-748 
effect of sulphur content 
re ice es has 5 749-750 
Furnace 


for melting zirconium and 
other refractory metals .862-871 


Grain boundary energy 
variation with orientation 
between crystals ....... 545-548 
yariation with thickness at 
various temperatures below 
melting point .......... 554-555 


Grain boundary melting .. . .551-555 
replacement of grain corners 
by liquid at temperatures 
below the melting point 
PRGNGutis pics cvcekeve 552-555 
equations 
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Grain boundary melting (cont.) 
volume free energy required 
to produce: liquid ..... 553-555 
as a function of temper- 
ature 
as a function of thickness 
CORE aT tie Ee SSUES 28 553-555 


Grain boundary migratior 
in strained aluminum .560-561, 564 


Grain boundary relaxation 


A 275-285 
activation energy ...... 277-283 
effect of magnesium 
addition on ........282-283 
CONE ka 0 bs oS ees 277 


as a function of the 
parameter (Dve®%®*) . .279-280 
correlation of frequency, 
energy of activation and 
temperature for ..... 277-278 
correlation of grain size, 
frequency, energy of 
activation and temper- 


WONG  Suisig 6 outa wank: oes 278-279 
effect of alloying elements 
Oars ah oo pak dene oe 275-285 


width of relaxation band 284 
effect of frequency of 
vibration on ......... 276 
effect of temperature .. 276 
aluminum-magnesium alloys 
correlation of grain size, 
frequency, energy of 
activation and temper- 
eee ee we 281-282 
iron 
as a function of the 
parameter (Dve®®*) . .279-280 


Grain growth 


CNN cis icin es 211-218 
effect of annealing tem- 
OOCRIIG: ic ks Bea as 212-214 
effect of annealing time.211-214 
effect of cold work ..... 211-214 
effect of initial grain 
GR cs dinttvcnk chee Ss 212-214 
heat of activation ...... 215-217 
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Grain growth (cont.) 
alpha brass 
heat of activation 
effect of initial grain 
BORE 6d cbc se canue 215-216 
effect of prior defor- 
WINE Sciad 5 crew BE 215-216 


Grain orientation 
of low carbon steel strip 
effect of rolling temperature 
WR: de 6 vhs an Oe bee Wbles 333-343 


Grains 
frequency of occurrence of 
various polygonal faces 


OA sedi ehae ies owas 539 
aluminum-tin alloy .... 539 
DOUGR. «ase. ake ces 539 


comparison with soap froth 539 
comparison with vegetable 


CHIR 63s cas Cease bee 539 
isolated by fracture...... 539 
Graphite 


oxygen content 
isotopic determination. .762, 766 


Hafnium 
furnace for melting ......862-871 
Hardenability 
of alloy carburizing steels.772-773 
carburized steels ....... 1056-107: 
AISI] BBO... .. 2. se. 1067, 1071 
Age We 6 One e a sree 1068 
ATE Se ois si ckesa 1068, 1071 
Pe, ID vk o-o-crinswe ved 1067 
ATE GRRE so Bier oon 1066, 1068 
effect of boron on .... 
iin: snairetendinit 1066, 1069, 1071 
RISE GE hoc aleisesis 1066 
case hardenability at various 
carbon levels ...... 1064-1071 


core hardenability ...1064, 1069 
end-quench test for deter- 


ONE 6 Ses 1056-1079 
trapezoidal end-quench 
We 8 eee eH 1057-1060 


comparison of cooling with 
standard bar ....1059-1060 
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Hardenability (cont.) 
carburized steels 
trapezoidal end-quench bar 
experimental problems 


S06 kedts ie bhodno 1060-1061 
method of obtaining data 
SOOM. has. . Rude 1061-1062 


Hardness 
of high speed steel 18-4-1 
effect of carbon content 


aN A Piers roe oe 477-483 
effect on impact strength 
semplat Oke © actracelis om: 8 eet 488, 490 


relationship to austenitizing 

temperature and time .477-484 
relationship to tempering 

temperature and time .483-490 

Re. TN bc dn vat hme 222-241 

as a function of the homol- 

ogous temperature .. .222-223 
as a function of melting 

GOIN: . inky ccna ewes 222-223 
correlation between constant 

A and the absolute melting 

ONE. mics senhe 233, 235-236 
correlation between constant 

A (H = Ae") and heat 

content of liquid metal at 

melting point 232-233, 235-236 
correlation between constant 

B (H = Ae") and the 

reciprocal melting point 


functional relations ....224-231 
fundamental correlations 


hardness-temperature data 234 
log hardness vs. temperature 


EG ditbusce ds keen 227-231 
ahemaieeie oo. os cdedds 227 
CRI 5865 Bk 229 
NE ie ictre ot 8S cn an'oe 229, 233 
molybdenum ........ 227, 231 
NR seigatnss deacon 228, 232 
ee ae TS © 230 
I ih iicis aibhn oo: ties whe 228 


qualitative observations 222-223 
temperature dependence 


Hardness (cont.) 
pure metals 
temperature dependence 
equation 231, 236-238, 240-241 
functions proposed for 


of steels containing silicon 

effect of silicon on ..... 501-507 
of temper-brittle steel 

effect on impact energy curve. 

See Impact energy curves. 

titanium 

effect of impurities on. . 235-236 
titanium alloys 

at low temperatures. .1000-1001 
titanium-oxygen alloys 1023-1024 


Hardness tester 
for elevated temperature 
EES TS ae eo a 378-383 


Heat of activation 
See Activation energy. 


High speed steel 
W-Cr-V (18-4-1) 
effect of austenitizing 
temperature and time 
On grain size ........ 481 
| ea 477-484 
on impact properties. .486-491 
effect of carbon content 
on hardness ......... 477-483 
on impact strength ..486-491 
effect of tempering time 
and temperature 
on hardness ......... 483-490 
on impact strength ..486-491 
effect of vanadium content 


on hardness ..... 480-481, 484 

_, impact strength ....... 486-491 

microstructure ........ 481-483 
High temperature alloys 


alloy M252 (Ni base) 
microconstituents in ...397-428 

alloy 16-25-6 (Fe base) 
microconstituents in ...397-428 

alloy 1336 (Co base) 
microconstituents in ...397-428 
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High temperature alloys (cont.) 
alloy 1336 (Nb + Ta) 
microconstituents in ...397-428 
Tothalieg: BB: vtec cece eves 397 -428 


Hot hardness tester 
results with various steels .377-396 


Impact energy curves 
for SAE 3140 steel ....... 733-734 
effect of hardness on... 


Impact properties 
of Fe-Ni-Cr alloys 
effect of sigma phase on.437-440 
of high speed steel (18-4-1) 
nb enka bek +e béekeowe 486-491 
of nodular iron at elevated 
temperatures ...... 368, 370-371 
of SAE 3140 steel 
effect of hardness on. See 
Impact energy curves. 
effect of heat treatments 


OM: cxcwave cba k gabae ce 725-731 
of steels containing silicon 
effect of silicon on ..... 21-523 


of temper-brittle steel ....710-724 


Impact strength 
titanium alloys 
at low temperatures .... 
il iis 1000-1001, 1003-1004 
typical fractures ...1003-1004 


Inclusions 
effect on machinability 
of AISI B-1112 and B-11138 
alloys. See under Free 
machining steel. 


Indium 
effect on properties of 


molybdenum alloys ....286-313 


Indium-arsenic system 
metallographic analysis .. 


oRs oh tba hae ss hte 678, 681-684 
phase diagram ........... 679-680 
thermal analysis ......... 678-679 
Pen: BIE. cA week ck 379-680 


Interface motions 


during transformation ...561-563 
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Iron 
effect on properties of 
molybdenum alloys ....286-313 
effect on recrystallization of 
molybdenum alloys ....314-332 
grain boundary relaxation 
as a function of the 
parameter (Dve®%®") .279-280 


oxygen content 
isotopic determination. See 
under Isotopic analysis. 


lron-carbon alloys 


singte crystals. ... 2. 4eske 579-582 
method of producing ... 579 
oscillation diffraction 

DRI aces nabeucs 581-582 
rotation diffraction 
ES 70. ewe ewes 580 


Iron-nickel-chromium alloys 


sigma formation in ....... 433-437 
effect on impact properties 
jn cd Bae eee ae 437-440 


Isotopic analysis 
of oxygen in metals and metal 


oxides 
SUE hi oss 5 oo 4 be eon 760-761 
copper and iron-oxygen 
samples analyzed ....763-765 
determination of oxygen 
i MRAM... secs 762-766 
other methods of analysis 
Jtphsbal ak CUR SCOUE CO 758-759 
advantages of isotopic 
WS ccc te kek 766 
preparation of O” master 
MT Nan oga yc heh eS 762 
principles of method ...759-760 
VON hn x0 oA 6's teed 761-762 


Lattice parameters 
of microconstituents in high 
temperature alloys ..... 400-411 


Low carbon steel 
texture of rolled strip 
effect of rolling temperature 
OR ikees sn ren es eae 333-3438 
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Liiders bands Machinability (cont.) 
in titanium tensile specimens titanium alloys 
BE RL REE SRR RE 988-990 influence of insoluble 
| CURSOR oo nes sce ows 941-971 
Machinability lathe test ..... 944-947, 954-962 


of AISI B-1112 and B-1113 alloys 
correlation with inclusion 
characteristics. See under 
Free machining steel. 
stainless steel, Type 304 
effect of saw wear on cutting 


EE Ameer 948 
comparison with titanium 948 
CH oie ick ab dca ihe 957-965 


effect of arsenic on.957, 961-962 
effect of beryllium on .. 
bis. a i eaankle Bc a 957, 959, 963 


eta eae oxi 957-958, 961-962 
effect of carbon on ..... 

ith a be bh n eal 957-958, 962-963 
effect of germanium on 


effect of phosphorus on 
0 09 tk ttce bi nee 957, 961-962 
effect of selenium on... 


Aeibtis oe whew 957, 959, 962-963 
effect of sulphur on 


high purity iodide vs. 
magnesium-reduced 
titanium 
saw rating vs. turning index 
for various titanium 
NONE n. 4 6c ewe nda 962-964 
correlation with Vickers 
hardness and ultimate 


Rr 963-964 
titanium alloys .......... 941-971 
effect of saw wear on cutting 
SRNR Viens sa ¥\ > bass 948 
comparison with Type 304 
stainless steel ..... 948 
effect of test variables . .955-956 
feed vs. load ......... 955-956 


method of evaluating. 946-947 
profilometer measure- 


EY aus bkews owe's 954 
testing equipment ...944-946 
ae ee ee eee 


.. + .947-949, 957-964, 968-969 


Magnetic analysis 
of austenite and sigma 
separated from Cr-Ni-Mo-Ti 
(18-8-3-1) alloy ...... 
cahate +: sees 445-446, 449-450 


Magnetic permeability 
stainless steels 
effect of creep or rupture 


test exposure on ..... 73-75 
Manganese 
effect on properties of 
molybdenum alloys ....286-313 


effect on recrystallization of 


molybdenum alloys ....314-332 
Martensite 
tempering of 
effect of silicon on ..... 498-532 


Martensite transformation 
temperature 
in titanium binary alloys. .934-939 
concentration vs. transfor- 
mation temperature 935-939 
titanium-chromium . .936-939 
titanium-columbium 


titanium-iron ........ 935-939 
titanium-manganese .936-938 
titanium-molybdenum 


titanium-tungsten ... 
titanium-vanadium 
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Maximum stress theory 
applied to biaxially stressed 
14S-T6 
agreement with fracture 
stresses ......+. 694, 696, 704 
agreement with proportional 
BE ee oe 691-692 


Mechanical properties 
of binary molybdenum alloys 
Se eee ee ee es ae 293-299 
of recrystallized molybdenum 
sda esi ee ba6tae a eaten 321-325 


eg Pe re me A 
stainless steels 
effect of creep test exposure 
OD cidkis baw cae 58-60 
titania os... .<% 949-953, 972-992 
dependence of elastic modulus 
on temperature ...... 981 
dependence of elongation 
on temperature ....979-981 
effect of strain rate on 
fads ta ah oop eens cae a 979-981 
dependence of fracture stress 
on temperature ....978-980 
effect of strain rate on 
Sed sec ae oaee tas 978, 980 
dependence of reduction 
of area on temperature 
» dhk Ge sv a cde 980-981 
effect of strain rate on 
ims lack ik 9 ee wi a 980-981 
dependence of yield strength 
on temperature ....977-979 
effect of strain rate on 


ie cate hee 4s wea 977, 979 
dependence of ultimate strength 
on temperature .... 978 
effect of strain rate on 978 
effect of arsenic on .... 950 
effect of beryllium on .. 949 
effect of boron on ..... 949 
effect of carbon on ..... 949 
effect of germanium on . 950 
effect of phosphorus on. 950 
effect of selenium on ... 950 
effect of silicon on ..... 950-953 
effect of sulphur on ....949-950 
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Mechanical properties (cont.) 
titanium 
effect of tellurium on .. 950 
fracture appearance at 
different temperatures 
of testing ....... 985, 987-988 
plastic portion of true stress- 
strain curve ......... 981-983 
strain aging effects ....972-992 


yield point phenomenon 983-984 

titanium alloys ......... 993-1007 

at low temperatures ..993-1007 
effect on notch sensitivity 


0:86.85 Sk hk 996-997 
effect of testing temper- 
MEE 0s. <n oo ws 5 Bae 995-997 


of zirconium-oxygen alloys. See 
Zirconium-oxygen alloys. 


Mechanical properties, transverse 
forging steel, SAE 1045 .1080-1121 
materials and specimen 
preparation ....... 1081-1085 


Mechanical working 
effect on machinability 
of free machining steel . 749 


Medium alloy steel 
effect of silicon on tempering 
canes cdkeewia thea ieee 498-532 


Melting temperatures 
titanium-oxygen alloys .1019-1020 


Metal oxides 
isotopic determination of oxygen 
content. See Isotopic analysis. 


Microconstituents 
in high temperature alloys 
Sa Dc oe 97-428 
Microstructure 
of binary molybdenum alloys 
as Ma's 4 bee cane 300-306 
CHRSIOOUII 5. ca ks «i on 557-561 
types of interfaces between 
COMBERD: sas caneeeis 558-561 


coherent and incoherent 
boundaries ........ 558-561 
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Microstructure (cont.) 


of Cr-Ni-Mo-Ti (18-8-3-1) 
BN iis MA Seeee ews 450, 452-454 
distribution of dihedral angles 
resulting from random 
Ce ae a ae 543-545 
distribution of minor liquid 
phase in polycrystalline 


POGRER. Gus. ac era cee 547, 549 
of Fe-Ni-Cr alloys 
sigma phase ........... 432-433 


forging steel, SAE 1045 .1087-1088 
air-cooled specimen .... 1088 
furnace-cooled specimen 1088 

grain boundary energy 
variation with thickness at 

various temperatures below 
melting point ........ 54-555 
grain boundary melting ..551-555 
replacement of grain corners 
by liquid temperatures 
below the melting 
ES 552-555 
euuntiems ©. 6 6. ees 552-553 
volume free energy required 
to produce'liquid 
as a function of 
temperature .......555-555 
as a function of thickness 


of high temperature alloys 397-428 
of indium-arsenic alloys ..681-684 
interface motions during trans- 
ee 561-563 
formation of a nucleus by 
coherent fluctuations in 
the vicinity of disordered 


grain boundary ...... 562-563 
interfaces and precipitation 
ePU ES nbbaen «okie 562-571 
discontinuous precipitation 
BE ae a ee 564-571 
measurement of ......... 555-557 
brass 


beta phase fractions asa 
function of composition 556 
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Microstructure (cont.) 


measurement of 
grid for grain boundary area 
measurement by intercept 


I ip cco ocean va 557 
plane and curved grain 

boundaries .......... 536-545 
grain shape and grain 

growth ....6.0%. ...5386-H45 

disappearance of bubbles 
by diffusion ....... 537-538 
polyphase alloys ......... 541-545 


variation of dihedral angle 
with ratio of interface 


Gees Shi os be cis.’ 541-542 
of recrystallized molybdenum 
Shak coir Biveucd cd dies OD 
of recrystallized molybdenum 
PS Pe eek bow hs 322-324, 326 
requirements of space-filling 
CUED EEERSENY 6 soos 068% 534-545 
basic topological relations 
Rae Es 64s 6 ébe ses 534-541 
equations ...584-535, 5387-538 
stainless steels .......... 60-738 


changes during creep or 
rupture test exposure .60-73 


DUO ib cccscicbes 61-66 
ED u's dew ss 61, 71-73 
Type 304L ...... 60-61, 63-64 
Type 316CB ....61-62, 67-68 
Type 316L ...... 61-62, 65-66 
Type 321 ....61, 64-69, 71-73 
THO EE cc cccccces 61, 71-73 

of steels containing silicon 
ae meee ans o's lbs eeioune 507-509 

structures with anisotropic 
SUOOTIMEGE 6... cides 545-548 
titanium alloys .......... 951-953 


titanium — 0.67% arsenic 951, 953 
- titanium — 0.02% beryllium 
(lel tac Wah a Ee ads ise ee 952-953 
titanium — 0.57% boron .951, 953 
titanium — 0.47% carbon 951, 953 
titanium — 0.25% germanium 
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Microstructure (cont.) 
titanium alloys 
titanium — 0.25% silver .951, 953 
titanium — 0.32% sulphur 
OB 2s a4 ka «ce wee eee 951, 953 
titanium — 0.118% sulphur 
i WM a be 6 9 650 ns 951, 953 
titanium — 0.47% tellurium 
5 teehee see eee 952-953 
titanium, unalloyed ....952-953 
titanium-oxygen alloys .1012-1019 


of two-phase alloy ....... 543-544 
showing different types 
of grain junction .... 544 


of zirconium-nickel alloys .897-898 
of zirconium-oxygen alloys 
wirehe he cheat eee Lewes 883-884 
of zirconium-silicon alloys 906-912 
of zirconium-tin alloys ...921-927 


Minimum creep rate intercept 
_ variations with stress .... 55-5 


| 


effect of temperature .. 
Type 304 stainless steel 
Type 304L stainless steel 
Type 316CB stainless steel 
Type 316L stainless steel 
Type 321 stainless steel 
Type 347 stainless steel 


n Qo 
1] +] =] 


= 27 @ 
1 or ¢ 


it 


«j aj a] aj «= 


« 
= 


Modulus of elasticity 
determined ultrasonically for 
Mk n dx dan 2 847-848, 850-852 
beryllium .............800-852 
columbium ............850-852 


aa 
RE Sah co is ie go re 850-852 
titanium 
Type 347 stainless steel. 848-852 
PRM 5 «Vince sete 850-852 
NN 850-852 
WEE. koa ca ck one 6a 850-852 
influence of anelasticity on 


cst vcebhe bee eCb Shh web 6c 815-817 


Molybdenum 
elastic constants determined 


epdienialey ss te ows ceSke 855-857 
furnace for melting ...... 862-871 
hardness ........ tH eee 227, 231 
log hardness vs. reciprocal 
temperature ........ 227, 231 
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Molybdenum (cont.) 
hardness 
log hardness vs. temperature 
Nidimitie ged ek aes «a 227, 231 


recrystallization of. See under 
Recrystallization. 


Molybdenum alloys, binary 


alloys investigated ....... 289-291 
effect of deoxidation ..... 312-313 
elevated temperature hard- 

RDS iad 6 Kea 6 bo a v0 299-301 
cae i has ees 290-292 
microstructure .......... 300-306 
most effective alloying 

GRAUIEE o cis FC eXs 0 cee 305-311 


« oe: ee eee 
See under 


preparation of alloys . 
recrystallization of. 

Recrystallization. 
room temperature properties 


COE Eee Ga Ue owe 293-209 
strength-elongation 
correlation ..........305-309 
strength-hardness 
correlation ..........3807-309 
sintering characteristics ..291-292 
test metho@s foi.... 8855 287-289 
Monel 
creep-rupture properties . 
i swe eer en woe 151-169, 181-195 


effect of atmosphere on.. 181 
stress vs. minimum creep 
CE hs ie i ai nce 8 189-195 
effect of grain size on .189-195 
effect of testing tem- 
eg. ER ee 189-105 
stress vs. rupture life ..182-190 
effect of grain size on. 182-190 
effect of testing tem- 
I aia did ie &0'9's 182-190 
creep-rupture tests ...... 
anaes dy whee tS 158-159, 163-164 
comparison of static recrys- 
tallization, equicohesion 
and hardness ....... 163-164 
oxide penetration during 
hs ss ee 
auctitite =... sis 183-186, 191-197 
effect of composition .... 193 
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Monel (cont.) Niobium 
ductility furnace for melting...... 862-871 
influence of grain size.. 
oo ae 183-186, 191-192, 194-197 Nodular iron 
salle iia elevated temperature im- 
F i . .568, -371 
eo 183-186, 191-192, 194-197 aoe ee 
nfl “par anyp elevated temperature ten- 
ee sile properties .365-367, 369-370 
POTTS | oc hse - Viki mleradteutiare 
a -192 i) 
aout mei te AGA-208, 290-007 fee 364-365 
18 ti eer . ee aah s97 SE foe ne ba 363-364 
. my oo ¢ rears.” sabivie es stress-rupture data at 1200 
oe ae ee a ie et ee 368-369, 371-373 
ER TOL e Ss CRESS eka a fracture structure .....371-373 


recrystallization .158-163, 171-176 
cold work vs. tempera- 


ee ee ne a os Baw ee 159, 161 
during creep-rupture 
GONE wiki» 160-163 
hardness vs. tempera- 
CN Fs Ce eatin SH 158, 161 
stress-rupture properties 
cakh wd svwawe 152-159, 164-170 


graphical method of extra- 
polating and interpolat- 
ing short-time data ..167-169 
stress vs. minimum creep rate 
effect of cold work ..166-167 
effect of testing tem- 
SE onus ov knw 166-167 
stress vs. rupture life.. 
. 152-159, 164-165, 167-170 
effect of cold work .. 
reivew 153-159, 164-165, 167 
effect of testing tem- 
perature ..153-154, 
156-157, 164-165, 167-170 


Nickel 
effect on properties of mo- ‘ 
lybdenum alloys ....... 286-313 


effect on recrystallization 
of molybdenum alloys. .314-332 


NickeLiron alloys 
order-disorder transfor- 


RE sy tees 1051-1054 
dilatometric measure- 
SOEs hbk éocc inne 1052-1053 
phase fields for ordering 
SRE, 6.0 0's ¢ bene oS 10538 





Notch sensitivity factor 
of temper-brittle steel ... 718 


Order-disorder transformation 
as a classical phase 


0 ES Se 1029-1055 
arguments against and 
SNES 6c wae os 1039-1042 


analogy with established 
second-order transfor- 


eee 1041-1042 
electrical resistance . 1039-1040 
Myatewees i. ns. s ces. 1041 
microstructure ...... 1041 
specific heat ........ 1040 
X-ray diffraction ..1040-1041 

consequences of ..... 1042-1044 
impact upon ordering 

CG GS 54 ade «6 Xai 1044 
nature of the ordered and 

disordered phases . 1042 


equilibrium coexistence of 
two phases in the order- 
ing transformation in- 
NN ta hs no's 0.0 shy 1034-1036 
evidence in support of .1031-1039 
_ordered and disordered phase 


coexistence ..... 1036-1037 
metallographic 

evidence ........ 1036-1037 
X-ray evidence ...... 1036 


published evidence of a dis- 
continuous ordering 
transformation .... 1034 
dilatometric observations .1034 
resistivity measurements .1034 
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Order-disorder trans. (cont.) 
as a classical phase change 
rate of the ordering trans- 


formation ....... 1037-1039 
dependence upon temper- 

BOE oo divi keene 1038 

nickel-iron alloys ...... 1051-1054 
dilatometric measurements 

OE nigGhe eens 6 aos 1052-1053 

phase fields for ordering 
PARRUNNE © ia kis inkn RS 1053 
Orowan’s equation ......... 266-270 


Oxygen 
effect on properties of zirconium. 
See Zirconium-oxygen alloys. 
in metals 
isotopic determination. See un- 
der Isotopic analysis. 


Pearlite 
orientation relationships 


Phase diagrams 


indium-arsenic .......... 679-680 

titanium-oxygen ....... 1012-1014 

zirconium-nickel, partial .. 895 
bet: Tee sis ets Ci. Kas 896 

zirconium-silicon ........ 903-905 

zirconium-tin ............ 918-919 

Phosphorus 

effect on properties of molyb- 

denum alloys .......... 286-313 


Plastic deformation 
roie of anelasticity in .... 
» entcas COs 6 ok 817-822, 827-837 


Poisson’s ratio 
determined ultrasonically. for 


DOMES «0 édebass « 847-848, 850-852 
beryllium ..... 850-852, 855-857 
COMMON. 5 sin - ccc 850-852 
molybdenum .......... 855-857 
NIE is ates eae 850-852 
titanium ...... 850-852, 855-857 
Type 347 stainless steel 

is bee ad ws diem bee eis 848-852 
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Poisson’s ratio (cont.) 
determined ultrasonically for 


CPMMI kk. das 4 He RH 850-852 
VOM. cic 0s ai ee 850-852 
zirconium ..... 850-852, 855-857 
Precipitation 
discontinuous ........... 564-566 
analogy with recrystalli- 
tas is 3c oa oh 564 
copper-silver alloy ..... 566 
zinc-copper alloy ......564-565 
President’s Annual Address G 


Proportional limit 
of 14S-T6 stressed biaxially 
agreement with maximum 


stress theory ........ 691-692 
Recrystallization 
TN: TN an x 0.0hs wn bee 201-211 
activation energy ...... 208-211 
schematic representation 209 
heat of activation ...... 208-211 
effect of initial grain 
Ce Se iteis HR 210-211 
effect of prior defor- 
ma... heels 208-211 


relation between recrystal- 
lized grain size and de- 
ScmeOee es ees. Ges 206-207 
relation between recrystal- 
lized grain size and ini- 
tial grain size ........ 207-208 
relation between recrystal- 
lized grain size and tem- 
perature of annealing .206-207 
times and temperatures for 
a ib weg eee BW wesc 204-205, 210 
analogy with discontinuous 
precipitation 
of molybdenum 
effect of annealing temper- 
ature on microstructure 
320-321 
effect on tensile properties 
» kahiecd:e6 epee ook ce 321-323 
erat MIOG isn ' 0cke 319-321 
recrystallization character- 
istics 
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Recrystallization (cont.) 
of molybdenum alloys 
alloys tested .......... 315-317 
effect of annealing on. . .325-332 
effect on tensile properties 


relationship to alloy con- 
centration ........ 327-329 
grain refining action of al- 
loying additions ....... 326 
microstructures ...322-324, 326 
MOGs b-seisk 48% 158-163, 171-176 
cold work vs. tempera- 
Rien BOG sek ows sve bums 159, 161 
during creep-rupture 
CUNEEEE g kc tke aks 160-163 
hardness vs. temperature 
ciiciank datews uae ee ee 158, 161 


Relaxation 
role of anelasticity in. See 
Anelasticity. 


Relaxation rigidity 
as a function of the 
parameter (AD'*® yve®®*) 
ca hibn wsas ce 6eee 280-281, 283 
aluminum ......... 280-281, 283 
aluminum-copper alloys .280-281 
aluminum-germanium 


I ae ae oui ong 280-281 
aluminum-magnesium 

IN. ones Sri a0 oe 283 
aluminum-silver alloys .280-281 
aluminum-zinc alloys .. 280 


Residual stresses 
Armco iron 
X-ray measurement of .672-673 
skewness index as a func- 
tion of the rotation an- 


CO te ae ae 672-673 
in manganese oil hardening 
i tool steel 
| effect of quenching and 
: tempering on ....... 605-615 
optical interference method 
for determining ..... 607-612 


curvature measurements 609-611 
graph showing curvature 
variation with metal re- 

WOES SS o4aG ak cae oe 610 


TE meme tee - 


ne 
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Residual stresses (cont.) 


optical interference method 
metal layer removal tech- 
Nee vives sks 607 -609 
stress calculation ...... 611-612 
in steel, FS 1050 ? 
X-ray measurement of.670-672 
decrease in the biaxial stress 
sum as a function of 
the applied bending 
SE nS so weeks: 670-672 
intensity distribution about 
the apparent maxi- 
mum of the broadened 
211 K.-doublet ....670-671 
in steel, high carbon ..... 638-676 
stress measurements of 
martensitic phase .654-661 
effect of cold work on.655-657 
effect of electrolytic 
polishing on ....... 657 -659 
effect ot stressing be- 
yond the yield strength 
De eb ece de eudeuvecd 658-660 
X-ray measurement of .638-676 
diffraction pattern obtained 
using various radia- 
MG. gt beavis ct 645-646 
effect of specimen orienta- 
tion on line sym- 
EE? (a 's-ve deans cwk 646-647 
experimental necessities 
for determining ...642-644 


I. kn xv c'eane 639-642 
SINR go oh ws wesc 644-653 


variation of “d” value with 
orientation of speci- 


sean ctecen ce 652-653 
variation in relative inten- 
sity with 20 ..... 647-651 


correction factors to com- 
pensate for intensity 


WOTIGON os v0 ens 
aia + ded 647-651, 661-666 
fe eo a rs 607-617 
curvatures induced in 
specimens ........ 607-609 
by etching .......... 607-609 


ee a 608-609 
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Residual stresses (cont.) 
in tool steel 
effect of etching on 
aie a's bis 607-609, 614-615 
effect of grinding on 
apa veh usb saeeenet 609, 614-615 
effect of lapping on.... 
ov aatepece 608-609, 614-615 
effect of tempering on sur- 
face stress ...... 612-614, 617 
equations for determin- 
NE aint g Sih one b0'b 9.4’ 611 
Resistivity 
of zirconium-oxygen alloys 
epivns tte eee eee ee S79-SS1 


Retained austenite 
effect of silicon on transition 


temperatures .........504-505 
Rimmed steel 
strain aging characteristics 
sds CRG DSS sw EE Ho 8 344-361 


Rolling temperature 
effect on texture 
of low carbon steel strip .333-343 


Rupture 
chromium-nickel steels 42-76 
Secretary’s Annual Report . 15 


Shear modulus. See Modulus of 
elasticity. 
Sigma phase 
in Cr-Ni-Mo-Ti (18-8-3-1) alloy 
electrolytic separation 
iene Gikath saan 444-445, 447-449 
PTOPETBCE 4 ci cis vers 449-460 
in Fe-Ni-Cr alloys of Types 
310, 330 and Incoloy 
effect on impact properties 
and hardness ........ 437-440 
effect of silicon on ..... 434-435 
limiting composition free of 
PGR. bee wek. ova 436-437 
sigma boundaries ...... 433-436 
Silicon 
effect on machinability 
of free machining steel 
ke 6te eee ae xs ol 744, 746-748 
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Silicon (cont.) 
effect on properties of 
molybdenum alloys ...286-313 


effect on recrystallization of 
molybdenum alloys ....314-332 

effect on tempering of martensite 
dilatometric measurements 


hed cM ER Ss AOS es 509-513 
electrical resistivity meas- 
urements ...........5138-514 
hardness effects ....... 501-507 
relationship to tempering 
BO ee Ses ne hea 505-507 
microstructures ....... 507-509 


properties vs. tempering 
CMO. oss Ex See ee 521-523 


specific volume measure- 


ORR os Gas cams ack on 514-516 
sbeele tested is vckiaves 499-500 
theory regarding ...... 520-525 
X-ray diffraction meas- 

CaP CIR, ea ow Meeks 516-520 


in Fe-Ni-Cr alloys 
effect on sigma formation 
Se babs et ee 6 Oda Ciel 434-435 


Slip theory 
inconsistencies for biaxially 
stressed 14S-T6 ....... 705 
Soap bubbles 


disappearance of cells by 


GO ai ts sss as JS 537-538 
with increasing fraction of 
Nowitl: SiiSe-6.38.. SuN oSs 549-550 


Specific volume measurements 
of steels containing silicon 
effect of silicon during 
SURINSOIINE ia, kansas smi 514-516 


Stainless steels 
austenite to martensite trans- 
formation 
effect of carbide precipita- 
tion on the beginning of 


transformation ..82-87, 93-94 
effect of composition on 
temperature of ........ 77-95 


procedure for determining . 80-85 
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Stainless steels (cont.) Stainless steels (cont.) 


austenite stabilizers 
chromium or nickel equiv- 


creep-rupture properties 
rupture life 


is ni wx kya Sal 78-80 variation as a function of 
Curiae |S... »nwséncen 134-148 carbon plus nitrogen 
BDORTEUES....dovcdeccccss 135 content 111-114, 118-119, 127 
with graphite ......... 134-147 stress vs. minimum creep 
air atmosphere .138-141, 143 OY eee. so iS iso 111-112, 116 
ammonia atmosphere .138-145 stress vs. rupture life .. 
argon atmosphere.138-141,143 = —=«—_—_s_ dics cencvcccccces 109-110, 115 
correlation between depth stresses for specified rup- 
of carburization and cor- ture times ........ 115-117 , 


rosion rates ...... 


effect of carbon plus ni- 


cab ilrne es & 4 139, 143, 146, 148 trogen content ....115-117 
prior oxidized surface effect of testing temper- 
cvsinis cae 138, 141-142, 144 EN are 0.0 ak oo « RS 
Type 304 ....... 138, 142, 146 creep-rupture strength 
ee Ge cw ew ceeecae 138-146 effect of molybdenum.48-50, 52 
Type 347 ....... 138, 141, 146 creep strength .......... 53-56 
MOIS on oko awa t cunt cca 135-137 effect of carbon on .... 54-55 
chromium-nickel effect of columbium on. 55 
creep and rupture ..... 42-76 effect of nitrogen on .. 54 
creep-rupture curves variation with temperature 
elect ai caveat ...2TORUR TR epee ickis secs tes .- 58-56 
effect of nitrogen. .114-115, 123 , ES ae 54 
creep-rupture properties .105-132 MEME acc eseisvcce 53-54 
OMG a oc ii cncs 116-117, 119 Type 304L .......... 53-54 
effect of carbon ..... 117, 119 TDS BAG a 5 ok ccweis 53, 55 
effect of nitrogen ...117, 119 Type 316L ......... 53, 55 
effect of testing tem- ‘ee 53-54, 56 
Se 6 +s ue dine 117, 119 delt Bio 347 . uM ‘@ es ‘ae -53, 56 
~ elta factor vs. M, temper- 
effect of carbon ...105, 108-110 eR ee 96-97, 101 


effect of carbon and ni- 


elongation at rupture vs. 


bee PER RMS S ot rupture time ....46-55, 57-58 
effect of microstructure 
effect of temperature... 46-55 
ss ds oS Sancbeltn beak 129-131 Wie. occas 50 } 
effect of nitrogen on .. ele MONE. folks. ec 47 
Sees N co ebe uss 105, 111, 113, 115 Type 316CB ........ 49 
effect of testing temper- Type SIL <. css. <s. 48 
ature .109-112, 114-127, 130-132 Type erie et 51 
minimum creep rates .. Pa Sy, 52 
etvecces 114, 120-121, 127, 130 hardness vs. hardening tem- 
variation as a function of we So, aa 97-98 
carbon plus nitrogen 431 + Moalloy ....... 97-98 
content .....++.+- machinability ........... 948 
wciteiee itiee 114, 120-121, 127, 130 effect of saw wear on cut- 
procedure for determin- ting time ......... 948 
NIE ic iets <n aenien® 106-108 comparison with tita- 
Se nas ee 0 Canaan 948 


rupture life. 111-114, 118-119, 127 
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Stainless steels (cont.) 
magnetic permeability ... 73-75 
changes during creep or rup- 


ture test exposure ... 73-75 
mechanical properties 
effect of creep test expo- 
Se C8 hie a. 58-60 


microstructure 
changes during creep or rup- 


ture test exposure . 60-73 
TOE So Sesicces +s 61-66 
TYPEMOO .ckes swears 61, 71-73 
Type 304L ...... 60-61, 63-64 
Type 316CB ....61-62, 67-68 
Type 316L ...... 60-62, 65-66 
Type 321 ....61, 64-69, 71-73 
DIDS OMe cocc vv cniue 61, 71-73 

minimum creep rate inter- 
BORE. 5. ass kha wk 1-57 
effect of temperature .. 57 
ee Se eee i ie 57 
5 VG Geka eae eke. 57 
ae Gi Cw a ee cS. 57 
a ee a cnewcies 57 
RE TEs 6 Sa co BES SS 57 
EE ks occ cae. 57 


mode of fracture 
effect of creep or rupture 
test exposure on 70, 73 
M, temperature ...88-93, 102-103 
effect of annealing tem- 


OSTAtRIS OO wk. o's wd 102-103 
effect of carbon plus ni- 

CRON CE ines 6s. 6:0 88 
effect of chromium 88-90 


effect of manganese ... 89,91 
effect of nickel 88-90 
effect of quenching rate. 102-103 


effect of silicon ....... 89, 91-92 
CUI s Skt is kk 0% 92 
measured vs. calculated 

VR ih + bam 92-93 


precipitated carbide 
after exposure to elevated 
temperatures ........ 126-128 
precipitated nitride 
after exposure to elevated 
temperatures .o.... 126-128 
reduction of area at rupture vs. 
rupture time ....46-55, 57-58 


SUBJECT INDEX 


1145 


Stainless steels (cont.) 
reduction of area at rupture vs. 
rupture time 


effect of temperature .. 46-55 


EVO GE. ccs eakoe <% 50 
SO ES. cs ct ckass 47 
Tyee Gee Nace eves 49 
ae Gee. 6 uke ks 48 
ieee Bees, oi cs bane 51 
Te We is wee ko cee 52 
retained austenite ....... 
jaan ck Vong 117-118, 120-127 
after creep-rupture tests 
tanec eens 120-121, 126-127 
effect of carbon con- 
CNG: 5.0 Saxe s 3 9-06 we 126-127 


effect of cold work ..126-127 
effect of nitrogen con- 
SEE 504s sth oe tens 126-127 
effect of testing tem- 
DORN 2 Gis whwees 126 
after exposure to elevated 
temperatures ...... 
wens iat 117-118, 120, 122-127 
effect of carbon content 124 
effect of cold work .... 
ite sb io Cian as 120, 125, 127 
effect of nitrogen content 124 
effect of testing temper- 


DEMO ibe cc Sines & 124 
stress vS. minimum creep rate 
effect of temperature .. 46-55 
DRO Be hic ds ck ese 53 
Tee iis... ee 50 
Se Be a ors eae 47, 53 
LEE Baer hawt < Be 49 
Tee Gee iw dca vets 48 
We ee os sin sc ceWes 51, 53 
ee GEE oo iks0 5's Hae 52 
stress vs. ratio of elongation 
at rupture to time at 
POE ib eSaie 6 0 ss 0 om 46-55 
effect of temperature .. 46-55 
Te igs ss ba enice 50 
TOG Ge dsweteaes 47 
T¥OO EM eknve vite 49 
Tyee See Access 48 
fo: eR 51 
ye | One 52 
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Stainless steels (cont.) 
stress vs. time for beginning 
of tertiary creep or time 


TOG FINE nen Svd'ws AG-56 
effect of temperature... 46-55 
Ie WE es ov ates 00% 50 
ees ° a vs ees 47 
TPO SIOLD 4 Asewe> 49 
SPC kd ae 48 
TE ck tbe ceed 51 
Be EE indians eee ns 52 


Type 18 Cr-8 Ni 
hardness at elevated tem- 


peratures .........587-300 
relationship to strength 
SME GPOED. 2. 6s ¥dcke 391-393 
Type 347 
elastic constants deter- 
SE Oak one ce npn OOO -SR2 


Type 481 + Mo alloy 
hardness vs. aging time 98-99 
hardness vs. hardening 
temperature |. occ 97-98 
microstructure ........ 98-99 


Steel 
carburizing 
effect of boron on case 
hardenability. 
See Carburizing steels, alloy. 
effect of silicon on tempering. 
See under Silicon. 
PP eee 250-251 
effect of mean distance 
between particles on .250-251 
plain carbon 
hardness at elevated tem- 


peratures .........390-391 
relationship to strength 
and: <reen. .... 6.2 391-393 


residual stress in 
stress measurements of 


austenitic phase ...657-661 
effect of electrolytic pol- 
SE pa ceeeieues 657, 659 


effect of stressing beyond 
the yield strength. .658-660 
stress measurements of 
martensitic phase 


Steel (cont.) 
residual stress in 
stress measurements of 
martensitic phase 
effect of cold work on .655-657 
effect of electrolytic 
polishing on ...... 657-658 
effect of stressing beyond 
yield strength on ..658-660 
X-ray measurement of.638-676 
decrease in the biaxial stress 
sum as a function of 
the applied bending 
NE are ke wale 670-672 
diffraction pattern obtained 
using various radia- 
SS Gat wks bays 645-646 
effect of specimen ori- 
entation on line _ 
SURI oc nae de 646-647 
experimental necessities 
for determining ...642-644 
principles ........... 639-642 
COCMMITMS . oii cco ws 644-653 
variation of “d” value with 
orientation of speci- 
EE a 5 Sckweb's md ons 652-655 
variation in relative in- 
tensity with 26 ..647-651 
correction factors to com- 
pensate for intensity 
variation .647-651, 661-666 
strain aging of sheet ..... 344-361 


Steel, alloy 
8 Cr-—1 Mo type 
hardness at elevated tem- 
peratures ...........390-395 


Steel, eutectoid 
tensile properties 
_ influence of structure on .252-253 


Steel, trade designations 
AISI B-1112 and B-1113 alloys 
effect of inclusions on machin- 
ability. See under Free ma- 
chining steel. 
SAE 3140 
impact energy curves 
effect of hardness on.732-740 


~t-— 
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Steel, trade designations (cont.) 
SAE 3140 temper brittleness 
effect of various heat treatments 
on. See under Temper brit- 


tleness. 
SAE 5140 
endurance limit ........ 710-724 


Strain aging 
of commercial sheet steels 


accelerated test ....... 351 
in predicting age hard- 
GMINA. occ tens pee 
in predicting yield point 
ES EER SPEER SES 354-357 
factors affecting rimmed 
SOGGE 0 cea bee el 346-350 
factors affecting stabilized 
OG. - (Geese 2 ad ences eee 
natural aging .........344-346 
Strain hardening index 
correlation with deforma- 
CiOGe EOE ke a vccac’ 252-2555 


Stress concentration factor 
of temper-brittle steel ...719-721 


Stress-rupture properties 
eee 64 2a os he 152-159, 164-170 
graphical method of extra- 
polating and interpolating 
short-time data ..... 167-169 
stress vs. minimum creep rate 
effect of cold work ..166-167 
effect of testing tem- 
‘<n anes 166-167 
stress vs. rupture life .. 
a tite te 152-159, 164-165, 167 
effect of cold work.. 
ee sa 153-159, 164-165, 167 
effect of testing tem- 
.perature . 153-154, 
156-157, 164-165, 167-170 
of nodular iron at 1200 °F .368-373 


perature 


Stress-strain relations 
for biaxially stressed 14S-T6. 
See Biaxial tensile stresses. 


Sulphur ? 
effect on machinability 
of free machining steel .749-750 


SUBJECT INDEX 
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Sulphur (cont.) 
effect on properties of mo- 
lybdenum alloys ....... 286-313 
Surface-tension equilibrium 
in polyphase alloys ...... 541-545 
Tantalum 
furnace for melting ...... 862-871 


Technical Program and Reports of 
Officers, ASM—34th Annual 
Convention, Philadelphia, 

October 18 to 24, 1952 .... 1 


Temper brittleness 
effect of various heat treat- 
ments of SAE 3140 on 


heat treatments tested .726-727 
impact test results 726-730 
transition curves ...... 727-730 
of SAE 3140 steel 
effect of hardness on impact 
energy curves ....... 732-740 


Temper-brittle steel 
endurance limit of 
eso 710-724 
heat treatments used ..712-714 
impact properties ..... 
eee ne 714-715, 717-719 
notch sensitivity factor 718 
stress concentration 
tae wis his ti 719-721 


tensile properties ..715, 717-719 


Tempering 
first-stage kinetics ....... 582-590 
length changes on tem- 
ORO ia + \c dhs wa 583-588 
effect of carbon con- 
COUR iain k + ibs a+ ee 583-588 
rate equation .....585, 587-590 
values of m for ...... 589 
values of rate con- 
We a eed 589-590 
first-stage products of de- 
composition ......... 578-582 
e-iron carbide ..... 578, 
581, 585, 587-588, 590-591 
TM & skates ics 587 
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Tempering (cont.) 
of high speed steel 18-4-1 


Tensile properties (cont.) 
forging steel, SAE 1045.1086-1116 


effect of time and temperature 

on hardness .483-486, 488-490 

on impact strength . .486-491 
low carbon martensitic phase 


Gaae + «aek«b 578-579, 581-582 

carbon content of ..... 579, 582 
effect of tempering 

temperature on ... 582 


of martensite 
effect of silicon on. See under 


Silicon. 
mechanism and kinetics of the 
Riek CEROE ic os caw’ 576-595 
mbGer .. scckiee Avoak. 591-594 


carbon concentration gra- 
dients at advancing front 
Vibes ks n bak 0 ae 592-593 
plane-front growth of ag- 
gregate at expense of 
primary martensite 592 
rate constant K ....... 592-594 
composition dependence 594 
temperature depend- 
Re: bbs ca Mae hend 592-594 
second stage of .......... 595-597 
activation energies for. .595-597 
variation with carbon 
EL wk wedene mam 596-597 
length changes from decom- 
position of austenite. .595-596 


Tempering temperature 
of steels containing silicon 
effect on properties ....521-523 


Tensile properties 
aluminum-copper alloys ..249-270 
effect of dispersions on.249-270 
method of determining 


eutectoid steel .......... 252-253 
influence of structure on.252-253 
forgings, SAE 1040 ....1096-1099 


longitudinal ......... 1098-1099 
effect of cooling rate 
inch ates sat \eken 1098-1099 
tramsverse ........<. 1097-1098 
effect of cooling rate 
Sas baa eek bike 0:5 000m . 1097-1098 





correlation coefficients 
a ee dd 1086-1087, 1092, 1103 
effect of angle of test on 
.. 1099-1101, 1108, 1110-1111 
elongation vs. angle of 


OS cet isd vss eaw 1108 
reduction of area vs. 
angle of test ....... 1108 
effect of homogenization 
treatments on ....... 
ous waa 1088-1089, 1094-1096 
quenched and tempered 
specimens ...... 1101-1113 
effect of angle of test 
ME Fah. ‘aiwe.e ds 1108, 1110-1111 
effect of reduction by 
UE bas ois snc 1101 
reduction of area frequency 
CUTVER a. ius 1085- 


1086, 1094, 1096, 1115-1116 
furnace-cooled speci- 


EY wis «Bs arene eas 1085 
homogenized speci- 

Gc. vcae sd 1094, 1096 
quenched and tempered 

specimens ........ 1086 


reduction of area vs. reduc- 
tion by forging ... 
Kua o nigh 1088-1089, 
1092-1096, 1103-1107, 1110 
effect of homogenization 
treatment on ........ 
» View Fe 1088-1089, 1094-1096 
effect of tempering tem- 
perature ...1103, 1105-1106 
regression lines ....... 
1086-1087, 1092, 1103- 
1104, 1106-1107, 1109-1110 
- tensile strength vs. longi- 
tudinal reduction of 
ES aoe ois 1108-1104, 1107 
yield strength vs. longi- 
tudinal reduction of 
ee. aa a Sen 1103-1104, 1106 
yield strength vs. trans- 
verse reduction of 
OOO an ouigis 1103-1104, 1107 
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Tensile properties (cont.) 
forging steel, SAE 1045 
specimens containing ferrite 


and pearlite ........ 
iii d'e ea 0 1088-1096, 1099-1101 
of temper-brittle steel 
SAE Se ee es 715, 717-719 
Test 
for strain aging of steel ..351-357 
Thallium 
hardness 


log hardness vs. temperature 
DREAM 228, 232 
showing allotropic trans- 
formation ......... 228, 232 


Thorium 
effect on properties of 
molybdenum alloys ....286-313 
effect on recrystallization of 
molybdenum alloys ....314-332 
elastic constants determined 


cet aes tetas ta ies cae e 850-852 
furnace for melting ...... 862-871 
Tin 
effect on properties of 
molybdenum alloys ....286-313 


hardness 
log hardness vs. temperature 230 


Titanium 
elastic constants determined 
neta é o:xia weed 850-852, 855-857 
furnace for melting ...... 862-871 
Ee a Sa ae 235-236 
effect of impurities on . .235-236 
Liders bands in tensile 
I chin «hanes ci 988-990 
SHGCTIMINDINET one. cca s 957-965 


effect of arsenic on.957, 961-962 
effect of beryllium on .. 

vised a eae « oe 957, 959, 963 

Rites ca coe 957-958, 961-962 
effect of carbon on..... 

MP PE OE BO 957958, 962-963 
effect of germanium on 

ca Pec ends ou eeu 957, 961, 963 


SUBJECT 


INDEX 1149 
Titanium (cont.) 
machinability 
effect of phosphorus on 
cau eks es oweh ete ae 957, 961-962 
effect of selenium on ... 


“Ve ETPTe: fe 957, 959, 962-963 
effect of sulphur on .... 

ss 6 Biel deca 957, 959-960, 962-963 
effect of tellurium on... 

A eed ee Pay: 957, 960-962 
high purity iodide vs. 

magnesium-reduced 

titanium 

mechanical properties . 


dependence of elastic modulus 
on temperature ...... 981 
dependence of elongation 
on temperature ....979-981 
effect of strain rate on 
Sok eos Re Oe Oakes 979-981 
dependence of fracture stress 
on temperature ....978-980 
effect of strain rate on 


dependence of reduction of 
area on temperature 


Sei apa eerie oa. ee 980-981 
effect of strain rate on 


dependence of yield strength 
on temperature ....977-979 
effect of strain rate on 


Sn'c o a:nigice eee ed 977, 979 
dependence of ultimate strength 
on temperature .... 978 
effect of strain rate on 978 
effect of arsenic on .... 950 
effect of beryllium on .. 949 
effect of boron on ...... 949 
effect of carbon on ..... 949 
effect of germanium on, 950 
effect of phosphorus on. 950 
effect of selenium on ... 950 
effect of siliéon on ..... 950-953 
effect of sulphur on ....949-950 


effect of tellurium on .. 950 
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Titanium (cont.) 
mechanical properties 
fracture appearance at 
different temperatures 


of testing ....... 985, 987-988 
plastic portion of true stress- 
strain curve ......... 981-983 


strain aging effects ....972-992 
yield point phenomenon .983-984 
stress-strain diagrams ... 


i <Wites Skee oa 975-977, 983-986 
effect of aging temperature 
OUR itis Seine 0 og baleen 984-986 


effect of increasing strain 

on the appearance of a 

yield point following 

Me See se tak 6 +4 588 985-986 
effect of a prestrain at 

liquid nitrogen on ....983-984 
effect of strain rate on. .975, 977 
effect of testing temper- 

BURR oie a ha de egies 975-977 


Titanium alloys 
coefficients of expansion at 
various temperatures .1001-1003 
fatigue properties. .998-1001, 1003 
at low temperatures ... 


effect of notch on ...998-1000 
typical fractures ...1001, 1003 


5. 2 5s gaan wel 1000-1001 
at low temperatures ..1000-1001 

impact strength ......... 
3 ah 1000-1001, 1003-1004 


at low temperatures . .1000-1001 
typical fractures ...1003-1004 


machinability ............ 941-971 
effect of saw wear on cutting 
I Si Gis gs ooo 948 
comparison with Type 304 
stainless steel ..... 948 
effect of test variables. .955-956 
feed vs. load ........ 955-956 
influence of insoluble 
NR as 605s © een 941-971 
lathe test ..... 944-947, 954-962 


method of evaluating .946-947 
profilometer measure- 


GE « sa bes dates 954 





Titanium alloys (cont.) 
machinability 
saw rating vs. turning index 
for various titanium 
BE wlicdigo< wi0%s ss 962-964 
correlation with Vickers 
hardness and ultimate 


fas vv a ses 963-964 
BE CR iso Ss cheek haces 
= weed 947-949, 957-964, 968-969 


mechanical properties 
at low temperatures - .993-1007 
effect on notch sensitivity 


OC Stns es SEP e RK. & 996-997 
effect of testing temper- 
SN UE ae ba Cy ce ee 995-997 
microstructure .......... 951-953 
titanium — 0.67% arsenic 
OS See 951, 953 
titanium — 0.02% beryllium 
5 eT wtih aie a ed + 48 952-953 


titanium — 0.57% boron .951, 953 
titanium — 0.47% carbon 951, 953 
titanium — 0.25% germanium 


(MEL CRORE eV Ase oes 952-953 
titanium — 0.39% phosphorus 

id atin dein dias Rhine's 0 ae 952-953 
titanium — 0.99% selenium 

PES ADEE 66 ccw ane ake e 952-953 
titanium — 0.25% silver .951, 953 


titanium — 0.32% sulphur 


NG hina tid sickens’ 951, 953 
titanium — 0.118% sulphur 
RR iis xd nau peeks 951, 953 
titanium — 0.47% tellurium 
eae aaa Han 4 be we 0.6 952-953 
titanium, unalloyed ....952-953 
Titanium binary alloys 
martensite transformation 
temperature ......... 934-939 


concentration vs. transfor- 

mation temperature 935-939 
titanium-chromium . .936-939 
titanium-columbium 

Uae Hise ANS 0c 936, 938-939 
titanium-iron ....... 935-939 
titanium-manganese .936-938 
titanium-molybdenum 

PER eeades 935-936, 938-939 


—~ 
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Titanium binary alloys (cont.) 
martensite transformation temp. 
concentration vs. trans. temp. 
titanium-tantalum ... 
titanium-tungsten ...936, 938 
titanium-vanadium 


Titanium-oxygen 
phase diagram ......... 1012-1014 


Titanium-oxygen alloys 
ON SR Se 1023-1024 
microstructures ........ 1012-1019 


Titanium-oxygen system 1008-1028 
annealing treatments ..1010-1011 
appearance of ingots. .1010-1011 
melting-range determinations 
oes wae eae Go cdtidex 1019-1020 
melting temperatures .. 1020 
preparation of alloys ...1010-1012 
X-ray diffraction studies of 
(esd eh cae ank sue eG 1020-1022 
alpha solid solution ..1020-1021 
lattice parameter- 
composition curves 
intermediate phase between 
alpha and TiO ...1022-1023 
delta phase ........ 1022-1023 
intermediate phase TiO 
<kveCee eee Fae EA 1021-1022 
lattice parameter- 
composition curves 


1021 


1022 


Tool steel 
residual stresses in ....... 605-617 
curvatures induced in 
specimens ......... 607-609 
DY OES 5 sb ocdaet 607-609 
We SU oak cnn 608-609 
effect of etching on .... 
nbs deen eel 607-609, 614-615 
effect of grinding on ... 
cee cgbeie Ries 609, 614-615 
effect of lapping on .... 
iu oR bean 608-609, 614-615 
effect of quenching and 
tempering on ........ 605-615 
effect of tempering on 
surface stress ....612-614, 617 


SUBJECT 


INDEX 1151 
Tool steel (cont.) 
residual stresses in 
stress distribution ..... 611-613 


equation for determining 611 


Transition temperatures 
of SAE 3140 steel 
after various heat treat- 


ES Se he nae 2 oh 727-730 
Treasurer’s Annual Report. . 10 
Tungsten 


effect on properties of 
molybdenum alloys ....286-313 

effect on recrystallization of 
molybdenum alloys ....314-332 


Tungsten-chromium-vanadium steel 
high speed steel 18-4-1. See 
under High speed steel. 


Ultrasonics 
use in determining elastic 
constants 
apparatus and experimental 
Gecsiame «. 56. ideas 845-849 
of beryllium ...850-852, 855-857 
of braet: 660s 847-848, 850-852 
of columbium ......... 850-852 
elastic constant equations 845 
of molybdenum ........ 855-857 
possible reasons for dis- 
Crepancies ..a ss. cscs 856-859 
of COTTER 2k. ode eees 850-852 
of titanium ....850-852, 855-857 
of Type 347 stainless steel 
in ohten au tos eee ee 848-852 


types of elastic waves prop- 
agated in solids ...839-840 
wave reflections at bound- 


OUOS see acei cade 840-841 
OF Mr 8 Sas 850-852 
ot. waaste %. 6c i 850-852 


wave propagation between 
parallel faces of solids 841-842 
wave propagation in cylin- 


drical: t088. « GAsess 842-844 
measurement of wave 
VOIOCHIGS oi .cctacce 844-845 


of zirconium 


.. .850-852, 855-857 
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Uranium 
elastic constants determined 
Slane ukipevs ciets eaeee 850-852 
furnace for melting ...... 862-871 
Vanadium 


in carburizing steels 
effect with boron on case 


hardenability ........ 778, 783 
elastic constants determined 
beh ails le aos eae oe 850-852 


in high speed steel 18-4-1 
effect on hardness ..... 


Vanadium rimmed steel 
strain aging characteristics 


X-ray diffraction study 
of austenite and sigma 
separated from Cr-Ni-Mo-Ti 


(18-8-3-1) alloy ...... 445 
of microconstituents in high 
temperature alloys ..... 397-428 


of rolled low carbon steel 
effect of rolling temperature 
OR temhere wk. nis 333-343 
of steels containing silicon 
effect of silicon during 
tempering ........... 516-520 


Yield strength 
of 14S-T6 stressed biaxially 
agreement with distortion 
energy theory ....... 692 


Young’s modulus 
See Modulus of elasticity. 


Zinc 
hardness 
log hardness vs. temper- 
As bee caters Oe 228 
Zinc-copper alloy 
discontinuous precipitation in 
peeaiathay soe vn abe ue Oh 564-565 
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Zirconium 
arc melting furnace for 
advantages ........... 870 
applicability to other 
RE Sareperererrere 869-870 
design of furnace ...... 864-866 
operation of furnace ...865-869 


pressed zirconium electrodes 


ON ck os Sale ak awe xe 863-864 
elastic constants determined 
ib GAA ota ea wat ow a 850-852, 855-857 


properties of high purity 
zirconium. See Zirconium- 
oxygen alloys. 


Zirconium-nickel system 
microstructures ......... 897-899 
phase diagram, partial ... 895 


Zirconium-oxygen alloys 
effect of oxygen on hardness 


Sek MIN oalle'g ba Wa. 6 ek ween 881-882 
effect of oxygen on recrystal- 

TN nb scsi Sian keas 884 
effect of oxygen on resistivity 

aad baie ke RRS > ep ek owed 879-881 
effect of oxygen on tensile 

MONE SOUE 5 6 co ic bs 6 tees 882-883 
effect of oxygen on thermal 

conductivity .......... 881 
elevated temperature tensile 

I sg es bos teen 885-889 
hydrogen content of zirconium 

a Meee. Sig's Cv o's ele eine 876-877 
microstructure .......... 883-884 
oxygen diffusion rate in 

SEE. San 0's «6 da os 884-885 
preparation of alloys ..... 877-878 
stress-strain curves at various 

temperatures ...... 886, 888-889 
table of physical and 

mechanical properties .. 880 
Eo ens oo 8 ol 883-884 

Zirconium-silicon system 
microstructures ......... 906-912 
phase diagram ........... 903-905 
Zirconium-tin system 

microstructures ......... 921-927 


phase diagram ........... 918-919 








